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This study concerns reverse austenitic transformation of plastic strain-induced hexagonal close-
packed martensite. With the aid of in situ synchrotron X-ray diffractometry, the kinetic features of the 
transformation and the defect content evolution in a metastable (Fe60Mn40)85Co15 alloy are quantitatively 
examined using 5, 20, and 100 °C/min heating rates. It is found that the reverse austenitic transformation 
can be activated below 200 °C and completes within a short time scale. Through a Kissinger-style kinetic 
analysis, the activation energy of the reverse austenitic transformation is determined as 171.38 kJ/
mol, confirming its displacive nature. Although exponential attenuation is observed in both stacking 
fault probability and dislocation density upon the initiation of the transformation, the resulting 
microstructure (single-phase face-centered cubic structure) remains highly defected, exhibiting high 
Vickers hardness, but still preserving somewhat strain hardenability. Atomistic mechanisms for the 
reverse austenitic transformation are further conceived according to the crystallographic theory of 
martensitic transformation.

Introduction
Displacive phase transformations driven by mechanical load 
are a class of beneficial mechanisms in promoting the load-
bearing performance of metallic alloys [1–3]. Among them, 
plastic strain-induced martensitic transformation alone has led 
to significant research attention [4, 5]. Apart from the appreci-
able efforts attempting to maximize its mechanical benefits of 
strain hardenability improvement [6–8], the underlying atom-
istic mechanisms [9, 10], as well as the crystallographic nature 
of the transformation strain [11], have also triggered increas-
ing theoretical interest. As a result, successful alloy design con-
cepts exploiting strain-induced martensitic transformation are 
numerous: transformation-induced plasticity (TRIP) steels [12], 
biomedical Co-based alloys [13], and the quick-emerging meta-
stable high- and medium-entropy alloys [14].

Unlike the considerable focus on the strain-induced mar-
tensitic transformation, its mechanistic counterpart, reverse 
austenitic transformation driven by heating, appears rather 
less explored, and the potential in guiding application-worthy 
microstructural design remains unclear. However, technological 
advancement in rapid thermal treatment approaches has greatly 
facilitated the exploration of applying this phase transformation 

pathway to access better mechanical and/or functional proper-
ties [15, 16]. Historical records can be dated back to the 1970s 
[17], when Gridnev et al. reported the significant strength-
ductility synergy enhancement through rapid induction heat-
ing of martensitic microstructures. In the past two decades, the 
progress in high-energy laser beam annealing has opened an 
intriguing pathway to extend the benefits of reverse austenitic 
transformation. Numerous investigations [18–23] have show-
cased the improvements in strength, strain hardenability, and 
even formability through local rapid annealing to activate such 
a transformation. These engineering merits further call for more 
dedicated study of the underlying transformation mechanisms.

The reverse austenitic transformation can exhibit great mecha-
nistic diversity depending on the alloy chemistry and the applied 
heating rate. The transformation pathways can either be diffusive 
or displacive and the general observations are outlined as follows, 
based on the literature of Fe–Mn-type metastable alloys [24–29]. 
In body-centered tetragonal (BCT) martensite, where the Mn con-
tent is typically 5–12 wt.%, the reverse austenitic transformation 
is diffusive at slower heating rates (roughly below 10 °C/s) but 
turns into displacive as the heating rate increases. In hexagonal 
close-packed (HCP) martensite, on the other hand, where the 
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Mn content is in the range of 15–30 wt.%, the reverse austenitic 
transformation is mainly displacive, regardless of the applied 
heating rate. The present work focuses on the latter. Holding a 
triplex Burgers orientation relationship with the parent face-
centered cubic (FCC) austenite [11], i.e. 

{

111
}

FCC
//{0001}HCP , 

〈110〉FCC//〈1120〉HCP , and 〈112〉FCC//〈1100〉HCP , reverse auste-
nitic transformation of the HCP-martensite has attracted vibrant 
attention. Systematic studies performed on cold-rolled Fe–Mn–C 
metastable alloys [29–32] confirmed the relatively low onset tem-
perature (~ 200 °C) of the transformation and the pronounced 
increase in S-type texture component as a result of the transforma-
tion. Several other studies have been subsequently accomplished 
[33–35], aiming to modulate the reverse transformation kinetics 
by controlling the annealing temperature or isothermal holding 
time, and evident mechanical property improvements can be 
feasibly achieved. More recent literature also reflects the trend of 
exploiting ab initio simulation methods to quantitatively uncover 
the detailed thermodynamics embedded behind such a transfor-
mation [36, 37].

Although salient success has been achieved in the foregoing 
experimental work investigating the kinetics of the transforma-
tion through dilatometer, its limitations largely exist in the defi-
ciency in quantifying defect evolution and detailed lattice struc-
tural change in a spatially-resolved manner. In situ synchrotron 
X-ray diffractometry, when coupled with controlled heating rate 
testing instrument, might overcome these dilemmas to some 
extent [38, 39]. The advantages of such experimental methods 
lie in their capability in capturing lattice strain variation, phase 
constitution change, and stacking fault fraction evolution in 
a statistically representative volume of a material during any 
heating process. These quantities are especially meaningful to 
deepen the understanding of the displacive reverse austenitic 
transformation mechanisms.

The present work investigates the thermally-driven reverse 
austenitic transformation in a metastable (Fe60Mn40)85Co15 
alloy. Through in situ synchrotron X-ray diffraction experi-
ments under three different heating rates (5, 20, and 100 °C/
min), the kinetic features of the transformation, the defect 
characteristics and the evolution trends in their contents are 
quantitatively examined. A plausible atomistic pathway for the 
displacive reverse transformation is conceived based on the 
crystallographic theory. Mechanical properties including Vick-
ers hardness and strain hardenability are further evaluated to 
explore the potential microstructural design strategies.

Results
Initial microstructure and diffraction profile evolution 
during heating

Microstructures of the (Fe60Mn40)85Co15 alloy at fully recrys-
tallized and cold-rolled conditions are revealed in Fig. 1(a and 

b). The fully recrystallized microstructure [Fig. 1(a)], although 
achieved through rapid thermal quenching from 900 °C, only 
consists of FCC phase, as cross-validated by the synchrotron 
X-ray diffraction profile in Fig. 1(c). The application of cold 
work on the fully crystallized specimen activates plastic strain-
induced martensitic transformation in this alloy. The fact that the 
martensitic transformation is driven by plastic strain has been 
verified in an earlier study [40]. For completeness, in situ syn-
chrotron tensile results are provided in Supplementary Fig. S1, 
in which noticeable HCP-martensite peaks can only be detected 
after the inception of plastic deformation. As seen in Fig. 1(b) 
and the magnified inset, an extensive amount of HCP-martensite 
nucleates after 50 % cold rolling. By Rietveld refining the cor-
responding diffraction profile [Fig. 1(c)], the HCP-martensite 
fraction is determined as 0.619. No BCT martensite is detected 
at the resolution limits of backscattering electron (BSE)/electron 
channeling contrast imaging (ECCI) or synchrotron X-ray dif-
fraction. Comparing the diffraction profiles obtained at these 
two conditions, three evident differences can be phenomeno-
logically observed after cold working: (1) the appearance of HCP 
diffraction peaks; (2) the shifts of FCC peak positions; and (3) 
the broadening of FCC peaks. The physical revelation of these 
phenomena will be further explored in the next two sections.

To assess the reverse austenitic transformation in this meta-
stable alloy, continuous heating experiments were carried out 
under in situ synchrotron X-ray diffraction. The present work 
selected three heating rates (5, 20, and 100 °C/min) which cross 
an order of magnitude for the kinetic study. The experimental 
setup is sketched in Fig. 2, and its actual configuration is pro-
vided in Supplementary Fig. S2. It should be noted that because 
diffractograms are recorded in an in-operando manner during 
continuous heating, the temperature mentioned hereafter is an 
arithmetic average of the temperature values when the detector 
shutter is open and close as shown in Eq. (1) (also see Supple-
mentary Fig. S3 for more details):

Figure 3 exemplifies the evolutionary properties of the dif-
fraction profiles with respect to temperature increase obtained 
from the the 5 °C/min heating rate experiment. Two-dimensional 
diffractograms selected at four representative temperatures con-
firm the onset of the thermally-driven reverse austenitic transfor-
mation [Fig. 3(a1–4)]. At an ambient temperature of 25 °C, the 
diffractogram consists of both FCC and HCP reflection groups 
[Fig. 3(a1)]. The 

{

1010
}

HCP
 , the 

{

1011
}

HCP
 , and the 

{

1120
}

HCP
 

rings are marked with red arrows as a guide to the eye. As the 
temperature increases to 217 °C, discernable intensity reduction 
can be seen from the 

{

1120
}

HCP
 reflection, indicating the thermal 

instability of the HCP-martensite [Fig. 3(a2)]. At such a tempera-
ture, changes in the 

{

1010
}

HCP
 and the 

{

1011
}

HCP
 reflections 

(1)T =
1

2

(

Tshutter open + Tshutter close

)
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remain visually subtle. Upon further heating, these three diffrac-
tion rings all reveal noticeable decrease in intensities at 321 °C, 
suggesting the evident progression of the HCP-martensite reverse 
transformation [Fig. 3(a3)]. As the temperature reaches 500 °C, 
HCP diffraction signals can no longer be detected, and the diffrac-
togram fully consists of FCC reflection groups [Fig. 3(a4)]. These 
observations underpin the relatively low stability of the plastic 
strain-induced martensite against heating, in which reverse aus-
tenitic transformation completes below 500 °C.

To fully resolve the evolutionary features of the diffraction 
profiles, the two-dimensional diffractograms were integrated 
over the entire 360° azimuthal angle and the corresponding 
intensity information was extracted for color interpolation. 
Figure 3(b1) shows the integrated diffraction profile evolution 
as a function of temperature (heating curve shown in Fig. 3(b2)). 

Apart from the phase transformation features mentioned above, 
a few other important phenomena should also be mentioned, 
followed by quantitative analyses and discussion in “Kinetics of 
reverse austenitic transformation” and “Defect content evolu-
tion during reverse austenitic transformation” sections: (1) all 
diffraction peak positions tend to shift to the lower 2θ region as 
temperature increases; (2) the {111}FCC reflection group reveals 
the highest intensity increase upon heating; and (3) peak broad-
ening features tend to reduce in almost all reflection groups 
(except {200}FCC ) as heating proceeds.

Kinetics of reverse austenitic transformation

The kinetic features of the reverse austenitic transformation are 
analyzed here with a primary focus on phase fraction evolution. 
For the clarity of quantification, the FCC-phase fraction is firstly 

Figure 1:   Plastic strain-induced martensitic transformation in the (Fe60Mn40)85Co15 alloy: (a) fully recrystallized microstructure with equiaxed grain 
morphology (grain size ~ 25 μm); (b) BSE image of the 50 % cold-rolled microstructure. The inset is an ECCI micrograph showing the HCP-martensite 
bands; c integrated synchrotron X-ray diffraction profiles for the two microstructures. Abbreviations in the figure: rolling direction (RD); transverse 
direction (TD); recrystallized (ReXed).
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Figure 2:   Schematic of the experimental setup for in situ synchrotron X-ray measurements during continuous heating: A continuous flow of Ar gas 
is supplied throughout the entire measurement period to minimize oxidation. The sample is compressed onto the heater by a silver clip, which also 
ensures temperature homogeneity.

Figure 3:   In situ synchrotron X-ray characterization of reverse austenitic transformation: (a1–a4) snapshots of two-dimensional diffractograms acquired 
at the increasing temperatures of 25, 217, 321, and 500 °C; (b1) integrated diffraction profiles presented as a function of continuous temperature 
increase. Color interpolation exploits the corresponding intensity data of individual diffraction peaks; (b2) temperature change corresponds to (b1).
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normalized in a sense to more evidently reveal its evolutionary 
trend:

In Eq.  (2), f oHCP and f oFCC are the HCP-martensite and 
the FCC-phase fractions at the un-heated condition (i.e. 
after 50 % cold rolling). f TFCC denotes the FCC-phase frac-
tion measured by the Rietveld refinement at a temperature 
T  . As a result, at the starting point of the heating experi-
ment, the β factor is 0, signifying that no reverse austen-
itic transformation has taken place. Upon the progression 
of the transformation, the β factor increases and eventu-
ally reaches 1 when the transformation is complete, since 
(

f TFCC − f oFCC
)

max
= 1− f oFCC = f oHCP.

The experimentally measured β factors as a function of 
temperature under three heating rates are summarized in 
Fig. 4(a1–a3). These datum points are further assessed using 

(2)β =
f TFCC − f oFCC
1− f oFCC

=
f TFCC − f oFCC

f oHCP

Boltzmann’s sigmoidal model (see the solid lines in these 
figures):

In Eq. (3), β is the normalized FCC-phase fraction that 
quantifies the extent of the reverse austenitic transformation as 
a function of temperature. Tc and dT are fitting parameters, rep-
resenting the center temperature for the transformation (i.e. the 
temperature where β=0.5) and the slope factor. From a physical 
perspective, dT describes the constant portion in T that controls 
the increase in β . A higher dT implies the transformation tends 
to span over a broader temperature range. This slope factor was 
further adopted to determine the austenite start ( As ) and finish 
( Af ) temperatures. Table 1 summarizes the heating rate depend-
ence of the aforementioned parameters.

The plastic strain-induced HCP-martensite becomes ther-
mally unstable at ~ 150  °C under all three heating conditions 

(3)β = 1−
[

1+ exp

(

T − Tc

dT

)]−1

Figure 4:   Kinetics of reverse austenitic transformation: (a1–a3) normalized FCC-phase fraction evolution with respect to increasing temperature tested 
under three different heating rates; (b) As and Af temperatures denoted on the continuous heating rate plots; (c) Kissinger-style kinetic analysis of the 
activation energy.
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[Fig. 4(a1–a3)]. Such a trend is consistent with the earlier report in 
the literature regarding Fe–Mn-type metastable alloys [41–43]. Fur-
ther assessments of Fig. 4(a1–a3 and b) conclude that although the 
reverse austenitic transformation completes within a relatively nar-
row temperature range (roughly 150–300 °C), heating rate depend-
ency still moderately exists. Both the As and the Af points show 
approximately 30 °C increase as the heating rate increases from 5 
to 100 °C/min. The entire transformation also tends to span over a 
slightly wider temperature range, as featured by both the increase in 
dT as well as the difference between As and Af [Fig. 4(b)].

The good agreement observed between the experimental 
data and the Boltzmann sigmoidal model physically indicates 
that the reverse austenitic transformation reveals a maximum 
rate (i.e. ∂

2

∂T2 β(T) = 0 ) in each constant heating rate measure-
ment. This feature rationalizes a Kissinger-style analysis [44, 45] 
to further quantify the activation energy for the transformation. 
In the Kissinger-style analysis, an Arrhenius-type dependency 
can be derived for the maximum rate temperature [44]:

In Eq. (4), ξ is the constant heating rate adopted in the experi-
ment. For the present work, ξ takes the values of 5, 20, and 100 K/
min. Ea , Tc , A , and R respectively denote the activation energy, the 
maximum rate temperature (note that the unit is Kelvin), the fitting 
constant, and the gas constant (8.314 J·mol−1·K−1). Figure 4(c) 
reveals a ln( ξ

T2
c
) versus 1000Tc

 plot calculated from the experimental 

data. A desirable linearity is present and the activation energy is 
determined as 171.38 kJ/mol. Such an activation energy, although 
slightly higher than typical values measured from thermoelastic 
martensite [46, 47], is much lower than the energy barrier of bulk 
diffusion-driven transformation in ferrous alloys [48, 49]. Note that 
this energy should not be confused with the thermodynamic driving 
force for phase transformation. The latter instead describes the 
energy difference between the reactant and the product and cannot 
be assessed by the Kissinger-style analysis. The moderate heating 
rate dependence, the low As temperature, and the low activation 
energy all support the fact that the reverse austenitic transformation 
in the present (Fe60Mn40)85Co15 alloy is achieved through a displa-
cive pathway. A more in-depth discussion on the underlying atom-
istic processes and microstructural consequences is provided in “The 
displacive nature of reverse austenitic transformation” section.

(4)ln(
ξ

T2
c

) = −
Ea

RTc
+ ln

(

AR

Ea

)

Defect content evolution during reverse austenitic 
transformation

To shed a bit more quantitative light on the crystalline defects 
involved in the reverse austenitic transformation, the integrated 
diffraction profiles [see Fig. 1(c) or Fig. 3(b1)] were firstly 
Gaussian fitted to determine the FCC peak positions and to 
calculate the corresponding d-spacings. The peak shifting phe-
nomena mentioned in “Initial microstructure and diffraction 
profile evolution during heating” section are next quantified by 
the apparent lattice strain [50]:

In Eq. (5), dohkl and dThkl denote the d-spacing of the {hkl}FCC 
reflection group at the fully recrystallized state and at a tem-
perature of T during heating. Figure 5 shows the apparent lattice 
strain evolution of a total of five FCC reflection groups with 
respect to temperature increase measured at three different heat-
ing rates. Note that the initially negative apparent lattice strain 
appearing in some of the reflection groups (e.g. 111, 220, and 
311) is because of macroscopic compressive plastic deformation 
during cold rolling. Upon heating, reverse austenitic transforma-
tion, recovery, and thermal expansion can all take place. The lat-
tice strains measured before the As temperature and after the Af  
temperature are mostly due to recovery and thermal expansion. 
In between these two temperatures, reverse austenitic transfor-
mation takes place, and becomes the dominant factor for the 
lattice strain evolution. The following features are consistently 
observed in Fig. 5(a–c): (1) the highest and the lowest appar-
ent lattice strains exist in the 200 and the 311 reflection groups 
throughout the entire heating period (25–500 °C); (2) the appar-
ent lattice strain evolution firstly develops a linearly increasing 
trend as temperature increases. It is followed by evident inflec-
tions in 200, 222, and 311 reflection groups as the temperature 
falls in the range between As and Af  points. Upon the comple-
tion of the reverse austenitic transformation, all the apparent lat-
tice strains develop subtle differences and again linearly increase 
as a function of temperature; and (3) the most salient apparent 
lattice strain inflection takes place in the 311 reflection groups in 
which a remarkable increase in the apparent lattice strain occurs 
at the upper vicinity of the As point.

The drastic uphill inflection of the 311 peak interestingly 
contradicts the volumetric contraction phenomena presumed 
for common martensite-to-austenite reverse transformation but 
indeed coincides with the classical dilatometer measurement of 
HCP-martensite, where an evident increase in the sample length 
is often associated with the onset of the transformation [51]. 
From a microscopic point of view, it can be explained by the 
actual unit cell size difference between FCC and HCP phases. 
As a first-order crystallographic approximation, the FCC and 

(5)d
app.
hkl =

dThkl − d0hkl
d0hkl

TABLE 1:   Heating rate dependence of the kinetic factors and the austen-
ite start and finish temperatures.

Heating rate,  
°C/min Tc , °C dT  , °C As , °C Af , °C

5 217.84 24.03 168.49 266.14

20 231.43 24.58 180.01 280.78

100 253.52 27.55 200.26 310.19
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HCP unit size volumes, and the relative volumetric change can 
be respectively calculated as follows:

In Eqs. (6) and (7), aFCC , aHCP , and cHCP are the parameters 
of the FCC and the HCP lattices. If taking the ambient tempera-
ture diffraction results in Fig. 5(a) as an exemplary calculation, 
aFCC = 3.601 Å, aHCP = 2.537 Å, and cHCP = 4.114 Å, the cor-
responding VFCC = 46.693 Å3 and VHCP = 22.932 Å3. As a result, 
the relative volumetric difference achieves + 0.018, indicating 
volumetric expansion during reverse austenitic transformation. 
Similar theoretical calculations are also carried out using the lat-
tice parameters at higher temperatures (not shown here to avoid 
redundancy), and the same trend preserves. These results are 
consistent with our earlier investigation of the HCP-martensite 
in an FeMnCoCr quaternary alloy [52] and the systematic crys-
tallographic study by Stanford et al. [53]

Another important feature embedded in Fig. 5(a–c) is the 
apparent lattice strain discrepancy between 111 and 222 reflec-
tion groups. Such a phenomenon has been well documented 
to be ascribed to the formation of intrinsic stacking faults [50, 
54]. Because the apparent lattice strain calculated using Eq. (5) 
contains both elastic and inelastic portions:

The elastic part, εsym.
hkl  reveals a symmetric nature regardless 

of crystalline defects. The inelastic part, 
√
3

4π

∑

bh+k+l

(u+b)(h2+k2+l2)
Psf  

(6)VFCC = a3FCC(4− atom reference unit cell)

(7)VHCP =
√
3

2
a

2

HCP
cHCP(2− atom reference unit cell)

(8)�VHCP−FCC =
VFCC − 2VHCP

2VHCP

(9)ε
app.
hkl = ε

sym.
hkl −

√
3

4π

∑

bh+ k + l

(u+ b)
(

h2 + k2 + l2
)Psf

is owing to the formation of intrinsic staking faults, in which 
u and b represent the number of unbroadened and broadened 
sub-reflection groups in the hkl diffraction signal. The term Psf  , 
stacking fault probability, directly quantifies the fraction of 
intrinsic stacking faults and can be calculated as follows:

Figure 6(a1–a3) displays the stacking fault probability evo-
lution under the three heating rates. Two kinetic stages can be 
visually identified: first, before the onset of reverse austenitic 
transformation, the Psf  value almost reveals a linear reduction 
from ~ 0.04 to ~ 0.035 as temperature increases; second, the Psf  
largely follows an exponential decay during the transforma-
tion and this trend further extends, until the maximum tem-
perature 500 °C is reached. The second kinetic stage is next 
quantitatively analyzed using an exponential decay function:

Here, A0 is a pre-factor that describes the amplitude of 
the decay, τ0 is the decay constant which quantifies the rate of 
the decay, and K  is the offset constant. In all three cases, good 
agreement with a correlation factor R2 > 0.99 was achieved 
and the regression results are summarized in Table 2. It is 
seen that as the heating rate increases, A0 reveals a mono-
tonic increasing trend, implying the amplitude of Psf  decay 
increases. τ0 , on the other hand, demonstrates a monotonic 
decreasing trend, which suggests an increase in the decay 
rate. After the entire heating process, the Psf  values achieved 
through the three different heating rates are all ~ 0.0025 at 
500 °C and reveal a subtle difference. The fact that Psf  does not 
eventually diminish plausibly suggests the absence of recrys-
tallization or significant recovery. This can be interpreted as 

(10)Psf =
32π

3
√
3

(

ε
app.
222 − ε

app.
111

)

(11)Psf = A0exp

(

−
T

τ0

)

+ K

Figure 5:   Apparent lattice strain evolution during reverse austenitic transformation under different heating rates: (a) 5 °C/min; (b) 20 °C/min; (c) 100 °C/
min.
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follows: in a microstructural viewpoint, the FCC phase may 
still be defected and could contain some fractions of intrin-
sic stacking faults. The Psf  value of the HCP-phase may also 
be worth investigating; unfortunately, the crystallographic 
nature of the disordered HCP lattice hinders such analyses. 
In principle, determining Psf  for basal stacking faults in an 
HCP lattice requires the lattice strain values of both {0001} and 
{0002} reflection groups (similar with Eq. (10)). However, the 

extinction condition of a disordered HCP structure prevents 
the {0001} diffraction signal in synchrotron X-ray measure-
ments. Since recent atomic resolution transmission electron 
microscopy study confirms the presence of basal faults in plas-
tic strain-induced HCP-martensite [40], potential theoretical 
framework in quantifying Psf  using synchrotron X-ray data is, 
therefore, suggested for future work.

Resorting to the in situ diffraction results [Fig. 3(b1)], all 
FCC peaks exhibit some kinds of broadening at the ambient 
temperature after cold rolling [also see Fig. 1(c)], implying 
the significant involvement of (perfect) dislocations. Upon 
heating, however, such peak broadening trends attenuate. A 
widely accepted method to quantify dislocation density using 
diffraction data is the Williamson–Hall approach [55, 56], 
which states

(12)FWHMcosθhkl =
�

D
+ εmicrosinθhkl

Figure 6:   Stacking fault probability and dislocation density change during reverse austenitic transformation under different heating rates: (a1–a3) 
stacking fault probability evolution determined for three different heating rates; (b1–b3) dislocation density evolution calculated for three different 
heating rates.

TABLE 2:   Kinetic quantification of the stacking fault probability and the 
dislocation density evolution.

Heating rate,  
°C/min

Stacking fault probability Dislocation density

A0 τ0 , °C A0 , 1016 m−2 τ0 , °C

5 0.40 64.30 1.76 89.67

20 0.44 63.41 2.35 88.30

100 1.22 47.19 4.11 70.32
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Here, FWHM , � , εmicro , D , and θhkl are the full width at half 
maximum of the diffraction peak, the wavelength of the X-ray 
beam (0.1173 Å in the present work), the micro-strain, the crys-
talline size, and the position of the hkl reflection group. The dis-
location density can, therefore, be further determined using [55]

In Eq. (13), b is a normalization factor which takes the norm 
of the Burgers vector of the perfect dislocation in an FCC lat-
tice, i.e. b =

∣

∣

a
2 [110]

∣

∣ . In the current calculation, the influence of 
instrumental broadening (determined using the NIST standard 
CeO2 powders) has been corrected [57]:

The calculated dislocation density evolution trends are 
summarized in Fig. 6(b1–b3). Similar to the results on stack-
ing fault probability, dislocation density under all three heating 
conditions also shows two kinetic evolution stages. Before the 
onset of the reverse austenitic transformation, the dislocation 
density shows a seemingly linear dependence with respect to 
the temperature increase. Upon the onset of the transformation 
and until 500 °C, the aforementioned exponential decay takes 
place, and the similar characteristics in A0 and τ0 evolution (see 
Table 2) is observed by regression analysis using Eq. (11). At 
the final stage of the experiment, a relatively higher dislocation 
density of 3.79 × 1015 m−2 was preserved in the 100 °C/min heat-
ing rate condition, compared with two other conditions. Since 
the major portions of the exponential decay functions Fig. 6 are 
within the As − Af  temperature range (only the tail parts extend 
to higher temperatures), it is, therefore, suggestive that recovery 
plays a minor role in affecting the defect content compared with 
the reverse austenitic transformation. While the classical Wil-
liamson–Hall method used here quantifies the dislocation den-
sity, the properties and arrangements of these dislocations still 
require extensive future effort, for which physics-based models, 
such as the Warren–Averbach approach or its derivatives may 
be employed.

Considering the change in heating rate, the resultant dif-
ferences in dislocation density and stacking fault probability 
among the three specimens are relatively small. Two core factors 
might play a role: first, the displacive nature of the HCP-FCC 
reverse transformation. Since the HCP-FCC reverse transforma-
tion accounts for the major activity during heating, a displacive 
mechanism (as detailed in the next section) tends to exhibit a 
relatively weak dependence of the onset temperature as a func-
tion of heating rate (Fig. 4). The total amounts of the defect 
being annihilated are, therefore, similar in all three conditions. 
Second, the highest temperature reached is not high enough to 
activate significant defect annihilation during recovery. After 

(13)ρ =
2
√
3εmicro

bD

(14)FWHMactual =
(

FWHM2
apparent − FWHM2

instrument

)1/2

the reverse austenitic transformation, all three specimens were 
only heated up to 500 °C. It can be expected that such a tem-
perature is not sufficient to activate noticeable recovery given the 
three heating rates, and hence, the time scale of the measure-
ments. Although the highest defect contents are achieved using 
the 100 °C/min heating rate, the differences among the three 
specimens are not significant.

Discussion
The displacive nature of reverse austenitic 
transformation

Quantitative assessments of the reverse austenitic transforma-
tion kinetics (“Kinetics of reverse austenitic transformation” 
section) underpin its displacive nature. The activation energy 
determined from the Kissinger-style analysis (171.38 kJ/mol), 
although consistently supporting a displacive mechanism, is 
slightly higher than the typical thermoelastic reverse austen-
itic transformation [47]. Such a discrepancy can be rational-
ized from the mechanical history of the martensite formation. 
Thermoelastic martensite mostly nucleates with the assistance 
of elastic stress, where martensitic transformation occurs before 
the yield point of the parent austenitic phase. Because of this, 
dislocation involvement in the parent phase is subtle, and as 
a result, the displacive reverse austenitic transformation takes 
place with rather moderate pre-existing dislocation–glissile 
interface interaction. In the case of the martensite induced by 
plastic straining, on the other hand, yielding of the parent phase 
is indispensable, which can lead to considerable dislocation for-
mation. Upon heating, it can be anticipated that an additional 
energy barrier may exist due to the interface-dislocation interac-
tions. In the present study, since the As temperature is ~ 168 °C 
[5 °C/min heating rate, Fig. 4(a1), for example], the decrease in 
dislocation density [Fig. 6(b1)] is proved to be subtle, an evident 
resistance of FCC/HCP interface movement can be, therefore, 
expected.

Atomistic mechanisms of the thermally-driven reverse aus-
tenitic transformation are conceived next, on the basis of the 
crystallographic theory for the FCC-HCP transformation [58]. 
During plastic deformation, the strain-induced HCP-martensite 
formation can be considered as a plasticity micro-mechanism 
that competes against perfect dislocation glide. The transforma-
tion takes place in such a way that the Shockley partial dislo-
cations glide through every other {111}FCC plane. Figure 7(a1 
and a4) depicts such a process with the partial Shockley par-
tial dislocations denoted as bp . Theoretically, the FCC/HCP 
interface exhibits a fully coherent structure, since the forego-
ing atomistic pathway enables an invariant plane strain, leaving 
{111}FCC undistorted [Fig. 7(a4)]. Because of this, the FCC/HCP 
interface can remain rather mobile. Upon thermal activation, 
the emitted Shockley partial dislocations may be able to glide 
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following the previous pathway in reverse, enabling the reverse 
austenitic transformation [Fig. 7(a2)]. The conceived mecha-
nisms are consistent with a recent in situ study on a metastable 
Fe–15Mn–10Cr–8Ni alloy [59], in which the reverse transfor-
mation of the HCP-martensite replicates the forward transfor-
mation pathway.

In reality, however, such a reverse transformation may also 
be accompanied by the formation of other types of crystalline 
defects. The most plausible defect category is intrinsic stack-
ing faults, since the quantitative results shown in Fig. 6(a1–a3) 
supports their presence throughout the entire transformation 
process. This can be explained by the fact that due to the resist-
ance from the pre-existing dislocations, the reverse glide of the 
Shockley partial dislocations may not be fully complete. Fig-
ure 7(a3) sketches such a possibility. Here, except the second and 
the fourth layers, all other Shockley partial dislocations manage 
to accomplish the reverse glide, which results in two incorrectly 
stacked FCC layers with an individual shear offset of bp , i.e. the 

intrinsic stacking faults [also see Fig. 7(a5)]. An earlier in situ 
transformation electron microscopy study of Fe–Mn-based 
metastable alloys supports these proposed mechanisms [60]: 
at an annealing temperature of 600 °C, massive stacking faults 
were observed along the FCC/HCP lamellar plates. Depending 
on the composition, however, detailed dislocation substructures 
inherited from such a reverse transformation pathway may 
strongly depend on the maximum temperature reached. Future 
in situ transmission electron microscopy studies are needed to 
unambiguously resolve the properties of these transformation-
induced dislocations.

Since recrystallization is absent in all three heating condi-
tions adopted in the present study, the FCC phase after reverse 
austenitic transformation should intrinsically be defected. Such 
a hypothesis is not only supported by the extensive disloca-
tion density (at the 1015 m−2 order of magnitude) calculated in 
Fig. 6(b1–b3) but also further validated by the EBSD measure-
ments in Fig. 7(b–d). Both the inverse pole figure (acquired along 

Figure 7:   Atomistic mechanisms of displacive reverse austenitic transformation and the resulting microstructure: (a1–a3) sketches of the conceived 
atomistic pathway for the transformations (dislocations are not shown for clarity); (b) inverse pole figure; (c) phase map; (d) grain reference orientation 
deviation map. The EBSD measurements were obtained from the specimen subjected to 5 °C/ min heating rate, which presumably exhibits the highest 
recrystallization tendency.
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the rolling direction, RD) and the phase map cross-confirm that 
the microstructure fully consists of FCC phase. The reduced 
image quality spanning over the entire regions in these two fig-
ures implies the extensive defect content, which coincides with 
the literature [29]. For better quantification, the grain reference 
orientation deviation (GROD) map is calculated and revealed 
in Fig. 7(d). The GROD value is in general high throughout the 
microstructure, confirming the presence of significant lattice 
distortion and thereby the high defect content [61]. It is worth-
while noting that some portions of the microstructure exhibit 
particularly higher GROD values than their vicinity. Although 
more dedicated efforts are deemed necessary to mechanistically 
consolidate this phenomenon, a plausible explanation may still 
be hypothesized considering plastic inhomogeneity during cold 
rolling. The 50 % thickness reduction introduced to the speci-
men can cause highly inhomogeneous plastic strain distribu-
tion throughout the microstructure. The dislocation density is, 
therefore, spatially non-uniform and much higher in some local 
regions. Upon heating up to 500 °C, although reverse austenitic 
transformation manages to complete in these regions because of 
thermodynamics, the high dislocation density due to heteroge-
neous local deformation is inherited, causing the much higher 
GROD values. It is also worth mentioning that since stacking 
faults exhibit elastic strain fields only around the vicinity of the 
partial dislocations, residual perfect dislocation density plays the 
more predominant role in affecting the GROD values.

Mechanical responses and insights 
into microstructural design

The final discussion point aims to explore the possibil-
ity in exploiting the foregoing displacive reverse austenitic 

transformation in microstructural design. To this end, the Vick-
ers hardness values of the specimens after in situ synchrotron 
X-ray measurements were tested. As demonstrated in Fig. 8(a), 
under all three heating rates, the Vickers hardness values exceed 
360 HV100gf, indicating promising mechanical strength has been 
achieved after reverse austenitic transformation. The hardness 
value also exhibits a monotonic increasing trend as a function of 
heating rate. At the highest heating rate of 100 °C/min, a Vickers 
hardness value of 385.4 ± 2.19 HV100gf is reached. Such a trend 
has two mechanistic implications: first, the increase of heating 
rate promotes the yield strength; and second, strain harden-
ability increases as the adopted heating rate elevates. The first 
hypothesis can be semi-quantitatively explained by the dis-
location density results presented in Fig. 6(b1–b3). Upon the 
completion of the experiment, the highest dislocation density 
exists in the specimen tested under 100 °C/min heating rate, 
reaching 3.79 × 1015 m−2 (in comparison, 3.59 × 1015 m−2 for the 
5 °C/min sample). As implied by the Taylor’s equation [62] on 
the scaling relation between dislocation density and strength 
contribution, i.e. �σ ∼ √

ρdisloc.  , the highest hardness in the 
specimen tested under 100 °C/min can be anticipated. In addi-
tion, the differences in stacking fault contents after cooling can 
also play a role. Supplementary Fig. S4 reveals the diffraction 
patterns and the corresponding Psf  values for all three samples 
cooled down to room temperature. A discernable increase in Psf  
can be seen as heating rate increases, which also promotes the 
yield strength. Although future work is needed to fully elucidate 
the complex interplay between dislocations and stacking faults 
(especially when temperature changes), it can be hypothesized 
that the higher dislocation density can more effectively resist the 
shrinkage of stacking faults, leading to the higher Psf  values at 
the higher heating rates.

Figure 8:   Mechanical responses of the specimens tested under different heating rates: (a) Vickers hardness; (b) strain hardening rate; and (c) HCP-
martensite fraction with respect to the distance to fracture end. The inset of (b) shows the engineering stress–strain curves measured from the sub-
standard specimens.
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The second proposition on strain hardenability is more 
intriguing to be further examined, since apparent brittleness 
is often associated with highly defected microstructures [28, 
63]. Because of the small dimensions of the in situ synchro-
tron X-ray specimens, only sub-standard tensile samples can be 
prepared. Details of the sample geometry are provided in Sup-
plementary Fig. S5. Note that because of the well-documented 
sample size effect on tensile properties [64], the results reported 
here should not be utilized to evaluate the load-bearing per-
formance or be compared with the literature data to highlight 
strength–ductility synergy. Instead, these tests were conducted 
just to enable more quantitative comparisons of the strain-
hardening response. The measured strain-hardening rates for 
the three samples are demonstrated in Fig. 8(b). No evident 
brittleness exists in any of the tested samples (see the inset of 
Fig. 8(b) and fractography analyses in Supplementary Fig. S6). 
The yield points demonstrate increasing trends as the heating 
rate elevates, which is consistent with the Vickers hardness. 
Interestingly, the most evident drop in strain-hardening rate 
exists in the specimen measured under 5 °C/min heating rate. 
In contrast, the two other samples tested using higher heating 
rates (20 and 100 °C/min) demonstrate better strain hardenabil-
ity. Such an increased strain hardenability may be explained by 
the higher strain-induced martensitic transformation potency. 
Figure 8(c) reveals the HCP-martensite fraction measured at 
different locations on the fractured tensile specimens using 
synchrotron X-ray. All three specimens demonstrate increasing 
HCP-martensite fractions as a function of decreasing distance 
to the fracture end. The HCP-martensite fraction in the speci-
men measured under 100 °C/min heating rate shows the high-
est value at all measured positions, which is consistent with the 
higher strain hardenability seen in Fig. 8(b). It can be hypoth-
esized that the higher content of stacking faults within the 
specimen measured under100 °C/min heating rate [Fig. 6(a3) 
and Supplementary Fig. S4] provides more nucleation sites for 
the HCP-martensite and thereby facilitates the transformation. 
Furthermore, the microscopic strain localization mechanisms 
can also affect the strain hardenability in these highly defected 
microstructures, for which future study is still required.

The foregoing mechanical responses achieved under  
different heating rates further bring about the opportunity for 
mechanistically-driven microstructural design. One of the 
major challenges of mechanically metastable ferrous alloys lie 
in the drastic loss of strain hardenability after immense nuclea-
tion of the martensite upon plastic straining [50, 52]. In the 
case of HCP-martensite formation, specifically, this kind of 
issue is mostly because of the limited number of slip systems 
in the HCP lattice [62] and the grain boundary micro-cracking 
[52]. The reverse austenitic transformation may be conceived 
as a processing solution in addition to compositional design. In 
principle, rapid heat treatment or up-quenching either through 

laser annealing [19, 65] or high-frequency induction heating can 
be applied to the deformed specimen, realizing the HCP-mar-
tensite reverse transformation within a time scale of 101 ~ 102 s. 
As suggested by both the hardness and the strain hardenability 
assessments in Fig. 8(a and b), the resulting microstructures 
are anticipated to offer sufficient mechanical strength while 
maintaining plastic deformability. Given this sort of processing-
microstructure-property correlation, an in-operando treatment 
can be realized to further improve the fatigue or wear resistance 
of metastable ferrous alloys.

Conclusions
In summary, the present work systematically exam-
ined the reverse austenitic transformation in a metastable 
(Fe60Mn40)85Co15 alloy, with emphases on the transformation 
kinetics, atomistic mechanisms, and defect content evolution. 
Through in situ synchrotron X-ray study coupled with post-
mortem electron microscopy characterizations, the following 
conclusions are drawn:

(1)	 Reverse austenitic transformation of the plastic strain-
induced HCP-martensite can take place in a relatively 
low-temperature range (160–300 °C) and in a short 
time scale. The transformation kinetics assessed at 5, 
20, and 100 °C/min heating rates all exhibit good agree-
ment with the Boltzmann sigmoidal model. Kissinger-
style analyses were carried out and the activation 
energy was determined as 171.38 kJ/mol, suggesting 
the displacive nature of the transformation;

(2)	 Stacking fault probability and dislocation density 
evolution during the reverse austenitic transformation 
were quantitatively assessed using the synchrotron 
X-ray diffraction data. Both quantities exhibit two-
stage evolution trends with respect to the temperature 
increase: linear dependence appears before the onset of 
the transformation, while during and after the comple-
tion of the transformation, both quantities reveal the 
exponential attenuation Y ∼ exp(−T);

(3)	 A plausible atomistic pathway for the reverse austenitic 
transformation was conceived based on the crystal-
lographic theory. Mechanical property assessments 
reveal that the highest Vickers hardness of 385.4 ± 2.19 
HV100gf exists in the specimen tested under 100 °C/
min heating rate. Provided the high dislocation density 
of the reverted FCC phase, sub-standard tensile tests 
underpin the absence of apparent brittleness and the 
occurrence of stable strain hardenability. The mecha-
nistic insights reported in the present work also con-
tribute to the engineering merit in designing  
in-operando processing methods for metastable ferrous 
alloys.
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Materials and methods
Alloy fabrication

The alloy utilized in the present study is a ternary metastable 
(Fe60Mn40)85Co15 alloy that exhibits plastic strain-induced FCC 
to HCP martensitic transformation. Details of the compositional 
design concepts have been reported elsewhere [40]. The alloy 
was produced by vacuum arc melting of Fe, Mn, and Co ele-
ments with purity higher than 99.9 % using an Edmund Bühler 
GmbH AM500 arc melter. The specimen was melted, flipped, 
and re-melted for at least five times to avoid macroscopic seg-
regation before suction cast into a rectangular ingot. The as-cast 
ingot was firstly cold rolled to 50 % thickness reduction and 
sealed in a quartz ampoule before homogenized at 1000 °C for 
5 h. Upon the completion of the homogenization treatment, the 
ampoule was manually broken and the sample was quenched 
into ice water. This as-homogenized sample was further sec-
tioned into several smaller pieces by wire electrical discharge 
machining (EDM). These smaller pieces were next cold rolled 
again to 50 % thickness reduction prepared for further experi-
ments. One common issue during Mn-containing alloy process-
ing is the inevitable Mn loss due to evaporation and oxidation 
[66, 67]. In the present study, energy-dispersive X-ray spec-
troscopy was utilized to semi-quantitatively assess the actual 
composition. The contents of Fe, Mn, and Co are 50.88 ± 0.88, 
33.62 ± 0.53, and 15.50 ± 0.37 at.%, which are all consistent with 
the targeted values.

Microstructural analyses and mechanical property 
testing

Microstructural characterizations including, secondary elec-
tron (SE) imaging, backscatter electron imaging (BSE), electron 
channeling contrast imaging (ECCI), and energy-dispersive 
X-ray spectroscopy (EDS) were all carried out on a Tescan Mira 
3 scanning electron microscope (SEM). Electron backscatter 
diffraction (EBSD) measurements were conducted using an 
EDAX Hikari camera at a working distance of ~ 18.00 mm with 
a 20 keV acceleration voltage. The EBSD data were further pro-
cessed in an Orientation Imaging Microscopy (OIM) software 
to obtain quantitative crystallographic information. Specimens 
for these microstructural studies were prepared following the 
conventional metallographic sample preparation procedures. 
They were first mechanically ground on a series of SiC abrasive 
papers up to #800 grit then polished using 9, 3, 1 μm diamond 
suspension. The mirror-finished samples were eventually fine 
polished using colloid silica with ~ 40 nm diameters. To avoid 
surface etching or pitting corrosion, the PH level of the colloid 
silica was adjusted to neutral.

To assess the mechanical properties of the samples after 
reverse austenitic transformation achieved under different con-
ditions, two types of mechanical tests were carried out. First, 

Vickers hardness measurements: In these tests, the samples after 
in situ synchrotron X-ray experiments were utilized, and the 
preparation approaches have been provided above. 100 g force 
along with 15 s dwell time was adopted for the tests. To ensure 
statistical reliability, 7 measurements were performed on each 
sample, in which 5 datum points were averaged, excluding the 
maximum and the minimum values. Second, sub-standard tensile 
tests: Because of the geometric limitation of the in situ heating 
specimens (see details in the next section), only sub-standard 
tensile specimens can be utilized. These specimens with gauge 
dimensions of 1.8 mm× 1.2 mm× 1.0 mm were cut from the 
disks after in situ synchrotron X-ray measurements. Graphi-
cal sketches of them are provided in Supplementary Fig. S5 
as a guide to the eye. Considering the well-documented size 
effects on tensile properties [64], it should be highlighted that 
the results reported in the present study can neither be utilized 
to quantify the load-bearing performance nor be compared 
with the literature data on strength-ductility synergies. Instead, 
these measurements were aimed at comparing the initial strain 
hardenability among different samples. These limitations have 
also been noted in the main text to avoid technical ambigu-
ity and confusion. Uniaxial tensile tests were carried out using 
a Gatan micro-mechanical testing equipment. Following the 
previous experimental methods [68], the rectangular dog bone 
samples were speckle patterned for digital imaging correlation 
(DIC) analyses. During each uniaxial tensile measurement, opti-
cal images were taken every 0.5 s and were post-analyzed in a 
GOM correlate software (https://​www.​gom.​com/​3d-​softw​are/​
gom-​corre​late.​html) to obtain engineering strain. The spatial 
resolution of these optical DIC measurements is ∼140 pixel/mm. 
Square facet size and inter-facet distance employed in the strain 
calculation are ∼0.14 mm (20 pixel) and ∼0.07 mm (10 pixel). 
These parameters have been validated not to cause any artifacts 
in strain calculations.

In situ synchrotron X‑ray measurements

Controlled heating rate tests were utilized to assess the reverse 
austenitic transformation mechanisms under synchrotron 
X-ray diffraction on Beamline 11 ID-C Argonne National 
Laboratory, Chicago, U.S.A. Disk-shaped samples with 6.5 mm 
diameters and 1.1 mm thicknesses were sectioned from the 
alloy sheet after 50 % cold rolling. Three heating rates, 5, 20, 
and 100 °C/min were chosen in the present work and were 
achieved on a Linkam THMS600 heating instrument (under 
Ar protection). During the heating process, a high-energy 
transmission X-ray beam with 0.1173 Å wavelength was shed 
on the sample to collect two-dimensional diffractograms at a 
working distance of ~ 1580 mm with an exposure time of 10 s. 
These parameters were chosen as they satisfactorily balance the 
spatial resolution and the number of diffraction peaks that can 

https://www.gom.com/3d-software/gom-correlate.html
https://www.gom.com/3d-software/gom-correlate.html
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be captured. A sketch of the experimental setup can be found 
in main text Fig. 2 and the actual configuration was included 
in Supplementary Fig. S2. Note that because the temperature 
will continuously increase during diffractogram aquisition, 
the temperature representation in the main text is an aver-
age of the temperatures when the shutter is open and close, 
i.e. T = 1/2

(

Tshutter open + Tshutter close

)

 . Before quantitative 
diffraction analyses, the instrumental parameters were cali-
brated using the diffraction patterns of NIST standard CeO2 
powders. All recorded two-dimensional diffractograms were 
Rietveld refined in GSAS-II software [69] coupled with home-
built MATLAB programs for peak position, dislocation den-
sity, and stacking fault probability calculations. A residual error 
Rwp < 8.0 % was ensured in each Rietveld refinement. Differ-
ent from the case in any uniaxial tensile test, the anisotropy in 
lattice strain along the transverse and the rolling directions is 
subtle. The sanity check is provided in Supplementary Fig. S7 
where the lattice strains are calculated using transverse direc-
tion, rolling direction, and overall integrations.
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