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Abstract—Analysis of the literature data on the reasons for the development of mechanical stresses in epitax-
ial, polycrystalline, and amorphous films during their formation and under various external influences is car-
ried out. The mechanism of the appearance of internal stresses during heteroepitaxial growth of films caused
by the mismatch of the crystal lattice constants of the film and substrate is described. The relationship
between the development of mismatch stresses in heteroepitaxial films and changes in the nature of their
growth is shown. Models of the occurrence of compressive and tensile stresses in polycrystalline films due to
the formation and coalescence of islands at the initial stage of their growth are considered. The regularities of
the evolution of internal stresses in continuous films are discussed depending on the conditions of their depo-
sition, as well as their chemical composition, structure, and mechanical properties. The mechanisms of
development of internal stresses in thin films associated with the formation of point defects in them, the
incorporation of impurities, and phase transformations occurring in the deposition process are reviewed.
External factors that lead to the appearance of stresses in thin films during their storage and operation are
considered in detail.
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INTRODUCTION

Thin films are increasingly used in various fields of
science and technology. They are used as functional
coatings that significantly increase the hardness, wear
resistance, and corrosion and thermal resistance of
structural materials in the aerospace, mechanical
engineering, energy, medicine, and chemical indus-
tries, as well as serving as the main structural element
of various instruments and devices in micro- and
nanoelectronics, solar energetics, optoelectronics,
medicine, etc. At the same time, even in the case when
thin-film structures do not require high strength to
perform their main functions, the mechanical stresses
that develop in them during deposition and during
operation are one of the most important factors that
affect their operational characteristics, reliability and
durability. Tensile stresses can cause damage of the
films by means of their cracking, peeling off the sub-
strate, and chipping (Fig. 1a) [1–5]. Compressive
stresses can also contribute to the edge peeling and
chipping of films [6, 7] or lead to their buckling, blis-
tering or wrinkling (Figs. 1b, 1c) [8–12]. In addition,
stresses can cause changes in the chemical composi-
tion and internal microstructure of films [13–18], as well
as also significantly affect their mechanical [19–21],
tribological [22–25], electrical [25–29], magnetic

[30–32], optical [33–35], piezoelectric [36], and cor-
rosive properties [37]; biosensitivity [38]; etc.

Mechanical stresses that occur in thin films can be
divided into two groups [39]. The first group includes
so-called “internal stresses” (stresses of growth),
which develop directly during the formation of films
and are caused by changes in their structure and
chemical and phase composition that occur during
their nucleation and growth. The second group
includes external stresses arising in films after their
deposition on the substrate due to changes in the tem-
perature, chemical composition, and structure of the
films; exposure to an electromagnetic field; and elec-
tromigration, as well as mechanical effects (tension,
compression, bending); i.e., they are the result of
action of any external forces on the film–substrate
system.

The division of stresses into internal and external is
rather arbitrary. The same factor can contribute to the
development of stresses both during the growth of
films and after their deposition. In addition, the relax-
ation processes that occur in films after deposition can
lead to a change in their stressed state even in the
absence of any external influences. However, such a
classification allows a deeper understanding of the
causes and mechanisms of stress development in films
and coatings.
1881
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Fig. 1. Deformation and destruction of thin films under
stress: (a) cracking and chipping, (b) buckling, and
(c) wrinkling .
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Several factors can simultaneously act during the
formation, storage, and operation of thin-film struc-
tures, contributing to the development of stresses in
them. The contribution of each of these factors to the
total stress level significantly depends both on the
materials of the film and substrate and on the impact
conditions. Thus, when passing a high-density electric
current through thin metal films, along with electro-
migration, heating due to the release of Joule heat,
which depends on the rate of heat removal into the
substrate, has a significant effect on the nature of the
development of stresses in them. The contribution of
various stress relaxation mechanisms to the deforma-
tion and destruction of thin films can also change
accordingly. In addition, since various factors can
cause the development of stresses of different signs in
the films (compressive or tensile), their combined
effect can contribute to both an increase and a
decrease in the total stress level. Therefore, the analy-
sis of the mechanisms of stress evolution in thin films
is very important for developing effective methods for
managing their stress states and, consequently, for
improving the reliability and durability of thin-film
structures.

This review systematizes and summarizes modern
concepts of the fundamental physical mechanisms of
the evolution of internal and external stresses in thin
films. Analysis of the mechanisms of internal stresses
is performed in Section 1. The factors that can con-
tribute to the development of compressive and tensile
stresses in both island and continuous films are dis-
cussed. The influence of the formation of point
defects in thin films, the incorporation of impurities
and phase transformations on the evolution of internal
stresses in them is considered. The reasons for the
development of thermal stresses in films, the mecha-
nisms of stress development as a result of effects asso-
ciated with the processes of electromigration, expo-
sure to an electromagnetic field, and chemical and
structural changes, as well as under various mechani-
cal influences, are analyzed in detail in Section 2.

1. INTERNAL STRESSES

1.1. Mismatch Stresses in Epitaxial Films

The magnitude and sign of internal stresses in thin
films depend on a number of factors, most of which
are associated with the conditions and method of
deposition of films on a substrate, as well as with the
nature of their growth. Thus, during heteroepitaxial
growth, when the materials of the film and the sub-
strate are different, the appearance of internal stresses
is mainly caused by the mismatch of the constants of
their crystal lattices [40, 41]. On the surface of the sub-
strate, there is a potential relief due to the distribution
of atoms in the lattice sites. Therefore, it is energeti-
cally favorable for the initially single atoms of the
deposited substance to be fixed in potential wells,
completing the construction of the substrate lattice.
However, as the density of atoms increases, the forces
of their interatomic interaction arise, which tend to
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
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Fig. 2. Mechanisms of the formation of thin films:
(a) Frank–van der Merwe regime (layer-by-layer growth),
(b) Volmer–Weber mode (island growth), and (c) Stran-
ski–Krastanov mode.

(a)

(b)

(c)
arrange the film atoms in accordance with the lattice
period characteristic of the given material. This is pre-
vented by the bonding forces at the interface, as a
result of which the internal stresses develop in the film
and deformation of the film–substrate system occurs,
at which the interatomic distances in the boundary
layers of contacting materials become the same.

At the initial stage of growth, a continuous het-
eroepitaxial film is a stressed layer coherently conju-
gated to the substrate along the interface. If the
parameters of the lattice of the film and the substrate
differ insignificantly, then the pseudomorphic growth
of the film, i.e., the adaptation of its crystal lattice to
the lattice of the substrate material, can last rather
enough. In this case, the Frank–van der Merwe
mechanism of layer-by-layer growth of the film is real-
ized [42, 43], in which a new layer of the deposited
material begins to form only after the previous layer is
formed (Fig. 2a). However, since elastic deformation
energy of the film W is proportional to its volume V:

(1)

(here, μf is the shear modulus, νf is the Poisson’s ratio
of the film, and ε is the plane deformation caused by
mismatch stresses), an increase in the thickness of the
growing layer leads to a rapid increase of W. It should
be noted that the elastic relaxation due to the bound-
ary conditions can lead to a significant decrease in the
elastic energy in comparison with the value deter-
mined by (1). This effect is observed not only during
layer-by-layer growth of films, but also in the case
of structures that do not have a purely planar geome-
try [44].

Depending on the deposition conditions and char-
acteristics of the film and substrate, the process of het-
eroepitaxial growth of the film can be accompanied by
both elastic and plastic deformation [45–47]. If the
plastic mechanism of relaxation of misfit stresses is
realized, then germinating dislocations are formed in
the film, which usually nucleate on its free surface.
The propagation of these dislocations into the film
leads to the formation of a network of misfit disloca-
tions at its interface with the substrate.

Elastic relaxation of mismatch stresses can lead to
coarsening of the surface of pseudomorphic films and
the formation of a quasi-periodic relief [48]. A similar
wrinkling relief, in particular, was observed on the sur-
face of La2xSrxCuO4 films deposited on SrTiO3 (100)
substrates [49], as well as during the growth of GeSi
films on a Si substrate [50]. In this case, the smaller
the mismatch between the film and substrate lattices,
i.e., the fewer the initial stresses in the film, the longer
the wavelength of the folds (the average distance
between neighboring folds) on its surface, and the later
loss of stability of a smooth surface takes place.

In a smooth film, elastic stress relaxation can occur
only through distortion, causing an increase in its

μ + ν
= ε

− ν
22 (1 )

1
f f

f

W V
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thickness, and, consequently, an increase of energy
[51]. The appearance of irregularities of the film sur-
face is a more effective mechanism of elastic relax-
ation, since it is possible to partially relax the lattice
constant of the film plane to the equilibrium value.
Stress relaxation through an increase of the film
roughness reduces its free energy, but an increase of
the surface area causes an increase of the surface
energy. As was shown in [52–54], the smooth surface
of a nonhydrostatically stressed solid is unstable with
respect to disturbances with a certain wavelength,
which is determined by the competition between its
surface energy and the energy of deformation. There-
fore, if elastic stress relaxation reduces the total free
energy of the film, then folds appear on its surface, the
height of which increases with time.

When the height of the folds becomes comparable
to their wavelength, the formation of grooves begins
between the folds, while the curvature of their surface
decreases at the tops of the folds [55]. In the process of
film growth, the grooves that develop under stress
deepen and can form a pattern similar to cracking on
the film surface [56], reaching the film/substrate
interface, i.e., leading to a loss of film continuity.
However, the evolution of grooves is quite rare in real
heterosystems. A more frequent mechanism that pro-
vides elastic stress relaxation in epitaxial films is the
decomposition of the film into separate islands.

Layer-by-layer growth of films (the Frank–
van der Merwe mode) is realized when the wetting cri-
terion is met, i.e., when the sum of surface energy of
the film γf and energy of the film/substrate interface γi
is less than surface energy of the substrate γs:

(2)

In this case, the interaction forces at the film/sub-
strate interface prevent the substrate surface from
being exposed. If (2) is not satisfied, i.e., the film does
not wet the substrate, then a continuous layer is not
formed, with only separate islands appearing that are
distributed over the substrate surface (Fig. 2b). This

γ + γ < γ .f i s
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growth mode is called the “Volmer–Weber mecha-
nism” [57] and is realized, in particular, during the
epitaxy of films of III–V compounds, for example,
GaAs, on Si substrates [58]. Finally, a third mecha-
nism of growth of heteroepitaxial films is possible,
when, first, a wetting layer with a thickness of several
monolayers grows on the surface of the substrate and,
then, the growth of three-dimensional islands begins
(Fig. 2c). Such a mechanism for the formation of epi-
taxial films is called the “Stranski–Krastanov mode”
[59] and, in contrast to the Volmer–Weber mode, in
this case, the film wets the substrate. However, strong
internal stresses arising at a large (>2%) lattice mis-
match between the film and the substrate prevent the
maintaining of layer-by-layer growth. This mecha-
nism is realized, in particular, when growing Ge films
on Si substrates [60] and InAs films on GaAs sub-
strates [61].

Modeling of heteroepitaxial growth in systems with
a strong lattice mismatch, such as CdTe/GaAs or
CdTe/Si, has shown that elastic stress relaxation is
accompanied by the formation of either islands or V-
shaped defects [62]. The mechanism of film surface
roughening depends on the kinetic behavior of atoms
on the surface of the growing layer, which is controlled
by deformation. Almost complete relaxation of
stresses occurs at the boundaries of atomic clusters,
while the deformation energy increases significantly in
their central part. Therefore, the atoms must move
there for stress relaxation. However, since all neigh-
boring places are occupied, relaxation is possible only
through interlayer migrations, which leads to protru-
sions on the growing surface. Since there are no inter-
nal interfaces in single-crystal epitaxial films, the main
mechanism of mass transfer in them is diffusion over
the surface. Atoms move from one place on the surface
to another, leading to a change in the free energy,
which is determined by the gradient of the chemical
potential along the surface. Thus, growth centers move
along the surface to places with the lowest free energy,
i.e., to the tops of protrusions, which causes the transit
to the island growth mechanism.

1.2. Internal Stresses in Polycrystalline Films

One of the main reasons for the development of
internal stresses in polycrystalline films is the evolu-
tion and densification of their structure during growth.
In contrast to epitaxial films, polycrystalline films, as
a rule, are formed under nonequilibrium conditions
due to a high deposition rate and/or low substrate tem-
perature. Under such conditions, the low mobility of
adatoms on the substrate surface leads to the forma-
tion of a large number of nuclei and does not allow
providing the preferential growth of crystallites with
energetically favorable orientation. Therefore, poly-
crystalline films are almost always formed in accor-
dance with the Volmer–Weber mechanism of island
growth, which includes three consecutive stages:
nucleation and growth of three-dimensional islands
(nuclei) of the deposited material on the substrate,
their subsequent coalescence, and then the growth of
a continuous film. In this case, at different stages of
film growth, not only the magnitude, but also the sign
of the internal stresses can change. In island films, as
a rule, compressive stresses are observed [63]. Coales-
cence of islands, on the contrary, is accompanied by
the development of tensile stresses [64]. Finally, in
continuous films, depending on their material and
deposition conditions, there can be both compressive
and tensile stresses. Compressive stresses are usually
observed in continuous films of materials with higher
diffusion mobility (low melting point), such as Al, Cu,
Ag, Au, etc. [65–68]. In turn, in films of materials
characterized by low diffusion mobility (high melting
point), for example, Fe, Cr, Mo, W, etc., as a rule, ten-
sile stresses develop [66, 67, 69]. At the same time, the
reverse situation may also occur under certain deposi-
tion conditions. For example, ion bombardment of
films during growth significantly increases the diffu-
sion mobility of adatoms, leading to the development
of compressive stresses in films of materials with a high
melting point [70]. On the contrary, a high deposition
rate suppresses the diffusion mobility of adatoms, con-
tributing to the appearance of tensile stresses in films
of materials with a low melting point [71]. Below, the
main mechanisms of stress evolution in polycrystal-
line films at various stages of their formation are con-
sidered in detail.

1.2.1. Compressive stresses in island films. Even at
the initial stage of formation, when the islands are not
in contact with each other, compressive stresses
develop in them, the value of which can be very high.
For example, in island Mo films deposited by magne-
tron sputtering on a Si substrate, the compressive
stresses reached ~1 GPa [72]. In island diamond films
on a graphite substrate, the compressive stresses
exceeded 2.3 GPa [73].

The main factor leading to the appearance of com-
pressive stresses in island films is the surface tension
force, which tends to minimize the surface areas of the
islands, which, as a result, acquire a convex shape with
a positive surface curvature [63]. In accordance with
Laplace’s law, this causes the appearance of capillary
pressure inside the island. For a spherical island, this
additional pressure ΔP is defined as

(3)

where s is the surface tension force and R is the island
radius (in the general case, for an island of arbitrary
shape, the average radius of curvature of its surface is
used instead of R). Since the pressure inside a convex
island becomes higher, the equilibrium interatomic
distance there decreases in comparison with a similar
bulk material. As can be seen from (3), an increase in
the island size during film growth should lead to a
decrease in capillary pressure and, accordingly, to a

Δ = 2 ,sP
R

TECHNICAL PHYSICS  Vol. 65  No. 12  2020



MECHANISMS OF STRESS GENERATION 1885
gradual increase of the lattice constant to its bulk
value. However, after the island reaches a certain crit-
ical size, it is fixed on the substrate, which prevents
further changes in the interatomic distances within it
in the plane parallel to the film/substrate interface
[74, 75]; therefore, the continued growth of islands
contributes to their deformation along this plane,
which, according to Hooke’s law, is equal to

(4)

where Ef and νf are the elastic modulus and the Pois-
son’s ratio of the film, respectively. Since for most
low-index surfaces of metals and dielectrics s > 0, ε < 0,
the compressive stresses develop in the islands. The
estimation of internal stresses carried out in accor-
dance with this approach showed that in island Au
films on Al2O3 substrate, their value can reach 2 GPa
[63], which is in agreement with the experimental
data.

A mechanism has also been proposed according to
which the presence of adatoms or some defects on the
surface of the substrate and islands being formed can
contribute to the development of compressive stresses
[76, 77]. According to this mechanism, the interaction
of adatom with the substrate surface leads to the for-
mation of the field of elastic deformation in its surface
layer, which can be considered as a “force dipole.”
This field causes the development of compressive
stresses in islands, the growth of which is accompanied
by continuous deposition of a large number of new
adatoms. As a confirmation of the proposed mecha-
nism, the authors in [77] point out that the value of
compressive stresses in films decreases with a decrease
in the f low of adatoms. The termination of the deposi-
tion process, i.e., the arrival of new adatoms, leads to a
sharp decrease in the magnitude of the compressive
stresses in the island films. In this case, a certain frac-
tion of stresses remains unrelaxed, since they are
caused by the action of surface tension forces consid-
ered above. However, detailed studies carried out by
the molecular dynamics showed that the stresses asso-
ciated with the presence of surface defects are signifi-
cantly lower than the experimentally measured com-
pressive stresses in island films [78].

1.2.2. Tensile stresses caused by island coalescence.
As the size of the islands increases, they cover most of
the surface of the substrate, and neighboring islands
begin to interact with each other. This interaction
results in coalescence, i.e., island merging, which is
accompanied by the development of tensile stresses in
the films [79–85]. The maximum value of these
stresses σmax significantly depends on the grain size at
coalescence d0 (σmax ∼1/d0). In particular, at d0 ≤
10 nm, the stresses can reach several gigapascals [86].

The driving force of coalescence is a decrease in the
total energy of the film when converting two free sur-

− ν
ε = −

2 (1 )
,f

f

s
E R
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faces of islands into one grain boundary. The change
in energy, in this case, can be written as

(5)
where γs is the surface energy and γgb is the energy of
grain boundary. Since usually 2γs > γgb, coalescence of
islands is energetically favorable. For example, in the
case of high-angle grain boundaries, when γgb = (1/3)γs
[87], the formation of a grain boundary provides an
energy gain Δγ = (5/3) γs.

At the initial stage of coalescence, the growth of
islands and filling of the free space between them is
carried out through diffusion of adatoms over the sur-
face of the islands and the surface of the substrate.
However, when the distance between the islands
becomes less than a certain critical value, the diffusion
mechanism of filling the voids turns out to be difficult.
It was suggested that the final stage of coalescence
(corresponding to a deposited layer thickness of 10–
50 nm), during which the islands become grains of a
continuous film and boundaries are formed between
them, is accompanied by the contraction of the space
between the lateral faces of neighboring islands by means
of their spontaneous elastic deformation [88, 89].

The model proposed in [88, 89] was further devel-
oped in [64]. It considers a regular array of hexagonal
islands with a height of h and a transverse size of d on
the substrate, which are located at distance Δ from
each other until the coalescence process is completed
(Fig. 3a). At this stage, the free energy of the island
film per unit of its area can be written as [64]

(6)

where W0 is the contribution to the free energy of a
unit of film area due to the upper face of the island and
the film/substrate interface and γs is the surface energy
of islands. The second term in (6) expresses the contri-
bution to the free energy of the unit area of the film
from the side faces of the islands. If the space between
islands is contracted through elastic displacements of
their side faces (Fig. 3b), then each island experiences
biaxial deformation ε = Δ/d. After completion of
coalescence, the free energy of a unit area of a contin-
uous film is equal to

(7)

where the second and third terms are the free energy of
grain boundaries and the energy of deformation per
unit area of the film, respectively.

Expressions (6) and (7) make it possible to estimate
the maximum width of the gap between the islands,
which can be constricted due to their elastic deforma-
tion. For this, it is necessary to assume W2 = W1, since
the contraction of the gaps becomes energetically
unfavorable W2 > W1. As a result, it follows from (6)
and (7) that

Δγ = γ − γgb2 ,s

γ= +1 0
4 ,shW W

d

( )γ Δ= + +
− ν

2
gb

2 0
2

,
(1 )

f

f
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W W
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Fig. 3. Schematic representation of a polycrystalline thin
film (a) before and (b) after coalescence of islands.
Adapted from [64].
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σ

σ

(8)

Accordingly, the maximum tensile stress in the film
can reach

(9)

Using the values of Ef = 100 GPa, d = 10 nm, γs =
1 J/m2, and γgb = 0.5 J/m2, one can find out that the
elastic deformation of the islands makes it possible to
constrict the gaps between islands up to 0.55 nm wide,
while the maximum tensile stresses can reach 5.5 GPa.
The obtained value is several times higher than the
experimental values of stresses in polycrystalline films
measured at the stage of coalescence of islands [79–
85]. This discrepancy is especially large for films with
a high diffusion mobility of adatoms (for example, for
Au films deposited at room temperature). Obviously,
this model is very simplified and contains a number of
assumptions that do not correspond to reality. For
example, it assumes that the walls of the islands are
vertical and are able to interact with each other
through the gap.

In [64], a more complex and physically realistic
model was also proposed. In this model, filling the gap
between neighboring islands and forming the grain
boundary are considered from the standpoint of the
Griffiths fracture criterion as a process of crack clo-

 − ν
Δ = γ − γ 
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sure. This model assumes the islands to have a
rounded shape and their coalescence to begin with the
occurrence of contact at one point. Thereafter, the
zone between neighboring islands is considered as a
crack, the closure of which is energetically advanta-
geous, since it reduces the total free energy of the sys-
tem (see (5)). In contrast to the model described above
[89], in [64] it is assumed that the crack closure occurs
gradually, accompanied by elementary acts of elastic
deformation of islands until the decrease in surface
energy due to the formation of the grain boundary
exceeds the corresponding increase in the elastic
deformation energy. Despite the significant differ-
ences between this mechanism of island coalescence
and the model proposed in [89], the expression
obtained in [64] for the average tensile stresses devel-
oping in the film differs from (9) only by the presence
of 1 + νf multiplier:

(10)

It should be noted that the average stresses deter-
mined by (10) exceed the maximum stresses in (9);
i.e., they turn out to be even more overestimated.
Among the possible causes of such an overestimation,
the authors [64] note that the model does not take into
account the shear stresses that occur at the film/sub-
strate interface when islands are deformed, as well as
the assumption that the coalescence of all islands
begins simultaneously.

Another approach to describing the mechanism of
development of tensile stresses in thin films at the
stage of island coalescence was proposed in [90]. The
authors considered the coalescence of islands as a
contact of elastic bodies between which the coupling
force acts. This model is based on the classical Hertz
theory of elastic contact of solids, taking into account
the cohesive interaction between the contacting sur-
faces [91]. For three-dimensional islands of semi-
spherical shape, the following expression is obtained
in [90] for tensile stresses averaged over the volume of
the island:

(11)

It is somewhat unexpected that, in accordance with
this approach, the magnitude of stresses does not
depend on the elastic properties of the material. Using
the same parameter values as before (d = 10 nm, γs =
1 J/m2, and γgb = 0.5 J/m2), one can find that the ten-
sile stresses in the films can reach 600 MPa. This value
is in better agreement with the experimentally
obtained values of stresses. However, this model does
not allow explaining the large scatter of experimental
data for different films, since the value determined by
(11), in fact, can change only by varying the size of the
islands.

 + ν
σ = γ − γ − ν 
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Fig. 4. Evolution of internal stresses in Pt, Pd, Au, and Ni
films deposited (a) at different temperatures, and Ni films
deposited (b) at different deposition rates. The arrows
indicate the thickness of the films at which the change in
the nature of stress changes occurs. Adapted from [85] by
courtesy of Elsevier.
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1.2.3. Mechanisms of development of tensile
stresses in continuous films. As was noted above, after
the completion of island coalescence and the forma-
tion of a continuous film, one of the main factors
determining the value of internal stresses in it is diffu-
sion mobility of adatoms, which, in turn, depends on
the homological temperature (the ratio of the film
deposition temperature to its melting temperature
Td/Tm) and the deposition rate. In general, thin-film
materials can be divided into two types [79–85, 92, 93].
The first type of films deposited at low homologous
temperature (Td/Tm < 0.2, for example, Fe, Cr, Ti, and
Pt films deposited at room temperature) and/or high
deposition rate are characterized by low diffusion
mobility of adatoms. In these films, tensile stresses
arising at the stage of island coalescence persist after
its completion and increase with increasing thickness
of the deposited layer (Fig. 4). Films of the second
type are formed at higher homologous temperatures
and/or low deposition rates. In these films, with an
increase in thickness, there is a transition of tensile
internal stresses into compressive ones, so that the
maximum value of tensile stresses corresponds to the
completion of coalescence of islands (Fig. 4). Accord-
ing to [85], the homologous temperature of films of
the second type is on the order of 0.22–0.24 and
higher. Thus, Au, Ag, and Cu demonstrate a high
mobility of adatoms even at room temperature,
whereas in the case of Ni films this requires a deposi-
tion temperature above 150°C. At the same time, the
authors in [84] obtained Ti films, the evolution of
internal stresses in which is typical for films of the sec-
ond type already at a homological temperature of 0.15.
A possible explanation for this may be the difference in
the deposition rates of the films.

In contrast to films of the first type, the magnitude
of tensile stresses in which does not change after the
end of the deposition process, in films of the second
type, the termination of deposition leads to a rapid
relaxation of compressive stresses (within a few min-
utes after deposition). Under certain conditions, the
reverse transition of compressive stresses into tensile
stresses is even observed in them [92]. In this case, the
resumption of film deposition again leads to the
appearance of compressive stresses [84]. It was found
that a similar character of the change in the magnitude
and sign of internal stresses can take place even before
the completion of the deposition process in the case of
deposition of films at certain intermediate tempera-
tures and deposition rates. In particular, in Ni films
deposited in the temperature range from 27 to 150°C,
after reaching a certain maximum value of compres-
sive stresses, their relaxation began, which, at certain
values of the deposition rate, ended with the repeated
development of tensile stresses [85].

The evolution of internal stresses in continuous
polycrystalline films is a very complex process, since it
is controlled not only by the competition between dif-
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
ferent mechanisms of stress development, but also by
their competition with the simultaneously acting
mechanisms of relaxation of these stresses. In this
case, the contribution of these mechanisms to the total
value of stresses depends significantly on the material
of the films, as well as on the method and conditions
of their deposition. To date, a number of different
models have been proposed that describe the mecha-
nisms of the development of tensile stresses in contin-
uous polycrystalline films. The most important ones
are discussed below.

An increase in tensile stresses in films of the first
type after completion of island coalescence is usually
explained by the fact that the upper layers of the film
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grow epitaxially on the surface of already-formed
grains, inheriting their nonequilibrium structure [64,
85, 92, 93]. In this case, the formation of grain bound-
aries continues in the newly deposited layers, the
grains often have a columnar structure, so that the vol-
ume of the grain boundaries increases linearly with
increasing film thickness. Therefore, tensile stresses
continue to increase in accordance with the mecha-
nism described above for the island coalescence stage.

Another mechanism for the development of tensile
stresses is associated with recrystallization and grain
growth occurring in a continuous film both during its
deposition and after its completion [81, 86, 92–94].
This mechanism does not play a significant role in
films of the first type, since in their case the low diffu-
sion mobility of adatoms does not contribute to signif-
icant grain growth; however, it contributes to the
relaxation of compressive stresses and the reappear-
ance of tensile stresses in films of the second type, in
which the mobility of adatoms is high.

Since the substrate does not have a significant ori-
enting effect on the growth of polycrystalline films,
the arrangement and crystallographic orientation of
neighboring islands are random, which does not con-
tribute to the formation of equilibrium boundaries
when they merge. The nonequilibrium nature of the
formation of polycrystalline films leads to the density
of the material at the grain boundaries being lower
than inside the grain. The grain boundaries contain
excess free volume, which arises both as a result of an
increase in the average distance between atoms in
comparison with the equilibrium value and as a result
of the formation of pores. For example, for FCC met-
als, the excess free volume per unit area of the grain
boundary is ΔV ∼ 1 Å [95]. In the process of grain
growth, the number of grain boundaries decreases
and, consequently, this free volume is redistributed.
As a result, the film becomes compacted, which in a
free state would lead to a decrease in its size. However,
since the film is rigidly bound with the substrate along
the interface, it can only change its thickness. The
transverse dimensions of the film remain unchanged,
and it undergoes biaxial deformation, which, with an
increase in the average grain size from d0 to d, is [86]

(12)

If this deformation is accommodated elastically,
then the compaction of the film during grain growth
causes the development of biaxial tensile stresses in it,

(13)

and leads to an increase in its average energy density
(energy per unit volume of the film) by the value

(14)
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From the above, in particular, it follows that tensile
stresses in films can inhibit grain growth in them, since
it turns out to be energetically unfavorable due to an
additional increase in stresses and an increase in elas-
tic energy. For sufficiently small d0 (d0 ≤ 4 nm), a
decrease in the energy density associated with a
decrease in the number of grain boundaries per unit
area of the film [86],

(15)

may be less than ΔFd. In this case, each stress value
corresponds to a certain limiting grain size, upon
reaching which the growth of grains in the film stops.
Thus, calculations performed in [93] showed that
stresses of 6 GPa stabilize the grain size in metal films
at a level of 1.3 nm. If ΔFgb ≥ ΔFd, then the grain growth
will continue, leading to the development of strong
deformations. In general, the presence of tensile
stresses promotes the formation of fine-grained films,
while compressive stresses, on the contrary, favor the
growth of large grains.

It should be noted that the rate of increase in
stresses that develop as a result of grain growth, as well
as their total value, significantly depend on the initial
grain size [94]. In the case of very small grains
(∼1 nm), which, as a rule, are observed only in dis-
continuous films, the stress growth rate is the highest
and the stresses themselves can reach 1 GPa at room
temperature. At the same time, for films with larger
grains (~20 nm), the growth rate of stresses caused by
grain growth is low, and their maximum value does not
exceed 1 MPa. Thus, as was noted above, at a low dif-
fusion mobility of adatoms, grain growth cannot lead
to the development of strong internal stresses in con-
tinuous films. However, this mechanism of stress
development becomes very important at a high diffu-
sion mobility of adatoms, for example, in the case of
film deposition at an elevated temperature.

Nonequilibrium of grain boundaries leads to the
development of relaxation processes even in the case
in which the grains in the film do not grow. The atoms
at the grain boundaries tend to occupy equilibrium
positions in order to lower the total free energy of the
film, which leads to a redistribution of the excess free
volume, i.e., the compaction of some regions and the
appearance of porosity in others. Since the surface
energy of the pore is always greater than the energy of
the grain boundary, a driving force arises in the film,
tending to tighten the pore. This causes the develop-
ment of elastic deformations and tensile stresses in
films in accordance with a mechanism similar to that
described above for the coalescence of islands [64,
87–89]. Calculations performed in [94] show that, at
small pore sizes and high density of their distribution
over grain boundaries, relaxation processes developing
there can lead to strong tensile stresses (up to 1 GPa)
even at room temperature.

 Δ = γ − 
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Fig. 5. Diagram illustrating the mechanism of develop-
ment of compressive stresses in a polycrystalline thin film
due to the diffusion of atoms from its surface to grain bound-
aries. Adapted from [102] by courtesy of Elsevier.
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1.2.4. Mechanisms of development of compressive
stresses in continuous films. In contrast to tensile
stresses, the main mechanism of the occurrence of
which in polycrystalline films is today considered to be
the process of grain boundary formation described
above, a complete understanding of the mechanisms
of development of compressive stresses in films is cur-
rently lacking. A number of studies suggest that com-
pressive stresses in continuous films are inherited from
island films, in which, as noted above, they are the
result of capillary forces [63, 81, 92, 96]. The authors
of other articles [76, 77] believe that, as in island films,
a “force dipole” mechanism acts during the growth of
continuous films, which causes the compression of the
film due to the interaction of adatoms with its surface.
It is also assumed that compressive stresses in thin
films may result from the incorporation of excess
atoms between neighboring steps on a growing surface
[97]. The recently proposed model assumes that
stresses in continuous polycrystalline films arise as a
result of the interaction of neighboring grains, which
causes their deformation, including grain boundary
sliding [98, 99].

The kinetic model, which describes the evolution
of internal stresses in films and coatings on the basis of
dynamic processes occurring during their growth at
the atomic level [100–104] is of particular note. This
model relates the mechanism of compressive stress
development to the diffusion flow of atoms from the
free surface of the growing film to the grain boundaries
(Fig. 5). The driving force of this f low is the gradient
of the chemical potential, which occurs due to the
nonequilibrium of the deposition process and the
increased concentration of adatoms on the film sur-
face. A directed diffusion flow leads to excessive
embedding of atoms at grain boundaries, i.e., to com-
paction of the film and the development of compres-
sive stresses. At the stage of stable growth of a contin-
uous film, when the length of grain boundaries grows
at the same rate as the thickness of the film, the aver-
age stress in the latter, according to the kinetic model,
can be written as [103]

(16)

where σc is the compressive stress caused by the
embedding of atoms on grain boundaries; σt is the ten-
sile stress caused by the formation of new areas of
grains; β is a parameter that depends on the concen-
tration of mobile adatoms on the film surface, the
atomic volume and elastic modulus of the film mate-
rial, and temperature; D is the effective diffusion coef-
ficient of adatoms; Rd is the film deposition rate; and
d is the grain size. The estimates showed that, for the
development of stresses and deformations, which are
usually observed during the growth of films of materi-
als with high adatom mobility (deformation of about
0.1%), an increase in the chemical potential on the
free surface of 0.15 kT is necessary [100]. This approx-
imately corresponds to the embedding of one excess

σ = σ + σ − σ −β( )exp( / ),f c t c dD R d
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atom at the grain boundary during the growth of one
monolayer of the film.

An advantage of the kinetic model is the fact that it
considers their nonequilibrium nature as the main
reason for the development of compressive stresses in
polycrystalline films and directly relates the magni-
tude of the stresses to the parameters of deposition and
microstructure of the films (see (16)). Therefore, it
makes it easy to explain the dependence of the internal
stress value on the temperature and the film deposi-
tion rate observed in experiments. At low temperature
(or high deposition rate), the diffusion mobility of
adatoms is very small and they are fixed on the free
surface of the film. As follows from (16), σf ≈ σt; i.e.,
only mechanisms of tensile stress generation operate
in the film, mainly due to the formation of grain
boundaries. On the contrary, at high temperature (or
low deposition rate), surface diffusion and diffusion
along grain boundaries can provide a mass transfer
controlled by a gradient of the chemical potential from
the free surface to the grain boundaries, resulting in
the development of compressive stresses. Since com-
pressive stresses act in the film plane, they gradually
lead to an increase in the chemical potential at the
grain boundaries. This process continues until the
chemical potential at the grain boundaries becomes
equal to the chemical potential at the surface of the
film, i.e., until a quasi-equilibrium state is established.
After that, the compressive stresses no longer grow,
and simultaneously acting mechanisms of develop-
ment of tensile stresses cause relaxation of compres-
sion. This pattern is observed in films deposited at
intermediate homologous temperatures and deposi-
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tion rates, in which compressive stresses begin to relax
after reaching a certain film thickness (Fig. 4).

Another advantage of this model is that it allows
one to explain the experimentally observed relaxation
of compressive stresses in films after the termination of
their deposition process [65, 105–107].

As soon as the f low of atoms deposited on the free
surface of the film becomes zero, the chemical poten-
tial there decreases to an equilibrium value. At the
same time, the chemical potential at grain boundaries
remains elevated due to the accumulation of excess
atoms. As a result, an oppositely directed gradient of
the chemical potential arises, which causes a backflow
of atoms from the grain boundaries to the free surface,
leading to relaxation of compressive stresses. The
resumption of film deposition again causes an increase
in the chemical potential on the free surface of the film
and a f low of atoms to the grain boundaries.

Recently, the kinetic model has been further devel-
oped to take into account the effect of grain growth
during deposition of polycrystalline films on the evo-
lution of internal stresses in them [108]. Two effects
were considered: the development of stresses in the
film due to changes in the microstructure of already
formed layers, and the effect of increasing the initial
grain size in newly deposited layers on the magnitude
of stresses in them. The calculations performed
showed good agreement with the experimental data,
according to which the value of compressive stresses in
films characterized by a significant increase in grain
size during deposition continuously changes with
increasing thickness of the deposited layer [85]. The
analysis of the obtained data shows that the main rea-
son for the change in the stress value in such films is
not the evolution of the microstructure of the formed
layers, but an increase in the transverse grain size in
new layers of the film with an increase in its thickness.
The latter lead to a gradual decrease in the length of
grain boundaries per unit surface area of the film,
which reduces the number of adatoms embedded on
the grain boundaries, and, as a result, reduces com-
pressive stresses.

The kinetic model showed good agreement with
the evolution of internal stresses in Ni [109–111] and
Cu [111–113] films obtained by electrolytic deposi-
tion. In particular, in these studies, a decrease in the
magnitude of stresses was observed with an increase in
the deposition rate and grain size, which directly fol-
lows from the kinetic model. It should be noted that
the deposition of these films proceeded at a low
homologous temperature, when diffusion processes in
thin films are largely suppressed. It was shown in [65]
that the degree of relaxation of compressive stresses in
Au films after their deposition by chemical vapor is
stopped decreases with an increase in the average grain
size. This result also agrees well with the kinetic
model, since a larger grain size corresponds to a
shorter grain boundary length per unit surface area of
the film. Consequently, an increase in the grain size
leads to a decrease in the number of atoms that can dif-
fuse from the grain boundaries to the free surface of
the film, leading to the relaxation of compressive
stresses. Unfortunately, the dependence of the magni-
tude of developing compressive stresses on the grain
size is not given in [65], which does not allow compar-
ing the effect of grain boundaries on the development
and relaxation of stresses. A recent analysis of the
results of measuring the stresses in Ni films obtained
by electron beam evaporation [85] carried out using a
modified kinetic model that takes into account grain
growth during film deposition showed that it is able to
adequately describe the evolution of stresses in the
case of films deposited at high homologous tempera-
tures, when there is a high mobility of adatoms [108].
In particular, it made it possible to explain the depen-
dence of the stresses in these films on temperature and
the rate of their deposition.

At the same time, in [77], a significant difference
was revealed between the relaxation rates of compres-
sive stresses upon termination of the growth of Cu
films and their repeated development after the
resumption of the deposition process. The recovery of
compressive stresses occurred one to two orders of
magnitude faster than their relaxation, which is not
fully consistent with the kinetic model, in which the
flows of atoms directed to and from grain boundaries
are assumed to be symmetric. On the other hand, the
observed difference may be a consequence of the dif-
ference between the energies of newly deposited ada-
toms and atoms diffusing from grain boundaries,
which significantly affects their diffusion mobility.
Investigation of the evolution of internal stresses in
thin Fe films deposited by electron-beam evaporation
did not reveal a significant effect of the grain size on
the value of internal stresses [114]. In this case, the
degree of relaxation of compressive stresses after the
termination of the deposition of films increased with
an increase in their thickness. Such effects contradict
not only the kinetic model, but also the mechanism of
the development of compressive stresses as a result of
the interaction of adatoms with the growth surface [76,
77]. The authors of [114] believe that the reversible
stress relaxation in thin Fe films after the termination
of their deposition is due to the rearrangement of the
surface, which is controlled by surface diffusion. After
stopping the deposition process, atoms diffuse from
the more stressed central part of the grain to its bound-
aries, which lead to stress relaxation and surface
smoothing. The resumption of growth causes the
reverse process of surface roughening and the repeated
development of compressive stresses.

Thus, despite a large number of experimental and
theoretical studies that have been carried out, as well
as numerous reviews of modern concepts of the causes
and mechanisms of the development of internal
stresses in thin polycrystalline films during growth [67,
69, 75, 92, 94, 97, 102, 115–119], today none of the
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
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proposed models are capable of fully explaining all the
experimentally observed regularities of their evolution.
It is obvious that further experimental and theoretical
studies are required to understand and take into
account all the mechanisms of the occurrence and
evolution of internal stresses in polycrystalline films.
In this case, one of the most promising areas of these
studies is the further development and validation of
the kinetic model, which combines the mechanisms of
development of tensile stresses due to the formation of
grain boundaries [64] and compressive stresses due to
the embedding of excess atoms at the grain bound-
aries [100].

 1.3. Internal Stresses Due to the Formation
of Defects in Films

Defects (interstitial atoms, vacancies, dislocations,
etc.) formed in films during deposition make a signif-
icant contribution to the development of internal
stresses in thin films and coatings, especially those
obtained by sputtering or ion-assisted evaporation,
based on the deposition of particles with high kinetic
energy. The stresses caused by defects can reach very
high values taking into account the simultaneous
action of other mechanisms of stress development. For
example, in TiN films deposited by high-power
impulse magnetron sputtering, the value of residual
compressive stresses exceeded 10 GPa [120, 121].

One of the important mechanisms of stress devel-
opment in films deposited by methods using high-
energy particles is the so-called “atomic (ion) peen-
ing” [122–124]. When colliding with a growing film,
some of the adatoms can be incorporated in its surface
layer, in the interstices of the crystal lattice. This leads
to distortion of the crystal lattice and excessive com-
paction of the film. As a result, compressive stresses
arise in it, the magnitude of which are directly propor-
tional to the molar volume and the elastic modulus of
the film [125]. Along with the atoms of the sputtered
material, impurity atoms and ions, for example, ions
of an inert gas used to bombard a target, can be incor-
porated into the interstices of the crystal lattice.
“Atomic peening” predominantly occurs at low
homologous temperatures, when the low diffusion
mobility of adatoms does not allow them to move to
equilibrium positions [69]. At a high homologous
temperature, the incorporated atoms easily diffuse
onto the free surface or onto the grain boundaries, as a
result of which this mechanism does not significantly
affect the development of stresses in the films.
Another important parameter affecting the concentra-
tion of interstitial atoms and, thus, the magnitude of
internal stresses in films obtained by the sputtering is
the pressure in the working chamber [69, 126]. Under
low-pressure conditions, most of the deposited atoms
do not experience collisions with each other and, upon
collision with the film surface, have high energy,
which promotes their penetration into interstices and
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
the development of compressive stresses. On the con-
trary, at high pressures, atoms repeatedly collide with
each other and with ions of the working gas, which
leads to energy losses and a low concentration of point
defects, as a result of which residual tensile stresses can
arise in the films [126].

The development of compressive stresses in films
due to “atomic peening” is significantly influenced by
the bias voltage applied to the substrate [115, 127]. At
high bias voltages, a strong electromagnetic field is
created near the substrate surface, which accelerates
the ions that bombard it. This leads to an increase in
their kinetic energy and, as a consequence, increases
the concentration of point defects in the film. Thus,
tensile stresses developed in Cr films deposited at a
bias voltage of up to 55 V [128]. At the same time, an
increase in the bias voltage to 75 V and more led to the
appearance of compressive stresses of 0.5–1 GPa in
them, which were a consequence of “atomic peening.”

High-energy atoms and ions can lead to the
appearance in films not only of interstitial atoms, but
also of substitutional atoms [115]. Such point defects
are formed, for example, when sputtering composite
films. In this case, if the substitution occurs by an
atom having a larger radius than the lattice atom, then
compressive stresses develop in the film. Otherwise,
tensile stresses arise. The magnitude of these stresses
can reach very high values. Thus, it has been shown
that the substitution of 1 wt % of nitrogen atoms with
titanium atoms in TiN films leads to the development
of compressive stresses, the value of which reaches
4.1 GPa [129].

The depth of occurrence of point defects strongly
depends on the energy of the bombarding particles.
Modeling by molecular dynamics has shown that the
bombardment of a copper substrate with Cu atoms
requires an energy of 20 eV for the appearance of inter-
stitial atoms [130]. In this case, these atoms penetrate
into the second layer from the top layer of the sub-
strate. An increase in the energy of incident atoms to
80 eV allowed them to penetrate into the third from the
top layer of the substrate, while the depth at which
interstitial atoms appeared reached 12 monolayers. In
this case, displacements of the atoms developed
through a chain of focused replacement collisions.

The models proposed for describing the mecha-
nisms of stress development during the introduction of
atoms and ions consider the deposited film as a matrix
containing incorporated particles. In this case, the
stress-deformed state of the film is a combination of
hydrostatic stresses caused directly by the formation of
a defect and biaxial stresses caused by restrictions on
the change in dimensions imposed by the substrate on
the film [129, 131–133]. In this case, hydrostatic and
biaxial stresses have opposite signs; i.e., the hydro-
static expansion of the film due to the incorporation of
a point defect causes biaxial compression in the plane
of the film.
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Recently, an extended kinetic model was proposed
to describe the evolution of stresses in films obtained
using high-energy particles [134]. Along with ther-
mally activated diffusion processes on the surface and
grain boundaries described in the kinetic model for
low-energy deposition methods (see the previous sec-
tion), the extended kinetic model also takes into
account the role of point defects formed in films as a
result of “atomic peening” in the development of
internal stresses. According to this approach, the aver-
age stress in the film can be written as the sum of three
terms:

(17)
where σgr is the stress that develops during film
growth, which is determined by (16); σgb is the stress
caused by the compaction of the film due to the intro-
duction of defects (atoms) in the regions adjacent to
the grain boundaries; and σb is the stress associated
with the embedding of defects into the volume of
grains. The second and third terms in (17) are defined
as [134]

(18)
and

(19)
where A is the parameter depending on the energy and
flow of the bombarding particles, as well as on the film
growth rate; l is the depth of the defect penetration
into the film; d is the grain size; σ0 is the stress created
in the film by one defect; and Css is the average con-
centration of defects in the film at the stage of steady
growth.

Since the model considers only defects formed as a
result of the introduction of excess atoms into the film,
the last two terms in (17) represent compressive
stresses. Their sum may exceed stresses σgr caused by
thermally activated diffusion processes in the growing
film, so total stress σf will also be compressive [118,
134]. This makes it possible to explain why compres-
sive stresses often develop under conditions of bom-
bardment with high-energy particles even in films of
materials with low diffusion mobility of atoms [129,
135, 136]. The extended kinetic model showed good
agreement with experimental measurements of inter-
nal stresses in Ta [118], Mo [134], and Cu [137] films
obtained by magnetron sputtering. In particular, it fol-
lows that, the faster the film grows, the more defects
are incorporated into it, which explains the observed
increase in compressive stresses. The model also made
it possible to predict the experimentally observed
increase in compressive stresses with a decrease in the
grain size in the films. Nevertheless, the description of
the evolution of internal stresses in thin films based on
the kinetic model has been carried out for a very small
number of materials and deposition conditions.
Therefore, intensive research is required for its verifi-
cation and further development.

σ = σ + σ + σgr gb ,f b

σ =gb ( / )A l d

σ = − σ0 ss(1 / ) ,b l d C
Another type of point defects—vacancies—can also
be a source of internal stresses in thin films. Films and
coatings usually contain a large number of vacancies
since they are deposited under highly nonequilibrium
conditions. Relaxation processes occurring both
during the deposition of films and after its termination
lead to the ordering of their structure, in particular, to
the annihilation of vacancies. This process can
develop in both polycrystalline and single-crystal, as
well as in amorphous films. It leads to the develop-
ment of internal stresses, the sign and magnitude of
which depend on the partial molar volume of vacan-
cies, as well as on the location of the annihilation site
[94]. For example, in polycrystalline films, the anni-
hilation of a vacancy at the grain boundary located
perpendicular to the film plane results in the appear-
ance of tensile stresses. However, the annihilation of
the vacancy inside the grain can, on the contrary,
cause an increase in the film volume if the vacancy
volume is less than the volume of the atom. This will
result in the development of compressive stresses. It
should be noted that, at low annealing temperatures,
the stresses caused by vacancy annihilation are small.
For example, the estimates made in [94] showed that
the stresses caused by vacancy annihilation in Ni films
subjected to annealing for 1 h at a temperature of
227°C do not exceed several tens of megapascals. At
even lower temperatures, it is unlikely that this mech-
anism makes a significant contribution to the develop-
ment of stresses in thin films.

In practice, different types of point defects are
simultaneously present in films and coatings. There-
fore, their influence on the development of internal
stresses is complex, since different types of defects not
only cause different mechanisms of stress occurrence,
but also interact with each other, which can also
change the stress-deformed state of the material. The
modeling performed in [138] showed that the defects
that occur in films can be a Frenkel defect, i.e., an inter-
stitial atom-vacancy pair. Later molecular dynamics
simulations revealed that compressive stresses in films
subjected to high-energy ion bombardment can develop
as a result of competing mechanisms of generating and
recombining of Frenkel pairs [139].

 1.4. Internal Stresses due to the Introduction
of Impurities and Phase Transformations

in the Film–Substrate System

Internal stresses in films and coatings can also
occur due to phase transformations occurring inside
them during deposition, the formation of new phases
and precipitates, doping with additional elements, and
the introduction of impurities. Thus, it is known that
the transformation of an amorphous phase into a crys-
talline one leads to an increase in the density of the
material [140]. Due to the rigid bond with the sub-
strate, the films can only be compacted by reducing
their thickness, which is very significant for some
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
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materials with a variable phase state (phase change
materials). For example, during crystallization of
chalcogenide films (GeTe, Ge4Sb1Te5, etc.), their
thickness decreases by 8–9% [141, 142]. Such a trans-
formation causes the development of deformations
that are similar in magnitude and, consequently, ten-
sile stresses of the order of 1 GPa and more in the film
plane. A change in the phase state of films can occur
both as a result of various external influences, for
example, as a result of thermal annealing [143] and
laser irradiation [144], as well as directly in the growth
process. A similar effect has been observed, in partic-
ular, when growing Sb films [145]. Initially, these films
grew in an amorphous state, but after reaching a cer-
tain critical thickness, their crystallization occurred,
which was accompanied by the development of strong
stresses. Another type of phase transformation occur-
ring during the deposition of films and coatings is
associated with chemical reactions taking place in
them that resulted in the formation of new phases.
These can be reactions caused by mutual diffusion of
film and substrate atoms, or by diffusion between dif-
ferent layers in multilayer structures. In addition,
chemical reactions of film atoms with molecules of
residual gases or with embedded impurity atoms are
possible.

One of the most typical examples of reactions
between the chemical elements of the film and the
substrate is the formation of metal silicides when metal
films are deposited on a silicon substrate. In this case,
the magnitude and sign of the stresses arising during
the formation of a new phase cannot be unambigu-
ously determined by calculating the difference
between the volumes of the original and new phases.
In general, due to the small atomic volume of silicon,
the formation of silicides in thin films of metals is
always accompanied by compaction of the material;
i.e., this process should lead to the development of
tensile stresses. Nevertheless, studies indicate that the
formation of Ni2Si [146], Pt2Si [147], Pd2Si [148], etc.,
often leads to the appearance of compressive stresses
in the films, which can reach 1.5 GPa. The reason for
this lies in the lower diffusion mobility of silicon atoms
in comparison with metal atoms. Therefore, after the
formation of a thin silicide layer between the film and
the substrate, chemical reactions occur predominantly
in the upper layer of the substrate adjacent to the inter-
face with the film [149]. Therefore, it is necessary to
consider changes in the volume of this phase only, i.e.,
to compare the volume of silicon with the volume of
silicide in order to estimate the resulting deformations
and stresses. Since, in this case, the volume of the new
phase is larger, compressive stresses develop in the sil-
icide layer. Studies show that the occurrence of
stresses in metal films deposited on the Si substrate
may be related not so much to the formation of the sil-
icide layer itself, but rather to its transformation from
an amorphous state to a crystalline one [150, 151].
Since, as was noted above, a significant compaction of
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the material occurs and tensile stresses develop in the
films.

Another example of the occurrence of stresses in
thin films as a result of a chemical reaction is the inter-
action of Ti and Al with the formation of TiAl3 precip-
itates. This phenomenon was observed, in particular,
when growing Ti/Al multilayer films [152]. Since, in
this case, the formation of a new phase is accompanied
by a significant decrease in volume, strong tensile
stresses developed in the films, which can lead to the
formation of pores.

The magnitude and sign of the stresses resulting
from the formation of new phases are determined by
the chemical composition of the films and conditions
of their deposition. Thus, the diffusion of oxygen into the
Al films from the underlying layers led to the develop-
ment of tensile stresses in them [80]. At the same time,
the diffusion of oxygen from the YBa2Cu3O7 – x layers
into the Ag and Au layers caused the appearance of
compressive stresses in the latter [153].

The result of interaction of the film with residual
gases in the working chamber depends on their partial
pressure in a complex way. Thus, with an increase in
the partial pressure of oxygen during the deposition of
Al films from 8 × 10–7 to 6 × 10–4 Pa, a gradual
increase in the magnitude of the compressive stresses
was observed in them (Fig. 6) [80]. However, a further
increase in the partial pressure of oxygen led, first, to
a decrease in compressive stresses and, then, at a pres-
sure of 3 × 10–3 Pa, led to the development of tensile
stresses in Al films. This behavior of the magnitude of
internal stresses is explained in [80] by the fact that, at
a low partial pressure, the oxygen is absorbed in the
near-surface layer of the growing film in the form of
interstitial atoms. This leads to compaction of the
films and the appearance of compressive stresses in
them. Upon reaching a pressure of 6 × 10–4 Pa, the
near-surface layer of the growing film is completely
saturated with oxygen. Therefore, precipitates of alu-
minum oxide are formed in the film that inhibit the
surface diffusion of Al atoms and contribute to a
decrease in the grain size. The latter, in turn, causes an
increase in the relative volume of the formed grain
boundaries and, as a consequence, an increase in ten-
sile stresses arising during their formation. The result
is a partial relaxation of the compressive stresses. At an
oxygen pressure of 3 × 10–3 Pa, a continuous layer of
aluminum oxide forms on the surface of the Al film,
and the stresses in it become tensile.

An even more complicated dependence of the
magnitude of internal stresses on the partial pressure
of oxygen was observed upon the deposition of Cr
films (Fig. 7) [154]. Since the deposition of the films
was carried out at an elevated temperature (300°C), a
stress evolution was observed at a low partial pressure
of oxygen (≤2.3 × 10–6 Pa), which is characteristic of
films with a high diffusion mobility of atoms. At first,
tensile stresses arose in them, which then turned into
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Fig. 6. Effect of partial oxygen pressure on internal stresses
in Al films. The films were deposited at a partial oxygen
pressure of (a) ~ 1 × 10–9, (b) 6 × 10–6, (c) 6 × 10–5, (d) 6 ×
10–4, (e) 1 × 10–3, and (f) 3 × 10–3 Pa. Adapted from [80]
by courtesy of Elsevier.
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Fig. 7. Influence of partial oxygen pressure on internal
stresses in Cr films. Adapted from [154] by courtesy of
Elsevier. 
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compressive ones and, at a certain thickness, again
became tensile. With an increase in the partial pres-
sure of oxygen to 3.2 × 10–5 Pa, only tensile stresses
were always present in the Cr films regardless of the
thickness of them. At a pressure of 3.2 × 10–4 Pa, on
the contrary, the stresses were always compressive.
Finally, at a partial oxygen pressure of 1.1 × 10–3 Pa,
only tensile stresses developed in the films, the magni-
tude of which was significantly higher than at a pres-
sure of 3.2 × 10–5 Pa. The explanation proposed by the
authors of [154] for the observed dependence of inter-
nal stresses on the oxygen partial pressure largely coin-
cides with the model described above for Al films [80].
However, in this case, it is assumed that, at a low par-
tial pressure of oxygen, its main action is associated
with the suppression of the diffusion mobility of ada-
toms. As a result, there is a decrease in the grain size in
the film, an increase in the relative volume of grain
boundaries, and, as a consequence, the development
of tensile stresses. With increasing pressure, oxygen
atoms are incorporated into the interstices of the crys-
tal lattice of the surface Cr layer, which leads to the
development of compressive stresses. Finally, at a
pressure of 1.1 × 10–3 Pa, a continuous chromium
oxide layer forms on the surface of the Cr film, which
leads to the development of strong tensile stresses.

It should be noted that, today, there is no complete
understanding of the factors controlling the evolution
of internal stresses in thin films when the deposition
parameters change. Nevertheless, the available data
indicate that the introduction of impurities and phase
transformations in thin films are accompanied by the
development of competing mechanisms for the devel-
opment of internal stresses. The contribution of each
of these mechanisms to the total value of stresses sig-
nificantly depends on the conditions of film growth.
Therefore, it is necessary to carry out studies in a wide
range of deposition parameters in order to obtain films
with the required stress level.

2. STRESSES DEVELOPING IN THIN-FILM 
STRUCTURES UNDER EXTERNAL 

INFLUENCES
 2.1. Thermal Stresses

Thermal stresses make an important contribution
to the overall stress level in thin films and coatings.
Thermal stresses are external, since they are caused by
temperature changes that occur, as a rule, after the end
of the film deposition process. However, these stresses
can be directly related to the process of film deposi-
tion, since many technologies for their growth, for
example, chemical vapor deposition, thermal oxida-
tion, etc., require the deposition of films and coatings at
high temperatures (up to 1000°C or higher) [155, 156].
In addition, thermal stresses can develop during the
heat treatment of films after their deposition, as well as
due to temperature changes during the operation of
thin films and coatings.

The reason for the development of stresses in thin-
film structures with a change in temperature is the dif-
ference in the coefficients of thermal expansion
(CTEs) of the film and the substrate. For example, the
CTE of metal films is usually an order of magnitude
higher than the CTE of a silicon substrate, which is
often used for their deposition. Therefore, upon cool-
ing of the metal film–silicon substrate structure from
the synthesis temperature to room temperature, the
film tends to shrink much more strongly than the sub-
strate (Fig. 8). However, since the thickness of the
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
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Fig. 8. Diagram illustrating the development of (left) ten-
sile and (right) compressive thermal stresses in a film char-
acterized by a higher CTE than the substrate.

Film
Substrate

Cooling Heating
substrate is several orders of magnitude greater than
the thickness of the film, the latter must be resized to
match the resizing of the substrate. As a result, tensile
thermal stresses arise in the film. On the contrary,
when this structure is heated to a temperature exceed-
ing the synthesis temperature, compressive stresses
develop in the film. The opposite situation takes place
in the case of oxide and ceramic coatings deposited on
a metal substrate. Compressive stresses arise in such
films and coatings during cooling, and tensile stresses
arise during heating.

Upon cooling or heating of the film–substrate
structure from temperature T1 to temperature T2, the
corresponding biaxial deformation of the film is deter-
mined as follows:

(20)

where αf and αs are the thermal expansion coefficients
of the film and substrate, respectively.

If the temperature changes during the deposition of
the film, different layers of the film will experience
different deformation. Its average biaxial deformation
can be calculated using the expression [94]

(21)

where h is the film thickness and dz is the increment in
thickness. Since biaxial stresses are associated with
deformation as

(22)

then from (20) and (22) it follows that thermal stresses
are directly proportional to the change in temperature:

(23)

It should be noted that thermal stresses can be
determined using (23) only in a certain temperature
range in which the film undergoes only elastic defor-
mation [157]. When thermal deformations exceed the
yield strength of the film, its plastic f low begins
through various mechanisms, such as dislocation slip,
diffusion creep, etc. In this case, thermal stresses can-
not be associated with the magnitude of elastic defor-
mation.

Expressions (20) and (23) can be used to assess
thermal deformations and stresses in multilayer struc-
tures if the total thickness of such a structure is small
compared to the thickness of the substrate [94]. In this
case, the calculation of stresses can be carried out sep-
arately for each layer without taking into account the
influence of other layers. Thus, as in the case of a sin-
gle-layer film, the parameters that determine the mag-
nitude of thermal stresses with a change in tempera-
ture are the difference between the CTE of the given
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layer and the substrate, as well as the modulus of elas-
ticity of the layer. Therefore, the order of the layers in
a multilayer structure does not affect the magnitude of
thermal stresses in individual layers. In the case of a
large difference between the CTE of the film and the
substrate and a strong change in temperature, thermal
stresses can reach very large values [158], taking into
account the high values of the yield strength and
strength of thin-film materials. Thus, according to
[62], the cooling of Si wafers after their thermal oxida-
tion led to the development of strong compressive
stresses in the formed oxide film, the main reason for
which is the difference in CTE of silicon and its oxide.
Compressive stresses near the SiO2/Si interface
reached 2 GPa. The presence of stresses and deforma-
tions in the SiO2/Si structure caused the formation of
microscopic pores at the interface, which turned into
macroscopic cavities in the process of cooling.

Since, as a rule, both thermal and internal stresses
develop simultaneously in thin-film structures, as a
result, they can both enhance (if the stresses are of the
same sign) and weaken each other (if the stresses are of
opposite signs). Therefore, the magnitude and sign of
the stresses can change after the end of the film depo-
sition process. Thus, it was shown that, during het-
eroepitaxy of SrF2 and CaF2 on Si (111), compressive
misfit stresses develop in films [159]. However, when
these systems were cooled to room temperature, the
stresses became tensile due to the large difference in
the CTE of the film and substrate.

 2.2. Stresses in Conductive Films 
due to Electromigration Processes

The desire to miniaturize microelectronic devices
makes it necessary to reduce the width and thickness
of metal connections in them. As a result, the current
density in them reaches 105–106 A/cm2 [160, 161].
Therefore, electromigration processes have a signifi-
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Fig. 9. Formation of (a) hillocks and (b) pores in thin Au
films after passing a direct electric current with a density of
2.9 × 105 A/cm2 for 300 h.

(a)

(b)
cant effect on the development of stresses in conduc-
tive films. In the ideal case, when there are no tem-
perature gradients in a homogeneous thin-film con-
ductor, ion transfer under the action of the “electron
wind” by itself could not cause an increase or decrease
in the density of the film material, and, therefore, the
appearance of stresses in it. However, in real thin-film
conductors, the divergence of the diffusing ion f low is
different from zero, i.e., there is a violation of its con-
tinuity. It can be caused by a number of factors, almost
all of which are associated with the microstructure of
thin conductive films: gradients of defect concentra-
tion, temperature, and effective charge, as well as gra-
dients of the diffusion coefficient or grain size [162].
Discontinuity of the mass transfer f lows leads to the
appearance of local regions with a higher and lower
material density in the conductive films and, accord-
ingly, compressive and tensile stresses, which in the
general case can be randomly distributed along their
length. Theoretical calculations have shown [163–167]
that damage caused by electromigration in conductive
metal films occurs when a certain critical value of
stresses is exceeded. Compressive stresses cause the
growth of hillocks on the surface of the film, and ten-
sile stresses cause the formation of cavities (Fig. 9).
The formation of hillocks occurs due to plastic defor-
mation of the material in a certain zone, which is ini-
tially located near the anode and, then, spreads toward
the cathode. In turn, the formation and coalescence of
cavities gradually lead to a shift of the cathode edge of
the film towards the anode.

The study of the regularities of the development of
stresses in thin films due to electromigration has been
carried out in many experimental works [160, 168–171].
Thus, in [169] it was shown that the interatomic dis-
tances in thin-film Al conductors increased near the
anode and decreased near the cathode under the
action of the current. Thus, tensile stresses appeared at
the anode, while compressive stresses arose at the
cathode. At room temperature, the tensile stresses in
the film were 500 MPa. At T = 260°C, the stresses still
remained tensile, but their value decreased to 50 MPa
due to the compensating effect of compressive thermal
stresses. It should be noted that thermal stresses are
always present in conductive films, since a high-den-
sity electric current f lowing through them causes an
intense release of Joule heat, which leads to heating of
the films [171]. As a result, thermal stresses arise in
them due to the difference between the CTE of the
film and the substrate. This makes it difficult to accu-
rately determine the magnitude of the stresses caused
directly by electromigration in films deposited on the
substrate. Studies of electromigration in films in a free
state, i.e., separated from a substrate, are carried out in
order to exclude the contribution of thermal stresses.
Thus, it was shown in [160] that electromigration pro-
cesses in thin Pt films cause the development of local
stresses, the value of which reaches 2 GPa or more.
The main mechanism for relaxation of these stresses is
the rapid growth of grains from 3–5 to 40 nm.

 2.3. Stresses Arising due to the Influence 
of an Electromagnetic Field

Effects associated with the influence of an electro-
magnetic field can make a significant contribution to
the development of stresses in thin films. First of all,
these include the piezoelectric effect and electro- and
magnetostriction.

The piezoelectric effect is observed in films of
piezoelectrics, which are electrically neutral materials
with no center of symmetry in the unit cell [172–175].
Such crystals are polarized under the influence of an
external electric field, which causes their deformation,
and, since piezoelectric films cannot be deformed
freely due to the limitations imposed by the substrate,
mechanical stresses arise in them. The value of piezo-
electric deformations depends linearly on the value of
the external electric field. Therefore, the stronger the
field is applied to the film and the stronger its piezo-
electric response, the greater the deformations and
stresses will develop in it. Their magnitude and direc-
tion also depend significantly on the direction of the
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
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external electric field. So, in the case when the field is
directed perpendicular to the plane of the film, the lat-
ter will experience equiaxial compression or tension
[39]. Change in the direction of the field to the oppo-
site leads to a change in the sign of deformations and
stresses.

In contrast to the piezoelectric effect, electrostric-
tion is observed in all dielectrics and is also caused by
their polarization in an external electric field [176].
However, in bulk materials, the deformation caused by
electrostriction at the same field strength is several
orders of magnitude less than that due to piezoelectric
effect. On the other hand, deformation during elec-
trostriction is proportional to the square of the field
strength, which in thin dielectric films is inversely pro-
portional to their thickness [177]. Therefore, the
deformation of the films, and hence the correspond-
ing stresses, can reach high values. In particular,
strong stresses caused by electrostriction develop in
films of anodic metal oxides, the thickness of which
can be several nanometers [178–180].

It should be noted that the development of stresses
in dielectric films due to electrostriction is caused by
two different factors. First, as a result of polarization,
uncompensated (bound) charges appear on the film
surface and at its interface with the substrate. Since
these bound charges on the film surface and at the
interface have opposite signs, a Coulomb attraction
occurs between them. As a result, the film is com-
pressed in the normal direction to its surface. Due to
the Poisson effect, this should lead to an increase in
the size of the film in perpendicular directions, i.e., to
its equiaxial expansion in the plane parallel to the
interface. However, since the substrate prevents a
change in the transverse dimensions of the film, so-
called “Maxwell stresses” develop in the latter [178]:

(24)

where νf is the Poisson’s ratio of the film, εd is the per-
mittivity of the film, ε0 is the dielectric constant, and
Eel is the electric field strength. As can be seen from
(24), Maxwell stresses have a minus sign; i.e., they are
always compressive, which follows from the geometry
of the Coulomb interaction.

Second, under the action of an external electric
field, molecular dipoles tend to line up along its lines
of force, which also cause deformation of the dielectric
film and the appearance of stresses in it. This effect is
sometimes called dielectrostriction [178]. According
to [178, 181], the magnitude of these stresses can be
written as

(25)

where β1 and β2 are the electrostrictive parameters that
depend on the permittivity of the film. As can be seen
from (25), the sign of the stresses caused by elec-
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trostriction is determined by the ratio of ε and the sum
β1 + β2; i.e., these stresses can be both compressive
and tensile depending on the dielectric properties of
the film. Thus, electrostriction in films of anodic
oxide TiO2 led to the development of compressive
stresses, the value of which reached 240 MPa [178]. At
the same time, according to [179], electrostriction in
anodic oxide films grown on a stainless steel substrate
leads to tensile stresses. Accordingly, stresses (24) and
(25) can both enhance and weaken each other. There-
fore, the total value of stresses due to electrostriction
depends on the ratio of σM and σES. In the case of
anodic oxide films on stainless steel, the Maxwell
stresses are about five times higher than the stresses
caused by the rearrangement of the dipoles [179]. It
should also be noted that, since the deformation of the
material during electrostriction is proportional to the
square of the field strength, the sign of stresses and
deformations does not change when the direction of
the field is reversed.

A similar effect of material deformation, when the
state of its magnetization changes under the influence
of an external magnetic field, is called “magnetostric-
tion.” The mechanism of the development of stresses
in thin-film structures caused by magnetostriction is
similar to the cases of the piezoelectric effect and elec-
trostriction described above [182, 183]. Depending on
the properties of the material, magnetostriction can be
positive, when the sample increases in size along the
force lines of the magnetic field, and negative, when it
is compressed in this direction. Accordingly, in the
directions perpendicular to the lines of force, on the
contrary, compression or extension occurs. Therefore,
depending on the properties of the material and the
direction of application of the magnetic field, the
stresses in thin films caused by magnetostriction can
be both compressive and tensile. Magnetostriction
plays the most significant role in the occurrence of
stresses in the case of strongly magnetic substances
with so-called “giant magnetostriction” [184, 185].
The deformation in films of such materials can reach
10–2, and the stresses can reach 1 GPa.

2.4. Stresses due to Changes in the Chemical 
Composition and Structure of Films

Various chemical and structural changes can occur
in thin-film structures under the influence of external
factors during storage and operation, which, as in the
process of film growth, lead to mechanical stresses.
For example, films of silicone glasses can absorb a sig-
nificant amount of water from the surrounding air,
and strong compressive stresses develop in them [186].
Heating these films, on the contrary, causes evapora-
tion of moisture from them and the appearance of ten-
sile stresses. Reversible changes in stresses in films of
anodic titanium oxide can be caused by absorption
and desorption of hydrogen [187]. The absorption of
hydrogen by Ni films during alkaline electrolysis of



1898 SHUGUROV, PANIN
water results in the development of compressive
stresses in them [188, 189].

2.5. Stresses due to Mechanical Impacts

Finally, thin films and coatings, during their oper-
ation, can be directly exposed to various mechanical
influences that lead to the development of stresses in
them. Thus, in recent years, researchers have shown
great interest in thin-film structures on f lexible sub-
strates, which have broad prospects for use in the pro-
duction of f lexible LED screens, solar cells, and vari-
ous microelectromechanical systems (sensors, actua-
tors, etc.) [190–193]. During operation, such f lexible
thin-film structures undergo multiple bending defor-
mations, which cause the development of inhomoge-
neously distributed mechanical stresses in them,
which lead to their high gradients [194, 195].

The development of stresses under conditions of
tribological contact in the coatings been designed to
protect various parts and mechanisms from wear and
tear is of special note. These include, in particular,
hard ceramic coatings with increased wear resistance,
which find a wide range of applications from the pro-
duction of cutting tools [196, 197] to the manufacture
of biomedical implants [198, 199]. In turn, metal coat-
ings based on gold, platinum, rhodium, and palladium
are used to increase the wear resistance of various con-
tacts and connectors [200, 201]. In all cases, stresses in
protective coatings arise as a result of mechanical con-
tact interaction between bodies and can lead to delam-
inating and chipping of coatings [202, 203].

The occurrence of stresses during tribological con-
tact is caused both by the force of the support reaction,
which acts normally to the contact surface, and by the
tangential friction force due to the relative movement
of the contacting bodies. Since the surface of coatings
deposited on contacting bodies always contains
numerous microprotrusions of various sizes, the real
contact area Sr can be several (one to five) orders of
magnitude smaller than the nominal contact area Sn

[204]. The average stress in the regions of contacting
microprotrusions σav can be described by the follow-
ing expression [205]:

(26)

where Sn is the compressive stress in the volume of the
material acting in the direction of the normal to the
surface. It can be seen from (26) that, even if the com-
pressive stresses in the volume of the material are
small, the average stresses in the region of the contact
spots can be very high in the case of small Sr . Some of
the highest microprotrusions can undergo plastic
deformation, while the rest are elastically deformed
[204]. In the case of relatively soft materials, an adhe-
sive interaction occurs between the microprotrusions,
which lead to the adhesion of the contacting surfaces.
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The subsequent relative movement of the contacting
bodies causes the formed bonds to break. In this case,
the arising stresses can provide a break not along the
interface, but at some depth from it; i.e., they are not
adhesive, but cohesive in nature. These stresses are
cyclical; i.e., the coatings are subjected to alternating
cycles of tension and compression. The result is the
destruction of coatings by pulling out wear particles.

CONCLUSIONS
The paper reviews modern concepts of the mecha-

nisms of stress development in thin films and coatings
during their growth, storage, and operation, as well as
under various external influences. The analysis per-
formed indicates that, although a number of mecha-
nisms for the development of tensile stresses can act
during the growth of polycrystalline films, the main
reason for their occurrence is currently considered to
be coalescence of islands and the appearance of excess
free volume at grain boundaries. There are also a large
number of causes for the development of compressive
stresses in polycrystalline films; however, it is not pos-
sible to single out any prevailing mechanism, since the
role of each of them for different materials and under
different deposition conditions can differ significantly.

Various mechanisms of the appearance of internal
stresses can act both simultaneously and sequentially
during the film growth. Moreover, since some mecha-
nisms can be replaced by others, the internal stresses
in different layers of the film may differ greatly and
even have opposite signs. Thus, they can both rein-
force and compensate each other. A layer-by-layer
analysis of stresses is required in order to identify the
exact reasons for the development of stresses in the
films and, accordingly, to control their stress state.
Such studies can be performed primarily by continu-
ous measurement of stresses directly during the depo-
sition of films. Layer-by-layer measurement of
stresses in thin films is also possible after the comple-
tion of their formation, for example, by using X-ray
diffraction with an asymmetric recording geometry.

Analysis of the stress state arising in thin films
under various external influences is also a nontrivial
task. As a rule, the development of external stresses in
films is a multilevel process, when the action of one
external factor is often accompanied by the develop-
ment of several different mechanisms of stress genera-
tion. In particular, high-temperature exposure can be
simultaneously accompanied by the development of
thermal stresses due to the difference between the
CTE of the film and the substrate, as well as stresses
caused by structural phase transformations in the
film–substrate system (growth of grains and annihila-
tion of their boundaries, the formation of new phases,
etc.). The problem is further complicated by the pres-
ence of residual internal stresses in the films and the
possibility of their partial relaxation under external
influences. Therefore, a successful solution to the
TECHNICAL PHYSICS  Vol. 65  No. 12  2020
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existing problems of improving the reliability, durabil-
ity, and performance of thin films and coatings is
impossible without a deep understanding of the fun-
damental physical mechanisms underlying the gener-
ation of internal and external mechanical stresses in
them.
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