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Dislocation-induced stop-and-go kinetics of 
interfacial transformations

Xianhu Sun1,4, Dongxiang Wu1,4, Lianfeng Zou1, Stephen D. House2, Xiaobo Chen1, Meng Li2, 
Dmitri N. Zakharov3, Judith C. Yang2 & Guangwen Zhou1 ✉

Most engineering materials are based on multiphase microstructures produced 
either through the control of phase equilibria or by the fabrication of different 
materials as in thin-film processing. In both processes, the microstructure relaxes 
towards equilibrium by mismatch dislocations (or geometric misfit dislocations) 
across the heterophase interfaces1–5. Despite their ubiquitous presence, directly 
probing the dynamic action of mismatch dislocations has been unachievable owing to 
their buried nature. Here, using the interfacial transformation of copper oxide to 
copper as an example, we demonstrate the role of mismatch dislocations in 
modulating oxide-to-metal interfacial transformations in an intermittent manner, by 
which the lateral flow of interfacial ledges is pinned at the core of mismatch 
dislocations until the dislocation climbs to the new oxide/metal interface location. 
Together with atomistic calculations, we identify that the pinning effect is associated 
with the non-local transport of metal atoms to fill vacancies at the dislocation core. 
These results provide mechanistic insight into solid–solid interfacial transformations 
and have substantial implications for utilizing structural defects at buried interfaces 
to modulate mass transport and transformation kinetics.

Fundamental understanding of mismatch dislocations and their 
dynamic coupling to phase transformations has been a long-standing 
topic of study6–18. Transmission electron microscopy (TEM) has dem-
onstrated its versatility and atomic-scale precision in elucidating the 
location and configuration of static dislocations7,10,18–22. TEM has been 
used to observe dislocation motion during deformation13,23–25. However, 
directly probing the dynamic action of mismatch dislocations during 
phase transformations is challenging because it requires a capability 
not only to atomically capture the fast evolution of interfaces but also 
to apply stimuli to drive the interface transformation.

Here we report direct visualization of the dynamic action of mismatch 
dislocations during an interface transformation. This is performed 
with the use of in situ environmental TEM to flow hydrogen (H2) gas in 
the sample area to activate the copper oxide (Cu2O)/copper (Cu) inter-
face reaction while simultaneously resolving the Cu2O → Cu interface 
transformation by high-resolution TEM (HRTEM) imaging. Our in situ 
TEM experiments (Supplementary Fig. 1) include the in-place Cu2O/
Cu interface formation through oxidizing Cu in oxygen (O2), followed 
by switching to H2, which results in the reduction of Cu2O to Cu at the 
Cu2O/Cu interface.

Figure 1a shows a typical HRTEM image of a Cu2O(110)/Cu(110) inter-
face formed at a partial pressure of oxygen (pO2

) = 0.67 Pa and a tem-
perature T = 623 K (Supplementary Figs. 2 and 3). The Cu2O/Cu interface 
location is marked by the green dashed line in Fig. 1a and four mismatch 
dislocations are identified, showing both the 7 × 6 and 8 × 7 
coincidence-site-lattice (CSL) configurations in which 6 (or 7) Cu 

spacings in Cu2O match 7 (or 8) Cu spacings in the Cu substrate. The 
large natural lattice misfit (about 14.5%) between Cu and Cu2O (Sup-
plementary Text 1) makes the formation of a coherent interface ener-
getically unfavourable, thereby resulting in an array of dislocations to 
release the misfit strain (Supplementary Text 1). This is confirmed by 
the geometrical phase analysis (GPA) of the HRTEM image, which shows 
concentrated strains around the dislocation core (Fig. 1b and Supple-
mentary Tables 1 and 2). As shown later from our in situ TEM observa-
tions, 8 × 7 (and 6 × 5) segments appear transiently and transform to 
the more stable 7 × 6 CSL upon the Cu2O → Cu interfacial transforma-
tion. Figure 1c is a zoom-in HRTEM image of a typical mismatch disloca-
tion, showing a Burgers vector of b = [110]1

2 . This is further confirmed 
by HRTEM image simulations (Fig. 1d) using the density-functional- 
theory (DFT) optimized Cu2O(110)/Cu(110) interface structure (Fig. 1e, 
Supplementary Texts 2 and 3, and Supplementary Figs. 4 and 5) and by 
high-angle annular dark-field (HAADF) imaging (Fig. 1f).

The Cu2O/Cu interfaces formed from the in situ oxidation serve as an 
ideal platform to visualize the dynamic action of mismatch dislocations 
by switching the atmosphere from an O2 to a H2 gas flow that induces 
the reduction of Cu2O to Cu. Figure 2a–d shows in situ HRTEM images 
of the Cu2O→Cu transformation along the Cu2O(110)/Cu(110) inter-
face for a large Cu2O island, where only the corner region is imaged. 
As indicated by yellow dashed lines in Fig. 2a–d, the Cu2O/Cu interface 
is initially flat and is observed to migrate towards the Cu2O side as the 
Cu2O is transformed to metallic Cu along the Cu2O/Cu interface. The 
interface is measured to migrate by about 1.8 nm towards the Cu2O side 
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within a time elapse of 102 s. As indicated by the blue and red arrows 
in Fig. 2b,c, the Cu2O → Cu transformation occurs via the lateral flow 
of atomic ledges along the Cu2O/Cu interface. The epitaxial Cu2O/Cu 
interface is maintained through the ledge-flow transformation. How-
ever, the in situ TEM observation shows a striking stop-and-go manner 
of the Cu2O → Cu transformation, by which the lateral propagation of the 
Cu2O/Cu interface ledges is regularly interrupted with short pauses that 
range from 2 s to 6 s, as shown in the distance–time plot (Fig. 2e) of the 
lateral propagation of ledges 1 and 2 marked in Fig. 2b,c. Meanwhile, the 
Cu2O surface undergoes slight decay, as indicated by tracing the tem-
poral evolution of the oxide surface in Fig. 2d (Supplementary Text 4).

The discrete interfacial transformation is also observed along the 
(100) interface. Figure 2f–i illustrates another example of the Cu2O → Cu 
interfacial transformation, where the in situ TEM observation is made 
at a relatively low magnification to visualize the entire interface of a 
small Cu2O island on Cu(100). The inset HRTEM image in Fig. 2f con-
firms the (100)-type interface. The Cu2O → Cu transformation occurs 
via lateral ledge flow along the Cu2O(100)/Cu(100) interface, as indi-
cated by the arrows in Fig. 2f–i. Similarly, the transformation shows the 
stop-and-go movement of ledges with short pauses, as illustrated in the 
distance–time plot (Fig. 2j) of the lateral propagation of ledges 3 and 4 
marked in Fig. 2f–i. The above in situ TEM observations also illustrate 
that the stop-and-go interfacial transformation is independent of the 
oxide island size. It is noted that electron-beam irradiation effects on 
the Cu2O → Cu transformation are negligible (Supplementary Text 5).

Figure 3 shows that the stop-and-go interface transformation is regu-
lated by mismatch dislocations. That is, the ledge flow pauses at the core 
of the dislocations and then, a few seconds later, resumes its lateral propa-
gation. Figure 3a–e shows in situ HRTEM images of the intermittent flow 
of the interfacial ledges along the Cu2O(110)/Cu(110) interface. Figure 3a 

shows three mismatch dislocations with the 8 × 7 CSL matching, where 
the atomic columns around the dislocation cores are marked by red 
crosses to trace the exact location of the dislocations. As marked by the 
yellow arrow in Fig. 3b, a ledge enters the field of view from the right side. 
This results in a ledge-and-terrace interface, where the two terraces are 
separated by a double-atomic-height ledge (that is, 2dCu(220)), as marked by 
the yellow dashed lines in Fig. 3b. Correspondingly, the lateral ledge flow 
results in the growth of two atomic layers of Cu(220) by consuming the 
Cu2O lattice in front of the ledge. The ledge flow does not sweep across 
the Cu2O/Cu interface unimpeded. Instead, the ledge propagation is 
regularly interrupted at the core of the dislocations, where the ledge is 
pinned for about 2–6 s (Fig. 3f) and then resumes its lateral migration. 
Upon the passage of the ledge, the dislocation core is observed to climb 
by two atomic layers to the upper terrace of the Cu2O/Cu interface. This is 
followed by the lateral glide of the dislocation core by one lattice spacing, 
thereby transforming the 8 × 7 CSL to a 7 × 6 CSL (Fig. 3c–e).

This intermittent ledge flow is also observed atomically at the 
Cu2O(100)/Cu(100) interface. Figure 3g shows four mismatch disloca-
tions, separated by segments of the 6 × 5, 8 × 7 and 7 × 6 CSL matching. 
The Cu2O/Cu interface has a ledge-and-terrace configuration, where 
the two terraces are separated by a monoatomic step (that is, dCu(200)), 
as marked by arrow 1 in Fig. 3g. This interfacial ledge sits right above 
the core of the mismatch dislocation. After about 2 s of dwelling on 
the dislocation core, the ledge is seen to propagate quickly towards 
the right side and then stay at the core location of the next dislocation 
(Fig. 3h). Meanwhile, another monoatomic ledge enters the field of view 
from the right side and sits right above the dislocation core (arrow 2 
in Fig. 3h). After about 0.5 s of dwelling on the dislocation core, ledge 
2 resumes its lateral propagation towards the left side and becomes 
pinned at the core of the adjacent dislocation (Fig. 3i). Ledge 1 is still 
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Fig. 1 | Formation of mismatch dislocations at the Cu2O/Cu interface.  
a, HRTEM image of a Cu2O/Cu interface formed by in situ oxidation of a Cu(110) 
facet at pO2

 = 0.67 Pa and T = 623 K. The core regions of four mismatch 
dislocations along the Cu2O/Cu interface (green dashed line) are marked with 
crosses. Inset: diffractogram of the HRTEM image. The yellow and red circles 
mark the (200) spots of Cu and Cu2O, respectively. b, In-plane strain map (εxx) 

obtained by GPA of the HRTEM image in a. c,d, Experimental (c) and simulated 
(d) HRTEM micrographs showing the dislocation core structure, where the 
Burgers circuits are marked by white lines. e, DFT relaxed Cu2O(110)/Cu(110) 
interface structure used for HRTEM simulations in d. f, HAADF-STEM image of a 
typical mismatch dislocation. Scale bars, 1 nm (a) and 0.5 nm (c,d,f).
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pinned at the dislocation core during this time period. After another 
approximately 0.5 s of dwelling on the dislocation core, ledges 1 and 2 
are observed to propagate towards each other, thereby resulting in the 
annihilation of the two interfacial ledges upon their meeting up (Fig. 3j). 
Same as the Cu2O(110)/Cu(110) interface, the stop-and-go flow of the 
interfacial ledges along the (100) interface also concurrently drives 
the rearrangement of the mismatch dislocations along the interface, 
for which the 8 × 7 and 6 × 5 CSL segments on the right side transform 
to the more favourable 7 × 6 CSL by climb and glide of the dislocation 
core upon the sweeping of the ledge. As shown in Fig. 3k, a new ledge 
(marked by arrow 3) enters from the left side into the field of view and 
repeats the same stop-and-go ledge flow with a dwell time ranging from 
0.5 s to 1.5 s at the core of each dislocation (Fig. 3l). It can also be noted 
that the ledges are pinned for a longer period (2 s to 6 s) at the core 
of the mismatch dislocations along the Cu2O(110)/Cu(110) interface 
than that (0.5 s to 1.5 s) along the Cu2O(100)/Cu(100) interface. This 
indicates that the dwell time depends on the height of the interfacial 
ledges, where the ledges along the (110) interface are two-atom layers 
high, whereas the ledges along the (100) interface are monoatomic 
layer high. Meanwhile, the sweeping velocity of the ledge motion 
along the Cu2O/Cu interface can be calculated using the dwell time at 
the dislocation core and the distance between adjacent dislocations, 
which are 1.28 nm s−1 and 0.43 nm s−1, respectively, for the (100) and 
(110) interfaces (Supplementary Text 6). The microscopic sweeping 
velocity of the ledge motion can be translated into the thickening rate 
of the underlying Cu layer, which can be measured macroscopically 
(Supplementary Text 6 and Supplementary Fig. 6).

H2 can easily react with lattice O at the Cu2O surface to form H2O 
molecules. Accompanying the surface desorption of H2O molecules 
is the concomitant formation of O vacancies at the oxide surface, as 
seen by the observed surface decay in Fig. 2a–d (Supplementary Text 4). 
Surface O vacancies can readily migrate towards the Cu2O/Cu interface 

owing to the counter diffusion of lattice O from the Cu2O/Cu interface 
with low energy barriers (Supplementary Text 7 and Extended Data 
Fig. 1). Therefore, the ledge-flow speed may be related to degrees of 
easiness to remove lattice O in front of the Cu2O/Cu interfacial ledge. 
One would expect that O atoms that surround the dislocation core are 
more prone to departure owing to the lattice distortions around the 
core. Indeed, our DFT and nudged-elastic-band (NEB) calculations show 
that the O-vacancy formation energy and O diffusion barriers decrease 
as the ledge moves to the dislocation core (Extended Data Figs. 1 and 2,  
and Supplementary Text 7). This implies a more rapid Cu2O → Cu trans-
formation at these defect sites. However, on the contrary, our in situ 
TEM observations (Fig. 3) show that the Cu2O → Cu transformation 
is actually impeded by the core of the mismatch dislocations, which 
thereby points to the effect from the supply of Cu atoms on the inter-
facial growth of Cu upon the departure of lattice O.

DFT calculations are further used to elucidate the ledge-flow growth 
of Cu using the (7 × 6) Cu2O/Cu interface configuration. Upon the 
sequential removal of lattice O in front of the interfacial ledge, neigh-
bouring Cu atoms undergo spontaneous lateral relaxation towards the 
O-vacancy sites (as indicated by the black arrows in Fig. 4a), resulting 
in their perfect matching with the underlying Cu lattice. As seen from 
the DFT-optimized structure (Fig. 4b), the cyan Cu atom above the 
dislocation core shifts towards the right side by one atomic spacing to 
match the underlying Cu lattice. In turn, the mismatch dislocation line 
shifts from a red dashed ‘T’ to a pink solid ‘T’, consistent with the in situ 
HRTEM observations that show the (8 × 7) → (7 × 6) transformation in 
the CSL matching in front of the interfacial ledge (Fig. 3b,c). Another 
revealing feature noted in the DFT relaxed structure (Fig. 4b) is related 
to the dislocation core region, where the lateral relaxations of Cu atoms 
towards the O-vacancy sites result in two Cu-vacancy columns in front 
of the interfacial ledge, as marked by the blue dashed circles in Fig. 4b. 
The presence of the Cu-vacancy columns in the interfacial ledge is also 
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Fig. 2 | In situ TEM visualization of the stop-and-go ledge flow of the 
Cu2O → Cu interfacial transformations at 623 K and 5.3 Pa of H2 gas.  
a–d, Time-sequence HRTEM images showing the Cu2O → Cu transformation 
along the Cu2O(110)/Cu(110) interface (Supplementary Video 1). Arrows 1 and 
2 mark the Cu2O/Cu interfacial ledges. Between c and d, the e-beam was 
blanked for about 60 s to eliminate possible electron-beam effects on the 
interfacial transformation and then unblanked for TEM imaging. The dark 
red, red, orange and yellow dashed lines show the traces of the surface 
contour of the oxide at 0 s (a), 10.5 s (b), 21 s (c) and 102 s (d), respectively.  

e, Distance–time plot measured from Supplementary Video 1 showing the 
lateral flow of ledges 1 and 2 in a stop-and-go manner. f–i, Time-sequence  
TEM images (Supplementary Video 2) showing the Cu2O → Cu transformation 
along the Cu2O(100)/Cu(100) interface. Arrows 3 and 4 mark the lateral flow 
of the Cu2O/Cu interfacial ledges. j, Distance–time plot measured from 
Supplementary Video 2 showing the stop-and-go flow of ledges 3 and 4.  
Insets in a–d and g–i show schematically the ledge-flow transformation at  
the Cu2O/Cu interface. Inset in f is a zoom-in HRTEM image of the Cu2O/Cu 
interface region. Scale bars, 2 nm (a–d) and 5 nm (f–i).
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confirmed by both HRTEM and HAADF imaging (the inset of Fig. 4b), 
showing the lower intensity of the atom columns within the ledge 
(Extended Data Figs. 3–6 and Supplementary Text 8). The formation 
of these Cu-vacancy columns is due to the decreased lattice spacings 
from Cu2O to Cu and the (7 × 6) CSL interface configuration, in which 
the Cu2O side has a smaller number of Cu atoms available to match 
the Cu side. The dislocation core is the preferred region to develop 
these Cu-vacancy columns owing to concentrated displacements of 
atoms in the core region (Fig. 1). By contrast, the interfacial Cu atoms 
located away from the dislocation core undergo spontaneously small 
displacements to match the Cu side upon the departure of interfacial 
lattice O, as seen in the DFT relaxed structure (Fig. 4b).

The pinned ledge flow at the core of mismatch dislocations is 
therefore attributed to the presence of Cu-vacancy columns in front 

of the interfacial ledge. The ledge resumes its lateral flow only after 
the Cu-vacancy columns are completely filled with extra Cu atoms 
(Extended Data Fig. 5a,b). Therefore, the climb of the entire mismatch 
dislocation line to the new location of the Cu2O/Cu interface is essen-
tial before the sweeping of the dislocation core by the ledge flow. The 
resumed ledge propagation after the mismatch dislocation climb is like 
synchronized movements of atoms in front of the interfacial ledge, by 
which the interfacial ledge maintains a straight line between its two end 
points defined by the interface size of individual grains (Supplementary 
Text 9 and Extended Data Fig. 5c–e). As demonstrated in our DFT calcu-
lations shown in Fig. 4c, the mismatch dislocation is observed to climb 
by two atomic layers from the site marked with the pink dashed ‘T’ to 
the black solid ‘T’ site and the system energy decreases by ΔE = 0.44 eV 
after the two vacancy columns are completely filled up with extra Cu 
atoms. This confirms the in situ TEM observations (Fig. 3a–e) that show 
the dislocation core climb by two atomic layers to the new Cu2O(110)/
Cu(110) interface to accompany the sweeping of the dislocation core 
by the interfacial ledge. By contrast, the interfacial ledge along the 
Cu2O(100)/Cu(100) interface is only one-atomic-layer high (Fig. 3g–k), 
and thus the mismatch dislocation climbs by one atomic layer to the 
new Cu2O/Cu interface by filling up only one Cu-vacancy column above 
the dislocation core. Therefore, the ledge flow of the Cu2O → Cu trans-
formation at the (100) interface shows a shorter dwell time at the core of 
the dislocations compared with that along the (110) interface (Fig. 3f,l).

The climb of the mismatch dislocations requires the supply of extra 
Cu atoms either from the Cu2O side or the Cu substrate side to join 
the formation of the extra Cu columns above the dislocation core. 
Our DFT and NEB computations show that extra Cu is supplied more 
favourably from the Cu side for the dislocation climb (Supplementary 
Text 10 and Extended Data Fig. 2). The dwelling of the interfacial ledge 
flow at the mismatch dislocations is induced by long-range diffusion 
of Cu from the Cu bulk to fill up the vacancies in the dislocation core. 
This corroborates well with our DFT calculations, which show the 
increasingly lowered system energy as the vacancies diffuse deeper 
into the Cu bulk and the higher energy barriers (0.57–0.64 eV) for the 
vacancy-assisted diffusion in the Cu bulk than the energy barriers 
(0.22–0.31 eV) for the interfacial jumps of metallic Cu atoms to the 
vacant sites of the dislocation core (Fig. 4d,e, Supplementary Text 11 
and Extended Data Figs. 2 and 6). Edge dislocations in the Cu bulk can 
provide a convenient sink for vacancies diffusing away from the mis-
match dislocations; conversely, Cu atoms are emitted by the recession 
of the extra half-plane of the edge dislocation and diffuse to the mis-
match dislocation core, as schematically shown in Fig. 4f. This process 
is confirmed by the time-sequence HRTEM images in Fig. 4g (Extended 
Data Fig. 7), which show that edge dislocations in the Cu bulk act as 
a vacancy sink and experience the net positive climb in the Cu bulk. 
Similar stop-and-go Cu2O → Cu interfacial transformation with the 
coordinated positive climb of edge dislocations in the Cu bulk is also 
observed for high-index Cu2O/Cu interfaces (Supplementary Text 12, 
Supplementary Video 6 and Extended Data Fig. 8). The long-distance 
diffusion required for the interfacial dislocation climb is further con-
firmed by our calculations using the classic dislocation model, which 
give the mismatch dislocation climb velocities of 0.067 nm s−1 for the 
(110) interface and 0.233 nm s−1 for the (100) interfaces, respectively 
(Supplementary Text 13 and Supplementary Fig. 7). These values 
agree well with our experimentally measured dislocation climb 
velocities of = = 0.065 nm s

d

t
0.2585 nm

4 s
−1Cu(110)

dwell(110)
 for the (110) interface 

and = = 0.183 nm s
d

t
0.1828 nm

1 s
−1Cu(100)

dwell(100)
 for the (100) interface (Fig. 3), 

respectively.
It should be borne in mind that the mismatch dislocations form an 

orthogonal network at the Cu2O/Cu interface, as illustrated schematically 
in Fig. 4h. In our in situ TEM experiments shown above, the Cu2O/Cu inter-
facial transformation is visualized along the direction parallel to the inter-
facial ledge. Clearly, the pinning effect on the interfacial transformation 
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Fig. 3 | In situ atomic-scale observations of the intermittent ledge flow 
regulated by mismatch dislocations during the Cu2O → Cu interfacial 
transformations at 623 K and 5.3 Pa of H2 gas flow. a–e, Time-sequence 
HRTEM images (Supplementary Video 3) showing the regular interruption of 
the lateral flow of a double-atomic-height ledge along the Cu2O(110)/Cu(110) 
interface, where the ledge is pinned for about 2–6 s at the core of each 
dislocation and then resumes its lateral migration. f, Plot showing the dwell 
time of the interfacial ledges at the core of dislocations along the Cu2O(110)/
Cu(110) interfaces. g–k, Time-sequence HRTEM images (Supplementary 
Video 4) showing the periodic pauses of monoatomic ledges at the core of the 
mismatch dislocations along the Cu2O(100)/Cu(100) interface, where the ledge 
is pinned for about 0.5–1.5 s at the dislocation cores and then resumes its 
lateral migration. The yellow arrows point to the location of the interfacial 
ledges. l, Plot of the dwell time of the interfacial ledges at the core of 
dislocations along the Cu2O(100)/Cu(100) interfaces. The yellow dashed lines 
mark the Cu2O/Cu interface and the yellow arrows point to the locations of the 
interfacial ledges. The core regions of the mismatch dislocations along the 
Cu2O/Cu interface in a–e and g–k are marked with white 'T's and red 
crosses. Scale bars, 1 nm (a–e,g–k).
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is associated with the climb of the dislocation lines parallel to the ledge 
(middle panel in Fig. 4h). The ledge-flow transformation is paused once 
the ledge encounters the dislocation lines. The interfacial ledge resumes 
its lateral propagation only after the entire dislocation line climbs to 
the new location of the Cu2O/Cu interface (right panel in Fig. 4h), which 
requires long-range diffusion of a large number of Cu atoms to fill up Cu 
vacancies along the entire dislocation line and therefore results in the 
observed dwelling of the interfacial ledge flow. By contrast, the other 
set of the dislocation arrays with their dislocation lines perpendicular 
to the interfacial ledge has a negligible contribution to the observed 
dwelling of the interfacial ledge. This is because those dislocation lines 
intersect with the ledge all the time (Fig. 4h) and their climb to the new 
Cu2O/Cu interface happens instantaneously by replenishing just one Cu 
atom for monoatomic ledges (along the Cu2O(100)/Cu(100) interface) 
or two Cu atoms for double-atomic-height ledges (along the Cu2O(110)/
Cu(110) interface) (Supplementary Text 2 and Supplementary Fig. 4).

With in situ TEM imaging in-plane view, we further identify that the 
similar stop-and-go interfacial transformation can also occur along 
the other orthogonal direction, albeit not concurrently at the same 
place of the two perpendicular directions (Supplementary Text 14 and 
Extended Data Fig. 9). The non-coexistence of perpendicular inter-
facial ledges at the same place is because the ledges are the sink of O 
vacancies in the oxide (Fig. 4b and Extended Data Fig. 2), suggesting 
that an active zone of O-vacancy capture exists around an interfacial 
ledge and nucleating new ledges either parallel or perpendicular to the 
existing one in the close vicinity is unlikely. This corroborates well with 
our in situ TEM observations, which show that all the interfacial ledges 
are well separated without bunching during their motion. As shown by 
the observed climb motion of the mismatch dislocations at the Cu2O/
Cu interface in conjunction with the positive climb of edge disloca-
tions in the Cu bulk, the interfacial ledge along with its intersection 
with the mismatch dislocations serves first as a sink for O vacancies 
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Fig. 4 | DFT modelling of the stop-and-go Cu2O → Cu interfacial 
transformations. a,b, Upon sequential removal of the interfacial lattice O  
(red circles), adjacent Cu shifts spontaneously towards the vacated O, as 
indicated by the small black arrows in a, resulting in two Cu-vacancy columns 
(blue dashed circles in b). In turn, the dislocation glides to a pink solid ‘T’ from 
the original position (a red dashed ‘T’ in b). The inset in b is a HAADF-STEM 
image of the Cu2O/Cu(110) interface, showing the pinning of a double-atomic- 
height interfacial ledge at the dislocation core. The intensity profile along the 
red dashed rectangle shows relatively dimmed intensity of the ledge atom 
column owing to the presence of atomic vacancies. c, On filling up the two 
Cu-vacancy columns with extra Cu atoms (blue balls), the dislocation climbs 
spontaneously from pink dashed ‘T’ to the black solid ‘T’. d, Evaluating the 

system energy as a function of the distance of a Cu vacancy from the Cu2O/Cu 
interface by one (site 1), three (site 2) and five (site 3) atomic spacings in the Cu 
bulk. e, System energy plot as a function of the Cu-vacancy site shown in  
d. f, Schematic showing an edge dislocation in the Cu bulk acting as a source  
of Cu atoms to fill up the Cu vacancies for the mismatch dislocation climb in 
front of the interfacial ledge. g, Time-sequence HRTEM images (Supplementary 
Video 5) showing the glide and positive climb of an edge dislocation in the Cu 
bulk during the Cu2O reduction. h, Schematic showing the stop-and-go 
transformation kinetics induced by the dislocation lines parallel to the 
interfacial ledge; the lateral flow of the interfacial ledge is pinned at the 
dislocation core until the dislocation line climbs to the upper terrace 
(Supplementary Video 7). Scale bars, 0.5 nm (inset in b, and g).
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produced originally at the oxide surface and then acts as the source 
for dumping the captured vacancies to the Cu side, thereby resulting 
in the eventual annihilation of the vacancies by edge dislocations in 
the Cu bulk (Fig. 4d–f).

The dynamic role of mismatch dislocations during boundary migra-
tion associated with solid-state transformations is a subject of general 
interest3,14,16. As shown above, the mismatch dislocation array exerts 
intrinsic interface control of the transformation kinetics. Using metal 
oxidation as an example, the large crystal lattice changes accompanying 
the oxide growth typically lead to equilibrium mismatch dislocation 
spacings of about 1–3 nm. This high density of mismatch dislocations 
leads to the expected importance for interface control of the reaction 
kinetics at the metal/oxide interface. The interphase boundary contain-
ing terraces and ledges is a common feature for interface-mediated 
phase transformations1,17. This is because introducing regular step 
risers that connect adjacent terraces can effectively increase the area 
of good matching, thereby minimizing the interfacial energy5. The 
retardation of global transformation kinetics by diffusion through 
the pinning action of intrinsic mismatch dislocations on the interfacial 
ledge flow was not yet known for inclusion in recent reviews of the 
role of interface structure in phase transformations1,3. The pinning 
of a high density of interfacial ledges at the core of mismatch disloca-
tions is also observed from the oxidation of bulk Cu (Extended Data 
Fig. 10) and at other heterophase interfaces26–28, corroborating the 
broad universality of the stop-and-go interfacial transformation. For 
mismatch dislocations with both edge and screw components, the 
pinning of the interfacial ledges at the dislocation core depends on 
the climb velocity of the edge component and the cross-slip rate of 
the screw component to the new interface position, thereby restoring 
the mixed nature of the interfacial dislocations. Given the ubiquitous-
ness of the ledge mechanism in solid–solid transformations1,3, the 
important role of mismatch dislocations in mediating the solid-state 
reaction kinetics may be directly applicable to scaling reactions (that 
is, oxidation, nitridation, sulfidation and silicidation), precipitation 
reactions, solid-state displacement reactions and layer formation by 
interdiffusion, where the prototypes of basic processes governing the 
interfacial transformations exhibit similarities, including interfacial 
ledges, mismatch dislocations and vacancy-assisted diffusion.
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Methods

Sample preparation
Cu(100) thin films with a nominal thickness of about 50 nm were depos-
ited on NaCl(100) at 573 K using an ultrahigh-vacuum e-beam evapo-
ration system. The Cu films were then removed from the substrate by 
dissolving sodium chloride in deionized water, and washed and mounted 
on a TEM specimen holder. Plasma cleaning of the specimen holder and 
specimens was performed before insertion in the environmental TEM.

In situ environmental TEM experiments
In situ environmental TEM experiments were conducted in a dedicated 
field-emission environmental TEM (FEI Titan 80–300) equipped with 
an objective-lens aberration corrector capable of delivering a spatial 
resolution of 0.08 nm at 300 kV and a gas manifold to control the pres-
sure of various gases in the sample area29,30. The procedure for the 
environmental TEM experiments is schematically shown in Supple-
mentary Fig. 1 and includes the following steps. (1) As-loaded Cu films 
were deliberately annealed at about 873 K and about 0.13 Pa of H2 gas 
flow to remove native oxide and generate tears and holes with faceted 
edges. These freshly created facets are oxide free and ideal for in situ 
TEM observations made in cross-sectional views of oxidation and reduc-
tion along the faceted edges (Supplementary Fig. 1). The cleanliness 
of the sample was confirmed by in situ electron diffraction and electron 
energy loss spectroscopy. (2) The specimen was then cooled to 623 K 
and H2 gas was pumped out. The freshly cleaned Cu was oxidized at 
623 K to form epitaxial Cu2O islands along the edges of faceted holes 
in the Cu film by flowing O2 gas at pO2

 = 0.67 Pa (Supplementary Fig. 1). 
(3) O2 gas was then pumped out and the epitaxial Cu2O on Cu was 
reduced to Cu in place at 623 K by flowing H2 gas at a pressure of 
pH2

 = 5.3 Pa. (4) In situ HRTEM imaging was performed to visualize the 
Cu2O → Cu interfacial transformations and the resulting dynamic 
motion of mismatch dislocations at T = 623 K and pH2

 = 5.3 Pa. In situ 
time-sequence HRTEM images were recorded along the Cu2O(100)/
Cu(100) and Cu2O(110)/Cu(110) interfaces in an edge-on position.

Excluding the electron-beam effect
Potential TEM electron-beam irradiation effects on the observed 
stop-and-go interfacial transformations were evaluated carefully to 
ensure that the intrinsic behaviour of the interfacial transformations 
was studied. We performed comparison experiments by unblanking and 
blanking the electron beam. As shown in Fig. 2 (Supplementary Video 1), 
the electron beam was intentionally blanked for 60 s in the course of 
the in situ TEM observation, and no noticeable difference in the Cu2O 
reduction rate was noted (in terms of the Cu2O/Cu interface migration 
distance), confirming the negligible effect of the electron beam on the 
interfacial transformations. Conducting such comparative TEM obser-
vations to understand the effect of electron irradiation is part of the 
experimental protocol and in this case ensures that the electron-beam 
effect has a negligible effect on the interfacial transformation, and the 
stop-and-go flow of interfacial ledges that we see is inherent.

STEM experiments
HAADF imaging was conducted with probe-corrected STEM (Titan 
Themis G2 200). The microscope provides sub-ångström imaging of 
the core region of mismatch dislocations along the Cu2O/Cu interface.

HRTEM and HAADF-STEM image simulations
DFT-optimized Cu2O/Cu interfacial configurations were used for 
HRTEM and STEM simulations. HRTEM image simulations were 
performed using the multi-slice method with the parameters care-
fully matched to the experimental conditions (accelerating voltage, 
300 keV; spherical aberration, 0.001 mm; defocus, −8 nm to 8 nm; 
thickness, 5–50 nm). HAADF-STEM image simulations were performed 
using the PRISM algorithm with parameters carefully matched to the 

experimental conditions (accelerating voltage, 200 keV; probe semi-
angle, 10 mrad; probe step, 0.1 Å).

Geometrical phase analysis
GPA31 of the HRTEM images was performed to identify the core region 
of mismatch dislocations along Cu2O/Cu interfaces and quantify strain 
distribution around the dislocation core based on the atomic position 
displacements that use the bulk Cu lattice as the reference. The HRTEM 
images were filtered using the Wiener filter code with a noise-to-signal 
ratio of 0.2 to reduce the noise levels before conducting GPA.

Ab initio calculations
The total energy calculations were carried out within DFT32,33 using the 
plane-wave pseudopotential method34 embodied in the Vienna Ab initio 
Simulation Package (VASP) code with ultra-soft pseudopotentials35. 
Perdew–Burke–Ernzerhof  (PBE) generalized gradient approximation36 
and projector augmented-wave37 potential were performed to describe 
the electron–electron exchange and core-electron potential separately. 
The plane-wave cut-off energy was set to 400 eV, and a k-point sampling 
of 4 × 2 × 1 based on the Monkhorst–Pack grids was used for the inter-
face model. In modelling the Cu/Cu2O interface, we used periodically 
repeated eight-layer slabs with their top and bottom layers fixed. We 
used the CSL structure of the 7 × 6 interface configuration, in which 6 
Cu spacings in Cu2O match 7 Cu spacings in the Cu substrate, resulting 
in a minimum strain of 0.226%. Considering the strong correlation 
effect among Cu 3d electrons, DFT+U is employed in our simulations, 
where U represents the Coulomb interaction potential. According to a 
previous study38, the values of 7.5 eV and 0.98 eV are adopted for the two 
Coulombic parameters U and J, respectively. All our calculations are 
spin-averaged, except for isolated molecular and atomic oxygen. The 
calculation of vacancy formation energies is defined as

E E E E= + − ,f slab/vac atom slab

where Ef is the vacancy formation energy, Eslab/vac is the free energy of 
the slab with one vacancy, Eatom is the free energy of one single atom in 
the pure substance, and Eslab is the free energy of the slab without the 
vacancy. All the atomic structures are visualized using the Visualization 
for Electronic and Structure Analysis (VESTA).

Data availability
All data generated or analysed during this study are included in the 
published article and its Supplementary Information files. 
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Extended Data Fig. 1 | NEB calculations of energy barriers for vacancy- 
assisted diffusion of O atoms with the absence (upper panel) and presence 
(lower panel) of interstitial H in Cu2O. a, Surface/subsurface: migration of  
an O atom in the second layer to a vacant lattice site in the topmost layer.  
b, Bulk: interlayer (1→0) and intralayer (2→0) O-vacancy exchanges. c, Cu2O/Cu 
interfacial ledge pinned at the mismatch dislocation core: migration of the O 

atom at the mismatch dislocation core to its adjacent, non-equivalent vacant 
lattice sites. d, Cu2O/Cu interface ledge away from the dislocation core by two 
Cu lattice spacings: migration of the O atom in front of the ledge to its adjacent, 
non-equivalent vacant lattice sites. e–h, Vacancy-assisted O diffusion along the 
same pathways as a–d with the presence of interstitial H in the Cu2O lattice.



Extended Data Fig. 2 | DFT calculations of O-vacancy formation energies 
and Cu-vacancy exchange barriers. Black arrows mark the O-vacancy 
formation (and the associated energy) at the interfacial ledge (2.1 eV) and 
terrace (2.6 eV), respectively, indicating that the Cu2O→Cu transformation 
occurs preferentially from the interfacial ledge, resulting in ledge flow.  
Blue arrows mark the interlayer Cu-vacancy exchange with and without the 

interfacial H, respectively, along two non-equivalent pathways in Cu2O. Green 
arrows mark atom-vacancy exchanges in the bulk of the Cu substrate. Cyan 
arrows mark the interfacial jumps of metallic Cu to the vacant site of the 
mismatch dislocation core in front of the interfacial ledge. Three non-equivalent 
types of atom-vacancy diffusion pathways are identified with the diffusion 
barriers in the range of 0.22 to 0.31 eV.
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Extended Data Fig. 3 | HRTEM and STEM-HAADF imaging of Cu vacancies in 
interfacial ledges. a, b, HRTEM and HAADF images of the Cu2O(110)/Cu(110) 
interfaces showing the presence of a double-atomic-height interfacial ledge 
pinned at the mismatch dislocation core. c, d, HRTEM and HAADF images of the 
Cu2O(100)/Cu(100) interface showing a monoatomic interfacial ledge pinned 
at the mismatch dislocation. Shown on the right are the intensity profiles of the 

Cu2O/Cu interface region marked by the red dashed rectangle in a–d.  
The yellow arrows mark the interfacial ledges. The relatively dimmed image 
contrast of the atom column of the interfacial ledges compared to the 
neighbouring interfacial terrace Cu atom columns indicates the presence of  
Cu vacancies within the interfacial ledge. Scale bar: 0.5 nm.



Extended Data Fig. 4 | HRTEM and HAADF simulations of interfacial ledges 
with different length ratios of the Cu and vacancy segments in the ledge.  
a, b, Cu2O(110)/Cu(110) interface model with LCu/LV = 3 and 1 for the ledge atom 
columns marked by the cyan and green arrows, respectively, (LCu and LV stand 
for, respectively, the lengths of the Cu and vacancy segments in the ledge) 
before a and after b DFT relaxation. c, e, Simulated HRTEM and HAADF-STEM 
images based on the DFT relaxed interface structure in b. d, f, Intensity profiles 
drawn from the red rectangles in c and e, respectively. g, h, Cu2O(110)/Cu(110) 

interface model with LCu/LV = 1 and 1/3 in the two ledge atom columns marked by 
the green and yellow arrows, respectively, before g and after h DFT relaxation. 
i, k, Simulated HRTEM and HAADF-STEM images based on the DFT relaxed 
interface in h. j, l, Intensity profiles drawn from the purple rectangles in i and  
k, respectively, showing the decreased image intensity with increasing the 
length of the vacancy segment, consistent with the experimental HRTEM and 
HAADF images in Extended Data Fig. 3.
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Extended Data Fig. 5 | Energetically unfavourable events of interfacial 
ledge propagation and possible pathways for filling the vacancy column  
of the interfacial ledge. a, b, Ledge flow without filling up the Cu-vacancy 
columns transforms the mismatch dislocation into an isolated edge dislocation 
in Cu. The mismatch dislocation (blue “T”) is buried by the newly formed Cu and 
becomes an isolated edge dislocation (red “T”), which will increase its energies 
due to the required presence of many broken bonds along the isolated 
dislocation line. By contrast, it is thermodynamically more favourable for the 
mismatch dislocations to climb to the new interface, by adsorbing extra Cu 
from the Cu substrate, to release some lattice mismatch strain upon the 
Cu2O→Cu interfacial transformation. c, An initially straight ledge stops at a 
mismatch dislocation core. d, e, A segment of Cu vacancies (marked in red 
colour) in front of the interfacial ledge is filled up and the segment then 

resumes its propagation to the next mismatch dislocation core (marked by the 
blue dashed lines). This is an unfavourable event because it will result in large 
geometric kinks with their side lengths of seven Cu lattice spacings for each 
propagation. Such an unsynchronized ledge flow leads to a highly kinked ledge 
with significantly increased ledge lengths and therefore is energetically 
unfavourable compared to the propagation of a straight ledge that happens 
only after all the Cu vacancies in front of the entire interfacial ledge are filled 
up. f–h, Two possible pathways of filling the vacancies in the interfacial ledge 
with Cu atoms supplied from the Cu bulk: f, g, randomly occupying the vacant 
sites, resulting in a high density of atomic kinks in the ledge; g, h, aggregation 
of Cu atoms into a one-dimensional (1D) segment of Cu, which subsequently 
grows along the ledge.



Extended Data Fig. 6 | Evaluation of the system energy changes as a 
function of the distance of Cu vacancies from the Cu2O/Cu interface and of 
the aggregation of vacancies in the interfacial ledge. a, The swap of one Cu 
vacancy in the dislocation core with a Cu atom that is away from the Cu2O/Cu 
interface by one, three and five atomic spacings in the Cu bulk, respectively.  
b, The swap of two Cu vacancies in the dislocation core with the Cu atoms that 

have increased distance from the Cu2O/Cu interface. c, Upper panel, Cu2O/Cu 
interfacial ledge consisting of isolated vacancies and Cu atoms; lower panel, 
Cu2O/Cu interfacial ledge consisting of 1D segments of aggregated Cu atoms 
and vacancies. The aggregation of vacancies (and Cu atoms) into 1D segments 
along the ledge lowers the system energy by 0.29 eV.
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Extended Data Fig. 7 | In situ HRTEM observations of the positive climb 
motion of edge dislocations in the bulk of the Cu substrate during the 
stop-and-go Cu2O→Cu transformation along the low-index Cu2O(110)/
Cu(110) interface at 623 K and 5.3 Pa of H2 gas flow. a, HRTEM micrograph 
showing the presence of edge dislocations (marked by yellow T) in the bulk of 
the Cu substrate. b, In situ HRTEM images (Supplementary Video 5) showing 

the glide and positive climb of an edge dislocation in the region marked with 
the blue dashed square in a. The edge dislocation has a projected Burgers 
vector of b = [100]1

2
 and is observed to glide (from yellow to cyan T positions) 

and climb (from cyan to red T positions) during the stop-and-go propagation of 
the interfacial ledges. Scale bar, 0.5 nm (a, b).



Extended Data Fig. 8 | In situ HRTEM observations of the stop-and-go 
Cu2O→Cu transformation along a high-index Cu2O/Cu interface during the 
H2 exposure at 623 K and 0.021 Pa of H2 gas flow. a–d, Time-sequence 
HRTEM micrographs (Supplementary Video 6) showing the presence of a high 
density of interfacial ledges that are constantly pinned at the mismatch 

dislocations during the Cu2O/Cu interface propagation toward the Cu2O side. 
The propagation of the interfacial ledges is accompanied by the glide and  
climb of the mismatch dislocation in front of the ledges. Meanwhile, an edge 
dislocation in the Cu bulk is observed to glide and climb deeper toward the  
Cu substrate during the Cu2O→Cu interfacial transformation. Scale bar, 2 nm.
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Extended Data Fig. 9 | (Left panel) In situ plan-view HRTEM imaging of the 
Cu2O(100)/Cu(100) interfacial transformation at 623 K and 5.3 Pa of H2 
gas; (right panel) HRTEM simulation and intensity profile for the 
interfacial stop-and-go ledge flow along the e-beam direction.  
a–d, Time-sequence HRTEM images (Supplementary Video 8) showing that  
the image contrast of the Cu2O(100)/Cu(100) interfacial layer marked with red, 
cyan, blue and green rectangles becomes progressively dimmed in an 
intermittent manner. e, Time-sequence intensity profiles along the interface 
layer marked in a–d, showing intermittent attenuation in the image intensity of 
atomic columns in the interface layer. Similar intensity profiles are grouped in 
the same colour. f, Time-sequence intensity profiles showing the constant 
image contrast of the pure Cu2O and Cu regions (marked by yellow and pink 
rectangles, respectively, in a–d). The intermittent attenuation of the image 
intensity within the Cu2O(100)/Cu(100) interface layer reveals that the 

Cu2O→Cu interfacial transformation occurs also via the stop-and-go ledge flow 
along the fore-and-aft direction that is parallel to the e-beam direction of the 
TEM imaging. g, h, Side- and front-views of the Cu2O(100)/Cu(100) interface 
model with the interfacial ledge pinning at the dislocation core. i–l, Simulated 
HRTEM images based on the front-view model (h), where the increased L1/L2 
ratios correspond to the progressive Cu2O→Cu transformation within the 
Cu2O/Cu interface layer. The inset intensity profiles are extracted from the 
Cu2O/Cu interface layer marked by red dashed rectangles in the simulated 
HRTEM images. m, Intensity ratios of high/low peaks of the intensity profiles of 
the Cu2O/Cu interface of the simulated HRTEM images as a function of the  
L1/L2 ratio. n, Evolution of the intensity ratios of high/low peaks of the intensity 
profiles (e) of the Cu2O/Cu interface of the experimental HRTEM images as a 
function of the reaction time. Scale bar, 0.5 nm (a–d).



Extended Data Fig. 10 | Pinning of interfacial ledges at the core of mismatch 
dislocations at a Cu2O/Cu interface formed from the oxidation of bulk Cu. 
a, SEM image of a TEM lamella prepared by focus ion beam (FIB) milling of a bulk 
Cu sample oxidized at 423 K for 10 min in air under the atmospheric pressure.  

b, TEM image showing a high density of interfacial ledges that are pinned at the 
core of mismatch dislocations at the Cu2O/Cu interface. Insets: HRTEM images 
of the core region of the mismatch dislocations along with the pinned ledge. 
Scale bar, 5 μm (a), 2 nm (b).
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