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Lattice distortion enabling enhanced
strength and plasticity in high entropy
intermetallic alloy

H.Wang1,12, P. Y. Yang2,12,W. J. Zhao1,3,12, S.H.Ma1, J.H.Hou4,Q. F.He1,5, C. L.Wu2,
H. A. Chen6, Q. Wang7, Q. Cheng8, B. S. Guo1,9, J. C. Qiao10, W. J. Lu 4,
S. J. Zhao 1, X. D. Xu 6, C. T. Liu 1,11, Y. Liu 3 , C. W. Pao 2 &
Y. Yang 1,11

Intermetallic alloys have traditionally been characterized by their inherent
brittleness due to their lack of sufficient slip systems and absence of strain
hardening. However, here we developed a single-phase B2 high-entropy
intermetallic alloy that is both strong and plastic. Unlike conventional inter-
metallics, this high-entropy alloy features a highly distorted crystalline lattice
with complex chemical order, leading to multiple slip systems and high flow
stress. In addition, the alloy exhibits a dynamic hardening mechanism trig-
gered by dislocation gliding that preserves its strength across a wide range of
temperatures. As a result, this high-entropy intermetallic circumvents pre-
cipitous thermal softening, with extensive plastic flows even at high homo-
logous temperatures, outperforming a variety of both body-centered cubic
and B2 alloys. These findings reveal a promising direction for the development
of intermetallic alloys with broad engineering applications.

Intermetallic alloyspossess exceptional strength, thermal stability, and
creep resistance, making thempromising for structural applications at
high temperatures, such as in the aerospace and nuclear industries1.
However, the poor plasticity of traditional intermetallic alloys at low
temperatures due to a lack of sufficient slip systems and inadequate
strain hardening poses a significant hurdle1. While intermetallic alloys
may appear malleable at elevated temperatures, their strength typi-
cally declines precipitously as the homologous temperature approa-
ches ~0.5, limiting their utility2. Therefore, extensive research has been
conducted to develop strong yet plastic intermetallic alloys3, including

exploration of non-stoichiometric compositions for alloy design4,
synthesis of intermetallic matrix composites5, and micro-alloying with
non-metallic elements such as carbon or boron6. Despite these efforts,
the fundamental issue to develop strong yet plastic intermetallic alloys
still remains open.

To overcome the inherent brittleness faced by traditional inter-
metallics, a recent proposal for high-entropy intermetallic alloys
(HEIAs) has emerged. In contrast to conventional alloys, HEIAs contain
numerous principal elements, similar to multi-principal element ran-
dom alloys or high-entropy alloys (HEAs)7,8, while also featuring long-
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range chemical order and elemental randommixing. Even though the
current focus of research in physicalmetallurgy has been the design of
strong yet ductile HEAs by integrating multiple principal elements in a
common lattice9,10; however, by fully embracing the “high entropy”
notion, herewe show thatone candevelop a single-phaseHEIAcapable
of resisting precipitous strength softening and maintaining stable and
extensive plastic flows at high homologous temperatures (e.g.,
0.5–0.7), surpassing the mechanical properties of traditional inter-
metallic alloys.

Results
Strength–plasticity synergy enabled by lattice distortion
In order to develop an alloy with both large lattice distortion and a
stable lattice structure, we took into consideration the influence of
large atomic size differences and electronic property variations. These
factors contribute to the formation of a highly distorted lattice, which
in turn enables promising properties11. Meanwhile, the inclusion of
multiple principal elements in the alloy composition generally leads to
higher ideal mixing entropy, thereby assisting in stabilizing the lattice
and reducing free energy (known as the high-entropy effect)12. Based
on these considerations, we designed our HEIA with a composition of
(CoNi)50(TiZrHf )50 (at. %) to take advantage of the significant size and
electronic property misfit among these five principal elements. In our
previous work13, we demonstrated the presence of superelasticity and
the Elinvar effect in this alloy, attributed to lattice distortion. In this
work, we aim to delve deeper into the influence of lattice distortion on
the plasticity of (CoNi)50(TiZrHf )50. The electron backscatter diffrac-
tion (EBSD) and the X-ray diffraction (XRD) pattern (Fig. 1a), together
with the scanning electron microscopy (SEM), scanning transmission
electron microscopy (STEM) and energy-dispersive X-ray spectro-
scopy (EDS) analyses (Supplementary Figs. 1 and 2), all indicate that
this alloy possesses a single-phase polycrystalline structure with B2
symmetry (space group: Pm�3m). Following ref. 13, we carried out
geometric phase analyses (GPA) on defect-free lattices, which reveals
heterogeneous lattice strains (Supplementary Fig. 3) with a fractal-like
statistical distribution14. The lattice distortion within our intermetallic
alloy is characterized by a high fluctuation of von Mises strain by
atomistic simulations13 andGPA (Supplementary Fig. 3), which exceeds
those reported in the literature14,15, as well as that of elemental metal
Mo. It is important tonote that, despite the similar size ofCoandNi, Co
tends to form a B2 structure with Ti/Zr/Hf16, while Ni tends to form
more complex structures with these elements, such as the B19’ Mar-
tensite phase in NiTi17 and the oc8 structure in NiZr18. Therefore, the
observed severe lattice distortion in our HEIA can also be attributed to
the misfit of the crystalline structures in these two Co- and Ni-based
pseudo-binary systems. This suggests that one can potentially
manipulate the lattice distortion in our alloy simply by adjusting the
ratio of Co to Ni. This intriguing topic is out of the scope of the current
work butwarrants further research. To study the plasticity of our alloy,
we conducteduniaxial compression tests from room temperature (RT)
to ~0.9Tm, where Tm is the melting temperature (= 1582K as seen in
Supplementary Fig. 4). As depicted in Fig. 1b, our HEIA exhibits a yield
strength of ~1.5GPa with a plastic strain of ~8% at a strain rate of
1 × 10−3 s−1 at RT. This compressive plasticity is about eight times that
reported for conventional B2 alloys, such as NiAl19 and CoTi20, tested at
strain rates of 1 × 10−3 s−1 and 4.2 × 10−4 s−1, respectively.

The electron channeling contrast imaging (ECCI) analysis reveals
that the RT-deformed grains of the HEIA demonstrates an abundance
of high-density planar slip bands (Supplementary Fig. 5a).Weobserved
vein-like patterns on the fractured surfaceof ourHEIA (Supplementary
Fig. 5b), which is typical of amorphous alloys rather than crystalline
ones21,22. Although the fracture of our HEIA releases a substantial
amount of strain energy due to its high strength and elasticity13, we did
not observe the presence of molten droplets typically associated with
adiabatic heating23. At 673K, our HEIA exhibits excellent malleability

despite its high yield strength. The fracture surface of the HEIA then
displays anexpectedly ductilebehavior, exhibitingdimples rather than
vein-likepatterns (Supplementary Fig. 5c).Comparative analyses of the
temperature-dependent yield strength of our HEIA with other single-
phase alloys possessing a body-centered cubic (BCC) or B2 symmetry
reveals that our alloy surpasses all other BCC or B2 alloys for its
strength, as shown in Fig. 1c (see Supplementary Table 1 for details).
Unlike other alloys, our HEIA does not experience precipitous thermal
softening at homologous temperatures between 0.5 and 0.7. Fur-
thermore, our HEIA displays significant strain hardening and extensive
plasticity even at the homologous temperature as high as ~0.7, in
contrast to other BCC and B2 alloys, which typically suffer strain
softening and may fracture at lower homologous temperatures, as
shown in Fig. 1d (see Supplementary Table 2 for details).

Dislocation multiplicity and isotropic-like mechanical behavior
We conducted comprehensive microcompression tests on
(CoNi)50(TiZrHf )50 with different crystal orientations and at varying
temperatures to investigate the underlying deformation mechanisms.
Utilizing the ion milling method24, we fabricated micropillars measur-
ing 1μm in diameter and 2μm in height (seeMethods). As observed in
Fig. 2a, the nominal stress–strain curves obtained from the micro-
pillars with [100], [110], and [111] orientations are serrated and exhibit
similar elastic stiffness and yield strength at RT, demonstrating weak
elastic modulus and yield strength dependence on crystal orientation,
a characteristic that considerably deviates from conventional crystal-
line alloys25 (Fig. 2b and SupplementaryTable 3). This canbe attributed
to severe lattice distortion found in our HEIA, which mitigates the
atomic bonding difference along various crystal orientations, there-
fore imparting isotropic-like behavior to our alloy. The nominal
stress–strain curves from the [111] oriented micropillars at different
temperatures clearly show that our B2 alloy’s serrated plastic flow at
low temperatures becomes smooth with increasing temperature
(Fig. 2c). This behavior is opposite to that of conventional BCC
microcrystals, such as niobium26, which exhibit enhanced plastic flow
serrations at high temperatures. The occurrence of serrations, char-
acterized by abrupt stress drops in stress–strain curves during
micropillar tests, is primarily attributed to avalanches of dislocations
that escape from a micropillar through its lateral surfaces27,28. These
avalanches are closely associated with severe localization of plastic
deformation, such as the formation of shear band-like structures in RT-
deformed micropillars (Fig. 2l). Conversely, the absence of serrations
at high temperatures implies a persistent dislocation pinning effect28,
which results in the formation of a dense dislocation forest instead of
avalanches, as exemplified in the micropillar deformed at 673 K
(Fig. 2o). We note that the elastic moduli obtained from micro-
compression are temperature insensitive, being consistent with the
Elinvar effect reported in ref. 13, while the corresponding yield
strengths decrease by 30% as the homologous temperature doubles
(Fig. 2d). This trend agrees well with the conventional compression
results (Fig. 1c).

Following postmortem TEM inspection of deformedmicropillars,
we identified two slip systems, namely {110} < 111> and {010} < 100 > , in
(CoNi)50(TiZrHf )50 usingg·b contrast analyses (whereg represents the
reciprocal lattice vector, and b the Burgers vector), as detailed in
Supplementary Tables 4–6, and exemplified by Fig. 2e–g and Supple-
mentary Figs. 6–8. This discovery is noteworthy because it shows that
our HEIA possesses at least eight slip systems (compared to brittle B2
alloys like NiAl, which have fewer), making it more than capable of
accommodating plastic flows in polycrystals. Furthermore, we mea-
sured the critical resolved shear stress (CRSS) for these slip systems,
and found it to be 1235 ± 39MPa for {110} < 111> and 1176 ± 245MPa for
{010} < 100> (see SupplementaryTable 3). The averageCRSS values for
the two types of slip systems in ourHEIA are very close, differingwithin
only 5% (Fig. 2h), enabling the simultaneous activationof both systems.
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This stands in contrast to conventional B2 alloys, where the difference
in CRSS between slip systems, such as 1�12

� �
�111
� �

and 001ð Þ 010½ �, can
reach up to 500% (as seen in NiAl29), resulting in the dominance of the
001ð Þ 010½ � slip system. Here we also note that, despite the similarities
between our HEIA and an amorphous structure, such as property iso-
tropy shown in Fig. 2b, the number of slip systems is not reduced. This
is not a contradiction, since our HEIA still remains a crystalline struc-
ture, not amorphous, which means that crystalline defects, such as
dislocations, are still carriers of plasticity.

To investigate plastic flows at different temperatures, we con-
ducted in situ STEM microcompression tests at both RT (Supplemen-
tary Movie 1) and 573 K (Supplementary Movie 2) (see “Methods”).

Figure 2i shows an annular bright-field STEM (ABF-STEM) image of a
single-crystal sampledeformed to20%strain at RT, revealing the active
slip system to be of {010} < 100> type. Interestingly, with increasing
plastic strain, amorphization occurredwithin slip bands (Figs. 2j–n and
SupplementaryMovie 1) without any detectable elemental segregation
at a length scale of 10 nm (Methods, Supplementary Fig. 9). This
behavior was also observed during the deformation a bulk poly-
crystalline sample at RT (Supplementary Fig. 10), implying that
the observed phase transition is a result of moving defects. Under
large plastic deformation, extensive amorphization occurred in slip
bands in our HEIA, which can lead to sudden fracture as a result of
deformation induced instability in amorphous structures. However, at
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Fig. 1 | Microstructure and mechanical properties of the polycrystalline
(CoNi)50(TiZrHf )50 alloy. a The XRD pattern and EBSD image (the inset) of the
homogenized polycrystalline (CoNi)50(TiZrHf )50. b The engineering stress–strain
curves obtained at different temperatures. c The comparison of compressive yield
strengths (σy) measured for a variety of alloys at different homologous

temperatures (T/Tm). Note that RMEAs = refractorymedium entropy alloys, RHEAs
= refractory high-entropy alloys and CAs=conventional alloys. Error bars are the
standard deviation. d The plots of the flow stress versus plastic strain for BCC
alloys, B2 alloys, and (CoNi)50(TiZrHf )50 at 0.5Tm and 0.6Tm. Source data are pro-
vided as a Source Data file.
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temperatures above 573 K, deformation localization gradually dimin-
ished without detectable amorphization (Supplementary Fig. 11 and
Supplementary Movie 2). Instead, we observed extensive and densely
populated dislocations (Fig. 2o), which can explain the smooth and
homogeneous plastic flows observed in bulk and microcompression
(Fig. 2b). Intriguingly, despite the further distortion caused by dis-
location accumulation (Fig. 2o, p), the distorted crystalline lattice was
able to withstand extensive plastic flows. The tolerance of such severe
lattice distortion may be attributed to the combined effects of
“high mixing entropy”12 and the non-close-packing character of the
B2 structure30.

To reveal the atomic origins of the elastoplasticity in our HEIA, we
developed a multi-component interatomic potential by training a
machine learning (ML) enabled interatomic potential model with the
data from thousands of first-principles calculations for the
Co–Ni–Ti–Zr–Hf system (see “Methods” and Supplementary Fig. 12 for
details). This enabled us to perform large-scale molecular dynamics
(MD) simulations to study the deformation behavior of our model
(CoNi)50(TiZrHf )50 system (see “Methods”). Our calculated elastic
constants at different temperatures, as shown in Supplementary
Fig. 13, exhibit minimal temperature dependence and are consistent
with our experimental data (Fig. 2d). In addition, we calculated

the elastic constants for different crystalline orientations, and
found that the magnitude of the elastic constants is insensitive to
orientation, with a Zener anisotropy ratio close to unity (Supplemen-
tary Fig. 13a), which agrees with our experimental findings (Fig. 2b).
We also simulated the gliding behavior of the two types of dislocations
(i.e., {110} < 111> and {010} < 100>) identified in our experiments
(see “Methods”). Figure 3a, b depicts the rugged local stress landscape
at 300K that a screw (Fig. 3a) and edge (Fig. 3b) dislocation must
traverse while gliding through the severely distorted lattice. The
movement of both types of dislocations can become “pinned” in
regions of high compressive stress, causing their trajectories to
become wavy and tortuous, regardless of their initial character (see
Supplementary Movie 3 and Supplementary Movie 4). Our MD simu-
lations enabled us to compute the ratio of the velocity of screw-to-
edge dislocations in (CoNi)50(TiZrHf )50, which was ~0.6 at 300K
(Supplementary Fig. 14). Interestingly, this velocity ratio is much
higher than that (~0.2) in brittle BCCmetals at low temperatures, such
as tungsten31, but is similar to those triggering the brittle-to-ductile
transition in BCC metals31. This phenomenon can be attributed to the
sluggish dislocation movement induced by the highly fluctuating
stress field, which effectively reduces the disparity in velocity between
screw and edge dislocations.
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In order to gain further insight into the behavior of screw and
edgedislocations in the heavily distortedB2 structure, we analyzed the
local atomic structures surrounding both dislocation cores (see
“Methods”). As shown in the inset of Fig. 3c, these structures are highly
distorted and exhibit non-B2 packing. Interestingly, the dislocation-

affected zone is more extensive for the edge dislocation than for the
screw dislocation. To quantify the CRSS of the dislocations for both
{010} < 100> and {110} < 111> slip systems across a variety range of
temperatures, we conducted extensive MD simulations (Supplemen-
tary Fig. 15) and found that the trend of the calculated CRSS values are
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refractory alloys also obtained fromMD simulations59. Note that the yield strengths
of (CoNi)50(TiZrHf )50 experimentally measured at different temperatures (Fig. 1b)
are also included for comparison. The yellow shading captures the general trend of
CRSS for eye guidance. The insets show the front views of the typical {010} < 100>
screw (colored in red) and edgedislocation (colored inblue) after energy relaxation
showing an extended dislocation-affected zone surrounding the dislocation core.
Here green and gray balls represent atoms with B2 and non-B2 packing,

respectively. The remnant non-B2 atomic clusters formed along the trail of a gliding
{010} < 100> dislocation with the initial character of screw (d) and edge (e). Note
that atoms with B2 packing are hidden here for clarity. f The schematic illustration
of the dynamic strengthening mechanism enabled by dislocation gliding induced
local structural transition in a severely distorted crystal. The dotted green line
represents a pristine straight dislocation line before energy relaxation and the gray
shade represents the dislocation-affected zone as revealed in the inset of (c). g The
formation of amorphous-like regions after multiple gliding of {010} < 100> edge
dislocations in ourMD simulations at 300K. h The formation of dislocation gliding
induced amorphous- and crystal-like regions at 900K. The dotted line separates
the amorphous- and crystal-like regions. Source data are provided as a Source
Data file.
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in good agreement with that of the measured yield strengths (Fig. 1c).
The CRSS values for the {010} < 100> and {110} < 111> slip systems are
similar, consistent with our experimental findings (Fig. 2h), which
implies equal contributions from these two active slip systems to the
observed strength softening. Furthermore, the average CRSS value for
the screw dislocation is slightly lower than that for the edge disloca-
tion, regardless of the slip system. As discussed in refs. 32–34, the high
CRSS for edge dislocations can effectively mitigate thermal softening
caused by diffusion-controlled plasticity in BCC metals2,35. This
explains why our HEIA retains high strength at high homologous
temperatures of 0.5–0.7 (Fig. 1c).

Discussion
In conventional face-centered cubic (FCC) and BCC metals, atomic
structures remain intact after the passage of dislocations. However, in
our HEIA, the highly distorted crystal structure becomes unstable as
dislocations of either a screw or edge character sweep through (see
Fig. 3d, e). This structural instability can be attributed to the disruption
of local chemical order by the dislocations. For instance, the formation
of an antiphase region due to dislocation dissociation is observed in a
pair of 1/2 < 111> dislocations (Supplementary Fig. 16), along with
extensive dislocation core structures of <100> dislocations, as shown
in the inset of Fig. 3c. It is worth noting that, in addition todestabilizing
the lattice, the dissociation of dislocations with antiphase regions can
also planarize the dislocation core structure36. This planarization
enables <111> dislocations to move more freely within the lattice,
resulting in better plasticity compared to alloys where only <100>
dislocations are activated. Regardless of the dislocation Burgers vec-
tors, we found that dislocation gliding became more difficult along
the trail of passing dislocations due to the formation of debris result-
ing from structural disturbance, as depicted in Fig. 3f. At low tem-
peratures (300K and 600K), dislocation gliding disturbs the distorted
crystal lattice and even causes local amorphization (Fig. 3g), consistent
with our experimental observations (Fig. 2i–n and Supplementary
Fig. 10). At elevated temperatures (900K), the structural disturbance
manifests as the formation of local crystal-like order distinct from
the original B2 packing (Fig. 3h), which might be attributed to the
structural relaxation of the otherwise amorphized regions at low
temperatures. In our simulations, we found that these local crystal-like
ordering acts as an impediment to subsequent dislocation gliding,
leading to strain hardening at high temperatures. As further verifica-
tion, we fabricated (CoNi)50(TiZrHf )50 films through magnetron
sputtering, which is amorphous rather than B2 due to the ultrahigh
effective cooling rate (see “Methods”). We measured their glass tran-
sition temperature through nano-calorimetry (Supplementary Fig. 17).
Our experimental results indicate that the glass transition temperature
of the (CoNi)50(TiZrHf )50 amorphous structure is about 540K at a
heating rate of 10 K/min. It is, therefore, likely that the lack of
detectable amorphization as the temperature increases above 573 K
(Supplementary Fig. 11) can be attributed to the local structural
relaxation.

In summary, we report a plastic yet strong HEIA in this study. The
severe lattice distortion causes the elastic constants of this HEIA to be
insensitive to crystal orientation, resulting in high strength and dis-
locationmultiplicity that are rarelyobserved in conventional B2 lattice.
Dislocation-mediated plasticity triggers local structural transition in
the wake of passing dislocations, leading to amorphization at low
temperatures and dynamic hardening at high temperatures, which
stabilizes plastic flows even at very high homologous temperatures.
Moreover, the lattice distortion in our HEIA imparts similar resistance
to the gliding of both screw and edge dislocations, resembling the
behavior of ductile FCC metals rather than brittle BCC or B2 metals.
This combination of properties makes the (CoNi)50(TiZrHf )50 HEIA
promising for various structural and functional applications, including
acoustic cloaks made of elastic isotropic materials37, turbine blades in

aerospace/aircraft industries, exhaust valves in automotive industries
and etc.1,38,39.

Methods
Sample preparation
The polycrystalline samples of high-entropy intermetallic alloy
(CoNi)50(TiZrHf )50 (at. %) were prepared through arc-melting with
high-purity raw materials (> 99.9 wt. %) under a Ti-gettered argon
atmosphere. The ingots were remelted at least five times to ensure the
chemical homogeneity, and then dropped cast into a 5 × 10 × 60mm3

plate coppermold. The sampleswere homogenized at 1000 °C for 24 h
followed by water quenching with cooling rate estimated to be hun-
dreds of Kelvin per second40. The amorphous thin films were depos-
ited on NaCl substrates by magnetron sputtering, using a target with
nominal composition of 25Co–25Ni–16.67Hf–16.67Ti–16.67Zr (at. %).
After deposition, the alloy NaCl system was immersed into deionized
water. Eventually, the NaCl substrates were dissolved and the depos-
ited thin films were collected for further characterization.

Structural and compositional characterization
The crystalline phase was identified using an XRD instrument (Rigaku
Smartlab). The topography characterization was performed on a SEM
(FEIQuanta 450FEG). The crystalline orientationwasdeterminedby an
EBSD (EDAX TSL) equipped in FEI Quanta 450 FEG-SEM. Based on the
EBSD results, micropillars were fabricated within grains exhibiting
[100], [110] or [111] orientations using a focused-ion beam (FIB) system
integrated into a FEI SEM/FIB setup. The high-angle annular dark-field
scanning transmission electron microscopy (HAADF-STEM) observa-
tions were conducted on Titan Themis G2 and JEM-ARM300F Cs-cor-
rected microscopes operated at 300 kV. The ABF-STEM observations
of in situ microcompression and the characterizations of elemental
distributionwereperformedonTalos F200XG2microscope equipped
with energy-dispersive X-ray spectroscopy (EDS), operating at 200 kV.
The semi-collection angle ranges for HAADF-STEM and ABF-STEM
observations are 48 (inner)−200 (outer) mrad and 14 (inner)−23
(outer) mrad, respectively. The spatial limit (R) of TEM-EDS was esti-
mated asR = d +Rmax

� �
=2,whered is spot size andRmax =

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
d2 +b2

p
. The

beam spread (b) is calculated as b=8× 10�12 Z
E0
Nv

1
2t

3
2, where E0 is beam

energy, Z is atomic number,Nv is the number of atomsper unit volume
and t is the sample thickness41. The dislocation characterizations and
HRTEM observations were performed on a JEOL 2100 F TEM equip-
ment. The TEM specimens of polycrystalline (CoNi)50(TiZrHf )50 were
prepared by mechanical grinding and ion milling (PIPS II System,
Gatan). The TEM specimens of single-crystal (CoNi)50(TiZrHf )50 were
prepared using FIB. The geometric phase analysis was carried out via
the open-source program Strain + +42.

Mechanical and thermal properties characterization
The uniaxial compression tests of polycrystalline (CoNi)50(TiZrHf )50
alloy at different temperatures were performed on a Gleeble 3180D
thermal simulation testing machine at a strain rate of 10−3 s−1. The
compression samples with a diameter of 4mm and an aspect ratio of
about 2 were prepared by wire cutting, followed by mechanical
grinding and polishing to a mirror finish. The sample temperature was
controlled by a K-type thermocouple welded to the samples. In the
tests at 400 °C, 600 °C, and 800 °C, graphite flakes with high-
temperature lubricant were inserted between samples and platens.
In the tests at 1000 °C and 1150 °C, additional tantalum sheets were
added between graphite flakes and platens for lubrication and anti-
adhesion. Here we should note that the plastic strain of our alloy
obtained at room temperature could reach 27% if we tested the sam-
ples on a testingmachine with a highmachine stiffness. However, such
variability disappearedwith increasing temperature. A similarmachine
stiffness effect was also observed on amorphous alloys43. Again, this
supports the view that fracture of our alloy at low temperatures may
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take place within the amorphized regions. Micropillar compression
tests were performed on a Hysitron TI 950 TriboIndenter system
equipped with a high-temperature stage under an argon atmosphere.

The differential scanning calorimetry (DSC) instrument (TGA/DSC
3 + , METTLER-TOLEDO) was used to characterize the thermal prop-
erties of bulk polycrystalline specimens, which were placed in an alu-
mina crucible and tested under argon atmosphere. The testing
temperature increased from 30 to 1600 °C at 10 °C/min. The flash-DSC
technique was applied to the amorphous thin films under argon
atmosphere, using a METTLER-TOLEDO Flash-DSC 2 equipment. The
glass transition temperatures (Tg) measured at different heating rates
(φ, 1000K/min, 4000K/min, 8000K/min, and 10,000K/min) were
fitted to Vogel–Fulcher–Tamman (VFT) relation: ln φð Þ= ln Bð Þ � DT0

Tg�T0
,

where B, D, and T0 are fitting parameters44.

Bispectrum and SNAP potential
The spectrum neighbor analysis potential (SNAP)45 has been utilized in
ML energy models to capture the complex interactions between
atoms. In the SNAP model, bispectrum components are employed to
describe the atomic chemical environment. To begin with, the neigh-
bor density of an atom i at coordinates r can be expressed as a sum of
Dirac functions located in a three-dimensional space within the cutoff
distance Rcut:

ρi rð Þ= δ rð Þ+
X

rij<Rcut

f c rij
� �

ω j
atomδ r � rij

� �
ð1Þ

where rij is the vector joining the position of the central atom i to
neighbor atom j. The switch function f c rij

� �
ensures a smooth decay

for the neighbor to zero at cutoff and the ω j
atom is the dimensionless

atomic weights to distinguish different atom types. This density
function can be further expanded to a 4D hyperspherical harmonics
basis Uj

m,m0 :

ρi rð Þ=
X1

j =0,12,���

Xj

m=�j

Xj

m0 =�j

u j
m,m0U j

m,m0 ð2Þ

Because the coefficients u j
m,m0 are complex values and not invar-

iant under rotation, the following scalar triple products of u j
m,m0 ,

namely, the bispectrum components are utilized as descriptors
instead.

Bj1, j2,j =
Xj1

m1 ,m
0
1 =�j1

Xj2
m2,m

0
2 =�j2

Xj

m,m0 =�j

u j
m,m0

� �*
H

jmm0
j1m1m

0
1

j2m2m
0
2
u j1
m1m

0
1
u j2
m2m

0
2

ð3Þ

where the constants H
jmm0
j1m1m

0
1

j2m2m
0
2
are the Clebsch-Gordan coefficients. In

bispectrum, the j, j1, and j2 values require to be truncated at jmax. In this
study, the order of four (jmax = 4) is chosen, which gives a total of 55
projected components. Under the SNAPmodel, the system energy and
atomic forces are representedby a linear summationof thebispectrum
components and their gradients, respectively:

ESNAP =
XN
i = 1

βαi
0 +

XN
i= 1

X
k = j; j1 ; j2f g

βαi
k B

i
k =Nβ0 +β �

XN
i= 1

Bi ð4Þ

F j
SNAP = � ∇jESNAP = � β �

XN
i= 1

∂Bi

∂rj
ð5Þ

where αi specified the atom i with type α, the β is the vector of SNAP
coefficients and β0 is the constant energy contribution for each atom.

Training procedure
The training workflow of the ML energy model is depicted schemati-
cally in Supplementary Fig. 11a. To enhance the effectiveness of a
potential, it is crucial to have diverse training data that encompasses a
wide range of atomic local environments. In order to capture the
characteristics of atomic local environments in complex multi-
component alloy materials, the composition of the training set
focuses on sampling diverse element permutation configurations
of the crystalline structure. The B2 and BCC bulk structure of
(CoNi)50(TiZrHf )50 with hydrostatic strains were randomly sampled in
a range from −20 to +20%. To better capture the effects of cell dis-
tortion and phase transition in the BCC structure, we included HCP/
BCC bicrystal structures in our training set. This allowed us to more
accurately describe the behavior of the BCC phase and its response to
various conditions. For each B2 structure, we randomly exchanged the
(Co–Ni) and (Ti–Zr–Hf ) atoms within their respective sublattice sites.
In the case of BCC structures, we further exchanged less than 10% of
the Zr atoms to the (Co–Ni) sublattice, based on elemental mapping
results obtained from STEM-EDS13. In above configurations, the image
information, such as cell-matrix, system energy, atomic forces, and
coordinates, has been obtained through single-point energy calcula-
tions by using density functional theory (DFT). For each bicrystal
structure, the geometry optimization has firstly been carried out
before capturing the image information. Over 3000 configurations
labeled with DFT energies and atomic forces were collected, and ~10%
of the configurations collected were extracted from the pool for
trained model validation.

Once the DFT data set was prepared, the SNAP coefficients fβ0,βg
and hyperparameters (namely, atomic weights, fwg, and radius cutoff,
fRcutg) were trained via the following two-step iterative approach as
illustrated in Supplementary Fig. 11a:

(a) Determination of SNAP coefficients: the SNAP coefficients
were determined by the linear least square method mapping the bis-
pectrum components of training images computed based on a
hyperparameter set fwng, and fRn

cutg, to respective energies and atomic
forces.

(b) Hyperparameter optimization: the Bayesian algorithm46 was
utilized to minimize the loss function l({w},{Rcut}) defined as the
weighted sum of the root-mean-square deviation (RMSD) of the
energies and atomic forces between the SNAP prediction and DFT
results in the above training data.

l wf g, Rcut

	 
� �
=WERMSD ESNAP

wf g, Rcutf g,E
DFT

� �
+WFRMSD FSNAP

wf g, Rcutf g,F
DFT

� �
ð6Þ

whereWE andWF are the weighting factors for the energy and atomic
forces and were set to 100 and 1, respectively.

(c) A hyperparameter set fwn+ 1g, and fRn+ 1
cut g for the next iteration

were determined from the Bayesian optimizer. The whole training
procedures were repeated until the loss function converged.

DFT calculations
Thefirst-principles calculations basedonDFTwereutilized to generate
training data. All calculationswere performed by using Vienna ab initio
simulation package (VASP)47,48 with the all-electron projected aug-
mented wave (PAW) pseudopotential49. The Brillouin zone was sam-
pled by the Monkhorst–Pack method50 with a grid of 2 × 2 × 3 Γ-
centered k-point. The electronic occupancies were described by the
Methfessel–Paxton method with a 0.2 eV of smearing width. The
kinetic-energy pseudopotentials were employed together with 400 eV
cutoff energy for plane waves. The convergent tolerance of energies
and forces were set to 10−5 eV and 0.02 eV/Å, respectively.
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Validation of ML energy model
Supplementary Fig. 11b, 11c displays the energy and atomic force parities
between the trained SNAP model and the DFT calculations for both the
training images (red dots) and the validation images (green dots). The
root-mean-square errors (RMSE) of potential energy and atomic force are
less than 10.2meV/atom and 0.327 eV/Å, respectively. Note that all three
components of each atomic force were included in the plots mentioned
above. Supplementary Fig. 11d depicts the atomic force direction parities
between the SNAP model and DFT results. Most of the atomic force
directions predicted by the SNAPmodel deviate from those obtained by
the DFT calculations by less than 20°. Therefore, the atomic forces from
the SNAP model trained using both energy and forces exhibit very good
agreement with those obtained from the DFT calculations.

Next, we proceeded by constructing a bulk model of
(CoNi)50(TiZrHf )50 alloywith B2 crystalline structure. The equilibrated
structure was obtained from ab initio molecular dynamics (AIMD) and
the classical MD combine with the SNAPmodel, respectively. BothMD
simulationswere carriedout using the canonical ensemblewith system
temperature set to 300K. Supplementary Fig. 11e shows the radial
distribution function (RDF) of equilibrated structures that obtained
fromAIMDandMD, respectively. The position of intensive peaks in the
RDFs of both equilibrated structures match perfectly, indicating that
the SNAP model can successfully describe interatomic distances in
such complex chemical environments. We also conducted MD simu-
lations of the bulk model at three different temperatures, namely
300K, 600K, and 900K. The computed linear thermal expansion
coefficient was 12.6 × 10−6 K−1, which is in excellent agreement with the
experimental measurement of 11.4 × 10−6 K−1 (see ref. 13). These find-
ings demonstrate that ourML energymodel can accurately predict the
energies and structures of (CoNi)50(TiZrHf )50 alloy, obviating the need
for computationally expensive DFT calculations.

To further confirm the superior energetics of the B2 structure
compared to the BCC structure, we conducted Monte Carlo (MC)
simulations with unrestricted lattice site swapping moves. In these
simulations, site swapping moves were not confined to the (Co–Ni)
and (Ti–Zr–Hf ) sublattices. The MC simulations were performed at
temperatures of 300K and 900K, utilizing the trainedMLpotential. In
each MC simulation, trial moves consisted of site swapping followed
by structure optimization to account for lattice distortions. The MC
simulations were carried out for 5 × 105 MC steps on our HEIA system
comprising 7680 atoms. Throughout the simulations, no atom-
swapping events between the (Co–Ni) and (Ti–Zr–Hf ) sublattices
were observed.

Elastic isotropy
To examine the elastic isotropy property, we performed MD simula-
tions to compute the elastic constant for a single-crystal B2-
(CoNi)50(TiZrHf )50 alloy at elevated temperatures (i.e., 300, 600, and
900K). During the simulation, the system undergoes a finite tensile
deformation under the NVT ensemble, and the change in the average
stress tensor is measured to calculate elastic moduli. The Zener ani-
sotropic ratio (AZ) was calculated using AZ = 2C44/(C11-C12). For a con-
ventional cubic system, elastic tensor (Cij) and elastic compliance
constants (Sij) satisfy the following relations51:

S11 =
C11 +C12

ðC11 � C12ÞðC11 + 2C12Þ
ð7Þ

S12 =
�C12

ðC11 � C12ÞðC11 + 2C12Þ
ð8Þ

S44 =
1

C44
ð9Þ

The Yong’s modulus for {h k l} plane (Ehkl) can be obtained by the
following equation51:

1
Ehkl

= S11 � 2 S11 � S12
� �� 1

4
S44

� �
h2k2 + k2l2 + l2h2

ðh2 + k2 + l2Þ

" #
ð10Þ

The distributions of Ehkl obtained as a function of three ortho-
gonal axes ([001], [010], and [100]) are plotted in Supplemen-
tary Fig. 12.

Shear simulation
We calculated the CRSS of B2-(CoNi)50(TiZrHf )50 alloys containing
a single dislocation at different temperatures using LAMMPS52

to investigate the strengthening mechanism arising from different
dislocation types. For this purpose, we inserted a single straight
edge or screw dislocation with a Burgers vector of b = [100] on {010}
planes (namely, {010} < 100> slip system) and b = [111] on {110} planes
(namely, {110} < 111> slip system) in the perfect B2-(CoNi)50(TiZrHf )50
alloy respectively, using ATOMSK53. Even though there are slight
differences in system dimensions and atom numbers between
the two dislocation models due to the different atomic stacking
along different crystalline orientations, we ensured that both
systems are sufficiently large along the slip direction and the length of
dislocation lines is comparable. For the {010} < 100> dislocations,
the systemwas constructed with the orientation of X = 100½ �, Y = 010½ �,
and Z = 001½ � ( ~ 33 Å). For the {110} < 111> dislocations, the orientation
of the system was: X = 11�2

� �
, Y = 1�10

� �
, Z = �1�1�1

� �
( ~ 37Å). The disloca-

tion is identified by the Dislocation Analysis (DXA)54 and atoms are
colored according to Polyhedral TemperatureMatching (PTM)55 using
OVITO56. Screw dislocation was colored red, and edge dislocation was
colored blue.

For shear simulation, the simulation box was divided into
four regions: vacuum layers, fixed layer, thermostat layer, and
mobile layer. Before the shear simulation, energy minimization and
relaxation under theNose-Hoover thermostat for 50pswas performed
to equilibrate the system to a desired temperature. The temperature
dependence of CRSS was evaluated at 300K, 600K, 900K, and
1100K. The deformation-control method is implemented by applying
a shear strain with a strain rate of 5 × 108 s−1 to the fixed layer. During
deformation, the thermostat layer was controlled by an NVE ensem-
ble,and the mobile layer was under a NVT ensemble. The shear
stress–strain curves obtained in each dislocation system are presented
in Supplementary Fig. 14. The CRSS values were determined as the
average flow stress after yield in the stress–strain curves57.

Atomic stress field and CRSS
To identify dislocation slipping behaviors, it is necessary to acquire the
stress field, particularly the normal stress surrounding the slip plane.
The atomic stresses were calculated based on the virial stress tensor
and Voronoi volume58. The virial stress tensor for atom i is given by the
following formula, where a and b take on values x, y, and z to generate
the components of the tensor:

Siab = �mvavb �Wiab ð11Þ

where thefirst and second terms represent the kinetic energy andvirial
contribution for atom i, respectively. The virial contribution Wiab can
be expressed as:

Wiab =
XN
i = 1

ria � Fib ð12Þ

where ri is the position of ith atomand Fi is the total force acting on the
ith atom due to interactions with other atoms. The virial stress of the
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atom i has six components and can be written as:

σiab =
Siab
V i

ð13Þ

where the atomic volume Vi was determined by using Voronoi tessel-
lation to partition the simulation box volume into each atom inside.
The resulting atomic virial stress is thenmapped to the appropriate bin
on a grid. The representative stress value at each grid point was
determined by averaging the stresses of all particles within the bin. It is
important to note that only the normal stress components have been
included in the calculation of atomic stress. Furthermore, the analysis
has been restricted to atoms located within a 30Å thickness regime
around the dislocation slip plane.

Data availability
The data generated in this study are provided in the Supplementary
Information and Source Data file. Source data are provided with
this paper.
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