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Abstract
Three non-equiatomic Fe50Mn30-xCr10Ni10Cx (x = 0.2, 0.5, and 0.8 atomic%) high entropy alloys were prepared by 
mechanical alloying with milling times up to 25 h. Green compacting and sintering at 1200 °C for 6 h were conducted to the 
milled samples. The phase diagram of each of the studied high entropy alloy system was predicted under equilibrium condi-
tions. Microstructure characterization and chemical composition analysis were carried out using x-ray diffraction, scanning 
electron microscope, and transmission electron microscope. A dual-phase structure is established from the austenitic FCC, 
with Fe and Ni as the main elements, and the carbide precipitates that have a cuboidal shape and are rich in both Cr and Mn. 
There is an obvious grain size heterogeneity with some localized grain boundaries decohesion; besides, sigma phase appears 
at the grain boundaries for all studied alloys. By increasing the C content, both the yield strength and microhardness are 
enhanced and ductility is decreased with closer values in the higher C content alloys. Compressed alloys show fragmenta-
tion and fracturing in cuboidal second phase precipitates, while slip bands are observed in the more ductile FCC grains. In 
addition, nano-twins are observed in the transmission electron microscope images. 
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Introduction

High entropy alloys (HEAs) have a unique design concept. 
Up to now, HEAs are usually considered multi-principal 
element alloys that contain at least four principal elements 
ranging from 5 to 35 atomic at.% concentrations for each 
element. HEAs have received significant attention due to 
their promising mechanical properties, including higher 
strength and hardness values, increased corrosion resist-
ance, improved thermal stability, and higher electrical 
conductivity. It was originally designed to produce crystal-
line entropy-stabilized massive solid solution phases with 
equiatomic composition through maximizing configurational 
entropy. For more information regarding the main concept 

of such materials, the reader can refer to [1–4]. Recently, 
a new design concept was introduced where other factors, 
rather than the configurational entropy, contribute to the 
solid solution phase formation [5, 6]. It is also suggested 
that solid solutions can be stabilized using non-equiatomic 
quinary and/or quaternary alloy systems [7, 8]. Non-equi-
atomic compositions potentially have exceptional proper-
ties with much more commercial viability. The principle 
of non-equiatomic HEAs has significantly widened the 
compositional space for the design of HEAs, and work on 
these compositions has developed mechanical features that 
are unsurpassed. In contrast, many studies have shown that 
controlled microstructure design can successfully modify 
the mechanical properties of conventional metals and alloys 
[4, 5].

It is argued that for the formation of solid solutions in 
HEAs, three thermodynamic parameters are commonly used 
to characterize the behavior of the constituent elements in 
multi-component alloys: the atomic size difference, the mix-
ing enthalpy, and the mixing entropy. The atomic size mis-
match ( �) is used for estimating the local lattice distortion 
(LLD) effect in the HEAs matrix and is given by:
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, ci and ri are the atomic percentage and 

atomic radius of the element i, respectively. However, the 
estimation can be somewhat misleading because the same 
atomic type in different systems can exhibit different atomic 
radii.

The calculated (ẟ) can easily related to the measured 
(LLD) to all the formed solid solutions in HEAs with some 
deviation being reported [9]. The mixing enthalpy (ΔH) can 
be defined as the difference between the energy of HEA and 
the energy of the ground state of the constituent, and its 
value is usually positive with a few exceptions.

Assuming the case of an ideal solid solution, the mixing 
entropy (ΔS) can be given as:

where kB is the Boltzmann constant. For equiatomic HEAs, 
Eq (2) simplified which can be given as:

where N is the number of alloy compounds, and R is the 
gas constant at room temperature. ΔH contribute to the 
free energy (ΔG), - TΔS, to equal −2.739 kJ/mol for binary 
equimolar alloy and −3.459 kJ/mol for the quinary equimo-
lar alloy. Therefore, in the alloys with a higher number of 
principal elements (e.g., N = 5) the entropy contribution to 
(ΔG) is comparable to the formation of enthalpy (ΔH) of 
strong intermetallic compound [10], such as in TiAl alloy. 
It is important to indicate that despite the importance of 
those thermodynamic parameters to the formation of solid 
solutions in HEAs, factors, such as electronegativity, valence 
electron concentration (VEC), and melting point, also signif-
icantly influence the formation of the solid solution phases 
[11].

In Fe-based HEAs, interstitial elements, especially C and 
N, can present interesting opportunities regarding the stabi-
lization of the FCC solid solution in addition to its possible 
contribution to solid solution strengthening [12]. The crea-
tion of high entropy alloys through the inclusion of various 
additives can lead to improved mechanical properties and 
other unique physical properties that are not present in more 
traditional alloys [13, 14]. The addition of carbon to high 
entropy alloys (HEAs) has been shown to result in improved 
properties including improved strength owing to the grain 
size reduction and prompting nano-twinning without com-
promising much ductility [13–15]. Chen et al. [13] indicated 
that the addition of C improves both strength and ductility of 
 CoCrFeNiMnCx HEAs when the C content is less than 0.1 
at.%. Huang et al. [15] added 0.5 at. % C to FeCrNiCoMn 
HEA, and as a result, its strength significantly increased.
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(3)ΔS = R lnN

Arc melt/casting methods have been used to prepare HEA 
systems. However, due to the drawbacks of diseconomy and 
restrictions on the size and shape of finished products, those 
fabrication techniques are not suitable for industrial process-
ing [16]. However, there have only been a limited number of 
studies on carbon containing HEAs fabricated by the powder 
metallurgy (PM) route. The advantages of PM over melting 
metallurgy include low power consumption, less material 
use, good stability, room temperature processing and near-
final forming [17]. Additionally, the HEA synthesized by 
PM has a finer microstructure and a more homogeneous dis-
tribution of the composition. It is crucial to investigate how 
interstitial carbon affects the microstructure and mechanical 
characteristics of the HEAs synthesized by PM.

The main objective of the research is to study the effect 
of adding interstitial C atoms with different at.% on the 
microstructure and mechanical properties of the produced 
HEA alloys by mechanical alloying technique. The current 
investigation suggests a basic non-equiatomic alloy system 
composed of Fe, Mn, Cr, and Ni elements where substituting 
the Co element with the less expensive nickel element typi-
cally used in similar alloy compositions. Moreover, despite 
the close resemblance between the two elements' electronic 
structure, their difference in the initial crystal structure could 
have an impact on the final alloys' behaviors. The alloys were 
produced by using mechanical alloying (MA) technique fol-
lowed by sintering where the process optimum parameters 
were first determined. MA is a well-known solid-state tech-
nique that is described by the milling of elemental powders 
by repeated welding and fracturing [17]. The strengthening 
mechanisms could be envisaged for the investigated alloys 
based on the previous studies on advanced steels. Further-
more, the smaller grain size could influence the alloys’ 
mechanical stability against phase changes.

Experimental Procedures

Materials Preparation

Three non-equiatomic  Fe50Mn30-xCr10Ni10Cx (x = 0.2, 0.5, 
and 0.8 at.%) alloy mixtures, assigned as C0.2, C0.5 and 
C0.8, respectively, were prepared from elemental powders. 
The purity for all the principal elements (Fe, Cr, Mn, Ni and 
C) was above 99.8% with graphite powder as the source of 
carbon. The particle sizes for the elemental powders ranged 
from 3 to 45 microns. The milling process was conducted 
using high-energy ball mill (Fritsch Pulverisette 5) where 
the process optimum milling time was determined at the 
first composition. 1 wt.% stearic acid was added as a process 
control agent to all powder mixtures during milling in hard-
ened stainless steel pots and balls to minimize excessive cold 
welding during the ball milling process. The balls-to-powder 
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ratio used was 30:1 with rotational speed of 350 rpm. All 
powder mixtures preparation and sampling were performed 
in Mbraun Ar glove box  (O2 ≤ 0.1 ppm,  H2O ≤ 0.1 ppm). 
Different milling times of 1 h, 5 h, 10 h, 15 h, and 25 h 
were evaluated for the C0.2 alloy. The two other alloys, C0.5 
and C0.8, were processed using only 25 h of milling by the 
high-energy ball mill, as 25 h is considered the optimum 
parameter. Green compaction of the milled powders was 
performed using a manual hydraulic powder press (Specac 
10 Ton) using a 6 mm diameter die under 2-ton pressure. 
Sintering was then performed at 1200 °C for 6 h followed by 
furnace cooling to room temperature. (This heat treatment 
process will be referred to as homogenization treatment.) To 
avoid oxidation during the sintering process, samples were 
first inserted into steel capsules and sealed under an argon 
atmosphere.

Microstructure Characterization

X-ray diffraction (XRD) was carried out using Cu Kα radia-
tion (Malvern PANalytical, Empyrean 3 x-ray Diffractometer 
Unit) with a scan angle (2θ) of 20-90° for phase characteri-
zation of the produced alloys.

Microstructure characterization and chemical compo-
sition analysis were carried out using a scanning electron 
microscope (SEM; Thermo Scientific Quattro S) with 
energy-dispersive x-ray (EDX) and energy dispersive spec-
troscopy (EDS Mapping) as well as high-resolution trans-
mission electron microscope (200 kV HRTEM; JOEL JEM 
2100, made in Japan). For SEM analysis, specimens were 
first prepared using a grinding machine with different sili-
con paper grits of 180, 320, 600, 800, and 1200 followed 
by polishing using a polishing cloth and 0.3 µm alumina 
suspension and finally etched in 5% Nital concentration. 
Small samples from the compressed alloy for the composi-
tions C0.2 and C0.8 were milled for about 15 minutes in the 
high-energy ball mill for TEM characterizations.

The differential scanning calorimetry (Labsys DTA-DSC 
SETARAM apparatus 1000 °C) was used at a constant heat-
ing rate of 10 °C/min under the Argon atmosphere to check 
the thermal stability of the alloy powder. The test was car-
ried out using a C0.2 powder sample of the alloy prepared 
by mechanical alloying technique for 25 h.

Mechanical Measurements

The microhardness of the produced alloys with a load of 500 
gm for a dwell time of 15 seconds on polished samples was 
conducted using (Qness Micro Hardness Vickers Machine). 
10-indentations were recorded for each sample to obtain an 
accurate average value.

A compression test was carried out using a universal test-
ing machine (IBERTEST, TESTCOM-100 model) with a 

strain rate of 1 ×  10−3  s−1 at room temperature. Three sam-
ples were evaluated for each composition. Test samples were 
cylinders of 6 mm diameter and 6 mm height.

Results and Discussion

Pseudo‑Phase Diagram of  Fe50Mn30‑xCr10Ni10Cx

The phase diagrams of the studied HEAs system were pre-
dicted using Thermo-Calc software. The resulting diagram 
is shown in Fig. 1 as a function of carbon mass percent. This 
diagram was presented in weight percent as the Thermo-
Calc program is dealing only with weight percent. (Guide-
line illustration for the three alloys was drawn on the figure 
after converting to equivalent weight percent.) Following the 
solidification pattern of C0.2, C0.5, and C0.8 alloy composi-
tions, it is possible to observe that the alloys form a single 
FCC phase which dissociates on cooling into FCC +  M23C6 
phases ca. 790°C, 880°C and 900°C, respectively. The pre-
cipitating temperature is higher for alloys with higher car-
bon contents, indicating an increase in carbon solubility in 
the FCC solid solution and subsequently an increase in the 
volume fraction of precipitates. The sigma phase appears to 
form at lower temperatures ~ 680°C, ~ 630°C and ~ 610°C for 
C0.2, C0.5 and C0.8 alloy compositions, respectively. It is 
worth mentioning that Thermo-Calc prediction assumes an 
equilibrium condition. However, as will be illustrated in the 
following sections, the microstructure examination confirms 
that sigma phases existence is related to post-solidification 
treatment. It is reported in [18] that this phase can appear 
after an exceptionally long annealing treatment. Thus, dur-
ing the experimental processing route, the furnace cooling 
following homogenization treatment could contribute to a 
sigma phase formation. Similar results were reached for 
HEAs using the same basic elements [19, 20].

The temperatures and volume fractions of the carbide 
for the three compositions are shown in Fig. 2a–c. The 
carbide phase formation temperature is strongly carbon 
content dependent together with its volume fraction. They 
both increase with increasing carbon content. SEM images, 
Fig. 3a–c, show that grain boundaries are smooth with no 
obvious precipitation suggesting that the basic carbide phase 
is separately formed in the microstructure. Also, the pres-
ence of voids as present in SEM images can be attributed to 
the sample preparation process for metallographic examina-
tions (grinding, polishing, and etching), which remove the 
weak particles from the alloy surface. As will be indicated in 
3.2.1, the Cr-rich phase is assigned as  M23C6 with (M = Cr, 
Mn, and/or Fe) and takes a specific morphology (cuboidal 
shape) but with apparent larger volume fraction compared to 
the thermodynamic predicted carbide phase which is given 
to be 0.02 and 0.04% for 0.5 and 0.8% C, respectively. Such 
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differences cannot only be associated with the equilibrium 
cooling condition. However, it is strongly related to the high 
density of defects introduced during MA which can enhance 
both nucleation and volume fraction of a second phase dur-
ing the homogenization treatment.

The Effect of Carbon

Microstructure Analysis

The mechanically alloyed powders after homogenization 
treatment produced a two-phase microstructure with simi-
lar morphologies observed for the three different carbon 
contents as shown in Fig. 3. A prevailing phase is detected 
with a heterogeneous size distribution of average 2.3–2.7 
µm with an irregular shape and no changes within milling 
time, from 15 h to 25 h. Such stable size during milling 
can suggest a high density of defects accumulated during 
the milling deformation, and the limited shape change has 
been restricted because of the pinning effect of the formed 
second phase. Moreover, nano-grain clusters with a rec-
tangular shape and submicron size between 409 and 420 
nm (<0.5 µm) are shown to be randomly distributed in the 
matrix, Fig. 3. During the mechanical alloying process, the 
high defects concentration is expected to play a significant 
role in enhancing the diffusion kinetics of different phases 
formation during homogenization treatment. The mechani-
cal activation energy produced during milling is likely to 

accelerate the alloying reaction and result in the observed 
dual-phase structure.

Crystallite size (D) was also measured using Scherrer Eq 
[41], as shown in Eq (4):

where K is a constant (0.89), � is the x-ray wavelength (nm), 
� is the measuring full width at half maximum of peaks, and 
� is the peak position. The measured crystallite sizes were 
15.9, 19.9, and 15.7 nm for the alloys C0.2, C0.5, and C0.8, 
respectively. Furthermore, the lattice strain ( � ) was calcu-
lated by using Williamson–Hall’s method [42], as shown 
in Eq (5):

The measured lattice strains were 0.27 %, 0.21 %, and 
0.25 % for the alloys C0.2, C0.5, and C0.8, respectively.

The XRD results of the mechanically alloyed systems 
at different milling times are shown in Fig. 4a, up to 25-h 
milling followed by sintering. Further, Fig. 4b compares the 
effect of the final milling time (25 h) after sintering on the 
different carbon content alloys. The different milling times 
indicate that the initial mixture elements are associated with 
Fe, Mn, Ni, and Cr, which are the basic elements of the alloy 
compositions. The repeated collisions and welding of the 
particles during milling will cause the diffusion of elements 

(4)D =
K�

� cos �

(5)� cos � =
K�

D
+ 4� sin �

Fig. 1  Thermo-Calc prediction 
for carbon content in the range 
0 to 2 wt.%
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Fig. 2  Volume fraction calcula-
tions for (a) C0.2, (b) C0.5, and 
(c) C0.8 alloys
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into each other’s lattices. Some observed peaks tend to 
reduce their intensity or gradually disappear with increas-
ing milling times, which can be associated with new phase 
formation. No distinct phase differences appear with milling 
times over 5 hours. There is a slight increase in peak intensi-
ties and broadening of the second-phase lines, as shown in 
Fig. 4a, indicating sluggish diffusion as a process controller. 
Elements with lower melting points tend to have a higher 
diffusion rate, and 25-h milling is required for the solid-state 
reaction between various alloy elements to reach the stable 
diffraction pattern. The higher strode milling energy is also 
likely to contribute to the enhancement of grain refinement 
observed following the next stage of processing (i.e., homog-
enization). In addition to that, both phases’ microstructures 
appear to be fully recrystallized after such treatment. A high 
thermal stability is maintained during this high-temperature 
process, a behavior that can be associated with the sluggish 
diffusion frequently observed in HEAs.

XRD patterns of the sintered alloys, Fig. 4, show the 
presence of two phases structure. The dominating phase is 
FCC structure with higher peak intensities compared with 

second phase lines indexed as  M23C6 (M = Cr, Mn, and/or 
Fe) as will be discussed later. The different carbon content 
in these HEA compositions did not have a significant effect 
on the lattice constant of the FCC phase. The calculated 
values are (3.5771, 3.6034, and 3.6010 A°) obtained for the 
C0.2, C0.5, and C0.8 alloys, respectively, after 25-h mill-
ing followed by sintering (homogenization treatment). The 
grain refined structure is not only enhanced by both the high 
residual stress and slow elements diffusion but also by the 
formed second nanophase pinning effect on the grain bound-
aries movement [21, 22]. This interface pinning can also 
be related to free C atoms segregation to grain boundaries 
producing the Zener dragging effects [23]. The latter effect 
can also be responsible for the dominance of the FCC phase 
and its thermal stability.

Structure Stability

The thermal stability of the mechanically alloyed powder 
is evaluated by the differential scanning calorimetry test 
in the temperature range from room temperature up to  

Fig. 3  SEM images of the alloys (a) C0.2, (b) C0.5, and (c) C0.8 milled for 25 h and homogenized

Fig. 4  XRD diffractograms for (a) alloy C0.2 without milling (0 h) and after milling up to 25 h, and (b) alloys C0.2, C0.5, and C0.8 after 25 h of 
milling and heat treatment (HT)
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1000 °C. Figure 5 illustrates the DSC trace of the FeMn-
NiCrC alloy after 25-h milling time for C0.2 alloy. The 
curve can reveal the non-equilibrium state of the alloy by 
the broad exothermic reaction in the temperature range 
from room temperature to 450 °C. This behavior is due to 
increased lattice strain and the release of internal stress asso-
ciated with crystal structure changes. Two small exothermic 
peaks are observed at 250 and 350 °C, and for the current 
process technique, they are related to stored energy by the 
milling force. Moreover, the dissociation of the early formed 
supersaturated solid solution of the mechanical alloying can 
produce such a small exothermic peak. The current test is 
extended up to 935 °C without any endothermic peak, indi-
cating that the present alloy composition is thermally stable 
in this range of temperatures.

Table 1 shows the EDX analysis of alloys C0.2, C0.5 and 
C0.8 after homogenization. The large particles of the domi-
nating phase in all alloy compositions are enriched in both 
Fe and Ni and depleted in Mn and Cr elements. This analysis 
can be associated with the XRD results to confirm the FCC 
structure dominance known to be a solid solution composed 

mainly of iron and nickel [24]. On the other hand, the nano-
rectangle phase is enriched in both Cr and Mn elements. 
These nano-precipitates have a relatively small decrease in 
size with increasing carbon content. However, they maintain 
the same cuboidal morphology, suggesting a similar forma-
tion mechanism while only differing in the growth rate at 
higher C compositions. As the carbon composition is less 
than 1%, it cannot be detected by EDX analysis.

The second phase precipitates size varies from (420 to 
409 nm) in their relative alloys with carbon contents of 0.2 
to 0.8% C. This agrees well with the thermodynamic pre-
diction, Fig. 2, showing an increasing carbide phase with 
higher carbon additions. The present results are also in 
good agreement with several previous studies which also 
contain Cr-carbide as a second phase as well as the pos-
sibility of Cr and Mn-oxide formation [25]. Present EDX 
results reveal that the high Cr-phase contains an average of 
38% Cr, 27% Mn, and 28% Fe wt.% in the C0.8 alloy with 
a slight difference in the C0.2 and C0.5 alloys. Moreover, 
there are no Cr-clustering or isolated precipitates with the 
composition  Cr23C6 observed in the current microstructure, 
despite that their formation is predicted by thermodynamic 
calculation. This could be attributed to the fact that Mn-C 
has the most negative enthalpy (−66 Kj  mol−1) followed by 
Cr-C enthalpy of (−60 kJ  mol−1) leading to form a precipi-
tate comprised of Cr, Mn carbide [14]. It has recently been 
suggested that these carbide precipitates can be observed 
with either a higher carbon content or by annealing at a rela-
tively low temperature below 800 °C in the equiatomic HEA  
FeMnCoCrC [24]. The formation of this type of second 
phase precipitate can be associated with interstitial carbon 
atoms impact on different phases energies. Yuji & Ikeda 
[22] in their recent study of interstitial atoms effect on 
HEAs stability identified that a Cr-rich environment tends 
to have lower solution energy followed by similar tendency 
for both Mn and Fe atoms around the interstitial C-atoms. 
Thus, the creation of Cr-rich-based carbide in these HEAs 
is promoted by C-atoms preferentially going into the ener-
getically favorable Cr-rich environments. The subsequent 
carbon depletion in the FCC phase will reduce the SFE and 
increase the phase stability [26]. This could also suggest that 
Cr-C bound is energetically more favorable among the other 
constituent elements. Moreover, it is argued that C-atoms are 
found to energetically prefer the interstitial sites with lower 
local valance electron concentration [22]. Then, the crea-
tion of Cr-rich carbide with the 3d-transition element HEA 
is promoted by C-atoms segregation into the energetically 
favorable Cr-rich area.

Figure 6 shows the element distribution mapping (EDS 
mapping) of alloys C0.2, C0.5 and C0.8 after homogeni-
zation treatment. It confirms the relatively inhomogeneous 
distribution of Fe, Mn, and Cr- elements that occurred on 
a localized level among the dual-phase microstructure, as 

Fig. 5  DSC thermogram of 25-h milling C0.2 alloy heated up to 
1000 °C with a heating rate of 10 °C/min

Table 1  EDX results of the matrix and precipitates of alloys C0.2, 
C0.5 and C0.8 in (wt.%)

Sample Phase Fe Mn Cr Ni

C0.2 Matrix (FCC) 75.1 2.9 3.0 19
Precipitates (Carbides) 16.7 58.6 20.4 4.3

C0.5 Matrix (FCC) 73.7 2.1 2.8 21.4
Precipitates (Carbides) 7.4 41.7 47.7 3.2

C0.8 Matrix (FCC) 75.3 1.9 2.6 20.2
Precipitates (Carbides) 28 27 38 7.0
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shown in Fig. 6. Within the limits of experimental measure-
ments, such inhomogeneity is not observed to be carbon 
dependent. However, on the level of each alloy composition, 
it is possible to detect composition heterogeneity between 
grains of the same phase. For example, there is ca. 6% 

difference in Fe concentration detected for grains with the 
same FCC structure. An almost similar concentration dif-
ference was observed within Cr-enriched nano-grains. It is 
difficult to attribute this localized chemical heterogeneity to 
partial recrystallization of the microstructure. However, the 

Fig. 6  EDS mapping after 25-h milling and homogenization treatment of (a) C0.2, (b) C0.5, and (c) C0.8 alloys
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possible formation of complex features during the homog-
enization of the milled structures, such as micro-twinning, 
can act as barriers to achieving a homogeneous elemental 
distribution in addition to the sluggish diffusion nature of 
HEAs. Further investigation is needed to determine the exact 
mechanism behind this localized chemical heterogeneity.

Several non-equiatomic HEAs with a single FCC ϒ-phase 
show tendency to phase decomposition; possibly a partial 
transformation to an hcp-phase type structure leading to 
a dual-phase microstructure [27]. Such change is mainly 
enhanced with decreasing ϒ-phase stability at both low 
and moderate temperatures. This can take place through the 
destabilizing effect by changing the stacking fault energy 
of the austenite phase mainly by composition changes or 
locally by the deformation-induced stacking faults acting 
as nucleation sites for phase transformation. Therefore, that 
transformation can occur either thermally and/or by thermo-
mechanical process. Recently, in HEAs of the FeMnNiCr 
system, replacing Ni by Co-addition shows a tendency to 
induce ϒ to ℇ phase transformation during thermomechani-
cal treatment [28, 29]. This transformation is highly grain 
size dependent and is accompanied by local partitioning 
of alloying elements. Similarly, the highly strained present 
alloys after MA, also having low SFE, are expected to have 
such potential for stress-induced transformation of the ϒ 
phase [30]. Oppositely, the observed small austenite grain 
size and the high dislocation density generated during mill-
ing can represent, to a large extent, an important barrier 
preventing the deformation-induced transformation as well 
as the twinning of the FCC matrix [31, 32]. A high-volume 
fraction of grain boundaries can hinder the possible growth 
of the hcp phase and thus suppress phase transformation 
[33, 34].

The Microstructure Heterogeneity

The present HEAs possess a high degree of grain size het-
erogeneity that ranges from nano- to micro-scale grain size. 
This could be mainly due to the processing conditions which 
enhanced the formation of a dual phases’ microstructure. 
Based on their chemical composition, their solubility limits 
will differ with a subsequent effect on both phases’ stabil-
ity and properties, for example, the tendency for twinning 
formation. Such tendency can generally be associated with 
composition inhomogeneity due to the Mn-atoms depletion 
from certain grains, resulting in lowering the SFE in these 
zones [13]. Lowering Mn content due to the Cr-Mn phase 
formation, as indicated by EDX analysis, Table 1, will lead 
to a decrease in the ϒ-phase stability and to an increase of 
the possibility of SF and twins’ formation even though, at 
present processing condition, such annealing twinning for-
mation is not observed within the SEM limit [26].

Another factor that contributes to heterogeneity is the car-
bon distribution. Carbon is known to have a retarding effect 
on recrystallization, and mapping analysis shows a higher 
carbon content in the second Cr-enriched phase. It is there-
fore expected that due to differences in both phases chemi-
cal analysis and their melting temperatures, recrystallization 
will occur at different rates. However, it appears that such 
difference has no effect on the completion of recrystalliza-
tion since there were no un-recrystallized zones observed for 
both phases following homogenization treatment. The fully 
recrystallized structure is attributed to the high stored strain 
energy during milling in addition to the long annealing time 
(6 h). A higher rate of nucleation can be associated with the 
observed nanograins phase and a lower rate for the primary 
ϒ-phase, leading to such gradient grain formation across the 
two-phase microstructure.

The above-discussed heterogeneity strongly suggests that 
the strengthening inhomogeneity could prevail due to the 
incompatibility of elastic and plastic deformation between 
hard and soft phases [35]. This could be due to the local 
strain difference between softer FCC phase and the second 
hard parts. Such effect is not only manifested during plastic 
deformation, but it can be extended to phase stabilities.

In the current work, the microstructure of the studied 
alloys, after homogenization, exhibited some localized 
grain boundaries decohesion as shown in Fig. 7, which can 
be associated with grain boundaries (GBs) embrittlement. 
This phenomenon could be related to the multiple principal 
elements’ segregation and to a less degree of the strain parti-
tioning across boundaries between incompatible grains. Otto 
et al [18] in their work on HEAs suggested that elements 
segregation to grain boundaries can be responsible for sig-
nificant reduction in ductility due to the produced interface 
weakening. The residual strain generated by the heavy cold 
deformation during processing can also promote the diffu-
sion of Cr into the GBs and during subsequent homogeniza-
tion, enhancing Cr-rich σ- brittle phase formation. A similar 

Fig. 7  Grain boundaries decohesion after homogenization



 Metallography, Microstructure, and Analysis

phenomenon has been reported to take place in the HEAs, 
CrMnFeCoNi system [36]. Also, in the high Mn steel, it was 
shown that Mn segregation to GBs can induce embrittlement 
by reducing the GBs cohesion [37, 38]. For the present alloy 
system, it is known that Mn has a lower diffusivity in austen-
ite compared to Ni and the nano-Cr-rich particle can create 
a flux of Mn into the austenite grains. Compatibly with this 
argument, the alloys EDX analysis shows that the FCC phase 
is depleted in Mn while the Cr-rich phase has a high Mn 
content in alloys with more than 0.2% C, Table 1. Then, a 
strong partition and segregation can be expected to occur at 
the interface of the Cr-enriched phase and grain boundaries 
[39]. This could explain the relatively low ductility observed 
during the compression loading of the currently examined 
alloys, as will be shown later.

It is therefore possible to suggest that in general the grain-
refined dual-phases HEAs with compositional heterogene-
ity are expected to show low plastic formability and brittle 
fracture at localized levels and consequentially reduced the 
total alloy ductility.

Sigma‑Phase Precipitation

The application of the Thermo-Calc on the current investi-
gated HEAs had predicted the possible sigma phase forma-
tion in the non-equiatomic used compositions with different 
carbon content. Only a limited number of XRD peaks in 
different composition alloys can be indexed as a tetrago-
nal structure sigma phase, Fig. 4. Only a limited number of 
XRD peaks in different composition alloys can be observed 
in the range 41° < 2ϴ < 49° with small intensities and mostly 
matched with the carbide peaks. Similar peaks detection 
assigned those diffraction line to σ phase with a tetragonal 
structure [40]. Further confirmation is needed. Moreover, 
the sigma phase can be detected in some SEM images as 
shown, for example, in Fig. 8a and b for C0.5 alloy where 

a thin white film is observed at the grain boundaries of the 
FCC phase and extended along many boundaries.

A s imi la r  obser va t ion  in  non-equ ia tomic 
 Fe20Co20Mn20Cr26Ni14 alloy with nano-size and thermal 
treatment suggested that sigma phase formation can be 
enhanced by an extended annealing time below 1070 °C 
[43]. It also can be associated with both reducing Ni-con-
tent and increasing Fe in such HEAs [43, 44]. Both phases, 
sigma and the FCC, can co-exist when the valence electron 
concentration (VEC) value is lower than 7.84 [45]. The pre-
sent alloys have a lower Ni-content regarding the equiatomic 
composition as well as a low VEC which equals ~ 7.68, 
calculated for 0.5 % C alloy, all of which are expected to 
enhance the sigma phase formation. Moreover, MA can also 
accelerate sigma phase formation by increasing the defects 
density promoting high Cr-diffusion pathways and lowering 
the nucleation barrier [46].

Mechanical Properties of Interstitial HEAs

The present interstitial HEAs with C-atoms content are 
tested by compression loading as shown in Fig. 9. Table 2 
presents the mechanical properties measured under com-
pression and the standard deviation for C0.2, C0.5 and C0.8 
alloys after homogenization. A slight increase in both yield 
strength and maximum compressive strength is observed 
with increasing the carbon concentration, e.g., the former 
increased by ca. 20% at the highest C content 0.8 at.% com-
pared with 0.2 at.% C. This relative increase can be associ-
ated with solid solution strengthening by C addition. On the 
other hand, a slight reduction in the homogeneous elonga-
tion by ca. 14% was found for the same change in carbon 
content. Such small changes can be due to the large micro-
structure similarity between the alloys despite their different 
carbon content, as shown previously.

Fig. 8  SEM images for 0.5 % C alloys (a) a thin white film (sigma phase) at the grain boundaries of the FCC phase, and (b) enlarged grain 
boundary zone
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An attempt to explore the responsible strengthening 
mechanism is conducted by plotting the work hardening 
rate ��

�ε
, against true stress as well as true strain as shown 

in Fig. 9a and b. The initial high work rate fast drops with 
either true stress or true strain indicating a high rate of 
recovery for the dislocations generated at the early deforma-
tion stage. The lowest drop occurred in the C0.2 alloy. As the 
true strain increases, the hardening rate gradually rises, and 
the maximum attained strain hardening values for all alloys 
show a strain-dependent behavior. Such value reached 6600 
MPa and 5000 MPa for C0.2 and C0.8 alloys, respectively. 
Although there is a similar hardening rate behavior for the 
three alloys compositions, the distinguished stages for each 
curve take place at different strain and work hardening rates. 
Such behavior can be attributed to differences in composi-
tion and its consequent effect on the relative deformation 
mechanism.

A similar strengthening trend is observed when compar-
ing the Vickers microhardness measured values. The HV 
value increases with higher carbon content alloys, Table 2, 
matching with the compression test results. It is important 

to note that the Vickers micro-indentation is still large com-
pared to various microstructural features in the specimens. 
Thus, the different hardness reading is representative of alloy 
divergent phases deformation behavior.

The dominated dual-phase microstructure can create 
strain partitioning between the soft FCC phase and the 
hard second phase precipitate which leads to a high strain 
accumulation at the interphase boundaries [47]. This strain 
can hinder further dislocation gliding, enhancing the strain 
hardening capacity and consequently higher stresses will be 
needed to activate the dislocation plasticity. Moreover, a dis-
location interaction with the formed stacking faults will fur-
ther strengthen the matrix and at the higher achievable strain 
could be accommodated by nano-twins formation. A similar 
suggestion is adopted in [48] to explain the high plasticity in 
HEAs composed of the basic FeMnCoNiC elements.

At a high deformation strain, nano-twins formation is 
likely to take place in a material with a low stacking fault 
energy (SFE), between (18–35 mJ/m2), and to show a 
dependence on the chemical composition as well as micro-
structure features such as grain size [12]. Carbon addition to 
HEAs is known to increase the SFE [22]. This implies that 
placing C-atoms at the stacking fault (SF) will be thermo-
dynamically unfavorable, i.e., carbon is likely to segregate 
to the bulk of the materials. This is consistent with other 
experimental findings that SFE increases due to carbon 
addition to HEAs with 3d-transition elements [26, 49] and 
been associated with a higher tendency for twinning induced 
deformation.

Twinning formation in general requires a high applied 
strain with a material with relatively low yield strength at 
room temperature since high stress is required for its nuclea-
tion [50]. SFs and deformation twins are expected to form 
when their critical stress is overcome by resolved shear stress 
which is correlated with the applied normal stress through 
M, the Taylor factor. The critical stress for deformation twin-
ning can be calculated by taking its grain size dependence 
into consideration as proposed by Sun et al. [50]:

b is partial dislocation Burgers vector (1.46.10−8 m) in 
FCC materials, K is Hall–Petch constant for twinning (980 
MPa 

√

m ), d is the average grain size, and M is the Taylor 
constant, depending on carbon content, given the values 
(3.067, 3.237, and 3.226) for C0.2, C0.5, and C0.8 alloys, 
respectively. An estimation of the SFE (ϒ) for HEAs with 
similar composition to the presently used alloys is found 
to be between (18–22 mJ  m−2) with an increase of (7 mJ 
 m−2) for each 1% C addition [22]. Substituting “Eq (6)” 
with the lower and upper limits of such SFE values gives an 
estimated σ(t) of 401.5 MPa and 527.4 MPa, respectively. 

(6)�(t) = M
�

b
+

K
√

d

Fig. 9  Stress–Strain curve for different carbon content alloys, C0.2, 
C0.5, and C0.8

Table 2  Mechanical properties for the alloys C0.2, C0.5 and C0.8 
measured by compression test

Carbon content C0.2 C0.5 C0.8

Yield strength, MPa 230 270 275
Maximum compressive 

strength, MPa
594 640 649

Standard deviation 35.35 41.92 64
Elongation, % 12.2 10.6 10.7
Microhardness, hv ± 10 297 322 345
Standard deviation 4.36 27.3 8.47
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The work hardening rate curves, in Fig. 10, indicate that the 
necessary critical stress for twinning nucleation is reached 
during the compression testing. Therefore, it is possible to 
associate the rise in work hardening rate with increasing the 
stress during deformation to expect nano-twinning forma-
tion. However, it is not detected by the SEM inspection. 
These results also indicate that the deformation twinning 
formation is carbon dependent. Still, it is difficult to attribute 
any effective role for grain size since they do not vary much 
with carbon during processing. The measured average size 
of the second phase in C0.8 alloy is about (0.4 um) which 
is relatively large, and its strengthening is expected to be 
through the Orowan-type mechanism [51].

Deformed Microstructure

Compressed microstructure of the produced alloys is exam-
ined using SEM. Results show a general deformation of the 
co-existing main FCC and cuboidal second phase precipi-
tates. Figure 11 shows the established microstructure for the 
0.2 % C alloy, where the relatively softer FCC phase did not 
change its shape following the application of compression 
strain up to fracture, suggesting a restricted deformability 
most likely by the surrounding second phase precipitates. 
However, the observed slip bands inside the austenitic grains 
are an indication of an effective plastic deformation in a duc-
tile behavior mode [40]. Figure 11 also shows a fragmented 
cuboidal phase and a particle appeared with a crossing crack 
indicating the brittle nature of the phase precipitates and 
explained the limited ductility of the alloys in general.

A careful powder specimen was prepared from the com-
pressed alloys for both C0.2 and C0.8 for TEM examina-
tion to understand the evolution of the microstructures 
during the deformation process. The bright field image in 
Fig. 12a and b shows the continuous presence of a refined 

grain polycrystalline structure in 0.2% and 0.8% C alloys. 
In some grains, a series of parallel nano-laminates appears, 
likely nano-twins with an average length of (20–25 nm), and 
their orientation is dependent on the grain orientation. This 
suggests a fixed nano-lamination-matrix interface relation. 
Comparable results indicate that similar microstructures take 
place in low SFE high entropy alloys [52] which had asso-
ciated such lamination formation from FCC to HCP phase 
transformation and/or nano-twins formation. It has been 
indicated that phase transformation is quite possible during 
thermomechanical processing of the HEAs with reversible 
behavior of the reaction [53]. Such transformation is stress 
enhanced and can be related to low SF zones formed during 
compression as shown in Fig. 12.

Figure 13 shows the fast Fourier transformation (FFT) 
of the HRTEM image and gives an estimated d-value of 

Fig. 10  Work hardening curves for different carbon content alloys (a) vs. stress, and (b) vs. strain

Fig. 11  SEM of C0.2 alloy after compression revealing three differ-
ent zones. Zone I shows the slip band formation, zone II captures a 
fragmented cuboidal second phase, and in zone III a cuboidal-shaped 
particle with a crack crossing it from edge to edge
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(0.22 nm) which can be associated with the (111) plane. This 
value is slightly higher than that obtained by XRD measure-
ment of the homogenous alloy. Such difference can be due to 
an accepted degree of experimental error as well as the strain 
effect on the lattice after compression in HRTEM samples. 
Furthermore, the lattice fringes appear distorted indicating 
diverse types of atoms in the solid solution. Such lattice 
distortion is one of the proposed core effects of HEAs [54].

Figure 14 is a selected area diffraction pattern (SAED) 
of the deformed C0.8 alloy showing a typical polycrystal-
line powder structure. The diffuse scattering streaks appear-
ing on the diffracted spots can be an indication of stacking 
faults formation in the polycrystalline structure. High accu-
mulation of dislocations may also affect the diffracted spots 
producing irregular spots indicating high-strain crystalline 
structure. Moreover, the presence of spots around the main 

Fig.12  Bright field image HRTEM for the alloys (a) C0.2, and (b) C0.8

Fig. 13  The fast Fourier transformation of HRTEM for both (a) C0.2 alloy and (b) C0.8 alloy

Fig. 14  SAED for the deformed C0.8 alloy sample
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ones in the diffraction plane is associated with twinning 
formation as the twinning orientation is different from the 
crystal lattice. The direction of the reflected planes inside 
the twinning is different from the crystal structure and extra 
spots become visible in the diffraction pattern.

Conclusions

• MA technique followed by high temperature sin-
tering was used to synthesize the non-equiatomic 
 Fe50Mn30-xCr10Ni10Cx (x = 0.2, 0.5 and 0.8 at.%) HEAs.

• The detected microstructure was mainly FCC with sec-
ond phase precipitates of  M23C6 type where M can be Cr, 
Mn and/or Fe and a thin film of sigma phase observed on 
grain boundaries.

• The acquired structural experimental results are in good 
match with the Thermo-Calc phase diagram prediction 
except for the latter higher volume fraction estimation for 
the sigma phase.

• Grain refinement, with an average grain size (2–3 µm) of 
the matrix and a nanosized cuboidal second phase ~ 400 
nm, was a direct outcome of the adopted processing tech-
nique.

• The synthesized HEAs showed a maximum compressive 
strength of 649 MPa with 10 to 12% elongation. The 
studied alloys revealed solid solution, grain boundaries, 
dislocation interaction and submicron second phase hard-
ening effects.

• The difference in C content within the studied system 
from 0.2 to 0.8 at.% did not show a highly significant dif-
ference in the mechanical behavior. This was associated 
with obvious microstructure heterogeneity facilitating 
crack formation and propagation at grain boundaries.

• Evaluation of the alloys work hardening rate profile with 
both stress and strain indicated possible nano-twins for-
mation in addition to the forementioned strengthening 
mechanisms.

• The HRTEM images and SAED of the deformed high C 
alloy  (Fe50Mn29.2Ni10Cr10C0.8) confirmed the nano-twins 
formation with an average length of 20-25 nm.
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