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Abstract
We employed two additive manufacturing (AM) strategies perpendicular to each other in AM stainless steel. In contrast to 
the vertically-built strategy, the horizontally-built one imposed higher tensile strength and ductility due to distinct transfor-
mation-induced plasticity (TRIP) behavior and a tailored initial texture oriented more favorably for deformation texture. We 
applied the direct-aging-treatment without solid-solution to retain unique AM microstructure and retained austenite (RA), 
which enhanced yield strength (+ 60.2%), tensile strength (+ 41.2%), and ductility (+ 81.2%). This effective strengthening 
by the direct-aging-treatment effectively increased the stability of RA delaying the onset of TRIP. This is because RA grains 
possessed relatively homogeneous chemical composition by aging and are effectively suppressed by a harder neighbored 
precipitated-martensitic matrix despite the increase of stacking fault probability. Our findings offer a promising paradigm 
for tailoring properties of texture-controlled AM steels with the aging strategy and advance a fundamental understanding of 
the intrinsic deformation behavior of AM metals.
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1 Introduction

To expand application of steels, retained austenite (RA) 
is considered as important factor, because transformation-
induced plasticity (TRIP) from RA to martensite can retard a 
necking and contribute to an increase in strength and elonga-
tion [1, 2]. Thus, one of the key techniques for adjusting the 
tensile characteristics is to manage the mechanical stability 

of RA transformed during deformation. The RA stability 
intrinsically depends on its shape [3] and size [4–6] within 
the matrix, the concentration of interstitial atoms [7], and 
the texture [8, 9], and extrinsically relies on its neighbor-
ing phases [10]. Therefore, it is crucial to comprehend how 
inherent and external factors affect the RA stability and how 
these influence plastic behavior.

Precipitation-hardened (PH) martensitic stainless steel 
has high corrosion resistance and remarkable strength, how-
ever, lower formability [11, 12]. Due to the unique ther-
mal history imposed by the additive manufacturing (AM) 
process [13], steel component can overcome its formability 
deficit using RA [14–16]. AM PH steel exhibits a wide range 
of mechanical properties [17–26]. A high fraction of RA 
induces a lengthened elongation but lowers yield strength 
[27] and deteriorates aging efficiency [28, 29], thereby, 
appropriate heat-treatment should be accompanied [30].

To optimize the properties of PH steel, many studies con-
trolling scanning strategy and energy density [31, 32], AM 
atmosphere [33], and post-heat-treatments [34] were carried 
out. The control of RA amount by time intervals between 
layers leads to microstructural evolution using a variety of 
scanning strategies [35], which revealed that the nature and 
distribution of RA are highly influenced by the building 

 * E-Wen Huang 
 EwenHUANG@nctu.edu.tw

 * Soo Yeol Lee 
 sylee2012@cnu.ac.kr

1 Neutron Science Division, Korea Atomic Energy Research 
Institute, Daejeon 34057, Republic of Korea

2 Department of Materials Science and Engineering, National 
Yang Ming Chiao Tung University, Hsinchu 30013, Taiwan

3 Department of Materials Science and Engineering, Indian 
Institute of Technology, New Delhi 110016, India

4 Department of Materials Science and Engineering, 
Chungnam National University, Daejeon 34134, 
Republic of Korea

5 Neutron Science Section, J-PARC Center, Japan Atomic 
Energy Agency, Tokai-mura 319-1195, Japan

http://crossmark.crossref.org/dialog/?doi=10.1007/s12540-023-01575-8&domain=pdf


1322 Metals and Materials International (2024) 30:1321–1330

1 3

strategy. However, in contrast to the microstructural works, 
studies on the stability of RA and its TRIP behavior under 
deformation determined by different thermal histories have 
rarely been reported. Our earlier work [36] reported that dif-
ferent AM strategy induced the plastic anisotropy by differ-
ence in initial RA and texture. In addition, aging-treatment 
without solid-solution in AM as-built sample imposed very 
effective strengthening without sacrifice of ductility due to 
preservation of unique AM microstructure and RA [37, 38].

In this work, we examined the mechanical stability of RA, 
texture development, and their influence on plastic anisot-
ropy using in-situ neutron diffraction. We manufactured the 
AM steels with different thermal histories, after which we 
had directly-aging-treatment to strengthen the as-built sam-
ple. The stability of RA in vertically and horizontally fab-
ricated components was revealed in terms of applied stress, 
strain, and austenite phase strain. Then, the reasons for 
changes in TRIP behavior depending on the stability were 
discussed. In addition, the texture evolution of martensite in 
conjunction with TRIP was examined from the changes in 
integrated intensities for hkl reflections. This study suggests 
not only the methodology to observe the stability of RA but 
also what influences the stability of RA. To control activa-
tion of TRIP by post-process and to optimize the quantity 
of RA and initial texture by AM strategies would contribute 
to tailoring the plasticity of AM materials.

2  Materials and Methods

2.1  Sample Preparation

Dog-bone-shaped tensile samples with gauge length of 
10 mm and diameter of 6 mm were additively manufactured 
using 15-5PH metallic powder and the direct-metal-laser-
sintering method (Fig. 1). Those samples were composed of 
14.8 wt% Cr, 4.5 wt% Ni, 3.2 wt% Cu, 0.07 wt% C, and Fe 
balance. Vertical and horizontal types of the samples were 

considered, where the axial axes of V-AB and H-AB were 
parallel and perpendicular to building direction (Fig. 2a 
and b). Since both samples were deposited directly into 
cylinder-shaped tensile specimens, this building strategy 
induced a smaller and wider deposited area for V-AB and 
H-AB, respectively, and thus different thermal histories 
were derived by different interval times, �t , between lay-
ers ( 𝛥tv < 𝛥th ). Detailed AM conditions are as follows: 
a power (~ 195 W), a spot size (~ 70 μm), a hatch spacing 
(~ 0.1 mm), a layer thickness (~ 40 μm), scanning strategy 
(orthogonal), a scanning speed (~ 1200 mm/s), atmosphere 
(nitrogen) were used. A directly-aging-treatment (modified 
H900 heat-treatment) leading to effective strengthening by 
bearing Cu-precipitates from the as-built samples indicates 
that the as-built sample was heat-treated at 482 ℃ for 1 h 
followed by air cooling. Microstructure information can be 
found in Table 1, Fig. S1, and our earlier works [36–38]. We 
denoted vertically and horizontally as-built samples as V-AB 
and H-AB, and directly-aged samples as V-A and H-A.

2.2  In‑situ Neutron Diffraction

The in-situ time-of-flight (TOF) neutron diffraction experi-
ments were conducted using TAKUMI diffractometer at 
J-PARC. The TOF diffraction geometry was presented in 
Fig. 2c. The tensile samples were loaded and inclined 45° 
with respect to the incident neutron beam with 0.7–3.2 
Å in wavelengths. Incident beam was diffracted with hkl 
reflections in a sample during a tensile test and diffracted 
beam from reflections with Q∥ (loading direction//scatter-
ing vector) and Q

⟂
(loading direction⟂scattering vector) in 

175  mm3 of the scattering volume was collected at axial 
and transverse detectors situated at ± 90°. The uniaxial 
tensile test was conducted with load-control mode with 
~ 1.8 N/sec at elastic regime, and then, displacement con-
trol mode with 0.01 mm/min at the plastic regime. Col-
lected neutrons during experiments were chopped every 
15 min, which corresponds to symbols on stress-strain 

Fig. 1  The geometry of tensile 
sample for in-situ neutron dif-
fraction experiment at TAKUMI 
engineering diffractometer
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curves in Fig. 4. The changes in lattice parameter, phase 
fraction, integrated peak intensity, and hkls’ d-spacing 
during tensile deformation were obtained from diffraction 
analysis. Phase strain ( �phase) and lattice strain of hkls ( �hkl ) 
using lattice parameter of phase constituents and d-spacing 
of hkl reflections obtained from Rietveld refinement and 
single peak fitting were calculated as follows.

 where aphase
0

 and aphaseare lattice parameters of constituent 
phase before and after loading; dhkl

0
 and dhkl are d-spacings 

of hkl reflections before and after loading, respectively. Rela-
tive intensity ( RIhkl ) was employed to observe changes of 
integrated intensity for analyzing texture development and 
was calculated as follows.

(1)�phase =
aphase − a

phase

0

a
phase

0

(2)�hkl =
dhkl − dhkl

0

dhkl
0

(3)RIhkl =
Ihkl

Ihkl
0

Fig. 2  a Vertical sample, b 
horizontal sample fabricated 
by additive manufacturing with 
different scanning strategies, c 
schematics of in-situ neutron 
diffraction geometry

Table 1  The effective grain size of each sample [37]

Sample V-AB H-AB V-A H-A

Size (µm) 2.8 ± 4.1 3.3 ± 4.3 2.7 ± 4.1 2.3 ± 4.0
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 where Ihkl
0

 and Ihkl are integrated intensities before and after 
loading, respectively.

3  Results

3.1  Constituent Phase

Initial diffraction spectra exhibited that samples contained 
different RA fractions and textures (Fig. 3). V-AB revealed 
a RA of 7.6% and a stronger BCT{110} texture along the 
transverse direction (perpendicular to building direction), 
while H-AB possessed a RA of 14.3% and a stronger 
BCT{110} texture along the axial direction (perpendicular 
to building direction) [36, 37]. The building strategy used in 
this study altered the time interval between deposited layers 
in each sample, which resulted in a distinct thermal history. 
Due to a longer time interval and a larger heat sink, the 
horizontal sample underwent attenuated thermal cycles with 
lower frequency and higher temperature amplitude, as com-
pared to the vertical sample which experienced attenuated 
thermal cycles with relatively higher frequency and lower 
temperature [39]. It might have given the horizontal sample 
more time to experience the austenite temperature range, 
which increased the fraction of retained austenite [15]. 

Additionally, during AM, the melt pool is solidified along 
a specific orientation, developing texture in the samples. 
Aging-treatment rarely changed the tendency of the texture 
and amounts of RA revealing that V-A and H-A had the RA 
of 6.8 and 13.7%. This is due to the temperature of the aging 
process that is lower than the austenite starting temperature, 
which only infrequently induces the driving force necessary 
to change austenite into martensite. It is very compatible 
with our earlier research (Fig. S1) [38].

3.2  Tensile Response

Aging-treatment enhanced the mechanical properties 
significantly compared to the as-built samples and previ-
ous works (Fig. 4) [17–26]. Note that true stress-strain 
curve was shown until necking (Fig. 4b). For V-AB, aging 
improved yield strength (YS), tensile strength (TS), and 
uniform elongation (UE) by 78%, 38.9%, and 50% achiev-
ing 1512, 1750 MPa, and 6.3% in true stress-strain. On the 
other hand, the YS, TS, and UE of H-A increased by 60.2, 
41.2, and 30%, reaching 1214, 1845 MPa, and 7.8% in true 
stress-strain (Table 2). This improvement is attributed to Cu-
precipitates evolving in the martensite by aging. We pre-
viously reported that aging treatment resulted in excellent 
precipitation hardening in additively manufactured 15-5PH 
stainless steel. This is because Cu nano-agglomerates were 

Fig. 3  Neutron diffraction spec-
tra of a V-AB, b H-AB, c V-A, 
and d H-A samples, respec-
tively, before loading (black and 
red lines are corresponding to 
axial and transverse responses)
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precipitated in a martensitic matrix of unique AM micro-
structure with a lower Cu solubility (Fig. S2, S3, Table S1) 
[25, 37, 40]. Consequently, these results indicate that the 
aging-treatment is very effective without a strength-ductility 
trade-off [41, 42].

The horizontal samples showed a lower YS and an 
extended yielding behavior followed by an increased strain 
hardening during further deformation. In the H-A, this 
behavior is significant. The inset of Fig. 4b showed the yield-
ing behaviors of the V-A and H-A samples in details, which 
correspond to the red dash box. At lower applied stress for 
YS of H-A, both samples demonstrated comparable bulk 
elasticity, however H-A displayed a lower 0.2% offset YS by 
88 MPa than V-A (blue line arrow). A higher hardening rate 
was achieved in H-A (blow dash-line arrow). The transition 
of hardening rate of the horizontal samples led to a cross-
over with the stress-strain curve of the vertical samples, 

resulting in higher TS. This tendency was more obvious in 
aged samples, which exhibited an extended elastic-plastic 
transition phenomenon in the early deformation followed 
by more rapid strain hardening achieving outstanding TS 
and UE.

3.3  TRIP Behavior

The TRIP appeared differently in terms of building strat-
egy and aging-treatment (Fig. 5a, b), as revealed in the 
reduction of relative RA fraction as a function of applied 
stress and strain. Phase transformation for V-AB and H-AB 
began at ~ 290 and ~ 343 MPa, while aged samples revealed 
little RA reduction until ~ 950 MPa, after which a sharp 
decrease was observed. Bars shown in the graph indicate 
the amount of FCC-to-BCT transformation, which can be 
described as a reduced RA fraction at corresponding stress 
and strain. V-A and H-A exhibited considerable reductions 
of 17.7 and 32.4% at corresponding stresses of ~ 1442 MPa 
and ~ 1151 MPa, while the as-built samples showed a con-
tinuous reduction throughout the deformation. The RA in 
all samples started to decrease before YS and was mostly 
consumed near TS. The vertical samples showed the earlier 
onset of TRIP followed by a slower reduction in RA during 
deformation than the horizontal samples.

The RA reduction as a function of austenite phase strain 
( �� ) is presented in Fig. 5c. Note that austenite phase strain 

Fig. 4  a Engineering and b true 
stress-strain curves obtained 
with in-situ neutron diffrac-
tion (lines and symbols are 
corresponding to load-frame 
responses and each neutron 
spectrum) and its inset (magni-
fied view of red-dash area), and 
c our work’s positions com-
pared with previous works and 
nominal material data sheet in 
engineering stress-strain values 
[20–26, 43, 44]

Table 2  Summary of tensile properties (in true)

Sample 0.2% offset yield 
strength

Tensile strength Uniform 
elongation

V-AB 846 1260 0.042
 H-AB 758 1307 0.060
 V-A 1512 1750 0.063
 H-A 1214 1845 0.078
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is proportional to austenite phase stress. V-AB and H-AB 
exhibited the onset of reduction at the �� of ~ 1482 µε and 
~ 1526 µε, while those of V-A and H-A corresponded to 
~ 5317 µε and ~ 4920 µε, which were much higher. While 
the RA in the as-built samples decreased continuously 
with an increase in �� , the aged samples were independent 
of the accumulation of ��.

3.4  Evolution of Diffraction Intensity

The changes in diffraction intensities and lattice strains 
for various hkls whose plane normal was parallel to the 
tensile axis are shown in Figs. 6 and 7. Note that lat-
tice strain is proportional to an accommodated stress by 
each hkl reflection. The intensities of all orientations in 
RA (Fig. 6) decreased with increasing respective lattice 
strains. Martensite revealed a distinct intensity change 

Fig. 5  Changes in relative fraction of retained austenite as a function of a macroscopic true stress (vertical dash lines: yield strength), b macro-
scopic true strain, and c austenite phase strain

Fig. 6  Relative intensity 
changes in hkl reflections of 
austenite phase in a V-AB, 
b H-AB, c V-A, and d H-A 
samples (black-FCC{111}, red-
FCC{200}, green-FCC{220}, 
blue-FCC{311})
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under applied stress (Fig. 7). The intensities of BCT{110} 
and BCT{310} increased with an increase in lattice strain, 
while BCT{200} and BCT{211} were vice versa. The 
intensity evolution of the both phases was qualitatively 
similar to previous studies [36, 45, 46]. Global increase of 
intensities in all orientations of martensite was attributed 
to the contribution of newborn martensite by TRIP [36].

The relative intensities of BCT{110} in the axial direc-
tion began to increase near a yielding and reached a value 
of 1.37 in V-AB, 1.37 in V-A, 1.64 in H-AB, 1.69 in H-A 
at a necking. Crystal planes within each grain are unable 
to freely glide because the ends of the tensile bar are 
restrained in uniaxial tension. Constraint causes crystal 
planes to rotate in the direction of the tensile axis. Schmid 
factors are simultaneously altered during deformation, 
and each crystal plane in the BCC rotates towards the 
{110} orientation as a result [47]. Consequently, a dis-
location glide, the only deformation mechanism in BCC/
BCT, causes a measureable rise of {110} (or {200}) in 
the axial direction. BCT{110} shows a noticeable change 
in intensity during deformation, indicating that many slips 
lead to the deformation texture.

4  Discussion

The extended elastic-plastic transition shown in H-A 
(Fig.  4) is mainly attributed to abrupt TRIP (Fig.  5). 
Although these provided a significant plastic flow decreas-
ing the YS and strain hardening rate (blue line arrow in 
inset of Fig. 4b), newborn martensite formed by TRIP 
effectively contributed to the strengthening during further 
strain, increasing the hardening rate (blue dash arrow in 
inset of Fig. 4b). It attributed to relatively higher frac-
tion of RA in H-A. Thus, this transition near yielding in 
H-A should be due to the TRIP effect, as evidenced by the 
~ 70% reduction in RA at the strain of 2% (Fig. 5b). This 
yielding was weakly observed in H-AB but consistently 
led to a cross-over in the stress-strain curve of vertical 
sample, resulting in higher TS than that of V-AB.

Aging-treatment significantly influenced the mechani-
cal stability of RA. There existed a large difference in the 
onset of TRIP (critical stresses required in RA for phase 
transformation to BCT) (Fig. 5c). Note that �� shown in 
Fig. 5c is linearly proportional to stresses applied to the 

Fig. 7  Relative intensity 
changes in hkl reflections of 
martensitic phase in a V-AB, 
b H-AB, c V-A, and d H-A 
(black-BCT{110}, red-
BCT{200}, green-BCT{211}, 
blue-BCT{310}. Red and blue 
dash line are corresponding to 
yielding and necking points)
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austenite during deformation. As shown in �� of ~ 1500 
µε (for H-AB, V-AB) and of ~ 5000 µε (for H-A, V-A) in 
Fig. 5c, the as-built samples revealed much lower onset of 
TRIP than the aged samples, which indicates that the as-
built sample exhibited much lower stability of RA on the 
TRIP than the aged samples.

In as-built samples, stresses accommodated by RA 
increased with an increase in its TRIP resistance (Fig. 5c), 
which means that RA requires gradually-increased stresses 
to be transformed. This phenomenon can be possibly attrib-
uted to the followings: one is the inhomogeneity of the com-
position in RA grains and grain orientation dependency, and 
the other is grain refinement effect caused by a transformed 
martensitic area within the RA grains [5, 6], giving rise to 
the RA being surrounded by newborn martensite [10]. Addi-
tionally, as austenite’s grain size decreases, the interfacial 
energy increases, requiring more driving force to transform 
RA and, consequently, a decrease in Ms temperature [5]. 
A continuous decrease in the intensities of all hkls of RA 
(Fig. 6) during plastic deformation indicates that TRIP 
[48] is more predominant than the development of defor-
mation texture associated with slip activities of RA. Thus, 
parent austenitic grains were refined by being surrounded 
by newborn martensite from TRIP as well as pre-existing 
neighbored martensitic phase. Neighboring martensite sup-
pressed the shear strain of RA and accommodated higher 
stress (stress concentration) during the applied loading con-
ditions. Moreover, it was collaborated with grain refinement 
of RA, which increased mechanical stability of RA. The 
grain refinement effect by the TRIP progressed continuously, 
which increased the stability of RA during plastic deforma-
tion in the as-built samples. For this reason, higher stresses 
were continuously required to transform the remaining RA 
in the as-built samples.

In contrast, aged-samples hardly require higher stresses 
to transform the remaining RA, indicating that the stability 
was almost maintained constantly. This should be because 
RA grains possess relatively homogeneous composition by 

aging and the RA grains are suppressed by rigid surround-
ing phase. The similar grain refinement effect shown in the 
as-built samples would be applied to the RA grains of the 
aged samples. However, the boundaries effect generated 
from newborn martensite within the RA by the TRIP were 
not as effective as the contributions of pre-existing harder 
surrounding phase (precipitation-harden martensite),

because transformation was induced at higher stress 
value than as-built samples. It led to similar phase strains 
of the RA during TRIP progress in the aged samples 
(Fig. 5c).

Given that chemical homogeneity affects mechanical 
stability of RA in as-built and aged samples, it should 
influence stacking fault energy (SFE) of RA. Thus, stack-
ing fault probability (SFP, Psf ) of horizontal samples with 
a relatively greater RA fraction were taken into consid-
eration [49, 50]. Stacking faults, planar defects, cause a 
larger hardening in the dense plane FCC{222} than in 
FCC{111}, which affects difference in hardening of lat-
tice strain. Its probability can be derived by Eq. 4 [51].

Note that the SFP and SFE have an inverse relationship 
(Supplementary material). The difference in lattice strains 
between FCC{111} and FCC{222} in the as-built and aged 
samples was clearly observed in an increase of applied 
strains (Fig. 8a, b). Both samples had clearly generated 
SFs that would later grow into TRIP. SFP was determined 
using the difference in lattice strains and Eq. 4, and it was 
presented in Fig. 8c as a function of true strain. Although 
the SFP difference between H-AB and H-A was not great, 
the SFP of H-A was unquestionably higher than H-AB in 
the all stage of plastic deformation. It shows that, in con-
trast to as-built samples, SFs and TRIP in aged samples are 
easily triggered by deformation. It might be due to the fact 
that aging treatment changed the chemical composition. 

(4)Psf =
�222 − �111

0.05172

Fig. 8  Lattice strain of FCC{111} (black) and FCC{222} (red) reflection planes in a H-AB, b H-A, and c stacking fault probability of H-AB 
(red) and H-A (blue) samples as a function of true strain
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As a result, aged samples showed higher reduction in rela-
tive RA fraction than as-built samples (Fig. 5b).

The RA refinement effect associated with the generation 
of newborn martensite continuously increased the stability 
of RA during TRIP progress in the as-built samples, while 
the RA stability of the aged samples kept constant, reveal-
ing that a harder neighbored precipitated-martensite played 
more important role than the RA refinement. The appar-
ent difference in the shape and size of the RA between the 
samples at the initial state was hardly discovered in our ear-
lier works [36–38], and the development of the RA texture 
could also be negligible as aforementioned. The empirical 
equation using lattice parameters can allow us to compare 
the effect of concentration of interstitial atoms [52], how-
ever, the interpretation is controversial [15]. The largest 
difference between the as-built and aged samples is based 
on the hardening of the surrounding martensitic matrix by 
Cu-precipitation [29, 37]. Therefore, it is suggested that the 
different resistance to plastic deformation in the neighbored 
phases principally influenced the stability of RA, resulting 
in different onset and propagation of TRIP in the as-built and 
aged samples. In summary, a harder neighboring martensi-
tic matrix delayed the initiation of TRIP in RA of the aged 
samples under sufficiently higher stress conditions. Subse-
quently, the activated TRIP at further loading provided a 
plastic flow and strengthening by newborn martensite.

Austenite retention can reduce aging efficiency, particu-
larly in Cu bearing PH steel due to its higher Cu solubility 
[29]. In comparison to a counterpart made entirely of mar-
tensite, the improvement in YS caused by aging-treatment 
may be less pronounced in the sample containing RA. While 
the intrinsic stability was diminished due to the decrease 
of SFE caused by aging-treatment, the stability of RA was 
extrinsically improved by the hardened adjacent martensitic 
phase, successfully increasing the combination of TS and 
ductility, consequently (Fig. 4c).

It is extrapolated that a similar deformation mechanism 
can be applied from the fact that the development of the 
diffraction intensities of the martensite in the current study 
had good agreement with the previous work [53]. Thus, 
the deformable potential based on slip could be quantita-
tively estimated from the intensity evolution of measurable 
BCT{110} which always increased during plastic defor-
mation in the axial direction. While the vertical samples 
exhibited a relative intensity of ~ 1.37 at necking, the hori-
zontal samples revealed an intensity of ~ 1.67, which indi-
cates that their deformation textures were more developed 
in the horizontal samples (Fig. 7). We postulate wrought 
TRIP steel, manufactured by thermomechanical control pro-
cess, as criterion counterpart, demonstrating ~ 1.5 in BCC/
BCT{110} peak at the necking, to compare evolution of 
relative intensity of AM samples [54]. In comparison with 
wrought TRIP steel, vertical and horizontal samples showed 

lower and higher development of deformation texture. Thus, 
it is thought that the initial texture imposed by horizontal 
building strategy was more favorably oriented to develop the 
deformation texture, which induced a higher magnitude of 
dislocation glide up to necking, improving uniform elonga-
tion of horizontal samples.

5  Conclusions

The horizontally-built strategy imposed more favorable 
initial texture for plastic deformation, which allowed hori-
zontally-built samples to exhibit enhanced uniform elonga-
tion than vertically-built samples. Abrupt TRIP of higher 
retained austenite fraction during deformation resulted in 
a higher plastic flow, which led to extended elastic-plastic 
transition in the horizontally-built sample. Subsequent new-
born martensite transformed from retained austenite induced 
rapid strain hardening, which caused a cross-over in the 
stress-strain curve and higher tensile strength and ductility.

The aging-treatment decreased the intrinsic stability of 
RA increasing a SFP, but effectively increased the extrin-
sic stability delaying the onset of TRIP and strengthening a 
neighbored martensitic matrix. While RA refinement con-
tinuously increased the RA stability during TRIP progress 
in the as-built samples, the RA stability of the aged samples 
maintained constant, indicating that a harder neighbored 
pre-existing precipitated-hardened martensitic matrix played 
more important role in the aged sample.

Supplementary Information The online version contains supplemen-
tary material available at https:// doi. org/ 10. 1007/ s12540- 023- 01575-8.
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