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Abstract
The present work investigates the contribution of dislocation cell to the yield strength of additively manufactured (AM) 
316L steel through nanoindentation technique. The nano-mechanical response of the AM sample is properly compared to 
the heat-treated (HT) one without dislocation cell. The nanoindentation size effect is observed in both samples. Although 
the nanohardness of HT sample is comparable to that of AM sample at low indentation depth, the former is obviously lower 
than the later at depth where the indentation impression is similar or larger than that of dislocation cell. Utilizing Nix–Gao 
model and Tabor equation, the contribution of dislocation cell to the yield strength is estimated to be ~ 169 MPa, which is 
about 54% of the improved yield strength.
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1  Introduction

Metal additive manufacturing (AM) enables unique build-
ing strategy in a disruptive way, allowing the large freedom 
of designing sophisticated components in a short duration 
[1]. The metallic material is subjected to a complex thermal 
history during AM process, including rapid solidification 
and repeated heating/cooling, which results in extremely 
nonequilibrium microstructures and metastable phases [2]. 
Typically, hierarchically heterogeneous microstructures 
including coarse grains, solidification textures, fine elon-
gated cells, and nanoscale inclusions are usually found in the 
AM metallic materials such as the typical 316L [3]. The AM 
316L exhibits excellent mechanical properties owing to the 
complex hierarchical microstructures across different length 
scales [3–6]. The strengthening effect of the dislocation cell 
structure in AM 316L has been intensively discussed [3, 
7–11]. It has reported that the strengthening effect of the 
cell boundary (CB) can be related to the Hall–Petch relation, 
which is similar to the grain boundary (GB) strengthening 
[3, 7]. However, the CB cannot simply be compared to the 

GB owing to the low misorientation angles between adjacent 
cells [9] and that the GB is a stronger barrier for the glide 
of dislocation than the CB [10, 12, 13]. It has been shown 
that the cell spacing scale with the strength of AM 316L 
[14]. Nevertheless, it is impossible to construct a single size 
scaling equation for cell structures due to the nonuniform 
cell size with average spacing ranging from 0.2 to 1 μm and 
varying from region to region within the same sample [15]. 
The nonuniform distribution of the cell size is suggested to 
be correlated with the building geometry and laser param-
eters [16]. Additionally, the misorientations across most CBs 
cannot be revealed by EBSD IPF orientation mapping, sug-
gesting that the cell walls should be treated differently from 
traditional interfaces such as dislocation walls or high angle 
grain boundaries (HAGBs) [3]. Therefore, the strengthen-
ing effect of the cell structures is not well understood and 
the contribution of CB strengthening to the macroscopic 
strength remains to be studied.

Nanoindentation is a reliable technique to measure local 
mechanical properties such as elastic modulus and hardness 
[17, 18]. Nanoindentation tests has been already used to 
analyzed the scale-dependent plasticity properties [19–21], 
activated slip systems [22], and yield strength [23, 24]. 
The indentation size effect (ISE) is an important aspect of 
nanoindentation, which depicts the relation between hard-
ness and penetration depth, i.e., the increase in penetration 
depth results in a decrease in indentation hardness [25, 26]. 

 *	 B. B. He 
	 hebb@sustech.edu.cn

1	 Department of Mechanical and Energy Engineering, 
Southern University of Science and Technology, 
Shenzhen 518055, China

http://orcid.org/0000-0002-7398-9185
http://crossmark.crossref.org/dialog/?doi=10.1007/s12540-023-01539-y&domain=pdf


736	 Metals and Materials International (2024) 30:735–744

1 3

This phenomenon can be explained by the deformation-
induced strain gradients which induce geometrically neces-
sary dislocations (GNDs) [25]. The variation of indenta-
tion hardness has been explored as a function of penetration 
depth [27].

In this contribution, we are aimed to reveal the strength-
ening contribution of the dislocation cell structure to the 
macroscopic strength of AM 316L via nanoindentation tech-
nique. By comparing to the heat-treated (HT) 316L sample, 
the increment of the nanohardness of AM 316L sample can 
be uniquely determined. However, owing to the presence of 
ISE and the change of deformation mechanisms under dif-
ferent penetration depth, we employed the intercept of the 
linear fitting to the nanohardness at different depths accord-
ing to the classic Nix–Gao model [25]. Consequently, the 
contribution of the CB strengthening to the yield strength 
of AM steel is determined.

2 � Experiments

The 316L stainless steel (Fe–18Cr–13Ni–2.3Mo–0.8Mn–0.
7Si) samples used in the present investigation are fabricated 
via the laser powder bed fusion technique (DiMetal-100 H, 
200 W, 40 μm beam diameter). The laser power, scan rate, 
hatch spacing, and layer thickness are 200 W, 283 mm/s, 
300 μm, and 30 μm, respectively. The rotational scanning 
with the angle between each layer of 67◦ is selected to obtain 
a relatively isotropic mechanical property [28]. For compari-
son purpose, the AM 316L sample is heat treated at 1200 °C 
for 1 h to obtain a fully recrystallized microstructure [29], 
which is termed as HT sample hereafter. The samples for 
microstructure characterization and nanoindentation tests are 
prepared through the electropolishing technique in a solution 
of 10% perchloric acid and 90% ethanol (vol%) at room tem-
perature. The nanoindentation measurement is conducted 
on the top surface normal to the build direction using an 
iNano nanoindenter (KLA, Inc.) with a Berkovich indenter 
with a half angle of 65.3° in a load-controlled mode at room 
temperature. Prior to the nanoindentation test, a tip-area 
calibration was performed on a fused silica sample for tip 
radius verification. Ten peak loads (Pmax) ranging from 0.5 
mN to 10 mN are applied with the loading part finished in 
10 s and holding segment at the peak load for 1 s. Each peak 
load consists of one indentation matrix with 2 × 10 points 
and a spacing of 20 μm to avoid the interference among the 
adjacent indents. The initial microstructure and position of 
indents are captured by the scanning electron microscope 
(SEM, Merlin, ZEISS) equipped with an electron backscat-
ter diffraction detector (EBSD, Digiview4, EDAX Inc.). For 
EBSD data collection, the accelerating voltage of 20 kV, 
current of 5 nA, and step size of 2 μm are used. The micro-
structural evolution underneath the indents is observed by 

transmission electron microscopy (TEM, Talos F200X G2, 
Thermo Fisher). The specimens for TEM observation are 
prepared by focused ion beam milling (FIB, Helios 600i, 
FEI). The macroscopic mechanical properties of the AM and 
HT 316L are characterized by tensile test. The dog-bone ten-
sile specimens with a gauge dimension of 10 × 4 × 2.5 mm3 
are extracted from the AM 316L blocks perpendicular to the 
BD using wire electrical discharge machining. The tensile 
tests are performed using a universal tensile testing machine 
with a strain rate of 10−3 s−1 under room temperature.

3 � Results

The AM sample shows a strong anisotropic microstruc-
ture, with the < 110>-texture tending to align along the BD 
(Fig. 1a). The grains of the AM sample exhibit a Mosaic-
type pattern and the grain size is heterogeneous and with an 
average diameter of ~ 13 μm (Fig. 1a). In contrast, after the 
heat treatment at 1200 °C for 1 h, the HT sample demon-
strates a fully recrystallized microstructure (Fig. 1b). The 
Mosaic-type pattern all disappeared, and with an almost ran-
dom texture and a slightly increased average grain size of 
~ 26 μm (Fig. 1b). Interestingly, the band contrast map shows 
a high density of low-angle grain boundaries (LAGBs) in the 
AM sample as shown in Fig. 1c, which is sharply different 
from the HT sample with significantly decreased amount 
of LAGB (Fig. 1d). The SEM image confirms the forma-
tion of dislocation cell structure in the AM sample (Fig. 1e). 
These dislocation cells could be responsible for the pres-
ence of LAGB in the EBSD band contrast map (Fig. 1c). 
However, only ledge of grain boundary is identified in the 
HT sample without formation of dislocation cells based on 
the SEM observation (Fig. 1f). The dislocation cells in the 
AM sample are characterized by high-density dislocations 
enriched at the CBs as shown in the cross-section STEM 
image (Fig. 1g). In contrast, no dislocation cells are found 
in the HT sample based on the TEM observation (Fig. 1h). 
Thus, two samples with sharply different substructures can 
be obtained, which is confirmed by the detailed microstruc-
tural observation (Fig. 1).

The position of indents is identified by the SEM observa-
tion. The indents that are close to the grain boundaries are 
disregarded for data analysis. The typical morphology of 
indents with peak load (Pmax) of 0.5 and 8 mN on the AM 
sample is shown in Fig. 2. The indentation size with a Pmax 
of 1 mN on the AM sample is ~ 450 nm, which is similar 
to the cell size (~ 500 nm). With increase of the Pmax, the 
size of indentation impression increased correspondingly. 
For instance, the side of indents under the maximum load 
of 8 mN can cover about five dislocation cells. No obvious 
pile-up or sink-in is observed in the free surface surround-
ing the indentation impressions in the AM sample (Fig. 2).
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The indents on the HT sample are also observed by SEM 
as shown in Fig. 3. Different from the indents of AM sam-
ple, many slip traces adjacent to the indentation impressions 
are found in almost all tests with different Pmax (Fig. 3). In 
particular, the slip traces along two different directions are 

observed on one side of indents under the maximum load 
of 1 mN and 8 mN. The formation of slip traces at the free 
surface could be the intersection of the sample surface and 
the {111}<110 > slip systems of the HT 316L with a face-
centered cubic (FCC) lattice structure [30].

Fig. 1   The EBSD IPF image of 
a AM and b HT samples. The 
band contrast map showing the 
distribution of grain boundaries 
in c AM and d HT samples. The 
green line represents the low 
angle grain boundary (LAGB, 
2°–15°) while the black line 
indicates the high angle grain 
boundary (HAGB, > 15°). e 
SEM image of AM sample 
showing the distribution of 
dislocation cell structures. 
f SEM image of HT sample 
showing the ledge of grain 
boundary without the presence 
of dislocation cells. g STEM 
image demonstrating the forma-
tion of cell boundaries (CB) in 
the AM sample. h STEM image 
demonstrating the absence of 
dislocations in the HT sample. 
(For interpretation of the 
references to color in this figure 
legend, the reader is referred to 
the web version of this article)
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Figure 4a, b shows the typical P–h curves with different 
Pmax on the AM and HT samples, respectively. In general, 
the maximum depth at the large peak load for AM sample 
is lower than that for HT sample (Fig. 4a, b). However, for 
the small peak load, the maximum depth for AM sample 
is even slightly larger than that for HT sample (Fig. 4a, b). 
This point can be vividly captured by plotting the 1 mN 
P–h curve of the AM and HT samples as shown in Fig. 4c. 
The Hertzian solution for elastic contact of nanoindenta-
tion tests reads [31]:

where Ri = 50 nm is the indenter tip radius verified from 
the prior calibration according to literature [32], P is the 
indentation load, h is the penetration depth of indentation, 
Er is the reduced modulus, E and v are Young’s modulus 
and Poisson’s ratio, and the subscripts s and i represent the 
sample and indenter, respectively. The Hertzian fitting is 
calculated from Eq. (1), with E and v for the specimen and 
indenter of 187 GPa and 0.3 [33], 1140 GPa and 0.07 [34], 
respectively. The P–h curve departs from the Hertzian solu-
tion at the pop-in with a depth of ~ 12 nm in HT sample 
(Fig. 4c). In contrast, no obvious pop-in is observed for the 
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AM sample. The maximum shear stress (i.e., pop-in stress) 
�max for the elastic regime is given as [31, 35]:

Taking the pop-in load for the HT 316L as 61 µN, the maxi-
mum shear stresses are calculated to be 16.2 GPa, which is 
comparable to the ideal shear stress (E/10) and is thus large 
enough to nucleate the dislocations beneath the indenter. The 
absence of pop-in event for AM sample could be due to the 
presence of intensive dislocations in the AM sample as shown 
in Fig. 1g so that the indentation tip (~ 50 nm) can easily indent 
on individual dislocations so that the nucleation of dislocations 
is not necessary in this process. For the same reason, the rather 
low dislocation density in the HT sample (Fig. 1h) requires 
the nucleation of dislocations to initiate the plasticity during 
indentation process.

Figure 4c also gives the GND fitting of the 1 mN P–h 
curves of AM and HT samples according to the following 
Eqs. [25, 35, 36]:
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Fig. 2   SEM images showing the 
typical indentation impressions 
with Pmax of 1 mN and 8 mN on 
the AM sample

Fig. 3   SEM images showing the 
typical indentation impressions 
with Pmax of 1 mN and 8 mN on 
the HT sample. The slip traces 
can be observed on the free 
surface close to the indentation 
impressions



739Metals and Materials International (2024) 30:735–744	

1 3

where Ac = 24.5h2 is the first approximation of projected 
contact area for the ideal Berkovich indenter, M = 3 is the 
Taylor factor, C = 3 is the constraint factor, � = 0.5 repre-
sents the dislocation structure, G = 72 GPa is the shear mod-
ulus, and b = 0.254 nm is the Burgers vector for 316L, tan� 
= 0.358 is the geometrical factor for Berkovich indenter, 
�SSD and �GND are the statistically stored dislocation (SSD) 
and GND density in the plastic zone, but the �SSD is omitted 
here due to the small indentation depth [37], and f is the 
ratio of the plastic zone radius apz to the contact radius ac. 
When ignoring the �SSD , f = 1.98 and 1.78 gives the best 
fitting to the P–h curves at h < 70 nm of AM and HT sam-
ple, respectively. The higher f value means a larger plastic 
zone and lower �GND of the AM sample than that of the HT 
sample. The deviation of the GND fitting to the P–h curve 
with higher indentation depth (> 70 nm) in both AM and HT 
samples could be ascribed to the non-negligible role of the 
SSD in plastic deformation.

Figure 5a plots the nanohardness of AM and HT samples 
at different penetration depths. It is shown that both nano-
hardness of the AM and HT samples decreases rapidly at the 
low penetration depth in the range of 100–150 nm, and then 
decreases slowly with increase of the penetration depth. The 
nanohardness of the HT sample is slightly higher than that of 
the AM sample when the penetration depth is below ~ 100 nm, 
but when surpasses this depth, the condition reverses (Fig. 5a). 
This indicates a transition of deformation mechanism during 
nanoindentation. The typical indentation size effect (ISE) 
[38–41] which manifests the nanohardness decrease with an 
increase in the penetration depth (< 1 μm) is observed for both 
samples. The ISE can be calculated by using the GND concept 
based on the Nix–Gao model [25] as,

(6)H = H
0

√

1 + h∗∕h

Fig. 4   The P–h curves with different Pmax on the a AM and b HT 
samples, c the P–h curve with peak load of 1 mN of AM and HT 
samples. The blue, red, and black lines are the fitting curves of the 
Hertzian elastic contact solution, the GND concept of AM and HT 

sample, respectively (For interpretation of the references to color in 
this figure legend, the reader is referred to the web version of this 
article)
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where H is the hardness that corresponds to a specific pene-
tration depth h. H

0
 is the constant hardness value obtained at 

an infinite depth and h∗ is the characteristic depth depending 
on the hardness [25, 42]. Equation (6) can be rewritten as,

where H and h can be obtained from indentation experi-
ments. Then, both H

0
 and h∗ can be fitted out by using 

Eq. (7). Figure 5b depicts the correlation of H
0
 and 1∕h for 

the AM and HT samples based on the Nix–Gao model. Note 
that, the Nix–Gao model that is based on Taylor harden-
ing [25], thus the dislocation nucleation mediated plasticity 
indentation data (i.e., 0.5 and 1 mN) are excluded in the fit-
ting (Fig. 5b). In the present study, the H

0
 and h∗ are figured 

out to be 2.889 GPa, 48.7 nm for the AM sample and 2.382 
GPa, 252.8 nm for the HT sample, respectively.

4 � Discussion

The pop-in behavior in nanoindentation test is related to 
the onset of plasticity [36, 43, 44]. The initial loading is 
essentially elastic and can be modeled using Hertzian con-
tact theory as shown in Fig. 4c [31]. Before the pop-in event, 
a large amount of elastic energy is generated by plastic strain 
and stored because of the lack of mobile defects to release 
it. Thus, upon catastrophic plasticity (i.e., pop-in), a high 
density of dislocations is formed under the indenter [45], via 
either homogeneous [46, 47] or heterogeneous nucleation 
from the immobile defects [48, 49] triggers the release of 
the stored elastic energy [50]. In our experiment, the pop-
in occurs for the HT sample while it is absent for the AM 
sample. Due to nearly free of dislocation in the HT sample 
(Fig. 1h), the onset of plasticity is believed to be associated 

(7)H2 = H2

0
(1 + h∗∕h)

with homogeneous nucleation of dislocation under high 
indentation stress. However, the pre-existed high-density 
dislocations in the AM sample (Fig. 1g) can help release 
the stored elastic energy and facilitate the heterogeneous 
nucleation of dislocation with much lower indentation stress, 
enabling the continuous plastic deformation in AM sample 
(Fig. 4c).

Right after the pop-in at a relatively small indentation 
depth h of ~ 15 nm (Fig. 4c), the homogeneously nucleated 
dislocations in the HT sample serve as the nuclei for hetero-
geneous dislocation nucleation, which largely decreases the 
shear stress for dislocation nucleation [51, 52]. Thus, the 
resistance of deformation estimated from the stress at pop-in 
which is based on dislocation nucleation is changed to the 
shear stress governed by the Taylor dislocation model. How-
ever, the number of heterogeneous nuclei in the HT sample 
determined by the homogeneous dislocation nucleation is 
markedly lower than that of the AM sample that introduced 
by AM process. Consequently, the plastic deformation of 
the HT sample lags to the AM sample, with a smaller h 
and higher �GND which in return further increases the resist-
ance to deformation, i.e., higher hardness. Thus, the plastic 
deformation in this stage is mainly mediated by nucleation 
of dislocation.

When the indentation depth is in a larger range 
(h > 150 nm) (Fig. 5a), the dominant plastic deformation 
mechanism transits from dislocation nucleation to motion 
of dislocation. In this stage, the dislocations can slip easily 
in the HT sample, due to the lack of obstructions from the 
pre-existed dislocations, and some dislocations slip to the 
free surface, leaving the slip traces on the free surface near 
the indentation (Fig. 3). The slip traces are suggested to be 
the intersection of the sample surface and the {111} slip 
planes of the individual grain with an FCC lattice structure 
[30], which indicates that glide of dislocation is one of the 

Fig. 5   a The plot of nanohardness against indentation penetration depth for AM and HT samples. b The linear fitting of the experimental data by 
using GND concept developed by Nix–Gao [25]. (Color figure online)
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main plastic deformation mechanisms for nanoindentation 
at room temperature [53, 54]. The slip traces adjacent to 
the indentation is a characteristic of polycrystals or other 
materials deforming via conventional homogeneous plas-
ticity [55]. During the indentation test, the local plastic 
deformation led to generation of intensive dislocations and 
transmitted away from the indentation. In the case of the 
HT sample, there is nearly free of dislocation (Fig. 1h) to 
impede the dislocation motion within a relatively large 
grain. Consequently, the dislocations generated during 
nanoindentation can easily slip on the {111}<110 > slip 
systems and leave the slip traces away on the top surface. 
However, in the AM sample, the pre-existed dislocation 
cell structure (Fig. 1g) is an effective obstruction for dis-
location motion, the slip of dislocation is confined, thus 
no slip traces are observed on the sample surface. In other 
words, the absence of slip traces for indentations in AM 
sample can be ascribed to the interaction of dislocation 
generated under nanoindentation with the pre-existed dis-
location cell structure of the AM sample. Additionally, 
the nanohardness of the AM sample in the relatively large 
penetration depth is higher than that of HT sample, which 
indicating that the main factor for the larger H

0
 of the 

AM sample ( HAM
0

 ) is a result of the interaction between 

the dislocation generated under nanoindentation and the 
dislocation cell structure.

The indentation generates complex stresses and strains 
fields adjacent to the indenter [56], which would produce an 
approximately hemispherical deformed regime right under 
the indenter tip [57, 58]. In the present study, the high-den-
sity dislocations concentrated within the indentation plastic 
zone of indents under the peak load of 5 mN are observed 
in both AM and HT samples (Fig. 6). These dislocations can 
be viewed as GNDs to accommodate the plastic deformation 
of the indentation [25]. In the case of the AM sample, the 
indentation is located right in an individual dislocation cell 
interior (Fig. 6a, b). It seems that these dislocations are con-
fined in the cell interior by the CBs, as they can freely trans-
mit along the lateral direction under the indentation stress 
but are not able to across the CBs. It is well known that 
the dislocation cell structure can effectively “modulate” the 
dislocation motion [59, 60], thus the dislocation generated 
upon local deformation of indentation can be obstructed, 
absorbed, or annihilated by interaction with the dislocation 
cell structure, thus upon these actions, the penetration of the 
indenter into the AM sample is largely hindered under the 
same maximum load as compared to the HT sample. In the 
HT sample, the recrystallized microstructure is nearly free 

Fig. 6   a STEM image of the 
cross-section of the indent 
under peak load of 5 mN for 
AM sample. b The enlarged 
view of dashed rectangle in a, 
showing the intensive disloca-
tions in the indentation plastic 
zone. c STEM image of the 
cross-section of the indent 
under peak load of 5 mN for HT 
sample. d The magnified view 
of dashed rectangle in c, dem-
onstrating the distribution of 
dislocations in the deformation 
plastic zone in HT sample
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of dislocation (Fig. 1h), thus the dislocation nucleation site 
could be at the region close to the indenter tip rather than 
other external sources. Moreover, due to the lack of obstruc-
tions, the dislocation generated under the indentation stress 
can transmit equivalently in all slip directions, as denoted 
in Fig. 6d.

The AM sample exhibits a high yield strength of 550 MPa 
based on 0.2% proof stress according to the uniaxial ten-
sile test (Fig. 7). The yield stress of AM sample is much 
larger than that of the HT sample (235 MPa), which can be 
ascribed to the strengthening effect of sub-structures, i.e., 
HAGBs, LAGBs, dislocation cell structure, etc. [3, 61]. 
Considering the small deformation volume of the nanoin-
dentation in the present study (below several microns), the 
difference of nanohardness between the AM and HT sam-
ples ( �H

0
= HAM

0
− HHT

0
 ) can be derived from the different 

strengthening effect of the dislocation cell structure [13]. 
Based on the Nix–Gao model, we can obtain the constant 
hardness value at an infinite depth, that is the intercept of 
the linear fitting to the y-axis in Fig. 5b. Note the Tabor 
equation (�� = �H

0
∕3 ) is frequently employed to estimate 

the flow stress based on the hardness, especially useful for 
materials that are hardly or even unavailable to acquire the 
flow stress [62]. Note that in some studies, the parameter of 
4.4 is selected in the Tabor equation to consider the small 
indentation volume at shallow indentation depth [63]. How-
ever, it is obvious that the indentation size effect together 
with the change of the deformation mechanism at differ-
ent penetration depth affect the difference of the hardness 
between the AM and HT samples. Since the obtained value 
of the H

0
 represents the hardness at an infinite depth, the 

conventional Tabor equation with a parameter of 3 can be 
used in the present study. According to the Tabor equation 

(�� = �H
0
∕3 ), the calculated strength increment caused by 

the dislocation cell structure is ~ 169 MPa, which is ~ 54% 
of the total increment of tensile yield strength (315 MPa). 
The other strengthening defects such as grain boundaries 
may contribute to the rest of the increased yield strength.

The present work provides a quantitative estimation on 
the strengthening effect of the dislocation cell structure on 
the macroscopic tensile yield strength based on the detailed 
nanoindentation investigation. The standard deviation of the 
nanohardness to the mean value as indicated by the error bar 
of nanohardness in Fig. 5a is relatively large. Several possi-
ble microstructural features including the surface roughness 
and the presence of nanoparticles could affect the nanohard-
ness. Nevertheless, other effects such as grain boundary on 
the nanohardness are avoided by disregarding the indents 
that are close to the grain boundaries. The effect of crystal 
orientation on nanohardness is minimized by performing 
20 indentations with spacing of 20 μm so that the differ-
ent orientations can be incorporated in the mean value of 
each nanohardness. Thus, the data presented in Fig. 5a is 
statistical sound and can be used to reliably estimate the 
contribution of the dislocation cell structure to the incre-
ment of tensile yield strength. In future, the in-situ nanoin-
dentation techniques assisted by the observation under the 
SEM-EBSD can precisely capture the effect of individual 
dislocation cell structure on the nano-mechanical behavior 
of the AM sample.

5 � Conclusion

The present study reveals the strengthening effect of the 
dislocation cell structure in the AM 316L by nanoindenta-
tion technique, which is assisted by detailed microstructural 
observation using EBSD and TEM. The formation of slip 
traces, pop-in behavior, and deformation mechanisms are 
associated with the dislocation cell structure. The strength-
ening contribution of the dislocation cell structure to the 
yield strength of AM 316L is derived through the Nix–Gao 
model and Tabor equation. The conclusions are drawn as 
below.

1.	 Many slip traces adjacent to the indentation are found 
in the HT sample, which indicates the glide of disloca-
tions is one of the main plastic deformation mechanisms 
for nanoindentation at room temperature. In contrast, 
the indentation impression on the AM sample is free of 
slip traces, suggesting that the dislocation cell structure 
can effectively imped the motion of dislocation to the 
surface.

2.	 Obvious pop-in is observed in the HT sample while it 
is absent in the AM sample, which can be explained 
by the different dislocation nucleation mechanism in 

Fig. 7   The engineering stress–strain curve of the AM and HT sam-
ples. (Color figure online)
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AM (heterogeneous nucleation) and HT (homogeneous 
nucleation) samples.

3.	 The nanohardness of the AM sample is slightly lower 
than that of the HT sample at small penetration depth 
(~ 100 nm). When penetration depth in a relatively large 
range (> 150 nm), the nanohardness of the AM sample 
is higher than that of the HT sample, and both decrease 
relatively slowly, which indicates a transition of defor-
mation mechanism from the dislocation nucleation 
mediated plasticity to the glide of dislocation.

4.	 The strengthening effect of dislocation cell structure 
is calculated to be ~ 169 MPa from the nanohardness 
data by using the Nix–Gao model and Tabor equation, 
which is ~ 54% of the total increment of tensile strength 
(315 MPa).
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