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Abstract 
Mechanisms of grain refinement under multidirectional isothermal forging (MIF) at 325 °C (~ 0.65 Tm) and the strain rate 
10− 4 s− 1 of the Al–Mg-based alloy with complex additions of transition metals were investigated. The starting alloy had an 
equiaxed grain structure with grain size 25 µm and a uniform distribution of coherent Al3(Sc,Zr) dispersoids of 20–50 nm. 
A distinguished structural feature in the early MIF stage was the formation of high strain- and misorientation gradients, 
followed by deformation banding. Due to the sequential changes of the loading axis, such bands were developed in various 
directions and fragmented the original grains. The number of bands and misorientation of their boundaries gradually rose 
with strain, resulting in formation of (ultra)fine grain structure with the grain size 2 µm. New grain formation was concluded 
to occur via continuous dynamic recrystallization and controlled by the nanosized precipitates, which preferably remained 
stable and coherent with the surrounding matrix.

Keywords  Aluminum alloy · Severe plastic deformation · Grain refinement · Dispersoids

1  Introduction

One of the main scientific problems solved at the intersec-
tion of modern materials science, solid state physics and 
metal working is the development of new thermomechanical 
processing (TMP) techniques providing the improvement 
of both technological and service properties of commer-
cial alloys, and particularly of aluminum-based alloys [1]. 
In this regard, much attention in the recent years was paid 
to the development of effective methods to control their 
structure–phase condition through processing of fine- and 
ultrafine-grained (UFG) structures (with grain sizes less 
than 10 and 1 µm, respectively). Pursuing these goals, new 
techniques were developed based on so-called severe plastic 
deformation (SPD), which consisted of repeated straining of 
the initial coarse-grain semi-finished products with the aim 
of introducing high strains and imparting to them the above 
mentioned structural states via activation of the processes 
of dynamic polygonization and/or recrystallization [1–4].

Presently, there are a large number of studies published 
on grain refinement of metals and alloys during SPD, imple-
mented by equal-channel angular pressing, multidirectional 
isothermal forging (MIF), high-pressure torsion, and other 
methods, as their combinations [5–17]. However, a detailed 
analysis of hardening and structuring during SPD, in par-
ticular, of high-temperature SPD of materials with high 
values of stacking fault energy, was carried out only in a 
few papers (for instance, in [7, 8, 11–15, 17]). There is a 
quite popular opinion, established since the early 2000s, 
that new grains upon SPD of such metals and alloys are 
formed mainly by the mechanism of continuous dynamic 
recrystallization [4, 10, 12, 14, 15, 17, 18]. However, the 
structural and phase factors controlling the grain refinement 
are still not so clear. Specifically, for aluminum alloys there 
are significant gaps in understanding the origin of processes, 
responsible for strain-induced development of new grains. 
Besides, the role of their alloying by transition metals (TM), 
that form intermetallic phases of various nature and disper-
sion, in the structuring of the matrix during SPD still remain 
undisclosed.

The aim of the present investigation was to study the 
microstructural development in the Al–Mg commercial 
alloy with complex additions of TM, subjected to MIF 
at elevated temperature (about 0.65 Tm) to elucidate the 
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formation feasibility of a UFG structure and analyze the 
mechanisms of grain refinement. The study may be particu-
larly important for other complex alloys on different bases, 
whose treatment is often accompanied by premature failure 
and does not allow achieving high strains during SPD at low 
temperatures.

2 � Material and Procedure

Modern commercial aluminum alloy 1570C (Al-5.0Mg-
0.18Mn-0.2Sc-0.08Zr-0.002Be-0.01Fe-0.01Si, mass %) was 
chosen as a material for the study. The alloy belongs to new 
generation of high-strength non-age-hardenable wrought 
alloys. It can be easily hot worked, whereas its straining 
under ambient temperature can frequently lead to a failure 
due to high yield strength and relatively low ductility [19]. 
Commercial ingot was homogenized first at 360 oC for 6 h 
(first stage) and then at 520 oC for 1 h (second stage) in 
order to eliminate the liquation of Mg and dissolve the non-
equilibrium Al3Mg2/Al8Mg5 constituent phase. Rectangular 
samples of 18 mm × 17 mm × 10 mm cut from the ingot were 
subjected to multidirectional compression with changing the 
loading direction by 90° from pass to pass under isothermal 
conditions at 325 °C and the strain rate of 10− 4 s− 1. The total 
accumulative strain, e = Δe1 + Δe2 + Δe3 +…+ Δen, where 
Δen = ln(Hn/hn) = 0.7 was the true strain and Hn was the 
initial- and hn was the final specimen height in each com-
pression pass [20], was applied up to 8.4.

The microstructural analysis was performed in the central 
part of the samples in a section parallel to the last load-
ing direction using Nikon L-150 optical microscope. Pre-
polished samples were etched in a Keller’s reagent. Orien-
tation imaging scanning electron microscopy (OIM-SEM) 
maps and distributions of misorientations of (sub)bounda-
ries were obtained from electron backscattered diffraction 
(EBSD) analysis using TESCAN MIRA 3 LMH scanning 
electron microscope equipped with a field-emission gun and 
HKL Channel 5 software [21]. It was run in a high vacuum 
mode at 20 kV with a current of beam of approximately 
2.2 nA. The scan area in EBSD analysis was varied from 
100 × 100 to 200 × 200  µm2 depending on the homogene-
ity of the structure analyzed. The scanning step size was 
0.1–0.25 µm depending on the length scale and the area of 
interest. A standard procedure of “noise reduction” was 
applied to clean up non-indexed points [21], the fraction of 
which did not exceed 25%. Different grey-scale levels in the 
EBSD maps indicated various crystal orientations. The low-
angle boundaries (LABs) that corresponded to the angles of 
misorientation between adjacent scan pixels, 2° ≤ Θ < 5°, 
and medium-angle ones with 5° ≤Θ < 15° were marked by 
thin light-grey and dark-grey lines, while the high-angle 
boundaries (HABs) with Θ ≥ 15° were indicated in the maps 

using thick black lines, respectively. Among the boundaries 
indicated those with misorientation angles less than 2o were 
not taken into consideration. Transmission electron micros-
copy (TEM) was carried out by JEOL-2000EX microscope. 
Specimens for SEM and TEM were electropolished using 
Tenupol-5 twin-jet polishing unit at 20 V and temperature of 
-28 °C in a solution of 30% HNO3 and 70% CH3OH.

The sizes of new (sub)grains were derived from the 
SEM-EBSD and TEM analyses by conversion of the meas-
urements of the areas of crystallites into “circle equivalent 
diameters” [21, 22] with averaging of the “equivalent diam-
eters” of each distinct crystallite. The size of precipitates 
Al3(Sc,Zr) and their distribution were determined using 
dark-field TEM image analysis [23, 24]. The secondary 
phase number density was measured as the ratio of the num-
ber of precipitates per unit of the TEM image area and the 
thickness of a foil. The latter was evaluated by extinction 
contours appearing on the grain boundaries [23]. Besides 
the above mentioned scanning and transmission electron 
microscopes were equipped with energy dispersive X-ray 
spectrometers, which were used for composition analyses 
of intermetallic phases. The room-temperature Vickers 
microhardness (HV) was determined by semi-automatic 
“Metrotest” device at a load of 0.5 N.

3 � Results and Discussion

3.1 � Initial Structure

The microstructure of the starting material is shown in 
Fig. 1. It can be seen that it was homogeneous, consisting of 
equiaxed grains with average size of about 25 µm (Fig. 1a–c) 
and prevailed high-angle intergranular boundary spectrum 
with the average misorientation angle about 39o (Fig. 1d). 
In the TEM structure, nanosized uniformly-distributed 
Al3(Sc,Zr) precipitates with a diameter of 20–50 nm and 
a number density of 5 × 103 µm− 3 were observed in the 
dark-field images taken in appropriate Al3(Sc,Zr) reflection 
(Fig. 2a). Note that in the selected electron diffraction pat-
tern supplied, strong reflection spots due to the Al-matrix 
were clearly visible, while fine spots of Al3(Sc,Zr) precipi-
tates were appeared at around 1/2 -typed positions of the 
matrix reflexes. This suggested that these precipitates were 
fully coherent within the matrix [23, 24]. Also, their coher-
ency with the matrix was testified by their delta-zero contrast 
[23] in the bright-field TEM images (Fig. 2b). Besides, some 
small quantities of the excess and secondary phases, presum-
ably of Al6(Fe,Mn) up to 3 µm and Al6Mn up to 300 nm, that 
were conditioned by relatively low contents of Mn and Fe in 
the present alloy [15, 25], were detected with local variations 
in density in the grain-boundary regions and in the grain 
bodies, respectively (see Figs. 1b, 2c, d).
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Fig. 1   Initial microstructure of 
the aluminum alloy 1570С after 
homogenization: a, b optical 
microscopy: b shows enlarged 
portion outlined in a; c EBSD 
map; d misorientation spectrum 
of intercrystallite boundaries; 
the excess phases at the original 
grain boundaries are arrowed 
in b 

Fig. 2   Typical examples of the 
second phases in the aluminum 
alloy 1570С after homogeniza-
tion: a dark-field TEM image in 
Al3(Sc,Zr) reflection, indicated 
in selected area diffraction 
pattern supplied; [110] zone 
axis; b bright-field TEM image 
of precipitates Al3(Sc,Zr); c 
SEM and d TEM images and 
corresponding chemical com-
positions of the excess phases 
Al6(Fe,Mn) and precipitates 
Al6Mn, respectively
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3.2 � MIF Processed Microstructure

The microstructural evolution under MIF is represented 
in Fig. 3. It is seen that in the early stages of deformation 
(e = 0.7), the initial grains were somewhat elongated and 
flattened in the direction perpendicular to the compres-
sion axis (Fig. 3a) and then partially restored their equi-
axial shape after completion of the full MIF cycle (i.e. at 

e = 2.1) (Fig. 3b). Simultaneously, the new fine grains (dark 
regions in Fig. 3) were formed in the vicinity of old grain 
boundaries. At e = 1.4 and e = 2.1, the fractions of such 
grains were as high as 0.17 and 0.38, respectively (Fig. 4). 
Therewith, so-called “necklace-like structures” consisted 
of coarse initial grains surrounded by regions of new fine 
grains were evolved in the alloy. Note that such structural 
phenomenon looks similar to that observed upon the discon-
tinuous (“necklace-type”) dynamic recrystallization, which 
frequently takes place during a high-temperature straining of 
low- and medium stacking fault energy materials [4]. How-
ever, their mechanisms of structuring are non-identical, as 
it will be discussed below.

With further strain increase (Fig. 3c, d), the fine grain 
regions progressively occupied the original grain interiors. 
Their volume fraction reached 0.57 at e = 4.2 and 0.82 at 
e = 8.4 (Fig. 4) and resulted firstly in a bimodal, and then in 
almost uniform (ultra)fine-grain structure. Thus, a profound 
grain refinement took place during high-temperature MIF of 
the present alloy.

More detailed study by means of EBSD analysis (Fig. 5) 
showed that at all strains investigated, the alloy microstruc-
ture contained the networks of LABs, which constituted 
the dynamically equilibrium subgrain structure [26–28]. 
Besides, a distinctive feature of the microstructure devel-
oped under initial MIF stages (Fig. 5a, b) was the formation 
of significant deformation/orientation gradients, as well as 
medium-angle boundaries, which bounded the deformation 

Fig. 3   Typical optical micros-
copy structures of the aluminum 
alloy 1570С subjected to MIF: 
a е = 0.7; b е = 2.1; c e = 4.2; 
d e = 8.4. The last compression 
axis is vertical

Fig. 4   Volume fraction of fine grains developed in the aluminum 
alloy 1570C after MIF to different strains
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bands. The latter resulted in fragmentation of original 
grains; similar to that observed at low SPD temperatures [4, 
13, 29–31]. This implies that along with thermally-activated 
processes, related to dynamic recovery [4], some athermal 
mechanically-induced processes, caused by strain localiza-
tion and local lattice rotations [29], could play an important 
role in the structure changes during high-temperature MIF 
of the present alloy.

Figure 6a and b shows the changes in crystallographic 
orientation between neighboring points (ΔΘ is the point-
to-point misorientation) and those with respect to the start-
ing points (ΣΔΘ is the cumulative misorientation) along the 
lines T1 and T2, respectively, selected in Fig. 5b. It can be 
seen that in the early stages of deformation (with e ≤ 1.4), 
ΔΘ inside the grain were mainly less than 5°, which cor-
responded to the boundaries of subgrains with low-angle 

misorientations [26, 28]. At the same time, some boundaries, 
corresponded to those of the deformation bands in Fig. 5b, 
had a misorientation angle of 8–10°, while the cumulative 
misorientation has changed stepwise and alternated at them 
(Fig. 6a, b). Thus the data obtainable from the linescans 
showed that the material orientation in interiors of the 
deformation bands was rotated considerably away from the 
adjacent matrix, whilst the matrix which they fragmented 
remained at a common orientation. This suggested that the 
inhomogeneous deformation developing in the alloy led to 
local lattice rotations, akin to kinking [29] and, as a result, 
the formation of dislocation subboundaries with medium-to-
high misorientations. It should be noted that such the struc-
tural behavior was quite similar to that of microshear bands 
reported for cold rolling or equal-channel angular pressing 
of an aluminum alloy [13, 29], which were also observed in 

Fig. 5   Typical EBSD maps 
of the aluminum alloy 1570С 
subjected to MIF: a е = 0.7; b 
е = 1.4; c е = 2.1; d е = 4.2; e 
е = 8.4. The last compression 
axis is vertical
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some complex-alloyed materials even at deformation at ele-
vated temperatures [12, 14, 17, 18]. Like under cold rolling 
[29], this allowed demonstrating clear differences between 
the misorientations introduced into the deformed structure 
by the boundaries of deformation/microshear bands and 
those of “ordinary” cellular/subgrain structures, formed by 
dynamic recovery [27–29]. By the way, significantly lower 
misorientations were developed in the long direction inside 
the bands, as shown by the data obtained along the line T2 
(Fig. 6b). It can also be seen that the point-to-point misori-
entations along this line were higher near the old high-angle 
boundary than those in the grain body. This indicated that 
more significant lattice rotations occurred along these ini-
tial boundaries. As a result, it was easier for individual fine 
crystallites, surrounded by high- and medium-angle bounda-
ries, to form first near the boundaries of the original grains 
(Fig. 3), where the preferred formation of deformation bands 
with higher-angle boundary misorientations was detected.

During subsequent deformation (e = 2.1), a large num-
ber of moderate-angle boundaries, which misorientation 
angles were mainly varied from 5 to 15º, were formed in the 
alloy microstructure (Fig. 5c). Due to a periodic change in 
the loading axis in the MIF, these boundaries developed in 
different directions and, accordingly, intersected and frag-
mented the initial grains [30, 31].

With a further increasing the strain, the density of the 
strain-induced boundaries became larger; that led to the for-
mation of areas of new fine grains. Figure 6c and d displays 
the variations of ΔΘ and ƩΔΘ along the lines T3 and T4 in 
typical grain structures in Fig. 5d, e developed at the strains 
of e = 4.2 and e = 8.4, respectively. One can see that in com-
parison to the data in Fig. 6a and b, the ΔΘ for the most 
deformation-induced boundaries grew up to the values cor-
responding to HABs, while their densities increased gradu-
ally by MIF processing to develop the uniform fine–grain 
structures. After the strain of 8.4 (Fig. 5d), the fraction of 
HABs was about 0.75 with an average misorientation angle 
of intercrystallite boundaries of about 30º. Thus, the density 
and misorientation angle of dislocation subboundaries, such 
as boundaries of deformation bands, increased with defor-
mation, providing fragmentation and refinement of the grain 
structure in the alloy.

However, some coarse fragments of initial grains still 
survived under SPD even at e, exceeding 8. Such a behav-
ior can be caused by the fact that the deformation energy 
applied to the billet at high strains can be almost completely 
relaxed and dissipated by the formed (ultra)fine–grain 
matrix (e.g. due to easy occurrence of dynamic recovery 
and grain boundary sliding in fine grained regions under 
high-temperature deformation [13–15, 17, 18]). By the way, 
the interiors of coarse remnant grains after high MIF strains 

Fig. 6   Point-to-point (ΔΘ) and 
cumulative (ΣΔΘ) misorienta-
tions along the lines: a T1; b 
T2; c T3; and d T4 highlighted 
in Fig. 5 b, d and e
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of an aluminum alloy were separately analyzed by EBSD 
in the previous authors’ work [32]. The results showed that 
the average misorientation angle of the boundaries devel-
oped in these grains did not exceed 5°. This suggests that 
conventional subgrains with LABs can remain stable and 
do not transform into ultrafine grains. Any strain gradients 
(and deformation bands) were not developed in these rem-
nant grains because of a weak plastic constraint from the 
surrounding fine grains, as mentioned above. The subgrains 
in the remnant grains may correspond to “dynamically equi-
librium subgrain structure” evolved during steady state flow 
in many aluminum alloys under conventional warm or hot 
deformation conditions [4, 26–28].

The alloy microtexture derived from EBSD analysis is 
represented in Fig. 7. In this figure the positions of the com-
pression axis (CA), as well as the normal direction (ND) and 
transverse direction (TD) of the sample were sequentially 
changed from pass to pass during MIF. It was found that the 
deformation of the fcc-material in each compression pass 
tended to ensure the lattice rotation towards a stable orien-
tation (<110> // CA) [33, 34] (see, e.g., Fig. 7a). But this 
rotation periodically redirected during MIF upon changing 
the CA direction (Fig. 7b, c). This suggested that any stable 
grain orientation, that was formed within the previous pass, 
was destroyed during the next pass; that, probably, stimu-
lated additional development of the deformation bands and 

Fig. 7   Changes in the texture 
of the aluminum alloy 1570C 
subjected to MIF: a е = 0.7; b 
е = 1.4; c е = 2.1; d е=4.2; e 
е = 8.4
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grain fragmentation [4]. Also, appearance of some maxi-
mums of orientations near the poles < 001> and <111> was 
revealed at low-to-moderate strains (Fig. 7c). Such changes 
could be associated with the local reorientation of the crys-
tal lattice and formation of new grains during MIF. With 
an increase in the number of passes, a gradual decrease in 
the intensity maximum from 3.7 at e = 0.7 to 1.4 at e = 8.4 
was observed (Fig. 7e); that indicated a weakening the tex-
ture during hot deformation caused by development of new 
grains and randomization of their orientations [17, 18] with 
strain (Fig. 5e).

3.3 � TEM Structures

TEM microstructures of the alloy are shown in Figs. 8, 
9, 10 and 11. In the early stage of deformation (e ≤ 2.1), 
mutually intersected deformation bands containing rather 
coarse rectangular crystallites were developed in the mate-
rial structure (Fig. 8a, b). It should be noted that despite a 
rather high deformation temperature, high densities of lattice 
dislocations were frequently observed in local areas of such 
a structure. Also the azimuthal spreading of the diffraction 
points in the supplied selected angular diffraction patterns 
suggested that rather large local lattice rotations and internal 
stresses can be developed in the strain-induced structure at 
low strains [23]. With further strain increasing, the num-
ber of mutually intersecting deformation bands gradually 

raised (Fig. 8c), and the restricted migration of intergranu-
lar boundaries also took place. As a result, the crystallites 
tended to approach the equiaxed shape with angles at the 
triple junctions close to 120° (Fig. 8d). This indicates that 
the alloy structure became more equilibrium at high strains. 
Therewith, the diffraction patterns showed almost uniform 
discrete rings (Fig. 8c, d), suggesting that the microstructure 
evolved was composed by crystals surrounded by medium-
angle boundaries and HABs.

Thus, TEM data independently confirmed the fact that 
the development of strain / misorientation inhomogeneities 
that lead to the development of deformation bands played an 
important role in grain refinement of the alloy structure dur-
ing high-temperature MIF. Note in this regard that the origin 
of the deformation banding is not entirely clear now [4]. It 
is known that deformation bands can develop in the grain 
interiors due to various types of plastic constrains that can 
be caused by material-deformation conditions, e.g. such as 
strain compatibility requirements by neighboring grains, etc. 
[4, 14, 29]. Under cold deformation conditions, deformation 
bands are frequently formed, because it is easier to deform 
the grain, if it is subdivided into the areas, where the number 
of slip systems required for limited deformation is less than 
5. Deformation bands subsequent to grain fragmentation can 
also be developed as a result of the (micro)shear banding 
originated from some plastic/geometric instability due to 
the inability of the material to sustain further work harden-
ing [35], or it is equally likely that they may originate from 

Fig. 8   Typical TEM structures 
of the 1570С aluminum alloy 
subjected to MIF to a е = 0.7; 
b е = 1.4; c е = 4.2; d е = 8.4. 
Selected area diffraction patters 
supplied were taken from the 
areas with diameter 5 µm
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certain combinations of slip systems as assumed in [36]. At 
last, some external constraints can also appear at the mac-
roscopic level as an unavoidable consequence of interaction 
between the sample and the tool, for example, due to friction 
during metalworking. It is obvious [4, 14] that when a sam-
ple is deformed in accordance with any external constraints, 
different macroscopic strains must develop in different parts; 
this can lead to severe inhomogeneous deformation through-
out the whole volume, as well as in the interior of the grain 
and thus, to the development of microstructural inhomoge-
neity followed by the formation of deformation bands.

It should be, however, noted that the above result, 
obtained for a complex-alloyed aluminum alloy, may not be 

typical for other low- and moderate-alloyed alloys [14, 37, 
38], since it is known that the high-temperature deformation 
of the latter cannot provide favored conditions for localiza-
tion of plastic flow and intense formation of deformation 
bands [14, 37]. Namely, the dislocation glide becomes 
more homogeneous at high temperatures, and even if high 
deformation- and/or misorientation gradients could occur 
in the initial grains, they would quickly disappear due to the 
high rate of relaxation processes, such as dynamic recovery 
or grain-boundary sliding [4, 27, 39]. Thus, the formation 
of new grains during SPD of these alloys should be sup-
pressed with an increase in the deformation temperature 
above 0.5 Tm.

However, the present alloy contained high densities of 
nanoscale coherent precipitates of TM aluminides (Fig. 2), 
stabilizing its structure. Such nanosized particles, mostly 
exhibiting the delta-zero contrast in the bright field and vir-
tually unchanged dispersity in the dark field after various 
stages of MIF, can be seen in Figs. 9, 10 and 11. Also char-
acteristic distribution features of the fine reflection spots of 
Al3(Sc,Zr) precipitates in the 1/2-type positions of the strong 
spots of the Al matrix can be still clearly seen even after 
e = 8.4 in an enlarged diffraction pattern shown in Fig. 10a. 
This suggests that the precipitates remained mainly stable 
during high-temperature SPD and did not lose their coher-
ency with the surrounding matrix. In addition, it is evident 
in Fig. 9 that the lattice dislocations as well as the bounda-
ries of new evolved (sub)grains frequently interacted with 

Fig. 9   TEM structures of the 
aluminum alloy 1570С sub-
jected to MIF to a е = 1.4; b, c 
е = 2.1; d е = 4.2

Fig. 10   Dark-field TEM image in Al3(Sc,Zr) reflection indicated 
in selected area diffraction pattern obtained for the aluminum alloy 
1570С subjected to MIF to е = 8.4; [110] zone axis
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these precipitates. Relying upon these observations, it can 
be assumed that the compact nanosized phases hindered 
the rearrangement of dislocations at high temperatures, 
thereby preventing their annihilation under high-tempera-
ture dynamic recovery [13, 15, 40, 41]. Also the particles, 
which pinned the grain boundaries, impeded their migra-
tion on long-distances. Apparently, these factors could be 
largely responsible for the evolution of the microstructure 
and grain refinement at hot deformation. At the same time, 
much coarser precipitates were found in some grain bound-
ary regions after high straining (Fig. 11a, b). The latter also 
were of compact shape with much larger diameter, than 
those in grain interiors. This suggested that some intense 
coarsening of the aluminides took place in the grain bound-
ary regions. The most common reasons for such a coarsening 
can be the loss of coherency of the precipitates owing to 
their interaction with the HABs, as well as the higher diffu-
sion rate of dissolved atoms of Zr and Sc along HABs, as it 
can be compared to the grain bodies [40, 41].

Also, it was interesting to find by means of TEM that 
along with the abovementioned grain fragmentation 
mechanism, there was the nucleation of new grains near 
some coarsest precipitates in the grain boundary vicini-
ties (Fig. 11c, d). These nuclei were probably formed by 
dynamic recrystallization, occurred in discontinues manner 
due to particle stimulated nucleation [4]. They tended to 
rapidly grow, but were stopped at a fairly small size of about 
100–150 nm by the surrounded finer phases (Fig. 11d). It 

is also important to note in this way that in contrast to the 
present alloy/deformation conditions, no such discontinuous 
grain nucleation was detected in the similar 1570C alloys 
during hot MIF and/or equal channel angular pressing at 
higher strain rates [40, 41]. Such difference can appear from 
the effect of the magnesium atoms atmospheres present in 
the aluminum solid solution and arise also from the differ-
ence in strain rates, promoting different micromechanisms 
of plastic flow [39, 42]. Namely, the solute atmospheres at 
high strain rates were left behind the moving dislocations 
due to higher dislocation velocities, providing the disloca-
tion densities, which were too low to start nucleation of new 
grains. But at the low strain rates of about 10− 4 s− 1, the dis-
location motion was slowed by a higher solute dragging [39]. 
This can lead to higher stored dislocation densities to initiate 
dynamic recrystallization [26, 42]. Note, however, that the 
contribution of this mechanism of dynamic recrystalliza-
tion to the total grain refinement was negligibly small, since 
the amounts of Mn, Fe and other impurities was strongly 
restricted in the present alloy [25]; that resulted in the low 
number of the coarse second phase particles, suitable for 
the grain nucleation. Thus, the particle stimulated nuclea-
tion was detected only at the highest investigated strain of 
e = 8.4, while the volume fraction of nuclei was too small 
(only 2%–3%) to play any significant role in the alloy struc-
tural behavior.

Fig. 11   a–d TEM structures 
of the aluminum alloy 1570С 
subjected to MIF to е = 8.4: d 
shows enlarged portion outlined 
in c 
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3.4 � Parameters of the Evolved Microstructure

Figure 12 shows the alloy (sub)grain boundary spectrums 
along with the average misorientation angles (Θave) and 
НАВs fractions (fHABs) after MIF to different strains. It can 
be seen that in the early stages of deformation (e = 0.7–2.1), 
the alloy structure was characterized by roughly similar 
distributions of boundary misorientations, being frequently 
observed upon low-temperature SPD of metals with a cubic 
lattice [10, 30]. Namely, along with the LABs, a significant 
number of the strain-induced boundaries exhibited medium-
angle misorientations, that corresponded to the boundaries 
of the deformation bands, as described above. With further 
straining to e of beyond 2.1, the fractions of HABs increased 
(Fig. 12), which is due to the transformation of medium-
angle boundaries into HABs and the formation of new fine 
grains.

The kinetics of grain refinement is illustrated in Fig. 13. 
As can be seen, at low strains the angular parameters of the 
structure decreased owing to the formation of a substructure 
in the initial cast material (Fig. 5a, b). At medium strains, 
they rapidly increased, due to both an increase in the number 

of deformation bands and transformation of their bounda-
ries into HABs (Fig. 5c, d) [43]. And at large strains, the 
development of deformation bands was suppressed since the 
coarse-grained regions gradually disappeared by a progres-
sive grain refinement (Figs. 4, 5d, e). Hence, grain refine-
ment at these strains can be controlled by the transformation 

Fig. 12   Misorientation distributions at intercrystallite boundaries in 
the aluminum alloy 1570С developed during MIF to different strains

Fig. 13   Strain dependences of the average misorientations of inter-
crystallite boundaries and the fraction of HABs developed in the alu-
minum alloy 1570С during MIF

Fig. 14   Dependences of the mean size of deformation-induced (sub)
grains developed in the aluminum alloy 1570С during MIF versus 
strain
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of the earlier introduced deformation bands into HABs only. 
As a result, the growing rates of the angular parameters of 
the microstructure slowed down and they are saturated at 
high strains at approximately constant values of fHABs and 
Θave [43].

Figure 14 shows the dependences of the average size 
of deformation-induced (sub)grains on the MIF strains. 
According to data derived from the EBSD analysis, the sizes 
of the crystallites, surrounded by boundaries of deformation 
bands and HABs with moderate- and high-angle misorienta-
tions from 5° and 15°, respectively, initially decreased and 
then stabilized at approximately 2 µm at a certain strain. 
At the same time, the size of subgrains with low-angle 
misorientations (from 2°) remained almost constant and 
approached to 1.7–1.8 µm. Meanwhile, it is worth noting 
that the crystallite sizes derived from TEM were as high as 
1-1.2 µm, i.e., smaller than those from the EBSD analysis. 
This can be explained by the fact that the EBSD analysis 
did not take into account the subgrain boundaries with a 
misorientation of less than 2°. On the other hand, the EBSD 
analysis can certainly provide more accurate crystallite size 
measurements, owing to much better statistics than TEM 
[29].

The character of the dependences in Figs. 12, 13 and 14, 
when the grain size corresponded approximately to that of 
(sub)grain size and the average misorientation of bounda-
ries continuously increased with strain, suggested the new 
grain structure development during MIF of the present alloy 
in accordance to the mechanisms of continuous dynamic 
recrystallization [4].

3.5 � Microhardness Changes

Figure 15 represents the dependence of the microhardness 
of the alloy 1570C on the MIF strain. It is seen that the alloy 
did not generally loose its high strength after thermome-
chanical processing at the elevated temperature. This can 
be probably attributed to the large number of precipitates 
that remained coherent, nano-dispersed and evenly distrib-
uted in the microstructure (Figs. 9, 10, 11). Moreover, the 
alloy hardness increased from approximately 90 to 100 HV 
at e = 0–0.7, which can be explained by its deformation/
substructural hardening due to increase in the dislocation 
density and formation of well-developed (sub)grain structure 
(Figs. 5, 8a) [44]. With a further increase in strain, in spite 
of quite intense grain refinement (Fig. 3), the MIF did not 
result in the alloy sense strengthening and the microhardness 
remained almost unchanged and averaged at about 100 HV. 
It should be noted that such a saturated stress-strain behavior 
of the microstructure processed by high-temperature MIF, 
can be similar to flow curves of some cubic metals with 
high stacking fault energy strained at medium-to-high tem-
peratures [26, 27] and mainly controlled by the dynamic 
recovery, resulting in the development of the dynamically-
equilibrium subgrain structure [4, 26–28]. This suggests 
that the main restoration mechanism operating during con-
tinuous dynamic recrystallization is principally dynamic 
recovery, when the formation of the equilibrium subgrain 
structure, rather than (ultra)fine–grain development can be 
mainly responsible for the alloy hardening behavior after 
hot deformation.

4 � Conclusions

1.	 Fairly uniform (ultra)fine–grain structure with the 
grain size of about 2 µm and the subgrain size of about 
1–1.2 µm can be processed in a complex and hard-to-
deform aluminum alloy 1570C by the MIF at a tempera-
ture of 325 °C (~ 0.65 Tm) and the strain rate of 10− 4 s− 1.

2.	 The main mechanism of grain refinement was related to 
the formation of deformation bands which developed in 
different directions and fragmented the initial grains. A 
gradual increase in the number of bands and misorienta-
tion of their boundaries with increasing the strain led to 
the transformation of the latter to HABs and the forma-
tion of a fine–grained structure. Such mechanism of the 
formation of new grains in the present alloy was similar 
to “continuous” dynamic recrystallization.

3.	 The present alloy contained a respectable amount 
of nanoscale coherent precipitates Al3(Sc,Zr), that 
remained mainly stable during high-temperature MIF 
and stabilized its microstructure. In particular these nan-
odispersed phases hindered the rearrangement of dislo-

Fig. 15   Dependence of the room–temperature Vickers microhardness 
of the aluminum alloy 1570С on the MIF strain
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cations and dislocation boundaries at high temperatures, 
thereby preventing their annihilation by dynamic recov-
ery. They can also pin the grain boundaries and impede 
their migration on long-distances. These factors may be 
largely responsible for the evolution of the deformation 
bands and grain refinement during high-temperature 
deformation.

4.	 Since most of the dispersoids remained coherent, 
nanoscale and uniformly distributed in the structure, 
the alloy retained high strength after thermomechanical 
processing. Moreover, the microhardness of the alloy 
slightly increased after the early stages of MIF, followed 
by its saturation at higher strains. This was caused by 
substructural hardening during severe plastic deforma-
tion.
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