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This study utilized high energy synchrotron x-ray diffraction to probe
microstructural evolution during uniaxial deformation of conventionally
manufactured and additively manufactured (AM) 304L stainless steel with
and without internal hydrogen. The objective of this effort is to highlight the
effect of hydrogen on deformation-induced martensite phase transformations
in austenitic stainless steels. Solute hydrogen depresses the required applied
strain to initiate austenite transformation to e-martensite and a’-martensite in
both forged and AM stainless steel. Similarly, the total fraction of transfor-
mation product is larger when the microstructure is saturated with hydrogen.
Deformation induced phase transformations also lead to a variation in strain
partitioning behavior, which is linked to the chemical composition and
stacking fault energy of the starting and hydrogen-charged materials.

INTRODUCTION

Austenitic stainless steels are used extensively in
hydrogen-containing environments, including for
high-pressure hydrogen gas service, where high
toughness, ductility, and strength are advantageous
properties. These attributes can be achieved in
austenitic stainless steels through twinning induced
plasticity (TWIP) or transformation induced plas-
ticity (TRIP) effects. Mechanical behavior of this
class of steels depends on the stability of the
austenite phase, and therefore the propensity for
TRIP behavior, which is further influenced by
material microstructure, stacking fault energy
(SFE), and deformation conditions.1 AISI type 304,
and its variants, is considered a
metastable austenitic stainless steel in reference

to its propensity for deformation-induced phase
transformation at room temperature. Deformation-
induced transformation results in two distinct
phases: hexagonal close packed (HCP) e-martensite
and body centered tetragonal (BCT) or body cen-
tered cubic (BCC) a’-martensite.2–5 The kinetics of
the FCC fi HCP fi BCC strain-induced trans-
formation path in 304 stainless steel has been
described previously.2 Olsen and Cohen4 proposed
that in austenitic Fe-Ni-Cr alloys, a shear-induced
FCC to HCP phase transformation could occur
simply by the passage of a Shockley partial disloca-
tion on every second close packed {111} plane, which
changes the ABCABC stacking to ABABAB stack-
ing. The passage of these partials will leave behind
stacking faults on every other plane, resulting in a
‘‘banded’’ microstructure, as shown with transmis-
sion electron microscopy (TEM).3 The intersections
of such shear bands have been shown to be effective
nucleation sites for strain-induced a’-martensite
formation;6,7 similarly, it is possible for a’-(Received January 11, 2023; accepted March 8, 2023;
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martensite to form at annealing twin boundaries.8

It is important to note the structural similarity
between e-martensite formation and austenite
deformation twin formation, which belies their
common origin, namely glide of extended disloca-
tions. In the case of deformation twins, stacking
faults are assembled by successive glide of extended
dislocations on adjacent {111} planes, which
reverses the stacking from ABCABC to CBACBA
at the twin plane.

Alloy content is important to the deformation
behavior and austenite stability of
metastable austenitic stainless steels. Intrinsic
stacking fault energy has been used as a metric
correlating alloy composition to hydrogen degrada-
tion susceptibility.9,10 Gibbs et al.11 have shown
that austenitic stainless steels with a variety of
compositions display higher sensitivity to hydrogen
degradation of tensile ductility when the SFE is
between 20 mJ m�2 and 40 mJ m�2. This regime
also corresponds to alloys that have an increasing
propensity for planar slip with decreasing SFE,
which promotes strain localization on a reduced
number of slip planes,12 exacerbating hydrogen-
assisted fracture. Further, typical deformation
behavior can be bounded by specific SFE ranges.
For example, transformation from c to e or a’-
martensite typically occurs if SFE is below
20 mJ m�2, whereas mechanical twinning is
reported if SFE falls between 15 and 30 mJ m�2.13

Both twinning and transformation may be promoted
if SFE lies in the relatively small range of 15–
20 mJ m�2.14

Metal microstructure can also significantly
impact performance in hydrogen environments.
Several studies have pointed to subtle microstruc-
tural variation, such as compositional gradients or
the presence of ferrite, as a factor in hydrogen-
assisted fracture behavior.15,16 Metal additive man-
ufacturing (AM) is an emerging manufacturing
technique that enables production of unique com-
ponent configurations through selective melting and
solidification of a feedstock. The microstructures
and defect populations produced by AM are distinct
from typical wrought products and influence mate-
rial performance in aggressive environments,
including hydrogen service.17–21 Similarly, it is
important to note that two 304L stainless steels

produced by different processing routes, for example
AM versus traditional processing, may have slightly
different compositions, which may also influence
material performance.

In this study we have deformed non-charged and
hydrogen charged forged 304L and AM 304L in-situ
while collecting synchrotron x-ray diffraction data
to probe microstructural evolution, including defor-
mation-induced phase transformations, and strain
partitioning behavior. The data highlight unique
aspects of hydrogen-deformation interactions, pri-
marily accounted for by differences in stacking fault
energy, for two 304L stainless steels produced with
distinct processing methods having subtly distinct
chemical compositions.

EXPERIMENTAL

The starting materials were 304L stainless steel
produced by forging operations or by laser powder
bed fusion additive manufacturing; the chemical
composition for each material is shown in Table I.
The forging was prepared by closed-die extrusion of
a 102 mm diameter bar followed by upset forging to
a diameter of 83 mm using a high energy rate
forging (HERF) technique. For all HERF steps, the
forging preforms were preheated to 1116 K prior to
forging. All forging and annealing steps were imme-
diately followed by water quenching. Full details of
the forging process have been published
elsewhere.22

The additively manufactured material was built
using an Electro-Optical Systems (EOS) M280 with
build parameters that have been enumerated pre-
viously.23 Briefly, large D-ring components with a
tall vertical plate section were fabricated on a 50.5-
mm-thick 304L baseplate with a vertical build
direction using the EOS-developed PH-1 20 lm
(layer height) setting. Aside from layer height
(20 lm), most of the build parameters were
obscured by the proprietary software.

The as-received microstructures for the forged
and AM material are depicted in Fig. 1. Samples
from each starting material were mechanically
polished by standard metallographic procedures
then vibratory polished in a 0.2 lm colloidal silica
suspension for several hours. Electron backscatter
diffraction (EBSD) maps were collected with an
EDAX Hikari Super EBSD detector using a

Table I. Approximate composition (wt. pct.) of the as-built 304L stainless steel and the as-forged 304L
stainless steel

Material Form Fe Cr Ni Mn Si C N O S P

AM Bal. 18.4 9.80 1.50 0.53 0.015 0.05 0.019 0.003 0.012
Forging Bal. 19.64 10.60 1.62 0.65 0.028 0.04 NR1 0.0042 0.020

1: Not Reported (NR)

Lawrence, Pokharel, Clausen, Brown, San Marchi, O’Brien, Lee, Park, and Kenesei2288



ThermoFischer Inspect F scanning electron micro-
scope and an accelerating voltage of 20.0 kV. For
the forged sample, a step size of 0.6 lm was utilized,
while a 0.5 lm step size was used for the AM
samples. The EBSD data was analyzed using OIM
Analysis v8 software.

Specially designed sub-size tensile samples with a
square gauge cross section (1 mm 9 1 mm, gauge
length 1.5 mm), shown in Fig. 2, were extracted
from forged and additively manufactured SS 304L
parts via electrical discharge machining. Specimens
from the AM material were extracted from the
monolithic plate section of the D-ring, with the
loading axis perpendicular to the build direction.
Similarly, specimens from the forging were
extracted with the loading axis perpendicular to
the upset forging direction. Atomic hydrogen was
dissolved into a subset of specimens by charging in
high-pressure hydrogen gas at elevated tempera-
ture following a standard procedure enumerated in
other works.24,25 Specimens were charged at a

hydrogen gas pressure of 138 MPa and a tempera-
ture of 573 K for 96 h to achieve a uniform hydrogen
concentration of 140 ppm by weight. Hydrogen
concentrations were measured with inert gas fusion
testing, as described elsewhere.26 Before straining,
H-charged specimens which had been stored in an
ultralow temperature freezer (� 223 K) were held
at room temperature (RT, � 298 K) for 1 h, to allow
the sample to equilibrate to ambient temperature.
For simplicity, the following nomenclature will be
used to identify materials/conditions: NC FG and
HC FG refer to non-charged forged and hydrogen-
charged forged samples, while NC AM and HC AM
refer to non-charged AM and hydrogen-charged AM
samples, respectively.

Uniaxial tensile tests were performed at the 1-ID-
E endstation at the Advanced Photon Source (APS)
at Argonne National Laboratory using a MTS 858
servo-hydraulic load frame with the Rotation and
Axial Motion Stage (RAMS) insert, a device spe-
cially designed to fit within the load frame to enable

Fig. 1. EBSD inverse pole figure maps for as-received forged 304L stainless steel (a) and as-received AM 304L stainless steel (b, c). In (a) the
normal direction, ND, is parallel to the forging direction while the two radial directions, RD, are non-unique. In (b, c) the build direction, BD, is
unique, while there are also two non-unique in-plane directions, IP1 and IP2.

In Situ X-ray Diffraction Investigation of Hydrogen Effects on Deformation-Induced Phase
Transformation in Forged and Additively Manufactured 304L Stainless Steels

2289



unobstructed sample rotation and deformation dur-
ing an x-ray experiment.27 The load frame was
operated under actuator displacement control at a
constant rate of 0.005 mm/s yielding an initial
engineering strain rate of 3 9 10–3 s�1 (calculated
by dividing the displacement rate by the specimen
gage length). Figure 3 presents the true stress–
strain curves collected during interrupted tensile
testing. Refer to online supplementary material for
engineering stress–strain curves.

Monochromatic x-rays with an energy of
71.68 keV were produced by the superconducting
undulator28 and 1-ID high-energy monochroma-
tor.29 The test specimen cross-section was illumi-
nated by a 1.8 9 0.1 mm2 beam, which corresponds
to approximately 1000 grains in the illuminated
volume. During each diffraction measurement 90
different diffraction patterns were recorded at 2-
degree integration angles and 0.9 s exposure times
at each load step, with the displacement held
constant during the measurements. This led to the
observed load drops in the stress–strain response
(Fig. 3a and b), which are indicative of stress
relaxation of the material during the diffraction
measurements, when the specimens were held at a
constant displacement. The diffraction data from
the 90 projections were then summed to perform
phase fraction and strain analysis. Scattered x-rays
were collected on a 2-dimensional GE 41RT detector
with 2048 9 2048 pixels (0.200 9 0.200 mm2 pixel
size) roughly centered on the straight-through beam
and positioned 1004 mm from the sample. As posi-
tioned, the detector subtended roughly 10� of
2h enabling the collection of 6 Debye–Scherrer
rings from austenite, 5 a’-martensite rings, and 12
e-martensite rings.

The specimens were initially installed only in the
bottom grip of the RAMS device in order to collect
lattice parameter and texture measurements in the
unloaded condition (i.e. as-machined or as-charged).
Specimens were then gripped in both fixtures and
pre-loaded to 4.45 N (approximately 5 MPa, with
slight variation based on measured cross sectional
areas) in tension and initial diffraction patterns
were collected. Each specimen was then strained in

predetermined increments, concluding at approxi-
mately the ultimate tensile strength (UTS) of the
material, as estimated from previous work.21,30

Tensile deformation was interrupted at about six
points through the elastic regime and eight to ten
points through the plastic regime; diffraction pat-
terns were collected while the sample was rotated at
each interruption, thereby measuring the evolution
of lattice parameter and phase fractions as a
function of applied load. Upon reaching the approx-
imate UTS, the test was stopped and the sample
slowly unloaded to 5 MPa, whereupon final diffrac-
tion patterns were collected.

RESULTS

Deformation-Induced Phase Transformations

The independent and combined effects of process-
ing and solute hydrogen on mechanical properties
and phase transformations in forged and AM 304L
are shown in Fig. 3. As expected, hydrogen charging
increases the 0.2% offset yield stress of both forged
and AM SS about 20% (Fig. 3a and b), consistent
with results from macroscale tensile testing.25

Notably, the AM samples, even those containing
internal hydrogen, sustained strains in excess of
30% without failure.

Evaluating the phase fraction evolution (Fig. 3c
and d) for the non-charged samples reveals that the
c-austenitic microstructure (face centered cubic,
FCC) of the forged 304L (NC FG) is stable through-
out the loading and unloading path imparted, as no
e-epsilon martensite or a’-alpha prime martensite
phases are observed to form during deformation in
the current tests. In contrast, both e and a’ phases
are formed during deformation of the NC AM
sample. Note that the e-martensite phase forms
prior to the a’ phase, consistent with other reports in
literature that e-martensite is an intermediate
product in the c fi a’ transformation.6,31–33 In the
NC AM sample, the e-martensite phase is first
observed at a macroscopic true strain value,
e = 0.061, followed by a’ at e = 0.154. Another key
feature of the deformation-induced phase transfor-
mation is the plateau observed in the e-martensite
formation at a phase fraction of � 0.027. Con-
versely, the transformation to a’-martensite contin-
uously increases to a total weight fraction of 0.075.
This observation suggests two possible effects at
large strains: (1) there are insufficient nucleation
sites available for new e-martensite formation and/
or (2) e-martensite may be consumed by the newly
forming a’-martensite embryos.34–36

Turning to the hydrogen charged specimens, it is
apparent that this concentration of solute hydrogen
has a marked effect on the phase transformation
behavior observed for both forged and AM SS.
Firstly, it is important to highlight that prior to
deformation, no martensite phases are detected in
the hydrogen charged samples. That is, the elevated
temperature and hydrogen pressure used to

Fig. 2. Specially designed sub-size tensile sample for use with the
RAMS insert in the MTS load frame at the 1-ID-E endstation at the
APS.
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saturate the microstructure with hydrogen has not
inherently promoted martensitic phase transforma-
tions. In other words, gas-phase hydrogen charging
does not generate sufficient strain to induce phase
transformation, unlike cathodic hydrogen charging,
which can induce phase transformations in the
absence of externally applied stress.37–42 This obser-
vation is important because it enables some decon-
volution of the relative importance of alloy
properties and deformation in hydrogen-enhanced
phase transformations. First, the HC FG sample

undergoes substantial austenite transformation,
where both e-martensite and a’-martensite are
observed as strain-induced transformation prod-
ucts. In this case, the onset of the austenite
transformation to e-martensite begins at e = 0.039;
whereas a’-martensite is detected at e = 0.103. The
e-martensite phase fraction reaches a maximum
fraction of about 0.1 at e = 0.13, followed by a
decrease in the weight fraction to 0.06 when the test
ends at e = 0.32. In contrast, the weight fraction of
a’ continuously increases to the end of the test,
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Fig. 3. True stress–strain curves for forged specimens (a) and AM specimens (b) showing locations of load interruptions, indicated by modest
load drops, observed during tensile holds for diffraction measurements. Note that the specimens were not pulled to failure, rather the test was
stopped after the approximate UTS of each specimen was reached. Phase fraction evolution as a function of true strain for forged specimens (c)
and AM specimens (d) both without internal hydrogen and charged with 140 wppm hydrogen.
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reaching a total weight fraction of 0.10. Similar
phase fraction evolution behaviors are observed for
the HC AM sample. In particular, the austenite
transformation to e-martensite begins at e = 0.043,
reaches a maximum weight fraction value of 0.075
at e = 0.18, and then decreases to a weight fraction
of about 0.06 at the end of the test. The a’-
martensite transformation begins at e = 0.091 and
reaches a maximum weight fraction of 0.27 at test
end, significantly surpassing the total transforma-
tion product observed in the HC FG and NC AM
samples. Relevant strain/phase fraction combina-
tions are collected in Table II for ease of
interpretation.

Hydrogen Effect on Lattice Parameter
and Lattice Strains

Lattice parameters were measured in-situ during
tensile loading. In the initial (unstressed) condi-
tions, all FG and AM samples were single phase
austenite, therefore only the change in the austenite
lattice parameter can be determined with respect to
a reference, zero-load, value. Initial longitudinal
(i.e. parallel to the loading direction) lattice param-
eters for each material condition are collected in
Table II. For brevity, transverse lattice parameters
are not tabulated, but the trends are consistent with
longitudinal values. Comparing the lattice param-
eter in the NC and HC conditions reveals that 140
wppm internal hydrogen causes a lattice expansion;
the longitudinal lattice parameter increases 0.044%
and 0.045% for the FG and AM steels, respectively.

The incremental change in lattice parameter
throughout tensile straining is used to compute
lattice strain, which is a generalized term referring
to elastic distortions. Other more precise terms for
describing elastic distortion of the lattice are ‘‘hkl-
specific strains’’ and ‘‘phase strains’’. First, hkl-
specific strains are determined from single peak
fitting using the following equation:

ehkli ¼ dhkl
i � dhkl

0

dhkl
0

; ð1Þ

where dhkl
i represents the interplanar spacing along

a specific {hkl} plane normal aligned with the
diffraction vector determined at an applied stress

and dhkl
0 is the reference d-spacing. Similarly, phase

strains are uniquely determined for each phase
from the volume averaged lattice parameter deter-
mined from Rietveld refinement of the entire
diffraction pattern as follows:43

ephi ¼ aph
i � aph

0

aph
0

: ð2Þ

In Eq. 2 ph refers to the crystallographic phase
for which the strain is calculated (austenite in this
case), i refers to the sample direction as defined by

the diffraction vector, aph
i is the lattice parameter

determined at an applied stress, and aph
0 is the

reference lattice parameter. Since both steels are
initially single-phase austenite, the reference d-
spacing and reference lattice parameter for austen-
ite are taken in the unloaded condition.

Figure 4a and b show the longitudinal austenite
hkl-dependent strains for the forged (a) and AM (b)
materials. The {311}, {220}, and {111} orientations of
austenite are plotted because they have been shown
to have the most linear elastic strain responses.44

The variation in orientation dependent strain
observed below the elastic limit is caused by the
known elastic anisotropy of austenitic steel.43,45

After bulk plasticity initiates, grains with {220} and
{111} plane normals parallel to the loading axis
display a minimal rate of increase of lattice strain
with corresponding macroscopic true stress incre-
ments. This ‘‘saturation’’ behavior indicates that
these grains are relaxing, by deforming plastically,
and fail to carry subsequent increases of macro-
scopic stress.43 Saturation behavior may indicate
that these planes are initially well-oriented for slip.
Conversely, the (311) oriented grains accumulate
strain throughout the tensile deformation and likely
carry the load partitioned from the relaxing (111)
and (220) grains. Load transfer among grain orien-
tations is characteristic of the (111)< 110> slip
system and the similarity in trends between the

Table II. Austenite lattice parameter for each material condition, measured in the unstressed state. Work
hardening calculated at 6% engineering strain (see supplementary figure S1 for engineering stress–strain
curves), total second phase quantity, and onset strains for e-martensite and a’-martensite phase
transformation in forged and AM 304L for each material condition

Material

Hydrogen
content
(wppm)

Unstressed c lattice
parameter (Å)

WH @ 6%
strain

e onset true
strain (pct.)

a’ onset true
strain (pct.)

Total second
phase (pct)

Forged
304L

0 3.593 3866 N/A N/A 0

Forged
304L

140 3.595 4424 3.9 10.3 17

AM 304L 0 3.592 4067 6.1 15.4 10.2
AM 304L 140 3.594 5002 4.3 9.1 32.8
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forged and AM materials may be linked to generally
similar initial dislocation densities imparted by the
HERF and AM processes used to manufacture the
starting materials.

Since lattice strains are a measure of stress on the
lattice, a pseudo ‘‘stress–strain’’ curve for the
austenite phase in each material condition can be
plotted using austenite phase strain in place of the
stress axis, as in Fig. 5. Additionally, the evolution
of macroscopic true stress as a function of austenite
phase strain is plotted in Fig. 6. In both Figs. 5 and
6, a shift away from the linear evolution of phase
strain with respect to macroscopic strain or true
stress can correspond to changes in stress transfer
between phases.46 Since only austenite phase
strains are shown, deviations from linear can imply
transfer of stress from the austenite to a deforma-
tion-induced martensite phase and an associated
change in deformation mechanism.

The trends of the curves for the NC FG and HC
FG samples in Fig. 5a are similar to the composite
stress–strain curves in Fig. 3b and the NC and HC
curve trajectories do not diverge appreciably from
each other. This suggests that the austenite phase
in the HC sample continues to support a propor-
tional amount of strain throughout loading, despite
the occurrence of deformation induced phase trans-
formations. Similar behavior is observed in Fig. 6,
which plots the macroscopic true stress versus
longitudinal austenite phase strain for each sample.
The slopes of the curves for both NC FG and HC FG
samples increase approximately linearly after the
onset of yielding, with an offset from the linear
elastic portion of the curve caused by anisotropy,
confirming that the austenite phase continues to

accumulate strain throughout the tensile test. Con-
sidering the AM samples, linear hardening for the
NC AM sample is shown in Fig. 5b; in contrast, the
austenite phase strain in HC AM sample diverges
from the NC AM phase strain (Fig. 5) and the shape
of the HC AM phase strain curve is noticeably
different from the HC AM composite stress–strain
curve (Fig. 3b). The plateau in phase strain of the
HC AM after e � 0.12 (Fig. 5b) and the associated
arrest in austenite phase strain (slope becomes
nearly vertical) after a true stress of � 660 MPa
(Fig. 6) indicates that load is partitioned from the
austenite phase to the harder martensite phase in
this specific case.

DISCUSSION

The combination of phase fraction and phase
strain evolution provide a framework for assessing
the influence of material condition on deformation
behavior. Of the four alloy/charging conditions
tested here, the NC FG will be considered as a
baseline condition because no deformation-induced
phase transformation is observed in this condition.
Beyond the macroscopic 0.2% offset yield stress,
plastic deformation of the austenite proceeds,
accompanied by some work hardening, as observed
in Figs. 3a and 5a. The austenite phase strain
increases continuously for every increment of
macroscopic stress, as shown in Fig. 6. Several
possibilities exist for the lack of a deformation
induced phase transformation in the NC FG sample.
It is possible that some limited transformation
occurred in another portion of the material that is
not observed in the area probed by the beam. It is
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Fig. 4. Austenite hkl-specific strains versus macroscopic true stress for the {311}, {220}, and {111} orientations for each specimen condition:
forged material (a) and AM material (b).
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possible that no transformation is observed because
the test was halted while deformation was still
uniform (i.e. no necking occurred).
Metastable austenite has been shown to be highly
sensitive to composition, strain level and strain rate
in the vicinity of room temperature,47 even resisting
martensite transformation until post-uniform defor-
mation for richer compositions. Alternatively, the
behavior may be more directly linked with stacking
fault energy (SFE), which is suggested to influence
the deformation behavior of austenitic steels and is
dependent on composition. In general, transforma-
tion from c to e or a’-martensite typically occurs if
SFE is below 20 mJ m�2, whereas mechanical twin-
ning is reported if SFE falls between 15 mJ m�2 and
30 mJ m�2;13 both twinning and transformation
may be promoted if SFE lies between 15 mJ m�2

and 20 mJ m�2.14 Intrinsic SFE (cSFEÞ for the non-
charged FG and AM material was estimated using
the calculation tool developed by Gibbs et al.,11

which is based on the thermodynamic driving force
for phase transformation to create a stacking fault
(DGc!e) within a parent crystal, following the
methodology of Olsen and Cohen,4,48 as in Eq. 3:

cSFE ¼ 2q DGc!eð Þ þ 2r ð3Þ

Here q is the molar surface density of atoms on
the {111}c crystal planes and r is the interfacial
energy per unit area of the stacking fault. The SFE
of a given alloy composition can be estimated if
sufficient thermodynamic data are available to
calculate the formation energy of the e-martensite
phase. Using this formalism, the calculated SFE of
the baseline NC FG material is 22.7 mJ m�2.
Therefore, the NC FG material falls in a SFE range
where mechanical twinning is the most favorable
deformation mechanism, as opposed to transforma-
tion. The x-ray diffraction data collected in the
current study does not provide a measure of twin-
ning propensity. However, favorability of deforma-
tion twinning at the calculated SFE is consistent
with observations reported by Sabisch et al.,31 who

investigated hydrogen effects on deformation bands
using interrupted tensile deformation of the same
forged SS 304L as in the present work. Their high-
resolution scanning transmission electron micro-
scopy (HRSTEM) and nanobeam diffraction studies
illuminate the deformation mechanisms that pro-
mote the phase transformation behavior observed in
the present work. Specifically, in their study, defor-
mation of non-charged samples up to 20% strain
resulted in initial dislocation networks organizing
into planar deformation bands composed of austen-
ite deformation twins, eventually intersecting, with
only a very small amount of a’-martensite isolated at
grain boundaries. Together the x-ray diffraction
data collected in the current study and HRSTEM
data suggest that the SFE of the NC FG sample is
sufficiently high to minimize austenite transforma-
tion during deformation.

A clear shift in deformation behavior is observed
for the NC AM material. In contrast with the NC FG
sample, the initially fully austenitic NC AM sample
readily transforms to e-martensite after yielding
followed by a’-martensite formation. Considering
the macroscopic, composite stress–strain behavior
(Fig. 3), the 0.2% offset yield strength of this sample
is slightly higher than its NC FG counterpart (true
stress values of 512 MPa versus 455 MPa, respec-
tively). This difference is likely linked to variation
in chemical composition (Table I) and microstruc-
ture (Fig. 1), including dislocation structures.43

After yielding, plastic deformation accompanied by
some work hardening is observed (Figs. 3 and 5b).
During initial plastic deformation, before any
austenite transformation occurs, the austenite
phase strains for the NC AM and NC FG samples
are parallel and overlaid (Fig. 6). That is, for an
increment of macroscopic stress, the phase strains
in the two samples are about the same, indicating
that the austenite in the NC AM is accommodating
deformation in the same manner as the NC FG
sample. However, after the onset of a’ formation, at
a true stress of � 659 MPa in the NC AM condition,
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Fig. 5. Austenite phase strains versus macroscopic strain, where phase strains are calculated from measured lattice parameters for each
specimen condition: forged material (a) and AM material (b).
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the austenite phase strain in the NC AM sample
diverges from the NC FG sample. In this regime, for
every increment of macroscopic stress, the NC AM
austenite phase strain is lower than the NC FG
phase strain. This suggests some load partitioning
from the austenite to the second phase martensite
while the austenite is still plastically deforming;
continued strain accumulation in the austenite is
consistent with the relatively small fraction of
martensite in the structure.

We can also consider the deformation and trans-
formation behaviors in the context of stacking fault
energy. The estimated SFE of the NC AM
(19.8 mJ m�2) essentially lies on the 20 mJ m�2

boundary below which martensite transformation
could become the preferred deformation mechanism
over twinning.13 And, in fact, austenite does trans-
form to martensite in the NC AM sample, but only
after measurable plasticity, as highlighted by com-
paring the onset strain in Fig. 3d with the macro-
scopic stress–strain curve in Fig. 3b. At the same
time, the c phase continues to accumulate strain
throughout tensile loading, as highlighted by the
effective hardening behavior shown in Fig. 5b and
the increasingly tensile slope after the onset of a’
formation in Fig. 6, which may be expected when
austenite remains the dominant deforming phase.
The sensitivity of SFE to composition,49–51 for
example the content of Ni, which is an austenite
stabilizer, may contribute to the observed difference
in transformation behavior between the NC AM and
NC FG materials studied here. For the alloys used
in this work, the Ni content in the NC AM is 9.8%

and has a SFE of 19.8 mJ m�2 as opposed the NC
FG with a Ni content of 10.6% and SFE of
22.7 mJ m�2. The NC AM sample experiences
strain-induced transformation, while no austenite
transformation is detected in the NC FG sample.
This result is consistent with an example provided
by Galindo-Nava et al.,13 who note that increasing
the Ni content to 10.5% from the baseline 8% in a
304 SS, increased the estimated SFE to 22 mJ m�2

from 17.8 mJ m�2 and concomitantly promoted
twinning, at the expense of transformation.

Pre-charging both forged and AM material with
140 wppm H has a pronounced effect on the
subsequent deformation behavior. Considering the
HC FG sample, the macroscopic yield stress
increased � 20% from the NC condition as a result
of strengthening by the high concentration of
hydrogen in solution, consistent with other pub-
lished results.25 Similarly, a moderate increase in
work hardening is observed after yielding (Fig. 3,
Table II). After the onset of austenite transforma-
tion, the HC FG sample begins to behave similarly
to the NC AM material. Specifically, once the a’
transformation is activated at true stress of � 660
MPa, the austenite elastic phase strain in the HC
FG sample diverges from the slope of the NC curve.
In this regime, for every increment of stress, the HC
FG austenite phase strain is lower than the NC FG
austenite phase strain suggesting that a greater
fraction of the load may be transferred to the second
phase martensite, although the austenite is still
plastically deforming. The magnitude of load parti-
tioning observed in Fig. 6 is greater for the HC FG
compared with the NC AM, concomitant with the
larger a’ and total second phase fraction.

The influence of hydrogen on promotion of defor-
mation-induced phase transformation in the forged
304L is notable and consistent with a similar study
using a stable austenitic stainless steel (21Cr-6Ni-
9Mn), which reported e-martensite transformation
only after hydrogen charging,52 and complementary
work with the forged 304L used here, which
reported considerably more austenite transforma-
tion in the HC condition and minor transformation
in the NC condition.31 The HRSTEM data presented
by Sabisch et al.31 again illuminate the connection
between deformation and phase transformation
behavior for the HC FG material. They observe
dislocation networks with extended stacking faults
in the unstressed HC (140 wppm) condition. Upon
deformation of the hydrogen charged sample up to
20% strain, deformation bands composed of austen-
ite deformation twins and e-martensite laths form
and eventually intersect, with larger quantities of
a’-martensite found predominantly at deformation
band intersections. It is important to note that
shear bands are initially parallel to one another,
with few intersections and concomitantly few nucle-
ation sites for a’ embryos. As deformation proceeds
and secondary slip systems begin to operate, shear
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bands will begin to intersect, providing a’-marten-
site nucleation sites. The deformation (and time)
required to develop the necessary nucleation sites
likely contributes to the delayed onset of a’-marten-
site formation observed in the present work.

It is widely suggested that hydrogen lowers the
stacking fault energy of austenitic stainless steels
and SFE has been considered as a metric for
hydrogen performance.9,10,38 The mechanisms by
which SFE reduction could occur are beyond the
scope of the current work. Here we will simply
consider that hydrogen interaction with disloca-
tions, stacking faults, or twins may serve to produce
an effect that can be captured as an effective
reduction in stacking fault energy. Several litera-
ture studies attempt to quantify the magnitude of
the hydrogen effect on SFE. Zhou et al.53 calculate
stacking fault energies by performing time averaged
molecular dynamics simulations using a Fe-Ni-Cr–
H quarternary interatomic potential and report
SFE reduction ranging between 8.5% and 100%
depending on hydrogen concentration at a disloca-
tion core. Pontini et al.54 measured stacking fault
energy reduction via XRD with the aid of TEM and
report a hydrogen-induced SFE reduction for AISI
304 stainless steel at room temperature of 37%,
roughly in the middle of the range reported by Zhou
et al. Here, we apply the reduction reported by
Pontini to the baseline SFE for the forged material
and estimate a potential SFE for the HC FG
material of 17.3 mJ m�2. At this lower SFE value
both twinning and martensite transformation are
likely promoted, consistent with x-ray diffraction
measurement of martensite fraction in the present
work and with HRSTEM imaging of twins and
martensite laths by Sabisch et al.31 Essentially,
internal hydrogen enables HC FG material to
behave like NC AM, which has a lower initial SFE
due to chemical composition differences, and pro-
motes austenite deformation.

The HC AM material displays the most compli-
cated deformation behavior. Beyond the elastic
limit, the work hardening in this material is higher
than for all other samples (Fig. 3, Table II). Addi-
tionally, the austenite transformation to e-marten-
site occurs almost immediately upon yielding; the
elastic limit is � 571 MPa, with e-martensite for-
mation at � 578 MPa (Fig. 6). In this early stage of
plastic deformation, twinning may be discouraged
in favor of e-martensite formation, though disloca-
tion–dislocation interactions continue. After the
onset of a’ transformation, the hardening behavior
indicated in Fig. 5b plateaus and the fraction of a’
begins to increase parabolically (Fig. 3d). In this
regime there may be sufficient intersecting e bands
that serve as viable a’ nucleation sites. Similarly,
after the a’ transformation begins at � 659 MPa,
the slope of the HC AM curve in Fig. 6 becomes
nearly vertical, which indicates saturation in the
austenite phase strain. That is, the elastic phase
strain ceases to increase with each increment of

stress. Here, deformation is accommodated in the
composite material by partitioning load from the
austenite to the second phase martensite. In this
regime it is possible that each increase in stress
activates a transformation and that austenite hard-
ening opportunities are diverted by transformation
even if plasticity mechanisms are still active. This
behavior is similar to behavior observed in some
TRIP steels.55,56 We again hypothesize that hydro-
gen influences the material in a way that can be
described by estimating a SFE reduction. Applying
the SFE reduction calculated by Pontini,54 we
estimate a SFE with hydrogen of 15.1 mJ m�2 for
the HC AM material. The current phase transfor-
mation results are consistent with deformation
regime maps in Ref. 13, which predict both e and
a’-martensite transformation will be promoted at
this low SFE, with a potential preference towards a’-
martensite formation. In fact, the diffraction results
indicate that a much larger fraction of a’-martensite
is formed in the HC AM at large strains, as
compared with the other conditions.

CONCLUSION

In situ x-ray diffraction measurements were
completed during deformation of forged and AM
304L stainless steel in non-charged and hydrogen
charged conditions. The key findings are as follows:

1. Deformation induced phase transformations (c
fi e/a’) only occurred after hydrogen charging
the forged 304L, whereas deformation induced
phase transformations occurred in both the non-
charged and hydrogen-charged AM 304L stain-
less steel.

2. Hydrogen charging with 140 wppm H depresses
the required applied strain to initiate austenite
transformation to e martensite and subsequent
a’ martensite formation.

3. Hydrogen charging with 140 wppm H increases
the work hardening rate and yield strength of
the material without an associated reduction in
ductility.

4. In the hydrogen-charged samples, the weight
fraction of e-martensite decreases after reaching
a maximum value on the order of 0.08, while a’-
martensite continued to form, suggesting that
the transformation to e-martensite becomes
unfavorable and e-martensite may be consumed
by the a’-martensite growth.

5. The total martensite fraction in the hydrogen-
charged AM 304L was considerably larger than
for either the NC AM or HC FG material.

6. Strain partitioning from austenite to martensite
occurs at large strains for the hydrogen-charged
AM 304L, whereas the austenite phase in the
non-charged AM and both forged samples accu-
mulates significant plastic strain throughout
the test duration with minimal, if any, load
partitioning.
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Austenite transformation behavior is linked to the
calculated stacking fault energy of the AM and
forged materials, which vary slightly in composi-
tion. Further, hydrogen is proposed to influence
stacking fault formation, which subsequently
affects martensite formation during deformation.
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