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Additive manufacturing (AM) of metals and alloys is becoming a pervasive
technology in both research and industrial environments, though significant
challenges remain before widespread implementation of AM can be realized.
In situ investigations of rapid alloy solidification with high spatial and tem-
poral resolutions can provide unique experimental insight into microstructure
evolution and kinetics that are relevant for AM processing. Hypoeutectic thin-
film Al–Cu and Al–Si alloys were investigated using dynamic transmission
electron microscopy to monitor pulsed-laser-induced rapid solidification across
microsecond timescales. Solid–liquid interface velocities measured from time-
resolved images revealed accelerating solidification fronts in both alloys. The
observed microstructure evolution, solidification product, and presence of a
morphological instability at the solid–liquid interface in the Al–4 at.%Cu alloy
are related to the measured interface velocities and small differences in
composition that affect the thermophysical properties of the alloys. These
time-resolved in situ measurements can inform and validate predictive mod-
eling efforts for AM.

INTRODUCTION

The production of complex metal and alloy com-
ponents using additive manufacturing (AM) tech-
niques represents a drastic departure from
traditional manufacturing processes. However,
while AM is poised to completely alter the design
and production of metallic parts across a broad
spectrum of industries, fundamental scientific chal-
lenges remain before AM can be fully realized as a
transformative technology. One of the most serious
challenges to wide-ranging adoption of AM to
metals is qualification, where concern is mainly
focused on quality of the additively manufactured
material.1,2 Enabling qualification requires physical
understanding of the materials science of the AM
process across broad length and timescales.

Components prepared by AM often exhibit
microstructures and properties that differ signifi-
cantly from those of conventional cast and wrought
alloy components. Of critical importance to AM
processes is an understanding of processing–mi-
crostructure–properties/performance relationships.
Much effort toward understanding these relation-
ships has been focused on modeling various aspects of
AM1,3–11—largely aimed at laser–materials interac-
tions, melt pool physics, process maps, microstruc-
ture and mechanical properties predictions, and
residual stress (with somewhat limited experimental
input with regard to these modeling efforts), for
example. Predictive modeling capabilities are critical
and provide a mechanism to develop a comprehensive
understanding of AM processes, but models must be
informed and validated by experimental data.
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In the case of selective laser melting (SLM) using
metal and alloy powders, the microstructures that
develop during AM result from rapid solidification,
an inherently non-equilibrium process. Microstruc-
tural spatial scales, metastable phase formation,
compositional segregation, distribution of phases,
and crystallographic texture are all factors that can
vary greatly as the solid–liquid transformation front
is driven further from equilibrium.12 The properties
and performance of additively manufactured com-
ponents will be dictated by the microstructures that
develop for a given composition and thermal history,
beginning with the rapid solidification process.
Understanding the microstructure evolution and
kinetics of these far-from-equilibrium phase trans-
formations at the requisite timescales is therefore
essential, and in situ studies of rapid solidification
therefore have significant scientific and technolog-
ical implications for AM.

Accessing the temporal regimes over which rapid
solidification occurs with in situ characterization tech-
niques has proved challenging experimentally, due to
the extremely high cooling rates (�105–107 K/s) and
resultantsolidification front velocities (�10�2–102 m/s)
experienced during rapid solidification.13–17 We use
time-resolved, in situ multi-frame transmission elec-
tron microscopy in this work to directly image the
solidification front and its evolution during rapid
solidification in thin-film Al–Cu and Al–Si alloys.
These alloys both contain eutectics in the Al-rich
portions of the equilibrium phase diagrams,18,19 with
eutectic temperatures/compositions of 548�C/�17
at.%Cu (�32 wt.%Cu) and 577�C/�12 at.%Si (�12
wt.%Si) for, respectively, the Al–Cu/Si systems. The
Al–Cu eutectic consists of terminal phases of a-Al and
the ordered intermetallic h-Al2Cu phase with a compo-
sition of �33 at.%Cu (�54 wt.%Cu); the Al–Si eutectic
spans the entire composition range and consists of a-Al
and pure Si. These alloys serve as model materials
systems due to the availability of well-defined thermo-
physical data20–26 that exist and numerous ex situ
studies of the microstructures that develop in rapidly
solidified Al–Cu27–34 and Al–Si24,35–38 alloys.

The dynamics of rapid solidification in pure Al16

and hypoeutectic Al–Cu17 alloy thin films were
previously characterized in situ using the dynamic
transmission electron microscope (DTEM)16,17,39–43

at Lawrence Livermore National Laboratory in
single-shot mode, allowing acquisition of a single
image at a specified delay time after a pulsed-laser
melting event. The DTEM instrument now operates
in Movie Mode,44,45 a single-shot, multiple-image
acquisition mode that permits the study of
microstructural evolution and kinetics in far greater
detail by allowing for acquisition of up to 9 images
with user-defined delay times after a pulsed-laser
melting event. Movie mode DTEM provides higher
data throughput and a reduction in uncertainty and
experimental error while following the dynamics of
complex, irreversible processes such as rapid solid-
ification. Here, we present results of in situ movie

mode DTEM investigations of rapid solidification in
thin-film, hypoeutectic Al–4 at.%Cu (Al–4Cu) and
Al–3 at.%Si (Al–3Si) alloys. This experimental
approach can be extended to other types of alloy
systems and is important for the development of
improved, validated predictive modeling capabilities
for AM and, more generally, non-equilibrium mate-
rials processing.

EXPERIMENTAL

Sample Preparation and Characterization

Al–4 at.%Cu (Al–4Cu) thin films were deposited
on 50-nm-thick silicon nitride support film TEM
grids (Ted Pella) at room temperature by dual
electron beam evaporation (Pascal Technolo-
gies Dual E-Beam Deposition System). The typical
base vacuum in the chamber before deposition
was<5 9 10�8 Torr, and the evaporation rate was
maintained between 2 nm/s and 2.5 nm/s. Surface
profilometry confirmed the film thickness of 80 nm
and the chemical composition of the films was
measured utilizing a JEOL JEM2100F TEM/STEM
operated at 200 kV and equipped with an energy-
dispersive spectroscopy (EDS) detector. The as-
deposited Al–4Cu films were nanocrystalline with
an average grain size of �50 nm.

Al–3 at.%Si thin films were deposited on 50-nm-
thick silicon nitride support film TEM grids (Ted
Pella) and PELCO� 6–8 layer graphene TEM
support films on lacey carbon, 300-mesh copper
grids (Ted Pella) using dc magnetron sputtering in a
chamber with a base pressure of<5 9 10�8 Torr.
The process pressure was 3.3 9 10�3 Torr. The
main sputter target was Al–1 wt.%Si, run using a
power of 300 W, with a secondary Si target to
increase the Si content, run using a power of 10 W.
Chemical compositions of the depositions on lacey
carbon were measured utilizing a FEI Tecnai Ana-
lytical TEM/STEM operated at 300 kV and
equipped with an EDS detector. All the as-deposited
Al–3Si films were nanocrystalline.

Post-mortem microstructure characterization of
the rapidly solidified Al–Cu and Al–Si microstruc-
tures using high-angle annular dark-field scanning
transmission electron microscopy (HAADF STEM)
was conducted in a JEOL JEM-2010F TEM/STEM
instrument operated at 200 kV and a FEI Tecnai
Analytical TEM/STEM operated at 300 kV.

Time-Resolved Transmission Electron
Microscopy

In situ rapid solidification experiments were
conducted in the DTEM operating at 200 kV in
movie mode, which allows acquisition of 9 frames
with user-controlled exposure times per frame and
inter-frame temporal spacings from a single drive
laser (melting) event. The thermal stimulus for
melting was provided using a 1064-nm wave-
length, �15-ns pulsed Nd:YAG laser with a
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Gaussian beam profile (1/e2 diameter of 135 ± 5 lm)
incident at 45� to the alloy thin films and laser pulse
fluences of �530 ± 40 mJ/cm2 and �580 ± 40 mJ/
cm2 for, respectively, the Al–4Cu and Al–3Si alloys.
Photo-emitted electron pulses were generated with
a fiber-based Nd:YAG laser converted to 5th har-
monic (213 nm) incident on a Ta disk that serves as
a photocathode in the DTEM. Imaging of the
solidification dynamics was performed with a 50-
ns duration electron pulse, which represents expo-
sure time per frame and thus the temporal resolu-
tion of the DTEM imaging experiments. An
electrostatic deflector installed beneath the electron
optics in the TEM column shifts each frame to a
different part of a 2 k 9 2 k CCD camera with
single-electron detection sensitivity, allowing acqui-
sition of the 9 frames in a single exposure of the
CCD camera while circumventing the �ms tempo-
ral limit on the refresh rate of the camera. Thus,
each acquisition is a 2 k 9 2 k image that is divided
into 9 frames of approximately equal size.

User-defined pulse trains were chosen, depending
on the data to be acquired, to image the rapid
solidification processes at different magnifications.
Low-magnification imaging allowed observation of
the entire melt pool in the field of view of each of the
9 frames with intrinsic spatial resolutions
of �148 nm/pixel and �173 nm/pixel for experi-
ments with, respectively, Al–4Cu and Al–3Si. These
images provided measurements of solidification
front velocities and overall microstructure evolution
during rapid solidification. Low-magnification
experiments were conducted with a 2.5-ls inter-
frame temporal spacing. Higher-magnification
imaging allowed for observation of various growth
modes at specific locations along the solid–liquid
interface across time intervals identified by low-
magnification imaging experiments. Higher-magni-
fication experiments were conducted using 0.5-ls
and 1.0-ls inter-frame temporal spacings for,
respectively, Al–4Cu and Al–3Si, and images were
acquired with an intrinsic spatial resolution
of �17.3 nm/pixel.

Image Analysis for Velocity Measurements

Solidification front velocities were measured
directly from the low-magnification time-delay
images. Quantitative measurements of the area
and semi-major, ra, and semi-minor, rb, axes of the
elliptical melt pool were performed using Ima-
geJ.46,47 The shapes of the melt pools are elliptical
as a result of the 45� angle of incidence of the
Gaussian laser pulse relative to the film normal.
The measurements of the axes of the melt pool were
determined with errors of ± 450 nm and ± 520 nm,
respectively, for Al–4Cu and Al–3Si, corresponding
to an absolute error range of �6 pixels. Error bars
on plots of the melt pool areas and semi-major and
semi-minor axes of the melt pools represent this
statistical measurement error combined with

systematic error introduced by fluctuations in the
laser energy (�2.5%) between melting/solidification
experiments that lead to small differences in the
size of the melt pool. For the Al–4Cu and Al–3Si
velocity measurements, this systematic error was,
respectively, 1.0% and 1.25%, representing just the
variation in laser fluence between experiments at
low magnification that were used for the
measurements.

RESULTS

Figure 1 presents time-delay sequences of images
recorded during rapid solidification following
pulsed-laser melting in (a) Al–4Cu and (b) Al–3Si
thin films. Each row of images in Fig. 1 was
recorded from a separate solidification experiment
performed with initial delay times of 0 ls, 20 ls, or
40 ls, as indicated under the first image of each
row. A full sequence of 9 images spanned 20.4 ls.
The last image of each sequence shows that solid-
ification was complete by the designated time (32.75
and 47.65 ls for, respectively, the Al–4Cu and Al–
3Si alloy films). The initial grain size of the as-
deposited films was on the order of the film thick-
ness (�50–100 nm). This nanocrystalline grain
structure was not resolved at the magnifications
used to obtain the time-resolved images in Fig. 1.
The melt pool, labeled in the 0-ls image of Fig. 1a, is
the darker featureless region with low contrast in
each image, relative to the contrast due to grain
growth and crystallographic orientation displayed
in the newly formed solid phase surrounding the
melt pool. The solid–liquid interface is clearly
evident in the images of Fig. 1, allowing for tracking
of solidification front evolution with time.

In both the Al–4Cu and Al–3Si alloys, the solid–
liquid interface appears sharp and morphologically
planar, with no evidence of dendritic growth during
rapid solidification. In the Al–4Cu alloy, the initial
melt pool dimensions were �38 lm and 31 lm along
the semi-major and semi-minor axes, respectively.
Directional crystal growth commenced between 5.1
and 7.65 ls, evidenced by the columnar grains that
propagate radially inward, and was complete
by �31 ls. At the end of the rapid solidification
process (�28–30 ls), a morphological instability48,49

developed at the solid–liquid interface. This will be
become more apparent subsequently. In the Al–3Si
alloy, the initial melt pool dimensions were �42 lm
and 33 lm along the major and minor axes, respec-
tively. Directional crystal growth commenced
between 7.65 ls and 10.2 ls, again evidenced by
the radial propagation of columnar grains, and was
complete by �45 ls.

Figure 2 shows plots of the time evolution of the
(a) melt pool area, (b) semi-major, ra, and semi-
minor, rb, axes of the melt pool, and (c) solidification
front velocities along each axis, va and vb, for both
alloys, obtained directly from the time-resolved
images of Fig. 1. Error bars were calculated as
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described in the ‘‘Experimental’’ section. The data
for ra and rb for each alloy were fit to a second-order
polynomial: r = a1t2 + a2t + a3. The coefficients and
standard error of the coefficients are provided in
Table I, along with values of R2 and the mean
absolute error for each fit. A major source of error in
the polynomial fits arises from using multiple
experiments to span the timeframe of rapid solidi-
fication for each alloy. Increasing the inter-frame
temporal spacing to capture the entire rapid solid-
ification event in a single experiment (i.e., a single
movie mode acquisition) results in a reduction of
data available for fitting with the potential to miss
completely the onset of growth or growth-mode
changes, which is why an inter-frame temporal
spacing of 2.55 ls was chosen. In Fig. 2b, both ra

and rb decrease monotonically with time during
rapid solidification, and the rate of change is higher
along ra than along rb. This is a consequence of the
local curvature along the elliptical melt pool, lead-
ing to a higher rate of heat extraction along ra, and
has been confirmed by finite-element model calcu-
lations.50 This also implies a range in the rate of

change of the axis length, and this is indicated in
Fig. 2b by the gray shading between the polynomial
curves for the time evolution of ra and rb, which will
be the points of, respectively, maximum and mini-
mum local curvature (and, hence, heat extraction)
along the solid–liquid interface.

The polynomial expressions for the time evolu-
tion of ra and rb were differentiated with respect to
time to obtain linear expressions for the velocity
evolution with time along each axis, va and vb. The
solidification front velocities are plotted in Fig. 2c,
where the gray shading now represents a range of
velocities that depends on position along the solid–
liquid interface. It is evident from the velocity
plots that the solid–liquid interface accelerated as
rapid solidification progressed. For the Al–4Cu
alloy, va and vb increased from, respectively,
�0.67 m/s and 0.55 m/s at 5.1 ls to �2.1 m/s and
1.8 m/s at 30.2 ls. For the Al–3Si alloy, va and vb

accelerated from, respectively, �0.78 m/s and
0.60 m/s at 7.65 ls to �1.4 m/s and 1.1 m/s at
45.1 ls. As seen in Fig. 2c and using the values
provided in Table I, the steady-state constant

Fig. 1. Dynamic time-delay sequence of images recorded with low spatial resolution during rapid solidification in (a) Al–4Cu and (b) Al–3Si alloy
thin films after pulsed-laser melting. The indicated times below each image are the delays (in ls) between the peak of the Gaussian laser pulse
that melted the film and the 50-ns electron pulse used to form the image.
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accelerations, aa and ab, were, respectively,
5.8 9 104 m/s2 and 4.8 9 104 m/s2 for Al–4Cu and
1.6 9 104 m/s2 and 1.2 9 104 m/s2 for Al–3Si. In
both alloys, an initial rapid acceleration must have
occurred prior to the steady-state growth mode of
constant acceleration captured in the DTEM
image sequences of Fig. 1, as all four of the linear

plots for the velocity evolution in Fig. 2c extrapo-
late back to negative times for zero velocity, which
is unrealistic. This indicates that shorter inter-
frame temporal spacings are required to capture
this rapid initial acceleration and the transition to
the steady-state constant acceleration during
columnar growth.

Fig. 2. For (left) Al–Cu and (right) Al–Si: time evolution of (a) area of the melt pool, (b) semi-major and semi-minor axes of the melt pool, and (c)
solidification front velocity. The gray areas bounded by the semi-major and semi-minor axes in (b) and (c) represent, respectively, the ranges of
axis length and velocity along the solid–liquid interface.
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The measured velocities can be related to the
microstructure evolution seen in Fig. 1. In both
alloys, growth commenced after an initial incuba-
tion period. In the Al–4Cu alloy, an instability at the
solid–liquid interface led to a growth-mode transi-
tion at high velocity (�2 m/s). The approximate
velocity ranges of these zones of the rapid solidifi-
cation process are indicated on Fig. 2c. Using the
low-magnification images of Fig. 1, the approximate
timeframes for growth modes and growth-mode
transitions were determined for each alloy, and
time-resolved imaging experiments were conducted

using shorter inter-frame temporal spacings (appro-
priately chosen based on the measured solidification
velocities of Fig. 2c) at higher magnification.

Figure 3 presents the growth modes and growth-
mode transitions in the Al–4Cu alloy, showing (a)
the transition from incubation to growth, (b) the
early stages of columnar growth at the perimeter of
the melt pool, (c) later stages of columnar growth
near the center of the melt pool, and (d) instability
at the solid–liquid interface and subsequent growth
to the end of solidification. It should be noted that
the small deviations in the times for the growth

Fig. 3. Dynamic time-delay sequences of images recorded with higher spatial resolution during rapid solidification in an Al–4Cu thin-film alloy,
showing (a) the transition from incubation to growth, (b) the early stages of columnar growth at the perimeter of the melt pool, (c) columnar growth
near the center of the melt pool, and (d) instability at the solid–liquid interface and subsequent growth to the end of solidification. Images labeled
Re-solidified were acquired minutes after the rapid solidification experiment. In (a), the red lines are meant to highlight the solid–liquid interface.
The red arrows in (b) and (d) indicate the direction of growth.

Table I. Fitting parametersa obtained for polynomial fits to the time evolution of the semi-major and semi-
minor axes of Al–Cu and Al–Si melt pools

Al–Cu Al–Si

Major axis Minor axis Major axis Minor axis

Coefficients a1 a2 a3 a1 a2 a3 a1 a2 a3 a1 a2 a3

�0.029 �0.375 41.29 �0.024 �0.307 33.30 �0.008 �0.657 48.24 �0.006 �0.510 37.48
Standard error 0.004 0.135 1.080 0.004 0.126 1.011 0.002 0.118 1.419 0.002 0.101 1.214
R2 0.9966 0.9955 0.9939 0.9928
Mean absolute error 0.5927 0.4952 0.8138 0.7248

aThe experimental data were fit to a second-order polynomial: r = a1t2 + a2t + a3. The coefficients and standard error of the coefficients
are provided in the table, along with values of R2 and the mean absolute error for each fit.
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modes and growth-mode transitions relative to
those of Fig. 1 are due to fluctuations in the laser
energy used to produce the melt pools. During the
incubation period prior to growth, small equiaxed
grains (the region highlighted by the red lines in
Fig. 3a) with random crystallographic orientations
(evident from the contrast in the DTEM images,
where darker grains were closer to a zone-axis
orientation) developed along the perimeter of the
melt pool. These grains were part of a larger heat-
affected zone surrounding the initial melt pool that
was the result of the Gaussian profile of the laser
used to melt the alloy film. The transition to growth
occurred when the equiaxed grains at the solid–
liquid interface began to elongate along the direc-
tion of heat flow from the liquid to the solid phase
(i.e., the radial direction, perpendicular to the solid–
liquid interface), while slightly expanding in the
direction parallel to the solid–liquid interface,
which likely resulted from an undercooling due to
Cu rejection from the grains at the solid–liquid
interface. This elongation and expansion of the
grains at the solid–liquid interface is more clearly
seen in Fig. 4a, where the first and last images
(5.55 ls and 8.85 ls) of the time-delay sequence of
Fig. 3a are enlarged.

Columnar growth is evident in Fig. 3b and c. The
red arrows in Fig. 3b indicate the crystal growth
directions (radially inward). Measurements using
Fig. 3b and c yield local velocities along the solid-
ification front of, respectively, �0.24–0.35 m/s dur-
ing the early stages of columnar growth and �0.76–
0.84 m/s during the later stages of columnar
growth. These velocities are consistent with the

range of values measured from low-magnification
DTEM images of the entire melt pool (Fig. 2), as
well as with observations and measurements of an
accelerating solidification front. The lower velocity
range (�0.24–0.35 m/s) measured during the early
stages of growth also provides evidence for an initial
rapid acceleration prior to the steady-state acceler-
ation that developed during columnar growth,
though further experimentation is ongoing with
finer inter-frame temporal spacings (<500 ns) to
confirm this.

Figure 3d shows the transition from steady-state
columnar growth to instability development along
the solid–liquid interface. (Comparison with Figs. 1
and 2 reveal a small discrepancy between the times
to instability and completion of solidification. This is
a consequence of small fluctuations in laser energy
between experiments.) A morphological instability
at the solidification front occurred at a critical
velocity, predicted to correspond to the velocity of
absolute stability,48,49 leading to a banded morphol-
ogy microstructure31,33,51,52 at the center of the
rapidly solidified alloy melt pool. Interface velocity
measurements (Fig. 2) determined that the insta-
bility occurred at �2 m/s, which is consistent with
previous ex situ velocity measurements and calcu-
lations31,33 for an Al–4Cu alloy. At this instability
point, growth transitioned from an inward radial
direction opposite that of heat flow to an oscillatory
growth mode where the solidification front
advanced simultaneously along directions both par-
allel and perpendicular to the isotherms of the
elliptically-shaped melt pool, as indicated by the red
arrows in Fig. 3d. In Fig. 4b, the 32.0-ls and 32.55-
ls images of Fig. 3d appear enlarged, to illustrate
more clearly this oscillatory growth mode. It is
evident that the local curvature of the solid–liquid
interface is much higher along the semi-major axis
than along the semi-minor axis during instability
evolution. In all in situ experiments for the Al–4Cu
alloy, this morphological instability occurred in
grains located along the semi-major axis. This is
consistent with the higher heat extraction of the
elliptically-shaped melt pools, which results in a
higher solidification front velocity for interface
segments along the semi-major axis (Fig. 2c).50

Figure 5 presents HAADF STEM images
acquired from the (a) edge and (b) center of the re-
solidified Al–4Cu melt pool, showing the microstruc-
tural zones and composition variations that devel-
oped during rapid solidification. The contrast in the
HAADF-STEM images is primarily due to a depen-
dence on atomic number, Z.53 As observed in thin-
film rapid solidification experiments with higher-Cu
content Al–Cu alloys,17 the small-grained
microstructure shown in Fig. 5a at the edge of the
melt pool consists of a hypoeutectic structure, with
equiaxed grains of proeutectic a-Al (dark contrast in
the images) surrounded by a Cu-enriched h-Al2Cu
phase (bright contrast in the images) at the boundaries
of these grains. This hypoeutectic microstructure is

Fig. 4. Enlarged images from (a) Fig. 3a, b, and d, to more clearly
show the growth-mode transitions from (a) incubation to growth and
(b) columnar growth to instability development.
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part of a larger heat-affected zone that resulted
from the Gaussian profile of the laser heating pulse,
where the temperature profile through the heat-
affected zone decayed with distance from the edge of
the melt pool from the melting temperature, Tm,
through the mixed-phase (a + L) region of the
equilibrium phase diagram to the eutectic temper-
ature, Teut, and then to temperatures below Teut.
The microstructural coarsening and phase separa-
tion that produce this hypoeutectic microstructure,
relative to the initial nanocrystalline grains of the
as-deposited thin films, can be attributed to the
initial heating with the laser pulse and subsequent
transport of heat through the plane of the alloy
film during all stages, but predominantly during
the incubation period, of the rapid solidification
process.

The transition from incubation to growth and the
rapid acceleration associated with this transition
can be related to the resultant microstructure. In
the initial transition region of the Al–4Cu solidifi-
cation microstructure (highlighted by the red lines
in Fig. 5a), grains of a-Al solid solution grew with
shapes elongated along the growth direction (oppo-
site the direction of heat flow), clearly deviating
from the equiaxed grain shape in the heat-affected
zone surrounding the melt pool. The contrast
changes in the HAADF-STEM images of Fig. 5a,
where the darker contrast (Al-rich) transitions to a
brighter contrast (increased Cu content) along the
direction parallel to grain growth (radially inward)
across �500 nm, would be consistent with a compo-
sition change across this region and is likely due to
rapid acceleration of the solid–liquid interface
velocity that led to solute trapping54,55 under non-
equilibrium growth conditions. This interpretation
is consistent with the velocity measurements of
Fig. 2, which indicate a rapid acceleration of the
solidification front at the transition from incubation
to directional crystal growth. This transition facil-
itates directional solidification of a non-equilibrium
eutectic product, as inferred from the appearance of
the Cu-enriched intragranular precipitates (bright
contrast in Fig. 5). Prior work used selected-area
diffraction patterns to determine that the Cu-en-
riched precipitates are consistent with h-phase-
related structures.56–59

Growth then proceeded with a columnar mor-
phology and steady-state acceleration to the point of
absolute stability,48,49 as seen in Fig. 5a and b. This
columnar grain morphology was a result of the
polycrystalline state of the as-deposited film. The
columnar grains, as shown in Figs. 1 and 3,
advanced during growth with a planar, morpholog-
ically smooth solidification front until the onset of
instability at the solid–liquid interface. A competi-
tive growth process occurred during this steady-
state acceleration, where a subset of columnar
grains expanded laterally at a sufficiently rapid
rate to occlude the growth of neighboring grains.
This occlusion process was active during the entire

columnar growth stage, as evidenced by Fig. 5.
Large elongated columnar grains extend from the
edge to center of the melt pool, ranging in length
from � 25 lm to 30 lm and width from �0.5 lm to
3.5 lm with a thickness of 0.08 lm. The columnar
grains are comprised of the intragranular non-
equilibrium eutectic solidification product.17 Similar
to the two-phase microstructure in the heat-affected
zone, a continuous Cu-enriched phase was also
present at the boundaries between all columnar
grains (Fig. 5). This likely resulted from Cu rejec-
tion during rapid directional growth of the columnar
grains of non-equilibrium eutectic. Higher curva-
ture of the solid–liquid interface at boundaries
between neighboring solidifying grains due to crys-
tallographic misorientation would be expected to
lead to rejection of Cu at these boundary junctions
to produce the conditions for formation of this Cu-
enriched phase.

Morphological instability at the solid–liquid inter-
face occurred at a velocity of �2 m/s (see Figs. 1 and
2), resulting in the large central region of the re-
solidified microstructure shown in Fig. 5b. This
microstructural region consists of a banded mor-
phology common to many rapidly solidified
alloys17,29,51,60–62 in which the solidification condi-
tions reach a critical velocity that produces the
interfacial instability.48,49 The banded morphology
solidification microstructure is comprised of alter-
nating bands of microsegregation-free, supersatu-
rated solid solution a-Al, a product of partitionless
crystal growth (composition analyses by EDS58 have
shown that these bands exhibit the nominal alloy
composition, consistent with complete solute trap-
ping), and bands of the same non-equilibrium
eutectic micro-constituent present throughout the
columnar grains. The banding was produced when
the oscillatory instability initiated at a critical
velocity (typically described as the point at which
the solidification front velocity exceeds the diffusiv-
ity of solute in the liquid, and represented by a rapid
increase of the velocity-dependent partition coeffi-
cient toward unity),63 resulting in concurrent
growth modes: radial growth of non-equilibrium
eutectic product and partitionless growth of micro-
segregation-free a-Al along isothermal profiles
within the melt pool. The evolution of this instabil-
ity with concurrent growth modes was observed in
the time-resolved imaging experiments and is
shown in Figs. 3 and 4. It is also evident that the
central banded structure formed from numerous
grains, where columnar grains closest to the major
axis of the elliptical melt pool (and hence, highest
curvature along the melt pool with highest rate of
heat extraction and solidification front velocity)
expanded rapidly in a lateral direction along
isotherms with a partitionless growth mode, forcing
neighboring grains to grow laterally around these
fastest-growing grains and preventing further
growth of the large majority of columnar grains.
Essentially, over a short timeframe, numerous
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Fig. 6. Dynamic time-delay sequences of images recorded with higher spatial resolution during rapid solidification in an Al–3Si thin-film alloy,
showing (a) the transition from incubation to the early stages of growth, (b) the early stages of columnar growth at the perimeter of the melt pool,
and (c) columnar growth near the center of the melt pool. Images labeled Re-solidified were acquired minutes after the rapid solidification
experiment. In (a), the red lines are meant to highlight the solid–liquid interface. The red arrows in (b) indicate the direction of growth.

Fig. 5. HAADF STEM images acquired from the (a) edge and (b) center of a re-solidified Al–4Cu melt pool showing the microstructural zones
and composition variations that developed during rapid solidification. The red lines in (a) along the perimeter of the re-solidified melt pool indicate
the transition from incubation to growth. The presence of dark circular holes in the re-solidified film may be due to hydrogen outgassing of the
amorphous silicon nitride substrates at high temperature.80
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different grains reached the critical conditions for
the instability point to yield the central banded
region of the rapidly solidified alloy microstructure.

In contrast to the composition segregation and
instability that occurred during rapid solidification
of the Al–4Cu alloy, rapid solidification in the Al–
3Si alloy progressed with only a transition to
columnar growth, as shown in Fig. 1. Figure 6
presents the growth modes and growth-mode tran-
sitions in the Al–3Si alloy, showing (a) the transi-
tion from incubation to growth, (b) the early stages
of columnar growth at the perimeter of the melt
pool, and (c) columnar growth near the center of the
melt pool. As in Al–4Cu, the transition to growth in
Al–3Si occurred when equiaxed grains at the solid–
liquid interface began to elongate along the direc-
tion of heat flow from the liquid to the solid phase
(i.e., the radial direction, perpendicular to the solid–
liquid interface), while slightly expanding in the
direction parallel to the solid–liquid interface.
Columnar growth is evident in Figs. 6a–c, though
clearly some of the contrast in these images is due to
bend contours (see, for example, the ‘‘Re-solidifed’’
image in Fig. 6b). The red arrows in Fig. 6b indicate
the growth direction (radially inward) for the
columnar morphology rapid solidification product.
Measurements using Fig. 6 yield local velocities
along the solidification front of, respectively, �0.12–
0.24 m/s during the early stages of columnar growth
and �0.49–1.0 m/s during the later stages of colum-
nar growth, again consistent with the range of
values measured from low-magnification DTEM
images of the entire melt pool (Fig. 2), as well as
with observations and measurements of an acceler-
ating solidification front.

Figure 7 presents HAADF STEM images
acquired from the (a) edge and (b, c) columnar
growth and central regions of a re-solidified Al–3Si
melt pool, showing the microstructural zones that
developed during rapid solidification. In Fig. 7, a
fine-scale structure is evident in the images (par-
ticularly in the higher-magnification images in the
right column), indicative of small-grained precipi-
tation throughout all regions of the microstructure.
It is reasonable to assume that a supersaturated a-
Al phase was formed during rapid solidification
processing and, due to the mutual immiscibility of
Al and Si, precipitation of Si occurred during post-
solidification cooling. This has been observed in
prior rapid solidification studies of Al–Si alloys37

and has been shown to lead to increases in the
hardness of Al–Si alloys after aging at relatively low
temperatures for short times.64

Based on the images in Fig. 6, coarsening with
negligible compositional segregation occurred dur-
ing incubation. During the transition from incuba-
tion to growth, grains of supersaturated a-Al solid
solution grew with shapes elongated along the
growth direction (opposite the direction of heat
flow). Growth of supersaturated a-Al then proceeded
with a columnar morphology and steady-state

acceleration to the completion of rapid solidification,
with no instability at the solid–liquid interface. This
columnar grain morphology was again a result of
the polycrystalline state of the as-deposited film.
Columnar grains, as shown in Figs. 1 and 6,
advanced during growth with a planar, morpholog-
ically smooth solidification front. As with the Al–
4Cu alloy, a competitive growth process was active
during steady-state acceleration, leading to occlu-
sion of grains that grew and expanded with slower
rates. This occlusion process was active during the
entire columnar growth stage, as evidenced in
Figs. 6 and 7. Again, large elongated columnar
grains extend from the edge to center of the melt
pool, ranging in length from � 25 lm to 30 lm and
width from �0.5 lm to 4.5 lm with a thickness of
0.1 lm. In contrast to Al–Cu, the columnar grains
terminate at the center of the melt pool along a
distinct line, with a morphology similar to that of a
weld centerline where grains curve toward this
centerline with a degree that depends on proximity
to the major axis of the elliptical melt pool. This is a
result of an increasing rate of heat extraction with
proximity to the major axis of the elliptically-shaped
melt pool, due to higher local curvature as a
function of position along the solid–liquid interface
(see the time-resolved images of Fig. 1b).

DISCUSSION

In Situ Rapid Solidification Experiments with
Al–Cu and Al–Si Alloys

The Al–Cu and Al–Si alloys investigated are
hypoeutectic binary alloys with aluminum as the
major constituent. The results show that the addi-
tion of solute, dependent on chemical species, leads
to significant changes in rapid solidification behav-
ior, resultant microstructure, and the presence of
instabilities at the solidification front relative to
similar processing conditions in pure Al.16 These
differences can be understood in terms of relevant
thermophysical parameters and solidification the-
ory. Rapid solidification in both Al–Cu and Al–Si
alloys has been studied extensively,17,27–33,36,37,57

and serve here as benchmark model systems for
rapid solidification studies in nanoscale systems
with planar thin-film geometries. It is a goal of the
current research to extend the types of experimen-
tal observations and measurements performed here
for the two model alloys to other relevant materials
systems to further develop the scientific foundations
underlying microstructure evolution during AM
processing, while also informing and validating
predictive modeling capabilities related to AM.

Incubation, the time between laser melting and
initiation of rapid-solidification-related crystal
growth, can be explained by considering the differ-
ence in laser absorptivity between the solid and
liquid states of the alloys. Upon laser irradiation,
there is a stepwise increase in the absorptivity of
aluminum at the melting temperature,65 where the
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absorption by liquid aluminum is �1.5–2 times
greater65,66 than that of solid aluminum. Melting
of the thin alloy films will occur at picosecond
timescales67 and commence at the upper surface of
the films due to skin-depth effects. The liquid melt
pool therefore absorbs significantly more energy

during the �15-ns laser irradiation, producing a
steeper initial thermal gradient in the liquid melt
pool relative to the surrounding solid film. The
mixed-phase solid–liquid region (mushy zone) that
develops at the perimeter of the melt pool after
pulsed-laser melting can be expected to collapse

Fig. 7. HAADF STEM images acquired from the (a) edge and (b, c) columnar growth and central regions of a re-solidified Al–3Si melt pool
showing the microstructural zones that developed during rapid solidification.
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quickly (<1 ls) based on thermal conductivities,
heats of fusion, and estimated temperature gradi-
ents, as observed in the time-resolved images of
Fig. 1, where the 0-ls images show a diffuse solid–
liquid interface that was sharp and distinct by
2.55 ls. Incubation can therefore be characterized
by rapid collapse of the mixed-phase region at the
perimeter of the melt pool, followed by evolution
toward thermal conditions at the solid–liquid inter-
face that eventually favor directional crystal
growth. At these temperatures (�630�C and 645�C
for, respectively, Al–4Cu and Al–3Si based on
equilibrium phase diagrams),18,19 the thermal con-
ductivities, j, of both solid alloys are higher than
the liquid alloys and an order of magnitude higher
than that of the amorphous silicon nitride mem-
branes (see Table II). Thus, as confirmed by numer-
ical modeling for pure Al thin films,50 heat
conduction would be expected predominantly
through the plane of the solid alloy film during
cooling. The slightly longer incubation time in the
Al–3Si alloy can be attributed to small differences in
thermal conductivity, latent heat of fusion, and
solute diffusivity in the liquid alloys (lower solid
thermal conductivity, js, and diffusivity, D, and
higher latent heat, L, in Al–3Si relative to Al–4Cu),
combined with solute rejection that produced a
constitutionally undercooled boundary layer at the
solid–liquid interface more readily in Al–4Cu.

Columnar growth was evident in both alloys
during steady-state acceleration of the solid–liquid
interface, with obvious differences in solidification
product. In Al–4Cu, a non-equilibrium eutectic
structure developed (Fig. 5a) while Al–3Si solidified
with a supersaturated a-Al structure (Fig. 7a). Both
solidification modes are consistent with prior rapid
solidification studies of hypoeutectic Al–Cu and Al–
Si alloys.30,31,33,35,36,57,68,69 In the Al–4Cu thin-film
alloy, the observed eutectic structure is consistent
with predictions of eutectic solidification modes in
hypoeutectic alloys for high solidification front
velocities,70–74 in which the cellular/dendrite tip
temperature decreases as velocity increases, the
temperature gradient does not significantly affect
this reduction in tip temperature, and the under-
cooling at the interface becomes proportional to the
square root of the solid–liquid interface velocity.

This implies increased undercooling at the acceler-
ating solidification front and conditions where
growth proceeds by a kinetically preferred eutectic.
A coupled zone, or velocity-dependent extension of
the range for eutectic growth, has been established
for hypoeutectic Al-rich alloys in terms of a compet-
itive growth model,72 where eutectic solidification
can occur at compositions other than the thermo-
dynamic eutectic composition.73,74 An entirely
eutectic microstructure can be kinetically preferred
rather than simultaneous growth of primary den-
drites and interdendritic eutectic. The coupled zone
typically expands and shifts its composition range
as the velocity and undercooling increase, repre-
senting an undercooled compositional region where
eutectic solidification product grows more rapidly
than dendrites of either of the two terminal phases.
Therefore, at the measured velocities of the solidi-
fication front in hypoeutectic Al–4Cu, it can be
expected that the kinetically modified eutectic
growth mode becomes dominant over cellular or
dendritic growth modes. In the case of Al–3Si, this
coupled zone had been shown to be skewed toward
higher Si concentrations due to more sluggish
growth kinetics of the faceted Si phase in the
eutectic.35,36,69,74,75 Therefore, at the composition
(Al–3Si) and solid–liquid interface velocities of this
study, growth of supersaturated a-Al can be
expected and is consistent with prior studies.36

Columnar growth continued to the point of abso-
lute stability in Al–4Cu, while the velocity reached
in Al–3Si did not reach this critical limit. The
velocity of absolute stability, vabs, can be calculated
by the expression:32,49

vabs ¼
DT0D

kC
ð1Þ

where DT0 is the temperature difference between
the solidus and liquidus at the composition of
interest, D is the diffusion coefficient of solute in
the liquid, k is the partition coefficient, and C is the
Gibbs–Thomson coefficient. Using the values pro-
vided in Table II, theoretical values of vabs for Al–
4Cu and Al–3Si are, respectively, 2.1 m/s and 1.6 m/s.
These values agree with the time-resolved in situ
observations of rapid solidification (Fig. 1) and
associated velocity measurements (Fig. 2). The

Table II. Materials used in experiments and corresponding thermophysical properties20–26

Property Symbol/units Al–4Cu Al–3Si Amorphous SiNx

Thermal conductivity js (W/m K) (solid) 190 121 10
jl (W/m K) (liquid) 88 91 –

Latent heat of fusion L (J/mol) 13.5 14.4 –
Solidus temperature Tsol (K) 821 850 –
Liquidus temperature Tliq (K) 903 918 –
Diffusion coefficient D (m2/s) 4.4 9 10�9 2.6 9 10�9 –
Partition coefficient k 0.17 0.13 –
Gibbs–Thomson coefficient C (m K) 1.0 9 10�6 8.5 9 10�7 –
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onset of instability in the Al–4Cu alloy was mea-
sured to be �2 m/s with a maximum velocity of
2.2 m/s along the major axis of the melt pool, while
instability was not observed in the Al–3Si alloy with
a maximum velocity of 1.1 m/s along the major axis
(below the absolute stability limit).

Based on the time-resolved images of Figs. 1a and
3c, the tip radii of the rapidly solidifying eutectic
columnar grains in the Al–4Cu alloy were large and
nearly planar, consistent with models76 that indi-
cate that the solid–liquid interface close to the
absolute stability limit should consist of morpholog-
ically flat-topped cells. The microsegregation-free
bands in the banded morphology (Fig. 5b) can be
attributed to the solidification front velocity reach-
ing the absolute stability limit and ensuing parti-
tionless solidification. This instability leads to
concurrent partitionless solidification along iso-
therms in the melt pool and kinetically modified
eutectic solidification along the radial direction of
the thermal gradient, as shown in Figs. 3 and 4. As
partitionless solidification advances along iso-
therms and over small radial distances, solute is
no longer rejected into the liquid, leading to a
deceleration (reduced undercooling) radially along
the thermal gradient that drives the interface
velocity back below vabs and generates the eutectic
solidification product again. This instability will be
oscillatory, as both the velocity and undercooling
(temperature) will fluctuate, yielding periodic vari-
ation in the growth modes48 and the observed
banded morphology of the solidification product
microstructure. While this banding phenomenon
has been studied extensively,17,29,31–33,51,52,62,77–79

the images in Figs. 3 and 4 represent the first
in situ observations of this instability evolution with
time, clearly showing the concurrent growth of
partitionless and eutectic bands.

Implications for Additive Manufacturing

The ability to directly image the solid–liquid
interface as it evolves in time using in situ TEM
provides unique experimental insight to rapid solid-
ification, and hence processes responsible for
microstructure development during AM, that can-
not be obtained with other characterization tech-
niques. The applicability of the in situ time-resolved
imaging experiments relies on matching the solid-
ification conditions to those of AM processes. During
solidification, the morphology of the solid–liquid
interface and spatial scale of the developing
microstructure are dictated by the thermal gradient
and the solidification front velocity.74 In these
studies, as in AM processes, a thermal gradient
across the solid–liquid interface is imposed by the
laser beam profile and energy and absorptivity of
the material that is being melted. Currently, the
capability to measure the temperature and thermal
gradient during these in situ rapid solidification
experiments is lacking, though finite-element

simulations indicate extremely high gradients of
the order of 106–107 K/m, such that rapid solidifi-
cation occurred in these Al–Cu and Al–Si with high
velocity in a large temperature gradient. This is
consistent with the spatial scales of the observed
microstructures and planar morphology of the
solidification fronts during rapid solidification.
However, this highlights the need for in situ sensors
and diagnostics to monitor the temperature evolu-
tion with high spatial, temporal, and spectral
resolutions. Techniques to accomplish this are the
focus of ongoing work with the DTEM, and these
types of measurements are needed for real-time
control of AM processes.2

The in situ DTEM experiments were also carried
out in nanoscale, thin-film alloy systems, yielding
directional 2D solidification due to this experimen-
tal geometry. AM processes such as SLM employ
metal and alloy powders and rapid solidification
does not involve such small, controlled melt pool
geometries. Yet the microstructures and spatial
scales that develop will still be dictated, in both
cases, by the temperature gradient and solidifica-
tion front velocity. Comparisons with ex situ rapid
solidification experiments involving laser surface
melting in bulk Al–Cu alloys,31,33 in which
microstructure selection maps were developed to
correlate microstructure to growth velocity and
alloy composition, reveal that the observed
microstructures, measured velocities, and growth-
mode transitions in thin-film Al–Cu alloys are
consistent with these microstructure selection
maps. This implies that thin-film effects are negli-
gible and confirms the validity and applicability of
these experimental results to AM processes. Exten-
sion of these experiments to new materials systems,
particularly higher melting-point alloys, such as
stainless steel and Ti-based alloys relevant to AM
applications, are ongoing.

The significance of these data acquired from
in situ experiments to AM relies on integration
with modeling capabilities. Input from in situ exper-
iments can be used to both inform and validate
models that seek to predict microstructure evolution
during AM processing. This integration of experi-
ment and modeling is critical to improved under-
standing of processing-microstructure-properties/
performance relationships, in order to advance AM
toward a broadly used manufacturing tool.

CONCLUSION

Time-resolved measurements were obtained dur-
ing rapid solidification in hypoeutectic Al–Cu and
Al–Si thin-film alloys using dynamic transmission
electron microscopy. In situ imaging of the solidifi-
cation front enabled velocity measurements for the
solidification front and confirmed a range of inter-
face velocities, with maximum and minimum veloc-
ities along, respectively, the semi-major and semi-
minor axes of the elliptical melt pool. This was a
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consequence of heat extraction due to variations in
the local curvature of the solid–liquid interface. In
both alloys, after an initial incubation time of
several microseconds, a columnar microstructure
developed during acceleration of the solid–liquid
interface. In the Al–Si alloy, columnar growth of
supersaturated primary a-Al phase persisted to the
end of the rapid solidification process. In the Al–Cu
alloy, columnar growth of a non-equilibrium eutec-
tic solidification product proceeded to the point of
absolute stability at the solid–liquid interface,
where a banded morphology common to many
rapidly solidified alloys developed. In situ imaging
provided the first direct observations of the evolu-
tion of this banded microstructure at this instability
point.

These types of in situ measurements have broad
implications for additive manufacturing through
integration with predictive modeling capabilities.
The results can both inform and validate models
with the goal of understanding processing–mi-
crostructure–properties/performance relationships
in additive manufacturing and non-equilibrium
materials processing.
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