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Interfaces, such as grain boundaries, phase boundaries, and surfaces, are
important in materials of any microstructural size scale, whether the micro-
structure is coarse-grained, ultrafine-grained, or nano-grained. In nanostruc-
tured materials, however, they dominate material response and as we have seen
many times over, can lead to extraordinary and unusual properties that far
exceed those of their coarse-grained counterparts. In this article, we focus on
bimetal interfaces. To best elucidate interface structure–property–functional-
ity relationships, we focus our studies on simple layered composites composed of
an alternating stack of two metals with bimetal interfaces spaced less than
100 nm. We fabricate these nanocomposites by either a bottom–up method
(physical vapor deposition) or a top–down method (accumulative roll bonding)
to produce two distinct interface types. Atomic-scale differences in interface
structure are shown to result in profound effects on bulk-scale properties.

MATERIALS WITH UNUSUALLY HIGH
INTERFACE CONTENT

Futureenergytechnologies demandnovel materials
that tolerate extremes in temperature, strain, strain
rate, and radiation to an extent that far exceeds the
limits of even the most advanced materials to date. To
meet these needs, promising new material candi-
dates are nanostructured multiphase/multi-interface
materials, such as oxide dispersion-strengthened
steels, multilayered nanocomposites, and nanotwin-
ned nanocrystalline copper. In the semiconductor
industry, length scales of metallic interconnects and
microelectromechanical devices already are well un-
der 100 nm, and their reliability depends, in part, on
mechanical robustness under thermal cycling, vibra-
tion, and in some cases, radiation damage tolerance.
Such nanoscale multiphase composite metals contain
an unusually high density of heterophase interfaces to
an extent that the bimetal interfaces control all defect-
related processes. Quite unconventionally, the con-
stituent nanoscale phases play a secondary role. With
the ‘‘right’’ characteristics, these bimaterial interfaces
can possess significantly enhanced abilities to absorb
and eliminate defects, granting the parent composite a
highly effective healing mechanism and an unparal-
leled ability to mitigate damage accumulation induced

under severe loading conditions and/or environments.
For instance, experimental tests on multilayered
Cu-Nb composites with nanothick layers exhibit out-
standing thermal stability,1 ultrahigh strength,2,3

simultaneous ductility,3,4 shock resistance,5 and
radiation resistance,6 undeniably outperforming their
constituents by orders of magnitude.

Model Materials: Multilayer Composites

Nanostructured composites clearly possess supe-
rior properties that we wish to harness and exploit
but at present, we do not completely understand. We
can easily rationalize that their extraordinary
behavior is due to high interfacial content and some
exceptional qualities the interfaces have. However,
to progress to the next level of prediction and control,
we need to better understand the structure–prop-
erty–functionality relationships of interfaces start-
ing from the atomic level to the mesoscale. Achieving
this is facilitated with the use of model materials,
materials that we can synthesize, characterize, and
model simultaneously. Model materials themselves
may not be used directly in application, but they help
us gain tremendous fundamental insight. For our
purposes, small-scale studies are performed on
multilayered, two-phase composites. These are two-
dimensional planar composites consisting of an
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alternating stack of two metals. The metals are
immiscible and, thus, do not chemically mix at the
interface. For the nanolength scales of interest, the
individual layers are on the order of 100 nm or less
and are a single grain thick. The grains are several
times wider than the thickness and thus, the com-
posite contains more bimetal interfacial area than
grain boundary area.

Top Down Versus Bottom Up

Multilayered composite materials with high
interfacial content can be made in two ways, one via a
bottom–up process such as physical vapor deposition
(PVD) in the form of a composite film or two via a top–
down process such as accumulative roll bonding
(ARB) in the form of a bulk sample. Both methods are
capable of fabricating two-dimensional planar
nanocomposites with controllable phase sizes down
to the nanoscale (varying from 100 nm to less than
5 nm). However, the former method fabricates sam-
ples in the form of thin films (usually a few microns
thick) with thermally preferred interfaces while the
ARB technique makes sheet material in bulk form
(>cm3) with mechanically driven interfaces.

Figure 1a schematically lays out the ARB mate-
rials processing approach for fabricating bulk two-
phase layered composites. The ARB process consists
of repeated rolling, sectioning, stacking, bonding,
and rerolling. With ARB, two-phased (Cu-Nb) ARB
samples with controllable layer thicknesses h from
submicron to the nanoscale (down to 9 nm) are
possible, as shown in Fig. 1b, c. Notably, for all h,
the Cu-Nb interfaces are flat, planar, and sharp,
providing for little chemical variation in the inter-
face plane. Submicron and nanostructured Cu-Nb
nanocomposites have also been fabricated in bulk
using other top–down synthesis techniques, such as
wire drawing7 and equal-channel angular extru-
sion.8

The ARB composites share the same nanolamellar
stacked architecture as the PVD nanolayers; how-
ever, as our microstructural analysis reveals, the
interfaces are remarkably different. The specific
Cu-Nb interface structure that is created during PVD
can adopt the classical Kurdjumov–Sachs (KS) or
Nishiyama–Wasserman (NW) orientation relation-
ship joined at the {111}Cu||{110}Nb interface
planes, as characterized by diffraction techniques
and transmission electron microscopy (TEM).9 For
ARB composites, on the other hand, it is not known
whether the resulting interfacial orientation rela-
tionships and structures are uniform, as in the PVD
foil, or inhomogeneous. Only recently has it been
possible to characterize interfaces at a fine scale but
over a large volume of the material, such that sta-
tistically significant sets of interfaces can be charac-
terized.10 This is accomplished for both PVD and ARB
Cu-Nb composites with application of an automated
heterophase interface characterization distribution
(HICD) method to electron backscatter diffraction

(EBSD) data.10 The HICD method marches along the
interface visible in EBSD and determines the five
parameters that define the interface crystallography
(e.g., three for the orientation relationship and two
for the interface plane). For ARB composites with
submicron layer thicknesses, �200–600 nm, the
HICD method is particularly advantageous over dif-
fraction techniques when there is more than one
grain through the thickness or when the interface is
rough (i.e., the interface plane varies). For instance,
crystals associated with the interface can be distin-
guished from those within the phase. For the ARB
material, a remarkable discovery revealed by the
HICD method is the development of a narrow
distribution of interface orientation relation-
ships after extreme straining. A {112}fcck{112}bcc
h110ifcckh111ibcc interface appeared to prevail over
the entire sample.10 With respect to the rolled sample
axis, the in-plane h110ifcckh111ibcc directions are
aligned along the transverse direction (TD) and
h111ifcckh110ibcc along the rolling direction (RD).
For the purposes of characterizing the microstruc-
ture at finer length scales, when the layers are a

Fig. 1. (a) Schematic of the ARB process for top–down synthesis of
multilayered nanocomposites. As shown, the Cu-Nb stack initially
has terminating half-thick Cu layers on the top and bottom. In this
way, no new Cu-Nb interfaces are created during the restacking
step, new bonds are always between Cu/Cu, and Cu and Nb main-
tain nominally equal thickness. TEM micrographs of Cu-Nb ARB
composites of different layer thicknesses h, (b) a nominal layer
thickness of h = 86 nm, and (c) h = 9 nm, containing 5184 individual
layers and achieved by subjecting the material to a total Von Mises
strain of 12.21.
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single grain thick, we also carried out high-resolution
TEM (HRTEM), TEM, neutron diffraction analy-
ses11–13 as well as a relatively new characterization
method, precession electron diffraction,14 which
combines orientation and phase mapping in the
TEM. These techniques confirmed that the
{112}fcck{112}bcc h110ifcckh111ibcc interface pre-
vails even under further straining and higher bime-
tal densities. This interface differs from the {111}Cu//
{110}Nb KS interfaces in the PVD Cu-Nb nanolayered
thin films. While it shares the same KS-orientation
relationship it instead joins the Cu and Nb at their
mutual {112} planes. Interestingly this same inter-
face has been found using TEM in severely
wire-drawn Cu-Nb composites15,16 and in Ni-Cr
alloys.17,18 Another interface {110}fcck{112}bcc
h110ifcckh111ibcc was also found by the HICD
method, although it occurred less frequently.

The Role of Interfaces

We now have two model multilayer composites
with nearly the same architecture, but different
prevailing interfaces: (1) {111}Cu//{110}Nb KS inter-
faces in the PVD Cu-Nb nanolayered thin films and
(2) {112}fcck{112}bcc KS interfaces in the ARB
Cu-Nb nanolayered bulk material. Atomic-level to
macroscale-level studies of these two materials will
lead to vastly improved understanding how inter-
face structure impacts interface properties and how
these properties drive material behavior in defor-
mation and other nonequilibrium conditions. In this
article, the knowledge gained to date is compiled
with the aim of relating the three levels shown in
Fig. 2a. Ultimately, such understanding can lead
the way towards controlling composite fabrication to
achieve target interfacial properties for desired
material performance.

The Structure–Energy–Kinetics Triad

When comparing two different interfaces in terms
of their stability during mechanical deformation or
elevated temperatures, we need to invoke some
measures of quality. To this end, there are three
aspects to consider: structure, energy, and kinetics
(Fig. 2b). The first, interface structure, includes
features ranging from atomic-scale interfacial steps
to the nanoscale network of misfit dislocations. The
second, energy-related properties, are interface
formation energy and energy of a vacancy or extrinsic
dislocation within the interface, for example. The
last, kinetic-related properties, involve ways in
which the interface supports plastic slip, via
dislocation nucleation, dislocation transmission, or
dislocation reactions. Below, we compare the
{111}Cuk{110}Nb KS interface in PVD Cu-Nb com-
posites with the {112}Cuk{112}Nb KS interface in
Cu-Nb ARB composites with respect to their struc-
ture, energy, and kinetic properties.

STRUCTURE

Atomically Flat Versus Atomically Stepped
Interfaces

Structure governs the energetic and kinetic as-
pects and thus is described first. TEM characteriza-
tion and atomistic simulations have shown that the
PVD interfaces that join {111}fcck{110}bcc planes,
and are atomically sharp, ordered (possessing a well-
defined pattern of misfits), and flat (Fig. 3a, b9).
These interfaces have either a KS or NW orientation
relationship. (The NW interface deviates from the KS
interface by a �5� twist about the interface normal.)
As for the two predominant interfaces found in the
ARB composites, only a small number of microscopy
and molecular dynamics (MD) simulation studies
has examined the {112}h111ifcck{112}h110ibcc inter-
face11,12,15–20 and even fewer the {110}fcck{112}bcc
interface. HRTEM micrographs of these two inter-
faces in nanocomposites fabricated by ARB are
shown in Fig. 3c, d. The three distinct features
common among the ARB interfaces are that they are
ordered, containing regular arrays of misfits; are
stepped, containing a regular array of facets; and
have the compact directions of the fcc and bcc crystals
aligned h110ifcckh111ibcc along the TD.20

As a complementary way to characterize interface
structure, atomic-scale models and atomistic simu-
lations have been used to reveal the details of
interface structure and characterize the defects it
contains.17,19–22 With MD simulation, the relaxed

Fig. 2. (a) Structure–property–functionality relationships of bimetal
interfaces: top, interface structural characteristics; middle, interface
properties; bottom, interface-driven behavior. (b) Defining the quality
of an interface based on its structural, energetic, and kinetic aspects.
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atomic structures of the {111}fcck{110}bcc KS and
{112}fcck{112}bcc KS interfaces are found to be
remarkably distinct. Figure 4 compares the relaxed
equilibrium atomic structure of the (Fig. 4a, b)
PVD{111}fcck{110}bcc KS interface with the
(Fig. 4c, d) ARB {112}fcck{112}bcc KS interface. The
simulation finds that both interfaces are ordered,
containing a regular network of interfacial misfit
dislocations, as shown in Fig. 4c, d. The dislocation
interfacial network accommodates the mismatch
between the two lattices at the planes where they
are joined.

Consistent with the HRTEM analysis, MD simu-
lation finds that these two interfaces differ in their
facet features and the Burgers vectors of their misfit
dislocations. The reason the facets form in one and
not the other is clear. The unrelaxed {112} planes of
the Cu and Nb crystals are serrated (see Fig. 2b
in Wang et al.,22 this issue) and when joined and
relaxed at an interface, the stepped feature we see
in Fig. 4c forms. The facet structure alternates
between the (001)Cuk(101)Nb terrace planes and

11�1
� �

Cukð0�11ÞNb terrace planes along the inter-
face. To accommodate the in-plane and out-of-plane
mismatch across the Cu and Nb {112} planes,
the {112}fcck{112}bcc KS contains misfit interfacial
dislocation with Burgers vectors with either an
in-plane or out-of-plane component. The plan view
of this interface in Fig. 4d shows readily the dislo-
cation lines making up the interface dislocation
network. The {112}fcck{112}bcc KS consists of three
distinct sets of misfit dislocations, two b1 and b2,
which are oriented parallel to the ½�110�fcck½1�1�1�bcc
axis and the third b3 oriented parallel to the
[111]fcck[110]bcc axis. The first array contains dis-
locations b1 = bN each with a net out-of-plane Bur-
gers vector of 2.95 Å, directed normal to the
interface plane, and spaced 18.7 Å apart. As shown
in Fig. 4c, this array of misfits has already dissoci-
ated into a residual that remains in the interface
and a Shockley partial bS = aCu½�1�12�/6 that clearly
extends a finite amount from the interface onto the
(111) plane of Cu, creating a stacking fault. The
second set that lies parallel to the first has an

Fig. 3. HRTEM micrographs of a (a) {111}fcck{110}bcc KS interface in a Cu-Nb PVD nanolayered composite;9 (b) {111}fcck{110}bcc NW
interface in a Cu-Nb PVD nanolayered composite; (c) {112}fcck{112}bcc KS interface in a Cu-Nb ARB composite (h = 18 nm), containing an
array of edge dislocations oriented along ½�110� with a Burgers vector of b2 = 1/3[111], which lies in the plane of the interface; and
(d) {110}fcck{112}bcc interface in a Cu-Nb ARB composite (h = 30 nm).
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in-plane Burgers vector of b2 = bIn = aCu[111]/3, a
Frank partial, and the spacing is 18.7 Å. The last
set has an in-plane Burgers vector of b3 = aCu½�110�/2
with spacing 24.8 Å, and it is visible in Fig. 4d.

In contrast, the {111}fcck{110}bcc KS interface is
atomically flat, not faceted. Both the {111} plane in
Cu and the {110} plane in Nb associated with the
{111}fcck{110}bcc KS interface are planes of high
atomic density and are atomically flat. The
{111}fcck{110}bcc KS interface contains two sets of
interfacial dislocations, as indicated in its plan view
in Fig. 4c. Both sets of misfit dislocations have
in-plane Burgers vectors. When expressed in the
x = ½11�2�fcck½1�12�bcc, y = [111]fcck[110]bcc, and z =
½1�10�fcck½�111�bcc coordinate system, one array is
oriented parallel to [001] within the interface with
Burgers vector [�2.45 0 1.56] with spacing 21.5 Å
and the other lies along [0.88 0 0.47] with Burgers
vector [0 0 2.70] and spacing 12.3 Å.

ENERGY AND KINETICS

Interfacial Energy

The interface formation energy is associated
with the creation of the equilibrium interface
structures discussed in the previous section. MD
calculations find that the formation energy of the
{112}Cuk{112}Nb KS interface ranges from
�820 mJ/m2 to 886 mJ/m2.19,20 The formation of
the secondary {110}h001iCuk{112}h110iNb interface

generated in ARB is higher, �950 mJ/m2. In com-
parison, the atomically flat {111}Cuk{110}Nb KS
interface is known to be much lower in formation
energy (�580 mJ/m2).21 Thus the creation of the
high-energy {112}Cuk{112}KS Nb interface over
the low-energy {111}Cuk{110}Nb KS interface in
extreme strain rolling cannot be explained com-
pletely by interfacial energetics alone. Using the
same methods, we find that the interfacial forma-
tion energy of the {110}Cuk{111}Nb h111iCu|h110i
Nb interface that hypothetically would result as a
consequence of matching a theoretical Cu rolling
texture with a theoretical Nb rolling texture is
much higher (greater than 1100 mJ/m2). This is the
first indication as to why the interface associated
with stable rolling textures of monolithic Cu and Nb
is not predominant in ARB nanocomposites, and the
texture of nanocomposites (discussed later) deviates
significantly from the expected Cu or Nb texture as
the interfacial density increases.13

Interfacial Shear

In a series of recent works,19,22,23 the response of
interfaces to simple shear applied parallel to the
interface plane was studied using MD simulation,
and interface shear strengths were obtained. These
results reveal that the shear response is strongly
related to interfacial characteristics, such as whe-
ther they are flat or stepped in addition to the
Burgers vectors of the interface dislocations. The

Fig. 4. (a) Transverse view of the relaxed equilibrium structure of the {111}Cuk{110}Nb KS interface, (b) plan view of this interface to expose the
misfit dislocation pattern, (c) transverse view of the relaxed equilibrium structure of the {112}Cuk{112}Nb KS interface, and (d) plan view of this
interface to show the interfacial dislocation network. The methods used to characterize these dislocations can be found in Ref. 22.
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{111}Cuk{110}Nb interface responds by interfacial
sliding to an applied shear directed along all possi-
ble in-plane directions. It has a low shear resistance
due to the easy creation and growth of interface
dislocation loops at the intersection of misfit dislo-
cations.23 In contrast, the {112}Cuk{112}Nb inter-
face is highly anisotropic and slides when sheared in
some directions with the same mechanism as that in
{111}Cuk{110}Nb interface, while it emits disloca-
tions into the Cu crystals when sheared in other
directions.19,22 Emission occurs by dissociation of
misfit dislocations in the interface into Shockley
partial dislocations in the Cu crystal. The thresh-
olds for both sliding and emission for the
{112}Cuk{112}Nb interface are significantly higher
(>1.5 GPa) than that to slide the {111}Cuk{110}Nb
interface (less than 0.8 GPa).23

Dislocation Nucleation

Consider now the interfacial response to other
applied stress states, such as uniaxial stresses
normal or parallel to the interface, which have no
in-plane shear component. Under these conditions,
dislocation slip in the adjoining crystals is favored
over interfacial sliding. In coarse-grained or ultra-
fine-grained materials, dislocations can nucleate
either within the crystalline phases, at grain
boundaries, and/or the bimetal interface. When the
individual layer thicknesses are very fine (tens of
nm or less) and grain boundaries are spaced several
h apart, it becomes increasingly likely that the dis-
locations gliding in the phases originate primarily
from the bimetal interface. This special case of
dislocation nucleation from bimetal interfaces and
the effects of interface structure on dislocation

nucleation are studied below using atomic-scale
simulations.

There are two ways an interface can supply a
lattice dislocation, either production of a new loop
via a stress concentration or by splitting (dissociat-
ing) a preexisting misfit dislocation into a lattice
dislocation and a residual. In the former, the
interfacial dislocations retain their Burgers vector,
but in the latter, the misfit Burgers vector is
altered. The perfect {111}fcck{110}bcc KS interface
contains misfits with only in-plane Burgers vectors,
and thus, it can only supply lattice dislocations via
stress concentration (Fig. 5a). The perfect stepped
{112}fcck{112}bcc KS interface contains misfits with
both in-plane and out-of-plane components, and
thus, it can potentially dissociate (under an appro-
priate stress) into a lattice dislocation. Conse-
quently, the two interfaces, the {111}fcck{110}bcc KS
PVD interface and {112}fcck{112}bcc KS ARB
interface, would nucleate dislocations by entirely
different mechanisms, which would naturally have
different activation barriers (critical resolved shear
stresses) for dislocation nucleation and different
dislocation nucleation rates.

In the example of the flat PVD KS interface, the
shear strain localizes about the misfit dislocations
in the interface when an in-plane strain is first
applied. Lattice dislocation nucleation as seen in
Fig. 5a occurs to relieve the stress concentrations.
Figure 5c presents the map of relative shear dis-
placement in the interface for the case of x-axis
straining of a KS interface shown in Fig. 5a. The
maximum relative shear occurs along the intersec-
tion line where the slip plane ð1�1�1Þ intersects the
interface (Fig. 5b). This localized elastic shearing
occurs in the first steps of loading and as the applied

Fig. 5. (a) Nucleation of a single Shockley partial dislocation loop when the bi-crystal model is subjected to in-plane tension. This loop was
induced by stress concentrations in the interface generated around a misfit under the applied strain state, (b) plan view of the interface showing
the intersection lines formed between three Cu {111} slip planes and the (111) plane of the interface, and (c) plan view of the interface showing
the relative shear displacement generated in the interface under the applied loading. The shear displacements are resolved about slip plane trace
ð1�1�1Þ on the interface plane, where the relative shear displacement is defined as the difference between the average shear displacement on the
left and right side of a given trace. The arrows indicate the direction of these displacements and the color of the arrows signifies the direction.
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load increases further, it drives the nucleation and
expansion of a dislocation loop with Burgers vector
½�1�21� on the slip plane ð1�1�1Þ. It should be mentioned
that loops are not produced on other slip systems
that have the same Schmid factor under this load-
ing since they would not as effectively relieve the
stress concentration.24 To create the same size loop
(�11 nm2), the energy to nucleate a loop from the
KS interface (�2 eV)25 is significantly lower than
homogeneous nucleation within a perfect single
crystal of Cu (16 eV to 24 eV).26 In addition, the
same mechanism applies to the NW orientation
relationship. The significant difference is that in the
NW interface, the same applied strain state acti-
vates two slip systems instead of one, since the
misfit network of the NW interface produces shear
stress concentrations in regions where two slip
planes intersect the interface.

Nucleation of dislocations from stepped {112}fcck
{112}bcc KS interfaces proceeds via a different
mechanism, involving the dissociation of interface
dislocations.27 A detailed description of the mecha-
nism and how it dictates slip system selection under
different loading states is given in Wang et al.,22 in
this issue.

In summary, the atomic structure of the interface
dictates where in the interface dislocations nucle-
ate, the slip system(s) on which they nucleate, and
how they nucleate. The threshold for nucleating
dislocations by dissociation of a misfit is expected to
be lower than that to form a new Shockley disloca-
tion by the stress concentration generated by a
misfit within the flat interface. Thus, compared to
flat interfaces, stepped interfaces appear to be more
effective sources for dislocations. As will be dis-
cussed shortly, this notion is confirmed through our
large-scale atomistic simulation of shock compres-
sion of nanolayered composites.27

Dislocation Transmission

In the previous sections, we have seen the
responses of interfaces to an applied load. An
applied load can also generate lattice dislocations
that can interact with the interface. The structural
details of a given interface can influence whether
dislocations can transmit across the interface, pile-
up at the interface, become absorbed within the
interface, reflect from the interface, or annihilate at
the interface. As an example of dislocation/interface
interactions, we consider dislocation transmission.
When the individual layer thickness reduces to a
few tens of nanometers and below, dislocation
nucleation and propagation within the bulk, even as
gliding hairpin loops, becomes energetically unfa-
vorable compared to dislocation transmission across
the interface.28 Thus, dislocation transmission
becomes important for supporting continued plas-
ticity.

Two aspects are important for transmission.
First, there is the geometric aspect. Slip systems of

a crystal on one side of the interface have to be well
aligned with slip systems of the crystal on the other
side of the interface. A pair of fcc/bcc slip systems is
considered to provide a geometrically efficient
pathway for transmission when their Burgers vec-
tors are aligned and their slip planes are joined at
the interface. If we let j be the minimum angle
between their Burgers vector and h the minimum
angle between the intersection lines that each plane
makes with the interface, then an fcc/bcc pair that
provides an efficient transmission pathway would
have a value of

v ¼ cos
p
2

h
hc

� �
cos

p
2

j
jc

� �
(1)

equal to or close to unity,29 where the angles hc and
jc are the limiting angles for j and h, respectively.
According to Eq. 1, when either j or h exceeds their
corresponding thresholds, transmission is not pos-
sible. The v measure in Eq. 1 is independent of the
applied stress state. The Schmid factor of the out-
going slip system mOUT has been shown to be
important,30 which would lead to a modification of
Eq. 1 to vr = vmOUT. Second, the activation barrier
for transmission must be low. Interfaces that are
weak in shear are difficult for dislocations to cross.
An approaching dislocation tends to dissipate
energy by shearing the weak interface ahead of it.
Upon impinging the interface, the dislocation gets
absorbed and spreads in the interface rather than
crossing it. Interfaces that are stronger in shear are
much easier for a dislocation to cross due to the
reduced core spreading that occurs as the disloca-
tion enters the interface.

Both the geometrical and energetic aspects are
important. An interface may have many fcc/bcc slip
system pairs that offer geometrically efficient
pathways for transmission, but if it is at the same
time weak in shear, then it will present a large
barrier to transmission. On the other hand, an
interface may have few efficient transmission
pathways, but if it is resistant to sliding, then it will
support dislocation transmission. The PVD inter-
face {111}fcck{110}bcc is an excellent example of the
former. The fcc and bcc crystals are oriented such
that there are 15 distinct geometrically efficient
pathways (with v > 0.9), as indicated on Table I. (In
Table I, critical angles hc and jc are set to 15� and
45�, respectively.) Despite this, because it has a
relatively low shear resistance,23 it is energetically
favorable for approaching dislocations to become
absorbed into the interface rather than transmit
across it.31 In this case, transmission becomes a
thermally activated process.32 After the incoming
dislocation becomes absorbed and extended within
the plane of the interface, in order for it to transmit
into the other crystal, it must then ‘‘renucleate’’ and
bow out onto the outgoing slip system, an event that
is aided by thermal activation. The ARB
{112}fcck{112}bcc interface, in contrast, is more
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amenable for dislocation transmission, particularly
under rolling. It contains the highest number of
potential transmission fcc/bcc pairs, and it is much
more resistant to shearing (Fig. 4c), which favors
transmission. Calculation of v in Eq. 1 reveals that
one fcc/bcc slip system, in particular, has a large v.
This special pair is illustrated in Fig. 6. As we shall
see in subsequent MD simulations, the enhanced
ability of the {112}fcck{112}bcc KS interface to
transmit dislocations affects its texture evolution,
plastic response to shock loading, and its propensity
to twin. The number of possible transmission path-
ways for the {110}Cuk{111}Nb h111iCukh110iNb
interface, associated with the theoretical rolling
texture, is the lowest among the three in Table I, an
aspect that provides another explanation as to why
this interface is not observed in ARB nanocompos-
ites.

The ability of an interface to transmit dislocations
may change with strain. Over the duration of plastic
deformation, the interface must interact with a high
flux of dislocations. These dislocations either
become stored in the interface or transmit across it.
Even if they were to transmit, residual dislocations
are deposited in the interface since the Burgers
vectors of the incoming and outgoing dislocations
are unequal. Thus either way, dislocation/interface
interactions can increase the extrinsic dislocation
density stored in the interface with applied strain.
In the event that this extrinsic density is not
recovered, it can affect the ability of the interface to
transmit subsequent dislocations. It can be envi-
sioned that this density could, on the one hand,
repel subsequent dislocations, thereby hindering
transmission, or on the other hand, it can increase
the interfacial shear strength, thereby promotingT
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Fig. 6. The {112}k{112} interface. The upper Cu crystal with two of
its four slip planes drawn is connected to the lower Nb crystal across
the interface plane (green plane). These two {111} planes intersect
the interface along (1�10), the line orientation of the two misfit dislo-
cations b1 and b2 in the interface (Fig. 4c). Here we indicate a pair of
fcc and bcc slip systems, (11�1)fcc–(01�1)bcc, where the dislocation
transmission pathway is geometrically efficient.
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transmission with strain. For the PVD multilayers
with {111}fcck{110}bcc interfaces, transmission is
suspected to occur when the individual layer thick-
ness decreases below 5 nm,28 whereas for the ARB
multilayers, transmission is deduced to happen
below 50 nm.11,13,14

Recovery

In order for the interface to remain stable under
deformation or other extreme environments, it must
be able to store and recover from numerous inter-
actions with defects. Accumulated defects can
reassemble and reemit into the adjoining crystals33

or annihilate within the interface. At the heart of
these mechanisms lies the ability of defects to
migrate or move within the interface. The same
defect may find it easier to move in one interface
than another by virtue of interface structure.
Interfaces that possess the structural qualities to
support defect transport and the ‘‘right’’ kinetics are
referred to as being kinetically stable. Modeling
dislocation recovery processes in the interface is an
unexplored, yet important area.

For PVD KS interfaces, dislocation recovery
within interface is apparently efficient. It has been
observed that the interface remains sharp and flat
after 75% rolling reduction. Atomistic simulations
suggest that recovery is aided by the ease with
which dislocations can climb and glide within the
interface. Climb is facilitated by the high diffusivity
of vacancies, and easy glide is attributed to the low
shear resistance characteristics of this interface.34

For the ARB {112}fcck{112}bcc interface, recent
studies suggest that it has the ability to recover
from accumulation of extrinsic defects generated
during extreme plastic straining. We analyzed the
defect structure of both the relaxed equilibrium
structure predicted by MD and the actual Cu/Nb
interface found in an ARB sample that experiences
over 1000% strain. Remarkably, we find that the
Cu/Nb interface (Fig. 3c), despite having been
exposed to high fluxes of dislocations, resembles
that predicted by MD for an undeformed Cu/Nb
interface (Fig. 4c). This seemingly defect-free
interface may lead one to infer that this interface
structure facilitates self-healing mechanisms, an
attribute that would, at least partly, explain why it
is stable after >1000% strain.

INTERFACE-DRIVEN RESPONSE

Differences in the ability of the two interfaces to
emit lattice dislocations and transmit dislocations
will greatly impact composite material response,
particularly as the distance between two adjacent
bimetal interfaces reduces down to the nanoscale.
To illustrate, we examine the effects of interface
structure on texture evolution, shock compression
response, and the propensity for deformation twin-
ning.

Texture Evolution

Texture is the distribution of crystal orientation. It
is well known that deformation processing, such as
rolling or extrusion, causes substantial changes in
texture and greatly influences the deformation
response of the material.13,35–38 Texture evolution
depends on the fabrication process. When multilay-
ered Cu-Nb composites are pushed to extreme plastic
strains in ARB processing, we observed a unique
texture development as a function of decreasing
layer thickness.13 An analysis of texture measure-
ments by neutron diffraction (Fig. 7a) and EBSD of
the h = 18 nm ARB composites, for instance, reveals
that they are unlike the rolling textures of those of
severely deformed monolithic Cu or Nb (Fig. 7b).
Specifically, the Cu phase contains a predominance
of Copper {112}h111i and Goss {110}h001i compo-
nents and lacks the Brass component. The Nb phase
is dominated by a near {112}h110i component in the a
fiber. They are also unlike those seen in PVD (Fig. 7c)
and wire drawing.10,37,38

The texture analysis agrees with the evolution
towards two predominant interfaces {112}Cuk
{112}Nb h111iCukh110iNb and {110}Cuk{112}Nb
h001iCukh110iNb formed in ARB composites.
Figure 8 illustrates the orientation relationship
between a Cu crystal and Nb crystal joined at an
interface, when the orientations are expressed as
rolling components in the standard convention of
the rolling plane normal and RD: {ND}hRDi. For
nanolayered composites, the layers are one grain
thick, and so all grains are bounded by Cu-Nb
interfaces. Joining single crystals of one of either of
the dominant components of the Cu (Copper
{112}h111i and Goss {110}h001i) with that {112}h110i
of Nb creates the two prevailing interfaces of ARB.
This result clearly demonstrates that evolution
towards preferred bimetal interfaces with extreme
rolling strain governs texture evolution.

We find via polycrystal calculation that this par-
ticular Cu texture arises from planar slip, described
as slip occurring by slip systems acting on the same
plane (Fig. 9). As the layer thickness reduces, dis-
location transmission becomes a viable source for
dislocations that tend to glide on those planes where
dislocation transmission is easiest. Planar slip is
likely promoted on the (11�1) slip plane shown in
Fig. 6, which illustrates one transmission pathway
from Nb to Cu that will likely be preferred as it has
a high v and a high outgoing resolved shear stress
under rolling. (The texture in Fig. 9b was achieved
via planar slip and therefore is unstable; if planar
slip continues, then the texture will continue to
evolve under further rolling strains and reductions
in layer thickness until a more symmetric slip ori-
entation is achieved.)

Shock

Next, we compare the shock compression
response of Cu-Nb nanolayer composites with two
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different interface structures using large-scale
atomic simulation. The results clearly demonstrate
that faceted {112}Cuk{112}Nb interfaces are better
sources for dislocations nucleation and have weaker
barriers to dislocation transmission than the
{111}Cuk{110}Nb interface. As shown in Fig. 10, an
atomistic model of a multilayered composite was
constructed of alternating single crystals of two dis-
similar metals forming several bimetal interfaces,
lying parallel to the x–y plane. The nonequilibrium

MD simulations of shock loading utilize the scalable
parallel short-range molecular dynamics (SPaSM)
code with shock waves induced by pushing the
sample against a specularly reflecting wall at a
piston velocity of up. The shock direction corre-
sponds to the z-direction in Fig. 10, directed normal
to the interfaces. It is worth mentioning that the
interatomic potential for Cu is Voter–Chen39 and a
Finnis–Sinclair (FS) potential by Ackland and
Thetford for Nb.40 In particular, among six existing
Nb potentials, we found that the Ackland’s FS
potential was one of two that could reasonably
reproduce the stacking fault under high pressure as
predicted by using first-principle calculation.41

With these potentials, multilayer models are first
constructed with either the flat {111}Cuk{110}Nb KS
or faceted {112}Cuk{112}Nb KS interface. The
interface spacing is 5 nm and the composite model
contains 23 bimetal interfaces. The flat KS multi-
layer material is 129.64 nm long, containing
3,210,192 atoms. The faceted KS material is
121.81 nm long with 3,018,720 atoms.

Shock loading imposes uniaxial strain, which
generates a three-dimensional stress state (e.g., Ref.
42). As the shock compression wave propagates
across the sample, a high deviatoric internal stress
develops in the vicinity of the interfaces. The
response is elastic until the onset of plasticity at a

Fig. 7. {111} pole figures of a (a) measured ARB Cu-Nb texture for h = 18 nm. ODFs and fiber plots of these textures can be found in Ref. 13.
(b) conventional slip-dominated rolling texture in fcc and bcc and (c) measured PVD Cu-Nb texture. ODFs and fiber plots of the latter can be
found in Ref. 13.

Fig. 8. Schematic of the orientation relationship between a Cu
crystal and a Nb crystal joined at an interface in which the orienta-
tions are expressed as rolling components.
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certain threshold speed. In both cases, plasticity in
the Cu phase is due to dislocation nucleation from
the interface and plasticity in the Nb phase is due to
transmission of Cu into Nb. However, due to the
ease at which the {112}Cuk{112}Nb interface
nucleates and transmits dislocations compared to
the {111}Cuk{110}Nb interface, the two interfaces
result in significantly different changes in the shock
response of the parent multilayer composite. First,
the simulations find that for the {112}Cuk{112}Nb
interface, the threshold for nucleating Shockley
partials in Cu is less than that to transmit partials
from Cu to Nb, whereas for the {111}Cuk{110}Nb

interface, the barriers for these two events were
comparable. In the former, Shockley partial dislo-
cations emit from the interface via dissociation of
interfacial misfit dislocations onto two {111} planes.
Slip by continual partial emission remains confined
to the Cu layers until the piston speed is increased
such that these dislocations can transmit into Nb.
In the {111}Cuk{110}Nb interface, on the other
hand, Shockley leading partials then trailing par-
tials are emitted on predominantly one slip system.
The full dislocations then transmit straight into Nb.
Afterwards, multislip plasticity in both the Cu and
Nb phases ensues. Second, the piston speed at
which dislocations nucleate (350 m/s) and transmit
(500 m/s) across the {112}Cuk{112}Nb interface is
much lower than that for the {111}Cuk{110}Nb
interface (650 m/s).

These simulations confirm undoubtedly that by
virtue of differences in atomic structure between the
atomically flat interface and atomically stepped
interface, the multilayer nanocomposite changes
significantly when and on which slip systems dis-
locations first nucleate and when and on which slip
systems they transmit.

Twinning

Like dislocation slip, twinning is another impor-
tant mechanism governing material deformation
behavior. It is known that severe plastic deforma-
tion and fine (nm)-grained materials together can
promote deformation twinning43,44 in metals that
would not twin under moderate strain conditions in
coarse-grained materials. However, in multilayered
composites, large stress states and ultrafine scales
are not the only factor controlling deformation
twinning. Another factor, the bimetal interface, can
have a profound effect on deformation twinning.
A dedicated discussion on interface-facilitated
twinning in Cu-Ag composites is given in the article
by Mara et al.44 in this issue. Here, we continue
with our Cu-Nb example. We have already learned

Fig. 9. Comparison of the {111} pole figures for the Cu phase in the ARB composite (a) measured and (b) calculated assuming planar slip. The
main components are similar but the predicted texture is overall more intense. It is common that polycrystal calculations predict more intense
deformation textures than measured.

Fig. 10. MD simulations of shock compression of Cu-Nb multilayers
with h = 5 nm thick layers and (a) {111}Cuk{110}Nb KS interfaces
and (b) {112}Cuk{112}Nb KS interfaces.
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that the {112}fcck{112}bcc interface nucleates
Shockley partials and transmits dislocations more
easily than the {111}fcck{110}bcc interface. As we
discuss below, it turns out that these fundamental
differences enable the {112}fcck{112}bcc interface to
promote profuse twinning and the {111}fcck{110}bcc
interface to completely suppress it.

Recent experimental studies have demonstrated
that under the same length scale and the same roll-
ing conditions, nanoscaled Cu-Nb multilayer com-
posites synthesized by PVD and by ARB exhibit
dramatically different twinning propensities. From
the former interface, deformation twinning did not
initiate in shock, nanoindentation, and when rolling,
reducing the individual layer thickness from 75 nm
to 30 nm (Fig. 11b).4,45,46 However, from the latter
interface, deformation twins formed in the Cu layer
in shock, nanoindentation, and in rolling when the
individual layer thicknesses reduced below 50 nm
(Fig. 11a). The twin fraction increased continually as
the layer thickness reduced to 10 nm.5,12,13

To explain deformation twinning, we first need to
identify the source for twinning partials. All twins
observed in the ARB composites were connected to
{112}Cuk{112}Nb KS interfaces and formed on the
{111} plane that lies �19.5� from the interface
plane11 (Fig. 12). This twinning plane is special in

two ways: it intersects the interface along a line that
is parallel to the line orientation of the misfit dis-
locations in the interface and it is well aligned with
a {110} slip plane in Nb (Fig. 6). The first feature
implies that a twinning partial could be supplied by
dissociation of a misfit dislocation, and the second
feature indicates that a twinning partial could also
be provided by a transmission of a Nb dislocation
into Cu. These notions led Han et al.11 to postulate
that twin nucleation from {112}fcck{112}bcc KS
interfaces occurred either via dislocation transmis-
sion or dissociation of misfit dislocations, or a com-
bination of both. As neither mechanism is easy in
the {111}fcck{110}bcc KS interface, this would
explain why twins do not form in the PVD nano-
composites, even at extreme nanoscales and in
extreme deformation conditions.

MD simulations were carried out in which a full Nb
dislocation was driven towards the {112}Cuk{112}Nb
KS interface. As the Nb approached the interface, its
stress field caused the misfit to dissociate into a
Shockley partial. Upon reaching the interface, it
transmits across it into Cu as a second Shockley
partial, gliding on a plane adjacent to the first
partial. This MD calculation confirms that this
{112}Cu//{112}Nb KS interface can act as a source
for twins, wherein a twin nucleus is formed by both
misfit dissociation and dislocation transmission
(Fig. 12). The MD simulation in Fig. 12a presents
one possible kinetic pathway for twin nucleation;
others are of course possible, but they will likely
involve either dislocation transmission or misfit
dissociation.

Second, we need to explain twin growth after
nucleation. Two growth mechanisms have been

Fig. 11. TEM micrographs showing rolled (a) ARB Cu-Nb nanolay-
ers with twins in the Cu phase and (b) PVD Cu-Nb nanolayers with
no twins.

Fig. 12. (a) MD simulation showing nucleation of a Cu deformation
twin from a {112}Cuk{112}Nb KS interface that was triggered by a Nb
full dislocation impinging on the interface and transmitting across the
interface as two twinning partials in Cu. (b) HRTEM micrograph
showing a typical deformation twin emanating from the {112}Cuk
{112}Nb KS interface in an ARB composite. The twin has trans-
formed the interface to {552}Cuk{112}Nb.
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proposed based on observations from TEM.11,12 The
first involves sequential transmission of Nb dislo-
cations to Cu twinning partials on adjacent planes
in Cu.11 Each transmission event would leave a
residual behind (Fig. 13a). As deposited, this fine
array of residuals would leave the interface in a
disordered state. Driven to achieve a lower energy
state, they, in time, can coalesce to an ordered state,
different than the original one prior to twinning
(Fig. 13b). Evidence of this evolution is seen in
postmortem TEM of a single–twin interface
(Fig. 13e). A possible reconstruction of the interface
after this twinning process is calculated by MD
simulation (Fig. 13c, d). Before reconstruction, the
interface contains a nonuniform array of facets as a
result of sequential transmission (Fig. 13c) and
leaves the interface in a high-energy state. After
reconstruction, the new interface is ordered, with
broader facets and lower formation energy
(Fig. 13d). Both interfaces in Fig. 13c, d have the
same net Burgers vector and satisfy the orientation
relationship and interface plane expected of the
newly twinned Cu/Nb interface; however, the lower
energy one in Fig. 13d best agrees with the final
twinned interface observed in the sample Fig. 13e.
The second growth mechanism is the alternating
emission mechanism proposed in Ref. 12 that was
observed in in-situ nanoindentation in the TEM. In
this mechanism, twins expand by twinning partial
emission from both boundaries bordering a given
layer.

This single example demonstrates how interface
structure can potentially control the relative activ-
ities of slip and twinning. The {112}Cuk{112}Nb KS
interface favors twinning by virtue of its effective
dislocation nucleation and transmission properties.
In contrast, the {111}Cuk{110}Nb KS interface in
the PVD multilayers is weak in shear, posing an
enormous barrier for transmission, and contains an
intrinsic dislocation network with Burgers vectors
with no out-of-plane components.

ARB COMPOSITE PROPERTIES

As the ARB nanocomposites were prepared in the
form of bulk sheet, there is little limit on the kinds
of experimental tests one can perform. They, like
the Cu-Nb nanocomposites prepared by PVD, also
possess many outstanding properties. They are
several times stronger than Cu or Nb alone. Fig-
ure 14a compares the tensile response of the ARB
composites in the RD direction with the compres-
sion stress–strain curves for PVD foils from micro-
pillar compression tests.3 As shown, the ARB
material achieves peak strength at approximately 1
GPa. Differences in their deformation responses
between the PVD and ARB material can be attrib-
uted to several factors, such as differences in tex-
ture and interface properties, to name a few. As
shown in Fig. 14b, these composites possess hard-
ness values several times that of its constituents.

Fig. 13. Growth mechanisms of twins in Cu. (a) Twinning by sequential slip transmission from Nb to Cu, leaving an array of residual dislocations
in the interface, (b) reconstruction of residual dislocations within the interface, (c) and (d) MD simulations of interfaces (c) immediately after
twinning, and (d) after rearrangement to a low energy state and (e) HRTEM images show interface structure after twinning.11
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For a wide range of layer thicknesses, the hardness
of the ARB composites is found consistently lower
than that of the PVD nanocomposites.1 The con-
stant difference, including even the coarser layers,
suggests that differences may be attributed to basic
texture differences between the composites (Fig. 7).
Last, we mention that the ARB composites also
exhibit exceptional thermally stability.47 Cu-Nb
ARB composites with submicron-layer thicknesses
(200–600 nm) did not recrystallize but retained
their rolling texture after exposure to elevated
temperatures (up to 800�C) for 0.5 h.47 Stability is
harder to achieve in finer layers. We find that even
for ARB composites with h = 18 nm layers, the
texture and microstructure are retained up to
500�C. Figure 14c presents the microstructure of
the h = 18 ARB material after heating to 500�C for
1 h. Afterwards, the hardness is nearly unaffected,
and the slight drop exhibited is not statistically
significant (Fig. 14b).

INTERFACE DESIGN

The new and important result that arises from
the recent series of papers on model multilayered
nanocomposites is that they can be fabricated via
severe plastic deformation (ARB) with well-defined,
ordered interface structures that prevail uniformly
over the entire composite. Their creation opens the
way to probing the nature of interfacial response in
mechanical deformation (straining and shock) and
interface/defect interactions. The nanocomposites
themselves possess many desirable properties, such
as ultrahigh strength, hardness, and thermal sta-
bility, vastly superior to those of the individual
constituents. There is little limit to the number of
macroscopic properties that can be characterized
with these bulk composites, and more testing is
underway.

It is not yet known why the Cu-Nb interfaces self-
organized to the ordered {112}fcck{112}bcc KS

Fig. 14. (a) Stress–strain curves for Cu-Nb nanolayered composites fabricated by PVD (h = 100 nm and 30 nm3) and by ARB (h = 58 nm).
(b) Hardness of the Cu-Nb nanolayered composites fabricated by PVD1 and ARB. The hardness values of the ARB composite after exposure to
500�C and 700�C at 1 h are also shown. (c) Microstructure of the ARB Cu-Nb nanolayered composite after exposure to 500�C for 1 h.

Structure–Property–Functionality of Bimetal Interfaces 1205



structure under extreme strains. Undoubtedly, the
stability of this Cu-Nb structure is tied to the
dominance of this interface in plasticity as the
interfacial density increases. To rationalize this,
three aspects should be considered in tandem:
geometry, energetics, and kinetics (see Fig. 2b);
considering just one alone does not provide an
explanation. For instance, interface formation
energy is important, but it is not the only factor that
needs to be considered. While this {112}fcck{112}bcc
ARB-interface does not correspond to the energeti-
cally lowest {111}fcck{110}bcc KS interface,21 it is
also not the interface structure that would be asso-
ciated with theoretical rolling textures of monolithic
Cu or Nb,10 which has a relatively high formation
energy. As a result, as the interfacial density
increases, the bulk texture deviates from the
expected rolling textures and takes on a texture
associated with the {112}fcck{112}bcc KS and
{110}fcck{112}bcc interfaces. The preference for the
{112}fcck{112}bcc can be understood by also consid-
ering dislocation kinetics—when, how, and on what
slip systems dislocations glide. As the spacing be-
tween adjacent interfaces shrinks, the available
sources for dislocations become exclusively located
in the interface. Consequently the interface dictates
the choice of slip systems on which dislocations
move. The activation barriers for dislocation nucle-
ation and dislocation transmission from the
{112}fcck{112}bcc interface are substantially re-
duced compared to that of the other interfaces. Also,
the number of geometrically efficient pathways for
transmission across this interface is large.

The studies presented here have revealed a new
area of kinetically driven stable interfaces, inter-
faces that self-organize under a mechanical drive.
Understanding such interfaces opens up the possi-
bility of designing the severe plastic deformation-
processing route for target interfacial properties.
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