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Bulk Cu/Nb multilayered composites with high interfacial content have been
synthesized via the accumulative roll bonding (ARB) method. Experimental
characterization shows that these multilayers with submicronmeter and
nanometer individual layer thicknesses contain a predominant, steady-state
interface with the Kurdjumov–Sachs orientation relationship joining the
mutual {112} planes of Cu and Nb. In this article, we overview microscopy and
simulation results on the structure of this interface at an atomic level and its
influence on interface properties, such as interface shear resistance and its
ability to absorb point defects and nucleate dislocations nucleation.

INTRODUCTION

Grain boundaries and interphase interfaces in
metals have been shown to play a fundamental role
in material properties by acting as: (I) sources of
defects, (II) sinks of defects via absorption and
annihilation, (III) barriers to defects, and (IV) stor-
age sites for defects.1–3 Atomic-scale studies based
on interface defect theory, atomistic simulations,
and microscopy characterizations and measure-
ments show that the atomic structure of an inter-
face defines its properties and thereby the
properties that they impart to polycrystalline and
polyphasic materials.1–8

For metallic layered composites, most theoretical,
modeling, and experiment studies find that material
strength is related to interface type.3,4,9–13 For
coherent interfaces and semicoherent interfaces,
coherency stresses play a crucial role in defining the
maximum strength that can be achieved. For
coherent interfaces in heterophases, the strength
model14 is based on the simple idea that a disloca-
tion cannot traverse the composite unless the net
forces on the dislocation in all layers are the same
sign. Thus, a stress must be applied that at least
cancels the coherency stress in one of the two con-
stituents. For coherent interfaces in single-phase
metals, the presence of twin boundaries causes the
change of crystal orientations across the interface,
resulting in the discontinuity of slip systems
across twin boundaries, thereby strengthening

materials.15–19 For semicoherent interfaces with
small misfit, misfit dislocations relax only the long-
range coherency stresses and the interface between
the misfit dislocations remains coherent; therefore,
a glide dislocation that intersects the coherent seg-
ment of interface in this region still encounters very
large stresses.3,4,14

For interfaces between nonisostructural phases
(such as between a face-centered cubic [fcc] and
body-centered cubic [bcc] metal) with large misfit
(>�5%), atomic relaxations in the interface are
complicated. However, geometric characters of
interface planes determine the principal character-
istics of interface structures. From the viewpoint of
thermodynamics, interfaces composed of low-energy
surfaces and/or low-energy ledges are energetically
favorable, close to thermodynamic equilibrium. Two
geometric factors are thus chosen to classify inter-
faces: compact plane and compact direction. In
addition, the third factor is the similarity of the unit
cell because it is likely to form a coherent structure
for two crystallographic planes when their unit cells
have similar atomic structures. With respect to the
three geometric factors, we can classify the experi-
mentally observed Cu/Nb incoherent interfaces with
two different orientation relationships (Kurdjumov–
Sachs [KS] and Nishiyama–Wassermann [NW]) into
four types.20 Type I: The interface consists of the
compact planes of both crystals. Type II: The
interface is not type I. That is, at least one of the two
planes selected from each crystal for the interface is
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noncompact for the respective crystal. The interface
plane contains, however, the compact directions of
the two crystals, and they are aligned. Type III: The
interface is neither type I nor type II. The interface
does not match the compact planes or the compact
directions. The unit cells, however, are similar in
that they have the same basic shape and the same
number of atoms. Type IV: The interface does not
belong to type I, type II, and type III.

The most commonly occurring incoherent fcc/bcc
interfaces adopt KS or NW orientation relationships
(OR).21–23 When the two interface planes to be paired
at the interface are compact, low-index planes, they
tend to be atomically flat. Interfaces of this type tend
to occur, for instance, in epitaxial growth (e.g.,
physical vapor deposition24,25) and examples include
the KS or NW interfaces. The crystallographic planes
joined at these interfaces, fcc {111} and bcc {110}, are
atomically flat, corresponding to the type I interface.
Consequently in equilibrium, the relaxed atomic
structures of these interfaces are flat as well, free
of steps and containing misfit dislocations with
in-plane Burgers vectors.3,12. Atomistic simulations
show that the core of these misfit dislocations within
these interfaces extends3,26, making it difficult for
glide dislocation production via dissociation. As a
consequence, lattice dislocation nucleation proceeds
through an entirely different mechanism than
observed previously for grain boundaries and step-
ped interfaces.27,28 Also, such interfaces have a low
shear resistance due to the easy creation and growth
of interface dislocation loop at the intersection of
these misfit dislocations.12 In addition, Cu-Nb
nanoscale multilayers fabricated by physical vapor
deposition (PVD) can reach the superior radiation
resistance due to core delocalization of two non-
parallel misfit dislocations intersections.26

When two crystals are joined at crystallographic
planes that are not atomically flat, the resulting re-
laxed equilibrium interface structure could either be
disordered or ordered and faceted. Recently, Cu/Nb
laminated composites have been synthesized
through accumulative roll-bonding (ARB) method,
and in submicronmeters and nanometers contain a
predominant, steady-state interface.29,30 A five-
parameter interface analysis30 applied to all Cu-Nb
interface pairs identifies most of the interfaces as
{112}fcc//{112}bcc and h111ifcc//h110ibcc, or those close
to it, which corresponds to the KS orientation rela-
tion. We abbreviate these interfaces as {112}KS or
near-{112}KS and categorize them into type 2 inter-
face in accordance with our classification. A recent
study of ARB Cu/Nb layered composites at different
scales on texture evolution, interface evolution,
strength and ductility, and deformation mechanisms
including slip transmission, dislocation nucleation,
and deformation twinning, etc., shows that {112}KS
interface is responsible for the phenomena observed
in experiments.31–36 The focus of this article is to
overview recent investigations at atomic scale and to
discuss an outlook for future work.

INTERFACE STRUCTURES

Type II (or faceted) interfaces contain interfacial
dislocations with Burgers vectors lying in-plane and
out-of-plane of the interface and facets, where each
facet or step is usually comprised of two faces (or
terrace planes), which are described by its own
crystallography. In this section, we present the
method of characterizing the interface defects and
optimizing the interface structure in terms of min-
imization of interface formation energy.

Characterization of Interface Defects

For demonstration purposes, we choose an inter-
face with a KS orientation relationship joining the
mutual {112} planes of Cu and Nb that are observed
in ARB Cu-Nb multilayers. A few methods for
characterizing defect structure of interfaces are first
reviewed.

Frank–Bilby

When two crystals are joined to form an interface,
in general there exist some overlapping regions and/
or gaps at the interface due to the incompatibilities
and/or the dissimilarities between the two lattices.
Accompanying the removal of the incompatibilities
and/or the dissimilarities, interface defects or
interface dislocations are required in the interface,
which could act as stress annihilators to free the
stresses far from the interfaces. Frank37 and Bilby38

provided a theory in which the net Burgers vector
content Bð~PÞ of the stress generators crossing a
probe vector ~P lying in the interface could be deter-
mined. As with most treatments of the problem, all
of the detailed solutions are for the homogeneous,
isotropic elastic approximation of coherency and
defect fields. Considering an interface between
bicrystals with lattices A and B, these lattices can be
related to a common reference lattice by homoge-
neous distortion transformation matrices SA and SB.
Let ~P be a large vector in the interface where the
vector must be large compared with any substruc-
ture within the interface, the net Burgers vector
Bð~PÞcrossing the interfacial vector ~P can be calcu-
lated as Bð~PÞ ¼ ðS�1

A � S�1
B Þ~P, where SA

�1 and SB
�1 are

the inverse matrices of SA and SB. Driven by mini-
mizing the chemical potential energy of interfaces,
however, atoms within the interface in the two
jointing crystals intend to match each other, forming
coherent lattices within the interface. Therefore, a
continuous distribution of interface Burgers content
Bð~PÞwill be energetically unfavorable and will prefer
forming discrete interface dislocations.

Geometry Model

Interface defects can be characterized using a
circuit mapping method,39–41 which corresponds to
a geometry description of Frank-Bilby equation.
The Burgers vectors of the defects are defined with
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respect to a reference lattice, which is chosen as the
coherent structure of the bimetal interface.40 As a
first step, we define the coherent dichromatic pat-
tern (CDP) corresponding to this coherent struc-
ture. For the {112}KS interface, overlaying the
projection of Cu and Nb crystals along the compact
direction ½�110� for Cu and 1�1�1 for Nb creates the
natural dichromatic pattern shown in Fig. 1a. Along
the x-axis, the two sets of lattice sites, marked by A
and B, approximately, but not exactly overlap. To
construct a coherent structure and make A and B
coincide, one can deform both Cu and Nb by differ-
ent amounts or deform one to match the other. In
this example, we impose the extra strains sepa-
rately to Cu and Nb while satisfying the equilibrium
for a semi-infinite bilayer. The deformed crystals
form the dichromatic pattern shown in Fig. 1b.
Then, the dotted-line parallelogram in Fig. 1a can
be mapped to the solid-line parallelogram in Fig. 1b.
In the circuit mapping method, the reference

structure can be either one of the crystals or a
mediated structure.41,42 In our analysis, the Nb
crystal is chosen to be the reference structure. We
map both deformed crystals to the reference struc-
ture, forming the coherent dichromatic pattern
(CDP) in Fig. 1d. A closed circuit is selected in the
natural dichromatic pattern (real Cu-Nb bicrystal)
in Fig. 1c and then mapped in the CDP. The closure
failure corresponds to the net Burgers vector con-
tent, as shown in Fig. 1d.

Disregistry

Atomistic simulations with reliable empirical
potentials offer a powerful capability of character-
izing atomic structures of an interface. For a relaxed
interface, the disregistry analysis and/or the relative
displacement analysis of the relaxed structure
with respect to the unrelaxed structure can pro-
vide insights into understanding the relaxation

Fig. 1. Geometry model of the ideal-{112}KS interface in the bicrystal model. (a) Natural dichromatic pattern of Cu and Nb lattices with the
parallel compact directions, h�110ifcc k h1�1�1ibcc. Empty symbols designate Cu atoms and solid symbols designate Nb atoms. (b) Strained natural
dichromatic pattern with imposed strains in (a). Cu and Nb lattices are relatively stretched in x-direction to match atoms at site A and B at the
same time. (c) and (d) Illustrate the method of determining net Burgers content at an interface. A closed circuit in a bicrystal in (c) is created from
the CDP (in b), and then the closed circuit in (c) is mapped in a coherent dichromatic pattern (CDP) (in d). The closure failure F¢A¢ in (d) is the net
Burgers vector [2.08 – 2.95] (Å) in the x–y coordinate.
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processes.43,44 The applications of the two methods
described above yield the net Burgers content Bð~PÞ
over a periodic length for a given interface. However,
the net Bð~PÞ is not sufficient for understanding the
defect structure of an interface. It is desirable to
know the position and Burgers vectors of the indi-
vidual interface dislocations and the orientation
relationships and lengths of the facets. Analyzing
the relative displacements and disregistry of an
atomic interface structure can provide the more
resolved information.10–12

Interface Defects of {112}KS Interface

Using molecular statics/dynamics simulations, we
studied interface structures of three fcc/bcc systems,
Cu-Nb, Al-Fe, and Al-Nb, and we found that the
number of distinct sets of intrinsic interfacial dis-
locations and their core structures vary significantly
among these three systems.33

For the Cu-Nb system, in which the lattice mis-
match is 0.2469 along the x-axis and 0.3024 along
the z-axis, the relaxed equilibrium structure of the
{112}KS interface contains three sets of intrinsic
dislocations. Figure 2a and b show the simulation
model and the unrelaxed atomic structure in the x–y
plane. Figure 2c and d show the relaxed equilibrium
structures in the x–z plane and in the x–z plane.
Figure 2e shows atomic structure of interface
defects. The line senses of sets 1 and 2 interface
dislocations are oriented parallel to z and labeled
with b1 and b2, while the third set is oriented par-
allel to x and labeled as b3. Set 1 has its Burgers
vector directed out of the interface plane, while sets
2 and 3 are misfit dislocations with in-plane Burgers
vectors. As a result of the reaction of interface dis-
locations, the Cu-Nb interface holds three types of
interface structures, in Fig. 2f, type 1 corresponds to
the interface dislocations that are fully pinned, type
2 the interface dislocations that are partially pin-
ned, and type 3 the interface dislocations that are
fully depinned. Using the geometry model shown in
Fig. 1d, the closed circuit A–B–C–D–E–F–A is cho-
sen to enclose one periodic length (corresponding to
the periodicity of the BUC) along the [111]Cu//
[110]Nb. This length is obtained from MD simula-
tions to be 18.7477 (Å).33 The circuit is right-handed
with the line direction of the encircled interface
dislocation pointing out of the paper. The closure
failure F¢A¢ is found to be [2.08–2.95] (Å) in the x–y
coordinate, which corresponds to the net Burgers
vector Bð~PÞin the x–y coordinate. For a molecular
dynamics (MD)-derived atomic structure of the Cu-
Nb {112}KS interface, disregistry analysis are plot-
ted in Fig. 2g, the x component bx = 2.08 Å agrees
with both F¢A¢ in Fig. 1d and Bð~PÞ from the F–B
equation.33 Moreover, the pure edge misfit disloca-
tion (i.e., with its y-component = �2.95 Å) has dis-
sociated into Shockley partials that extend into Cu,
normal to the interface. The Burgers vector of these
partials is 1.47 Å and thus the rest of the y

component, which is �1.48 Å, remains at the
interface. The disregistry analysis along the z-axis
shows that set 3 interface dislocation b3 has the
Burgers vector of aCu½�110�=2 and is separated by the
average spacing of 24.8 Å.

For the Al-Fe interface, all three sets of interfacial
dislocations remain in the interface and have not
dissociated into Al, as a result of the high stacking
fault energy (SFE) of Al. The set 1 dislocations
b1 = [0.0 2.3–2.5 0.0] Å remain in the plane of the
interface, unlike in the Cu-Nb interface, where the
Shockley partials are seen to extend from the inter-
face as a result of a dissociation of the b1 intrinsic
dislocation. The average spacing of the set 1 dislo-
cation is 25.6 Å. Compared to the Cu-Nb interface,
these spacings are larger due to differences in the
faceted topology of the Al and Fe {112} planes. The
misfit set 2 dislocations are edge dislocations with
the Burgers vector b2 = aAl [111]/3. They are spaced
along x about 15.4 Å, which is finer than that for the
set 2 dislocations in Cu-Nb, due to the greater mis-
match in Al-Fe than Cu-Nb. The misfit set 3 dislo-
cations could have the Burgers vector b3 = aAl½�110�=2
if the spacing is chosen to be 18.5 (Å). However, it is
not well defined from atomic structures due to its core
spreading within the interface plane along the z-axis.
Compared with the core structure of the set 3 dislo-
cations in Cu-Nb, the core of a set 3 dislocation at the
interaction with b1 has not dissociated into the
nonplanar structure due to the higher SFE in Al than
Cu. In Al-Fe, the set 3 dislocations can spread in-
plane since forming a fault in the interface has a
lower energy penalty than forming a stacking fault in
Al. The opposite is true for Cu-Nb. Set 3 has a com-
pact core in Cu-Nb, with the exception of the inter-
section points with set 1, where it dissociates into the
Cu crystal onto two {111} planes.

In the extreme case that the lattice mismatch is
negligible, the {112}KS interface would only contain
the set 1 interfacial dislocations. The Al-Nb {112}KS
interface provides one such example, with a lattice
mismatch of 0.0037 (Å) in the x-direction and 0.0045
(Å) in the z-direction, substantially lower than those
of Cu-Nb and Al-Fe. Only the set 1 b1 = [0.0 2.14
0.0] (Å) dislocations can be identified with its spac-
ing of 14.0 Å. Obviously like the Al-Fe system, the
set 1 dislocations in the Al-Nb system do not extend
into Al and remain in the plane of the interface. Sets
2 and 3 are not present since the in-plane lattice
mismatches in both x and z are negligible for this
fcc/bcc system.

In summary, atomistic simulations reveal that
the interface contains at least one and at most three
sets of intrinsic interface dislocations. At minimum,
one set with the Burgers vector lying out of the
interface plane is needed to accommodate differ-
ences in the faceted nature of the surfaces of the
{112} planes. At most, two more sets with Burgers
vectors lying within the interface plane are required
to accommodate the lattice mismatch parallel to the
interface plane.
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Fig. 2. (a) Simulation model, (b) the unrelaxed interface structure, (c) the relaxed interface structure in the x–y plane, (d) in the y–z plane, and (e)
interface defect structure in the x–y-z coordinate. (f) Three types of interfaces with respect to the reaction between set 1 and set 3 interface
dislocations. (g) Disregistry analysis showing the spacings and Burgers vectors at the Cu/Nb interface.
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Interface Optimization

Due to the presence of the set 1 dislocations that
have an out-of-plane Burgers vector, the {112}KS
OR might be destroyed by nucleation and emission
of a lattice dislocation from the interface, driven by
reducing the Burgers vector content in the inter-
face.42 Therefore, ‘‘near-{112}KS interfaces’’ might
have the low formation energy and be more ther-
mally stable. Texture analysis29,45 shows that such
deviation could be due to a tilt and/or twist of either
or both crystals with respect to the ideal {112}KS
interface. As a first step in understanding its origin,
we consider deviations created by tilting one of the
crystals about the parallel compact directions
h110ifcc//h111ibcc.

For near-{112}KS interfaces, the Cu crystal is
tilted clockwise about the z-axis with respect to the
ideal {112} KS interface at nine discrete angles h :
2.13�, 3.11�, 4.76�, 5.77�, 6.45�, 7.33�, 8.05�, 8.46�,
and 10.02�, while keeping Nb fixed. Corresponding
to h, the Cu orientation normal to the {112} inter-
face plane of Nb is ½6 6 13�; ½4 4 9�; ½5 5 12�; ½2 2 �5�;
½7 7 18�; ½3 3 �8�; 4 4 11; 5 5 14, and ½1 1 �3�, respectively.
Atomistic simulations are performed under the
periodic boundary condition along the x- and z- axis,
while the fixed boundary condition is applied along

the y-axis.33 In all cases of h from 0� to 11�, the
interface planes being joined are not compact; atoms
follow a serrated path with alternating {001} and
{111} planes on the Cu side and alternating non-
parallel {110} planes on the Nb side. Figure 3a
shows the interface formation energy c as a function
of tilt angle h. It is found that c reduces substan-
tially to a minimum of c = 672 (mJ/m2) at h = 7.33�,
and the Burgers vector content in this interface is
equal to [1.97 –1.0] (Å) in the x–y coordinate, which
is smaller than [2.08–2.95] (Å) in the {112}KS
interface, in particular, the out-of-interface compo-
nent decreases from 2.95 to 1.0 (Å). Interestingly,
interfaces with approximately the same tilt angle
are directly observed and measured from trans-
mission electron microscopy (TEM) image within an
ARB sample, as shown in Fig. 3b and c.

INTERFACE PROPERTIES

Point Defects

Accompanying with the formation of dislocation
jogs within interface, an interface can act as sinks or
sources of point defects and the ability to absorb
point defects depends on the atomic structure of
the dislocation intersections.26,33 Using atomistic

Fig. 3. Minimization of interface formation energy in association with the deviation of misorientation from the ideal {112}KS interface. (a)
Interface formation energy. Atomic structure of the interface with a deviation of 7.33�, (b) TEM image, and (c) atomistic simulation.
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simulations, for the Cu-Nb and Al-Fe interfaces, we
found that the intersections of interface dislocations
act as favorable sites for vacancy absorption. How-
ever, the Al-Nb interface, with no intersection
points, contains no sites for vacancy absorption, and
thus, it is the worst structure studied here for va-
cancy absorption. To calculate the vacancy forma-
tion energies (VFEs) at a given point in the interface,
an fcc atom is removed from the regions around the
intersections of interface dislocations and the de-
fected interface is then relaxed using the conjugate
gradient algorithm. The resulting VFE maps for the
Cu-Nb material systems are shown in Fig. 4a.
Overall, we find that the VFEs are the lower along
the intrinsic dislocation lines than outside of them
and the lowest at the intersection points.

In the Cu-Nb interface, the VFE is negative
locally at and near the intersection region between
set 1 and set 3 (Fig. 4a). These points correspond to
the points where the set 1 dislocation is pinned to
the interface. At the intersection between set 2 and
set 3, the two in-plane edge dislocations, the VFE is
positive but still lower than bulk Cu VFE. It is
worth pointing out that interface will change
the structure from type 1 to type 2 to type 3
accompanying with the absorption of vacancy at the

intersection region between set 1 and set 3 disloca-
tions. In type 3, the VFE is positive everywhere,
although it is still much lower than the VFE in bulk
Cu 1.299 (eV). Compared to the Cu-Nb interface, the
Al-Fe and Al-Nb interfaces, represent two opposite
extremes in their ability to absorb vacancies. In the
Al-Fe interface, the interfacial regions of VFE lower
than bulk VFE (0.685 eV) are not localized, which is
a consequence of the extended core of the set 3 dis-
locations. Its defect structure consists of an inter-
secting network of intrinsic dislocations whose cores
are spread within the interface. As shown here, this
structure results in significantly large regions of
VFE lower than bulk VFE (0.685 eV) and, thus, an
interface that would be an excellent sink for
vacancies. In contrast, in the Al-Nb interface, the
VFE is positive everywhere and higher than bulk
VFE (0.733 eV) almost everywhere. Only in the
neighborhood of the set 1 dislocations, the VFE is
slightly lower than that of bulk Al (0.733 eV). The
Al-Nb interface is a poor sink for vacancies for two
reasons. First, because the Al-Nb interface only
contains one set of parallel dislocations and hence
no intersection points, it lacks regions where the
VFE is negative. Second, the cores of the interfacial
dislocations belonging to this array are compact.

Fig. 4. Interface properties. (a) VFE maps for Cu-Nb. VFE is negative around the circled regions, where b1 and b3 are pinned at the intersection.
(b) The two-dimensional flow strength of {112}KS interface. (c) Interface sliding mechanism as the interface is sheared along the z-axis.
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Shear Response

Shear response of interface has been studied by
using atomistic simulation with a bilayer mod-
el.10–12 A gradually increasing shear strain is
applied homogeneously to bilayer models of Cu-Nb
along the different shear directions while main-
taining equilibrium, i.e., rCu

yx ¼ rNb
yx and rCu

yz ¼ rNb
yz .

The shear stresses ryx and ryz parallel to the inter-
face are generated by applying the displacement
gradients, @u=@y and @w=@y, to the two crystals. u
and w are the displacements along x and z direc-
tions. Shearing of the two crystals is achieved by
maintaining their ratio constant at every loading
step. Because of the difference in shear moduli, the
ratio of displacement gradients @u=@y and @w=@y to
maintain equilibrium in the Nb crystal differs from
that in Cu, and the increments of displacement
gradients differ. The boundary conditions in the
models were satisfied while departures from equi-
librium were minimized by incrementing the dis-
placement gradients such that the shear stress
increments were less than 30 MPa at each loading
step. The tolerance of 30 MPa is chosen to prevent
overshooting shear strength of interface when
applying shear strain increments. After applying
the displacement gradient increments to the two
crystals, all atomic positions are then allowed to
relax fully and independently. During shearing of
the two crystals, disregistry analysis was employed
to determine slip in interface. Figure 4b shows the
two-dimensional flow stresses with respect to the
shear direction. The flow stresses is determined
corresponding to the occurrence of the irreversible
sliding within interface or the nucleation and
emission of lattice dislocation from interface. With
respect to the shear directions in the range of ± 40�
around the compact direction, shear resistance
varies with the angle, but the projection on the
compact direction is approximately constant at
1.5 GPa. Figure 4c shows the result of disregistry
analysis with respect to the shear direction along
the compact direction, implying that the interface
shear is accomplished through the creation and
subsequent growth of interface dislocation loops
that initialize at the intersection region between set
1 and set 3 dislocations, similar with interface shear
mechanisms in atomic flat PVD KS and NW inter-
faces.12 For the other shear directions, interface
does not undergo the shear displacements. Instead,
interface dislocation b3 moves either extending or
shrinking the stacking faults with respect to the
shear stress, which is a generic response for inter-
face that contains the out-of-plane Burgers vector.43

Dislocation Nucleation

Besides the nucleation of interfacial glide dislo-
cation loop within interface, lattice dislocations will
nucleate at interface and glide into the adjoining
crystals under mechanical loading.27,28 The Schmid
factor analysis associated with each Cu Shockley

partial dislocations on the four {111} planes (in
Fig. 5a) indicates multiple slip systems that can be
activated under a given stress. However, atomistic
simulations revealed that the selected slip systems
do not necessary follow the Schmid factor analysis,
as shown in Fig. 5b and c.

During MD simulations, the bilayer model was
uniformly strained in increments of 0.2%. At each
increment, the strained system was relaxed until
the uniaxial stress condition is satisfied, and then
we apply dynamic quenching MD until the maxi-
mum residual force on each atom becomes less than
5 pN. When stretching the bilayer model along the
x-axis, the partial b1 on �1�11

� �
is activated, but the

other two partials b1 on �11�1
� �

and b1 on 1�1�1
� �

are
not activated although the three partials have the
maximum Schmid factor of 0.314. The nucleation
site is located at the line of the set 2 interface dis-
locations, and the line of the freshly nucleated par-
tial shares the trace of the activated glide plane
�1�11
� �

on the interface. The relative displacement
analysis was performed in the core region of set 2
dislocation, indicating that the set 2 dislocation has
the nonplanar core structure, i.e., the core spreads
on the �1�11

� �
plane (in Fig. 5d) and facilitates the

nucleation and emission of a partial b1 on �1�11
� �

. In
comparison, when stretching the bilayer model
along the z-axis or the y-axis, the partial b3 are
activated on either �11�1

� �
or 1�1�1
� �

plane but the
other partials b1 and b2 on the two planes are not
activated although the Schmid factor is positive.
The more important result is that the nucleation
takes place at the intersection of interface disloca-
tions set 1 and set 3. It should be mentioned that set
3 interface dislocation has a Burgers vector of
a
2

�110
� �

and its line sense along [111], corresponding
to a pure edge dislocation on the interface plane.
Relative displacement analysis in the core region
indicates the non-planar core structure, dissociates
on the two planes �11�1

� �
and 1�1�1

� �
, as indicated in

Fig. 5d. The disregistry analysis on the two planes
show that the shear displacement on the two plane
is along b2 on �11�1

� �
and 1�1�1

� �
. As a consequence,

the nonplanar core structure facilitates the nucle-
ation and emission of the two partials with the re-
solved shear stresses being positive on these two
slip systems. Besides the three glide planes, partial
dislocation b1 can nucleate and glide on the fourth
plane (111), which corresponds to set 1interface
dislocation. As we discussed above, set 1interface
dislocation takes part of the Burgers vector content
within the interface; thus, the nucleation of set 1
interface dislocation can be considered as the dis-
sociation of intrinsic interface dislocation content.

MD simulations combined with analysis of the
core structure of interface dislocations reveal the
mechanisms of nucleation of lattice dislocation from
a faceted interface. When interface dislocation lines
do not lie on the glide plane of the activated slip
system, the nucleation will initialize at the inter-
section of two sets of interface dislocations, and the
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character of the nonplanar core of interface dislo-
cation determines the selected slip system. When
the interface dislocation line lies on the glide plane
of the activated slip system, nucleation will initiate
at the interface dislocation segment that lies be-
tween other interface dislocations, and the charac-
ter of the nonplanar core of the interface dislocation
determines the selected slip system. Thus, the
activated slip system is correlated with the micro-
structure and the core structure of the interface
dislocations.

SUMMARY

Based on characterization by high-resolution
transmission electron microscopy and atomistic
simulations, current work on multilayers revealed
that type II interfaces contains at least one and at
most three sets of intrinsic interface dislocations. At
minimum, one set with the Burgers vector lying out
of the interface plane is needed to accommodate
differences in the faceted nature of the crystallo-
graphic surfaces. At most, two more sets with Bur-
gers vectors lying within the interface plane are
required to accommodate the lattice mismatch par-
allel to the interface plane. As a consequence, the
atomic structure of the interface leads to specific
properties of the interface, as follows:

1. The sink ability to absorb point defects is related
to the intersection of interface dislocations

2. Interface shear is accomplished either through
interface sliding along the compact direction or
emission of lattice dislocation that nucleates in
association with the nonplanar core structure of
interface dislocation

3. Dislocation nucleation is correlated to the micro-
structure and core structure of intrinsic disloca-
tions.

In addition to atomic-scale study, other methods
such as discrete dislocation dynamics and crystal
plasticity modeling are being used, and this will
lead to multiscale models that predict the complete
stress–strain curve and texture evolution using
atomic-scale deformation mechanisms at interfaces.
The field of research in metallic multilayers con-
tinues to grow with exploration of other properties
such as fatigue and fracture, creep, and shock.
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