Influence of Secondary Precipitates and Crystallographic
Orientation on the Strength of Single Crystals of a Ni-

Based Superalloy

K. KAKEHI

The effect of crystallographic orientation and aging heat treatment at 850 °C on the creep rupture
strength of single crystals of a nickel-based superalloy was examined at 700 °C in detail. Initial
tensile orientations were selected over a wide range on the standard stereographic triangle. The
{111} (112)-type dip systems were found to be operative during the creep deformation. The creep
behavior was found to be greatly influenced by the additional aging at 850 °C for 20 hours. It was
found that the effect of the aging at 850 °C was quite different between orientations favored for the
(111)[112] Slip system and those favored for the (111)[211] slip system and that the creep deformation
mechanisms of these two dlip systems were different. In the orientations favored for (111)[112] dlip
systems, in the single-aged specimens, a small mean surface-to-surface spacing due to hyperfine
precipitates in the matrix channel promoted the (111)[112] slip and the primary creep. As a result of
the additional aging at 850 °C, the hyperfine ' precipitates were dissolved into the matrix, and the
resultant large mean surface-to-surface spacing between the cuboidal precipitates inhibited extensive
shearing of the y-y" structure by the (111)[112] dlip system. As a result, the creep strengths of these
orientations were increased in double-aged specimens; however, the low ductility associated with the
difficulty of secondary noncoplanar slip did not enlarge rupture lifetime in the double-aged [001]
specimen. In the orientations favored for the (111)[211] dlip system, creep deformation occurred by
twinning shear through y and ' precipitates, and a distinct effect of the aging at 850 °C was not
observed. In the multiple orientation of the {111}(211)—type dip systems, i.e., the [112] and [111]
orientations, hyperfine precipitates improved creep strength because they prevented dislocations from
gliding in the matrix channel in the single-aged specimens.

[. INTRODUCTION

THE anisotropy of the creep strength of single crystals
of Ni-based superaloys has been interpreted in terms of the
Schmid factors and multiplicity of {111}(112)-type dip
systems in the intermediate-temperature ranges.[*3 For the
creep strength of a powder metallurgy RENE 95 alloy at
650 °C, the operative mechanism was essentially determined
by the mean surface-to-surface spacing between the cooling
¥ precipitates.¥ A small mean surface-to-surface spacing
between ' precipitates restricted dislocation motion signifi-
cantly, whereas a larger mean surface-to-surface spacing
between the ' precipitates promoted homogeneous dip
through a/2(110) disl ocation bowing and looping.[¥ Second-
ary v precipitatesin a matrix channel are expected to influ-
ence the mean surface-to-surface spacing between
precipitates. However, little attention has been paid to the
effect of the secondary precipitates on the creep strength
and activities of {111} (112)—type dip systems in the inter-
mediate-temperature ranges. Therefore, the primary purpose
of the present investigation is to study the effect of heat
treatments on the secondary precipitates and to understand
the resultant changes of creep behavior in each orientation.
The second objective is to investigate the differences
between (111)[112] and (111)[211] dlip systems.
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Il. EXPERIMENTAL PROCEDURES

The investigation was carried out on an experimental
nickel-based superalloy. Its chemical composition is listed
in Table 1. Single crystals of this alloy were grown from the
melt by the modified Bridgman method. After the analysis
of the crystallographic orientation by the back-reflection
Laue method, specimens for creep rupture tests were cut
from the as-grown crystals by a spark cutter. The specimens
were solutionized at 1255 °C for 10 hours and then cooled
in an air blast. Two kinds of procedures for the aging heat
treatment were employed. The single-aged specimens were
aged at 1100 °C for 10 hours, and the double-aged specimens
were subjected to aging at 1100 °C for 10 hours and, subse-
quently, to an additional aging at 850 °C for 20 hours. After
each aging treatment, the specimens were cooled in an air
blast. Creep rupture tests were performed at 700 °C under
anominal stress of 820 MPa. The initial tensile orientations
are shown in Figure 1. Dislocation structures were observed
by transmission electron microscopy (TEM). The edge
lengths of the ¢/ precipitates were measured by scanning
electron microscopy (SEM).

1. EXPERIMENTAL RESULTS
A. Microstructures of the Heat-Treated Specimens

The distributions of the v precipitates after aging heat
treatment are shown in Figure 2. The average edge lengths
were 0.40 um for the single-aged specimen and 0.39 um
for the double-aged specimen, respectively. The influence
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Tablel. Chemical Composition of the Superalloy (Mass

Per cent)

Cr Mo Co w Ta Ti Al \Y Ni
1011 250 997 004 007 475 573 093 bd
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Fig. 1.—Initial loading orientations.

0.25

%) -
s ¢ % """"""""""""
goisf |

1T b L
3005 | % rrrrrrrrrrrrr

O . . % //////////

0.1 0.2 0.3 04 05 06 0.7
Edge Length (wm)
@)
0.25

P
e 02|
9 -
T 015 fros %%% ——————————————————————— ]
5 P
2 01 | %/ ——————————————————
5 =
© 0.05 f % —————————————————
& .

o L EEE

0.1 0.2 0.3 0.4 0.5 0.6 0.7

4
Edge Length (um)
(b)

Fig. 2—The distribution of edge lengths of precipitates after aging heat
treatment: (a) single aging and (b) double aging.

of the additional aging treatment at 850 °C on cuboida ¥’
precipitates was not observable by SEM. The microstruc-
tures of heat-treated specimens were al so observed by TEM.
As shown in Figure 3, numerous hyperfine secondary
precipitates could be observed in the matrix channel for
single aging; however, the hyperfine precipitates dissolved
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Fig. 3—Comparison of secondary y' precipitates between (a) the single-
aged specimen and (b) the double-aged specimen.

into the matrix and some of the precipitates coarsened after
the aging at 850 °C.

B. Effect of Crystallographic Orientation

The results of the creep rupture test are shown in Figures
4 and 5. Thelattice rotations of tensile direction dueto creep
deformation are illustrated in Figure 6. In the single-aged
specimens (Figure 4), long rupture lifetimes occurred in the
[001], [112], and [111] orientations. Compared to the [001]
specimen, the specimens with the [115] and [113] orienta-
tions exhibited shorter lives. The tensile directions of these
two specimens rotated toward [112] (Figure 6(&)) and actu-
aly failed during the first-stage creep. The creep curves of
the [001], [014], and [112] specimens included the steady-
state region. The [012] specimen ruptured on loading
because the creep testing stress exceeded itstensile strength.
In the [011], [122], [023], and [123] orientations, the creep
rupture lifetimes were very short and the rupture elongation
was very large. The [011] and [122] specimens rotated
through a single-slip region of high Schmid factor toward
[211] (Figure 6(a)), but failed before reaching the [001]-
[111] intersecting boundary. From the lattice rotation analy-
sis, {111} (112)—typesdlip systemswerefound to be operative
during creeping.

Figure 5 shows the creep curves of the double-aged speci-
mens. In the [001], [115], [113], [014], and [012] orienta-
tions, the creep curves showed a steady-state region. Long
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Fig. 4—Creep curves of the single-aged specimens: (a) orientations on the
[001]-[111] boundary and (b) other orientations.

rupture lifetimes can be seen in the [001] and [113] orienta-
tions. Compared to the [001] and [113] specimens, the[115]
specimen exhibited larger primary creep strain and shorter
life, and its lattice rotated toward [112] (Figure 6(b)). The
[112] specimen rotated dlightly toward [111]. This can be
explained by the operation of aduplex slip of the (111)[211]
and (111)[121] dlip systems. The [011], [023], [122], and
[123] orientations exhibited appreciably shorter lives and
large rupture elongation because of the absence of strain
hardening. The [011] and [122] specimens rotated through
a single-dip region toward the [211] orientation (Figure
6(b)) and failed before reaching the [001]-[111] boundary.

C. Effects of the Additional Aging at 850 °C

The additional aging at 850 °C resulted in the remarkable
change of the creep behavior in the [001], [115], [113], and
[014] orientations. As shown in Figure 7(a), as a result of
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Fig. 5—Creep curves of the double-aged specimens: (a) orientations on
the [001]-[111] boundary and (b) other orientations.

theaging at 850 °C, the primary creep strainin [001] reduced
from 6.0 to 1.5 pct, and the minimum creep rate was aso
reduced. In spite of a decrease of the primary creep strain
and minimum creep rate, the rupture lifetime of the specimen
was decreased because the rupture elongation was reduced.
As shown in Figure 8, fractures of both specimens occurred
along the crystallographic planes, but the crystallographic
planes were different. Fractures occurred along the (111)
and (111) planes in the single-aged specimen, whereas the
planar fracture surface along a single (111) plane was
observed in the double-aged specimen. The creep curves of
the [115] and [113] orientations are shown in Figures 7(b)
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Fig. 6—Lattice rotations by creep deformation: (a) the single-aged speci-
mens, (b) the double-aged specimens, and (c) {111}(112) dlip systems.

and (c), respectively. The single-aged specimen failed before
the transition to the steady-state region due to the absence
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of strain hardening. On the other hand, the double-aged
specimens showed both regions of primary and steady state,
and their rupture lifetimes were significantly prolonged. The
rupture lifetime of the [113] crystal increased by a factor of
40 (Figure 7(c)). Figure 9 shows the fracture surfaces of the
[113] specimens. Fracture occurred along the (111), (111),
(111), and (111) planes in the single-aged specimen. How-
ever, (111) and (111) slip planeswere observed inthe double-
aged specimen. In the [014] orientation, the primary creep
strain also was reduced and its rupture lifetime increased
(Figure 7(d)). In the [001], [115], [113], and [014] orienta-
tions, the additional aging at 850 °C brought about a remark-
able decrease in rupture elongation. In contrast to these
orientations, in the [111] and [112] orientations, as shown
in Figure 10, the creep rates and rupture elongation increased
and the rupture lifetimes decreased by the additional aging
at 850 °C. However, in the [023], [122], [123], and [011]
orientations, in spite of aging at 850 °C, the rupture lifetimes
remained very short (Figure 5(b)). In the [011] and [023]
orientations (Figure 11), the single-aged specimens showed
an incubation period, but the incubation period disappeared
in the specimens aged at 850 °C. B

As shown in Figure 6(c), [001], [115], [113], and [014]
orientations are favored for the (111)[112] slip system ([001]
and [014] are multiple orientations), and [023], [122], [123],
and [011] orientations are favored for the (111)[211] dlip
system. The effect of the additional aging at 850 °C was
different between the two orientation groups.

D. Microstructural Observations by TEM after Creep

In order to investigate the creep deformation mechanism,
the microstructures of the crept specimens were observed
by TEM. Figure 12 shows the microstructures after creep
rupture in the double-aged [115] specimens. Individual pre-
cipitates were sheared by dislocations with the creation of
superlattice stacking faults (Figure 12(a)). When the foil is
cut along the (110) plane parallel to the stress axis, the
stacking faults were found to be parallel to the (111) primary
dlip plane (Figure 12(b)).

The TEM microphotograph of the[011] specimen showed
the microtwin lamellae that extend over both the y and y
phases (Figure 13) and the microtwins that had nucleated
in the precipitates (Figure 14). _

Figure 15 shows the crept TEM structure in the [111]
orientation. Superlattice stacking faults and slip dislocations
inside y' precipitates were rare under both aging conditions.
In the single-aged specimen, the density of the matrix dislo-
cations was extremely low (Figure 15(a)) and the hyperfine
precipitates remained undissolved after the creep test (Figure
15(b)), whereas dense interfacial dislocation networks were
found to develop around the ' precipitates after creep in
the double-aged specimen (Figure 15(c)).

IV. DISCUSSIONS

A. Influence of Additional Aging at 850 °C

The additional aging at 850 °C resulted in remarkable
changes in the creep behavior in each orientation, as
described. A similar change in the [001] orientation was
observed by Hopgood and Martin.¥l They tested single crys-
tals of SRR99 close to the [001] orientation, at 750 °C under
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Fig. 7—Effect of aging heat treatment on creep behavior for each orientation: (a) [001], (b) [115], (¢) [113], and (d) [014].

800 MPa. They reported that the primary creep stain was
reduced by heat treatment at 870 °C for 16 hours prior to
testing. Their atom probe analysis indicated that the heat
treatment at 870 °C resulted in a build-up of chromium in
the matrix closetothe y-y interfaces, and TEM observations
showed an increase in the volume fraction of the v phase.
They concluded that the solid-solution strength of Cr inhib-
ited the shearing of precipitates by a/6(112) dislocations and,
thus, decreased the extent of the primary creep deformation.
However, in this study, the influence of aging at 850 °C is
different in each orientation; therefore, it cannot be explained
solely by the solid-solution strength of Cr at -y’ interfaces.
In this study, a distribution of hyperfine secondary precipi-
tates in the matrix channel was observed in the single-aged
specimen (Figure 3(a)). Hopgood and Martin found that
secondary ' precipitation occurred after creep only in the
single-aged specimen. The y matrix is supersaturated for
the specimens subjected to a single aging at high tempera-
ture, and the hyperfine secondary particles precipitate during
cooling. The second aging at 850 °C caused these hyperfine
precipitates to go back into solution and to reprecipitate as
large precipitates. Extensive cooperative shearing of the y-
v structure by the {111}(112) slip, which promotes a large
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primary creep, predominates in the alloy containing the
smallest precipitates.!>57 A small mean surface-to-surface
spacing between ' precipitates promoted planar dip and
shearing of the v structure by {111}(112) dip, which
was associated with the formation of complex faults within
the y' precipitates and also with stacking faultsin the matrix,
and the faults were on the common {111} plane of the
and y phase.l®¥l In orientations near [001] at an intermediate
temperature, ' precipitates were found to be sheared by
pairs of a/2(112) dislocations, and intrinsic/extrinsic fault
pairs were observed.[*8-19 |n the /' precipitates, two a/2
(112) didlocations with the same Burgers vector split into
three pairsof Shockley dislocations (super-Shockley disloca-
tions™*) having a unique Burgers vector and being separated
by superlattice intrinsic/extrinsic stacking faults (S-1SF/S-
ESF).[*8-%3 This is viscous dlip in the L1,-lattice precipi-
tatel*3 by the net Burgers vector of &112). The dissociation
of 26C into two 6C has been predicted by Paidar et al. in
the so-called D1 core structure.[*¥ In this case, both partials
are tightly linked by a shuffled planar core.*3 Courbon et
al.'™ observed shearing processes of v and y phases by
super-Shockley dislocationsin situ and reveal ed that a super-
Shockley 26C dislocation splits into two identical Shockley
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Fig. 8—Fracture surface of the [001] specimens showing crystallographic
{111} facets of (a) the single-aged specimen (¢ = 9.14 pct) and (b) the
double-aged specimen (s = 2.85 pct). Shear strains for the (111)[112] slip
system are (a) 19.4 pct, and (b) 6.0 pct.

Fig. 9—Fracture surface of the [113] specimens showing crystallographic
{111} facets of (a) the single-aged specimen (¢ = 22.61 pct) and (b) the
double-aged specimen (¢ = 2.0 pct). Shear strains for the (111)[112] slip
system are (a) 52.8 pct and (b) 4.7 pct.
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Fig. 10—Effect of aging treatment on creep behavior for each orientation:
(@) [111] and (b) [112].

SC dislocations on two adjacent close-packed planes in the
v phase, and that these would shear the y channel separately.
When the surface-to-surface spacing between precipitatesis
small, the dislocations would shear both ' and y phases
successively, keeping the dissociated dislocation structure
within the ' precipitate. In the case of the large surface-
to-surface spacing between precipitates, the dissociated dis-
locations in the precipitates have to recombine into the
matrix dislocations to shear the matrix channel. Therefore,
the small spacing of the matrix channel will promote the
extensive cooperative shearing of -9 structure by the
{111} (112) dlip. The average edge lengths of cuboidal pri-
mary precipitateswere 0.40 um for the single-aged specimen
and 0.39 um for the double-aged specimen. Secondary ¥’
precipitation did not significantly change the edge length of
the cuboidal primary precipitates; however, it can measur-
ably decrease the net width of these matrix channels. There-
fore, in the single-aged specimen, the { 111} (112) slip would
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Fig. 11—Effect of aging treatment on creep behavior for each orientation:
(a) [011] and (b) [023].

be promoted because of a small mean surface-to-surface
spacing between hyperfine secondary precipitates. Since the
aging at 850°C resulted in the solution of hyperfine precipi-
tates (Figure 3(b)) in the double-aged specimen, the exten-
sive and cooperative shearing of the y-vy' structure by the
{111}(112) dip would be prohibited because of large
interspacing between cuboidal primary precipitates. In the
case of the [001] specimen of the CMSX2 alloy containing
the large v precipitates, the precipitates were sheared indi-
vidually by the {111}(112) dlip and stacking faults were
confined primarily to theindividual precipitates.[! Thissug-
gests that an extended matrix channel inhibits extensive and
cooperative shearing of the y-y structure.

METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 12—Dislocation structures of the double-aged specimens in the [115]
orientation (¢ = 10.0 pct). (a) The foil normal is [001]: g//[200]. Shear
strains for the (111)[112] dlip system are 20.5 pet. (b) When the foil is cut
along the (011) plane of specimen, it is found that stacking faults are on
the (111) plane in the ' precipitates: g//[111].

However, the hyperfine secondary precipitates would pro-
hibit a/2(110) dislocations from gliding in the matrix chan-
nel. Since alarger mean surface-to-surface spacing between
the ' precipitate promotes homogeneous dlip through
1/2(110) dislocation bowing and looping in the matrix,1®
the solution of hyperfine precipitates into the matrix
increases the net channel width and promotesthe dislocation
glide in the matrix channel. The a/2(110) dislocation motion
in the matrix channel leaves interfacial dislocations around
cuboidal precipitates during the incubation period!*>¢ and
forms the homogeneous -y interfacial dislocation net-
works.[*>-29 The loss of coherency of the y-y interface
might prohibit partial dislocations from shearing cuboidal
precipitates. Link and Feller—K niepmeier*® have shown that
theshearing of ' precipitatesby the{ 111} (112) sliprequires
coherent interfaces, because (1) coherency stresses alow
theenergetically favorable deposition of a/6(112) dislocation
intheinterface, and (2) dislocation networksin the interface
inhibit the partial dislocation from entering into ' precipi-
tates and the propagation of the triple dislocation node.
The formation of interfacial dislocation networks destroys
these conditions. o

Inconclusion, inthe[001], [115], [113], and [014] orienta-
tions, as shown in Figures 7(a) through (d), we can befairly
certain that a small mean surface-to-surface spacing between
hyperfine secondary precipitates promotes primary creep,
which is associated with the activity of the (111)[112] dlip
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Fig. 13—TEM micrographs of the ruptured [011] specimen showing microtwin lamellae (¢ = 9.6 pct). The foil normal is [011]. (a) Bright-field micrograph.
(b) Dark-field micrograph using spot 1. (c) Dark-field micrograph using spot 2. Shear strain for the (111)[211] slip system is 20.4 pct.

Fig. 14.—TEM micrograph showing the nucleation of mechanical micro-
twins. The same thin foil of Fig. 13 was observed. It was observed that
(a) microtwins were nucleated in the precipitates and (b) twin dislocations
rotated around their poles in the precipitates. (c) Thin twin lamellae extend
through both y and y' phases.

system, and that the large mean surface-to-surface spacing
between cuboidal precipitates and the -y interfacia dislo-
cation networks inhibits the partial dislocations from shear-
ing the precipitates and suppresses primary creep.
Inthe[001] orientation, in spiteof the remarkabl e decrease
of the primary creep strain in the double-aged specimen, the
rupture lifetime of the specimen was not increased (Figure
7(a)). Fractures occurred along the (111) and (111) planes
in the single-aged specimen, whereas the fracture surface
along asingle (111) dlip plane was observed in the double-
aged specimen (Figure 8). It was also observed that the
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planar fracture surface parallel to (111) resulted in low rup-
ture elongation and short rupture life.l’] The secondary dlip,
with a shear displacement component perpendicular to the
crack plane, can relax the normal stress of the primary dlip;
therefore, the difficulty of activating secondary slipin return
resultsin large hydrostatic and normal stresses near the crack
tip.[2 The combination of intense coplanar shear and large
normal stresses results in easy crack propagation and low
toughness.[?!! In the doubl e-aged specimen, the slip deforma-
tion onthe {111} plane wasinhibited because of theinterfa-
cia didocation network. However, at some point during
creep deformation, once the local slip on {111} has acciden-
tally occurred by a stress concentration at the microstructural
defects (e.g., micropores and surface defects), this stress
concentration would not be relaxed because the secondary
noncoplanar dip is difficult to operate. The low ductility
associated with the difficulty of secondary noncoplanar slip
might not enlarge rupture lifetime in the double-aged
[001] specimen. B

The creep rate and rupture elongation in the [111] orienta-
tion wereincreased by the additional aging at 850 °C (Figure
10(a)), in contrast to the case of the [001], [115], [113],
and [014] orientations. However, in the creep of the [111]
specimens, it is difficult for the dislocations to shear the '
precipitates because of the low Schmid factor for slip sys-
temson {111} planes (Table I1). Hence, Orowan bypassing,
which leads to a homogeneous deformation structure in the
matrix, would come into operation.] As mentioned pre-
viously, the second aging dissolved the hyperfine precipitates

METALLURGICAL AND MATERIALS TRANSACTIONS A



Fig. 15—Interfacial dislocations of the crept [111] specimens: (a) and (b)
single aged and (c) double aged. The thin foils were cut from the same
specimens as shown in Fig. 14. The foil norma was cut aong the (001)
planeto observetheinterfacial dislocations. Shear strainsfor the{ 100} (011)
dip system are (a) and (b) 2.8 pct, and (c) 7.4 pct.

into the matrix, and the net width of the matrix wasincreased.
In the [111] orientation, cube slip of the screw dislocation
segments was found, and this cube dlip on the y-v' interface
is facilitated by the high value of the Schmid factor of
0.4714 for the { 100} (110) slip system and the highly regular
alignment of the ' precipitates.[?? Screw dislocations might
overcome obstacles by repeated cross-dip on two {111}
planes!?2¥ In either case, the creep deformation of the
[111] specimens occurred mainly in the matrix phase. Fur-
thermore, for the high symmetry of matrix arrangement, al
three types of matrix channels are equally highly stressed,

METALLURGICAL AND MATERIALS TRANSACTIONS A

Tablell. Schmid Factorsfor Slip Systems

Orientation (111)[101] (111)[112] (112)[211]
[001] 0.4082 0.4714 0.2357
[115] 0.4536 0.4886 0.3492
[113] 0.4454 0.4285 0.3857
[112] 0.4082 0.3771 0.3928
[111] 0.2722 0.0000 0.3143
[014] 0.4803 0.4853 0.3466
[012] 0.4899 0.4243 0.4243
[023] 0.4711 0.3626 0.4533
[011] 0.4082 0.2357 0.4714
[122] 0.4082 0.1039 0.4714
[123] 0.4666 0.3030 0.4714

and strain hardening is poor despite the operation of multiple
dlip systems, because the probability of dislocation interac-
tionislow inthematrix.[? The deformation operated mainly
by coplanar slip in the primary slip plane (111) along the
[110] and [101] directions, and this deformation mode causes
only aweak strain hardening, which resultsin the high creep
rate.ll As a result of these, the matrix dislocations glided
easily in the matrix channel, dislocation networks devel oped
along the y-y interface (Figure 15(c)), and the creep rate
was increased in the double-aged specimen. In the single-
aged specimen, hyperfine secondary precipitates prevent the
dislocation motion in the matrix channel, which would result
in an extremely low creep rate.

B. Transition from Primary Creep to Seady-Sate Creep

MacKay and Maier concluded that second-stage creep
deformation begins only after the occurrence of sufficient
strain hardening, because of the interaction of {111}(112)—
type dlip systems.[Z However, the single-aged [001] speci-
men showed extensive primary creep strain in spite of being
on amultiple-dip orientation (Figure 7(a)). Furthermore, the
[115] specimen requires about 13 pct tensile strain in order
to reach the [001] multiple-slip orientation; however, in the
double-aged specimen (Figure 7(b)), only half the amount
of strain was observed when second-stage creep deformation
began. Therefore, it is likely that second-stage creep defor-
mation will begin when -y interfacial dislocation networks
build up, which inhibit the partial dislocations from shearing
the precipitates.

C. Differences between (111)[112] Sip and (111)[211]
Sip

As mentioned in Section |11-B, the effect of the addi-
tional aging at 850 °C was quite different between the
orientations favored for the (111)[112] slip system and
those favored for the (111)[211] dlip system. In spite of
the additional aging at 850 °C, the rupture lifetimes in
the [023], [122], [123], and [011] orientations remained
very short (Figure 5(b)). A comparison between Figures
12(b) and 13 shows a striking difference in terms of their
overall deformation. The TEM photomicrograph of the
[011] specimen shows the microtwin lamellae that extend
over both the y and ¢ phases (Figure 13); however,
microtwin lamellae were not observed in the [115] speci-
men (Figure 12(b)). Mechanical twins are usually produced
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in bcc or hep metals under conditions of a rapid rate of
loading (shock loading) and decreased temperature. Face-
centered cubic metals are not ordinarily considered to
deform by mechanical twinning, except for rare cases.!*
Twinning is not a dominant deformation mechanism in
metals which possess many possible slip systems, and it
generaly occurs when the dip systems are restricted or
when something increases the critical resolved shear stress
so that the twinning stress is less than the stress for
dip.® The yield stress of y/ precipitates increases with
increasing temperature, up to a peak temperature of 650
°C to 800 °C.[?6?7] Since the critical stress for twinning
will be lower than that for the slip near the peak tempera-
ture, novel mechanical twins would occur in the Ni
superalloy. Kearl®® suggested the nucleation model of
twinning in a Ni-based superaloy. In orientations near
[011], there is a greater tendency of ' precipitate shearing
by the motion of single a/2(112) dislocations, rather than
as pairs of such dislocations near the [001] orientation.
Since a/l2(112) - al3(112) + al6(112), each ' precipitate
was sheared by an a/3(112) superlattice partial with the
fault (SISF or S-ESF fault, depending on the sense of
dislocation motion) bounded by an a/6(112) Shockley
partial; the latter is unable to pass through the /' precipitate
easily because it creates a high-energy fault. Accumulation
of such stacking faults by successive shear in neighboring
dlip planes leads to a situation where energy minimization
favors the formation of new faults alongside existing ones,
resulting in the nucleation of thin twins in the ¢/ phase.
Microtwins are, thus, nucleated in the precipitates.[*! The
ordered structure of the precipitates was preserved by
twinning (Figure 13). If an a/6(112) Shockley dislocation
shears the y' precipitates, the L1, ordered structure will
be destroyed. Therefore, an a/3(112) super-Shockley dislo-
cation would be repeated on every {111} plane through
a simple polar mechanism in the precipitate.®! The micro-
twins in the precipitates will coalesce beyond a critical
size?® The bounding Shockley partials at the -y inter-
faces build up internal stresses, and, at some point, these
stresses are relieved by the propagation of the twins
through the y phase as groups of neighboring y-y' interface
dislocations of opposite sign undergo mutua annihila-
tion.'% This leads to a reversed strain in the matrix, but
which is energetically favorable, and to a strong anchor
line for the trailing 6A which is pinned, and twinning
will then proceed with 26A aone and may extend to the
matrix with the help of the Suzuki effect.® The alloying
elements that partition preferentially to the y matrix,[?
e.g., Co, Mo, and, particularly, Cr, are known to reduce
the stacking fault energy (SFE) of nickel.°3233 The SFE
in superalloys can be reduced from 40 to more than 80
pct compared to that of pure Ni.l®¥ The low stacking
energy of the matrix can result in twinning in the Ni
superalloy. Compared to commercia aloys, the aloy used
in this study contains a higher total concentration of Co,
Mo, and Cr. A lower SFE in the matrix may be the
reason why extensive twinning was observed in this alloy.

The final result of the process is the creation of thin
twin lamellae that extend through both the v and ¥
phases, as shown in Figure 13. The twin dislocation rotates
around its pole on every successive {111} plane!® By
such a mechanism, a twin can propagate very quickly in
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the absence of diffusion and is not subjected to the need
for a separate partial dislocation source on every (111)
plane.® Therefore, the nucleation of the twin must be
arate-determining step rather than the propagation process.
Since microtwins are nucleated in the primary precipitates,
the hyperfine secondary precipitates in the matrix would
not significantly affect the rupture lifetime of the [011]
specimen (Figure 11(a)). However, on comparing the creep
curvesin detail, the differences between single- and double-
aged specimens were observed. The single-aged specimen
showed an incubation period, but the incubation period
disappeared in the double-aged specimen. An incubation
period has been observed in the creep of single-crystal
Ni-based superalloys.[*191634 This incubation period is
most likely due to the low initial dislocation density.*
In Cu single crystals, it was indicated that previous
deformation was necessary to form twins.[* These results
show that the formation of twins requires dislocations.
The interaction between two matrix dislocations with
perpendicular Burgers vectors of a/2[110] and a/2[110]
will create the superlattice twin dislocation 26A and a
strong anchor line, and the twin dislocation rotates around
its pole dislocation with a Burgers vector of a/2[110].[%%
The hyperfine secondary precipitates would retard the twin
nucleation by preventing the dislocations from gliding in
the matrix channel, which resulted in an incubation period
in the single-aged specimen. However, during the incuba
tion period, the matrix dislocations will gradually glide
in the matrix channel, bypassing the hyperfine precipitates.
For the superlattice twin dislocation 256A, it would be
more difficult to move in the matrix than in the precipitates
because it requires the help of the Suzuki effect to move
in the matrix.[? Consequently, the small matrix spacing
promotes the twin propagation; therefore, the tertiary creep
rate for the single-aged specimen was larger than that for
the double-aged specimen.

The twinning shear is always directiona in the sense
that the shear in one direction is not equivaent to the
shear in the opposite direction. Twinning in fcc metals
occurs on {111} planes in (112) directions. The atomic
movements by twinning are illustrated in Figure 16.13%
Label E shows the atomic position after the occurrence
of twinning deformation. The shaded atom A can move
easily in the [112] direction, but atom J is hindered from
moving in the [112] direction by the top face of atom
B. In the tensile creep of the [011] orientation, twinning
occurs by the shear on the (111) plane in the [211]
direction but not by the shear in the opposite direction.
The [115] orientation has a larger Schmid factor for the
{111}(112) dlip system than the [001] orientation (Table
I1) and is an easy glide orientation for the dip system
(Figure 6(c)). The microtwin lamellae could not be
observed (Figure 12), because the direction of the applied
shear stress on the (111) plane is opposite that of twinning.
Since it is impossible to form twins, another deformation
mechanism comes into operation. As mentioned in Section
IV—A, in orientations near [001], v' precipitates are sheared
by a pair of SISFYS-ESFs. Since the extended matrix
channel would be an obstacle for this shearing process,
the secondary hyperfine precipitates significantly affected
creep strength. The differences between the creep deforma-
tion mechanisms must be the reason why the influence
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Fig. 16—Plan view of the (110) plane in the fcc crystal lattice showing
the upper right half of the lattice twinned on the (111) [112] system. The
atomsin the (110) plane layer are shown as squares, while the atoms under
the atomic layer are indicated by circles.

of the additional aging at 850 °C_was quite different
between orientations favored for the (111)[112] slip system
and those favored for the (111)[211] slip system.

V. CONCLUSIONS

In the intermediate-temperature range, the creep behavior
was found to be greatly influenced by the additional aging
a 850 °C for 20 hours. From lattice rotation analysis,
{111}(112)-type dlip systems were found to be operative
during creep at 700 °C in this nickel-based superalloy. The
effect of aging at 850 °C was quite different between orienta-
tions favored for the (111)[112] slip system and those
favored for the (111)[211] slip system.

In the orientations favored for (111)[112] dlip systems, a
small mean surface-to-surface spacing due to hyperfine v/
precipitates in the matrix channel promoted the (111)[112]
dlip and primary creep in the single-aged specimen. As a
result of the additional aging at 850 °C, the creep strength
was increased because the large mean surface-to-surface
spacing inhibited the activity of (111)[112]-type dlip sys-
tems, and the rupture elongation of these orientations was
decreased because of low ductility associated with the diffi-
culty of secondary noncoplanar dlip.

In the [023], [122], [123], and [011] orientations favored
for the (111)[211] dip system, when the specimens were
aged at 850 °C, the rupture lifetimes remained very short
and the incubation period of creep strain disappeared. It was
found that creep deformation occurred by twinning shear
through y and ' phases.

Inthe [111] and [112] orientations, the hyperfine precipi-
tates led to improvement of creep strength because they
prevented dislocations from gliding in the matrix channel
in the single-aged specimens.
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