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An Analytical Electron Microscopy Study of Paraequilibrium
Cementite Precipitation in Ultra-High-Strength Steel

G. GHOSH, C.E. CAMPBELL, and G.B. OLSON

To support quantitative design of ultra-high-strength (UHS) secondary-hardening steels, the precip-
itation of cementite prior to the precipitation of the M2C phase is investigated using a model alloy.
The microstructure of cementite is investigated by transmission electron microscopy (TEM) tech-
niques. Consistent with earlier studies on tempering of Fe-C martensite, lattice imaging of cementite
suggests microsyntactic intergrowth of M5C2 (Hägg carbide). The concentration of substitutional
alloying elements in cementite are quantified by high-resolution analytical electron microscopy
(AEM) using extraction replica specimens. Quantification of the substitutional elements in cementite
confirms its paraequilibrium (PE) state with ferrite at the very early stage of tempering. The impli-
cations of these results are discussed in terms of the thermodynamic driving force for nucleation of
the primary-strengthening, coherent M2C carbide phase. The ferrite-cementite PE condition reduces
the carbon concentration in the ferrite matrix with a significant reduction of M2C driving force. The
kinetics of dissolution of PE cementite and its transition to other intermediate states will also influ-
ence the kinetics of secondary hardening behavior in UHS steels.

I. INTRODUCTION

THE desired property objectives in a modern ultra-high-
strength (UHS) steel are achieved by controlling the kinet-
ics of a series of solid-state phase transformations. These
include the martensitic transformation upon quenching from
the solution treatment temperature, cementite precipitation
prior to secondary hardening, coherent M2C precipitation
giving rise to secondary hardening, and austenite precipi-
tation for dispersed-phase transformation toughening. De-
pending on the alloy composition, there can be a significant
overlap in the kinetics of last three precipitation processes.
Developing appropriate models and tools that reflect the
synergistic interplay between the various kinetic processes
governing microstructural evolution is the cornerstone of
the systems approach to alloy design.[1]

In UHS steels, a fully martensitic microstructure ensures
a supersaturated state for the precipitation of extremely fine
alloy carbides. Although a comprehensive model to predict
the kinetics of martensitic transformation is not available,
a fully martensitic microstructure can be obtained if the
martensite start temperature (Ms) is sufficiently high. A
model for predicting Ms for multicomponent ferrous alloys
with good accuracy is available.[2,3] Secondary hardening,
using coherent M2C carbides (where M 5 Mo, Cr, Fe, or
V), is exploited in the commercial alloys AERMET100*[4]

*AERMET100 is a trademark of Carpenter Technology, Redding, PA.

and AF1410[5,6] to obtain UHS, fracture-resistant alloys.
During stage IV tempering, coherent M2C carbides are pre-
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cipitated in a ferrite matrix. However, the precipitation of
metastable cementite precedes the precipitation of M2C car-
bides, which, in turn, results in the dissolution of cementite.
To achieve the desired high-fracture toughness, tempering
must be continued until all the cementite is dissolved,[7]

because the undissolved cementite particles serve as sites
for microvoid nucleation. To maintain a fine M2C particle
size during cementite dissolution, the growth regime of the
M2C carbide precipitation reaction should be suppressed.
The kinetics of M2C carbide precipitation in high–Co-Ni
secondary-hardening steels have been studied using atom
probe field-ion microscopy (APFIM), transmission electron
microscopy (TEM), and small-angle neutron scattering
(SANS) measurements to determine particle size, number
density, volume fraction, and composition.[8,9,10] The kinet-
ics of austenite precipitation have also been studied in de-
tail.[4,11,12] The previous analyses of the kinetics of M2C
precipitation assumed the presence of paraequilibrium (PE)
cementite, but it has not been experimentally verified. To
further improve the strengthening efficiency in these alloys,
an improved understanding of the thermodynamic state of
cementite and its effect on the precipitation of coherent
M2C carbide is required.

In the context of low-alloy steels, the kinetic theories of
diffusional phase transformations are well developed.[13–20]

An important feature of these kinetic models is the as-
sumption of local equilibrium at the interface. Depending
on the interface velocity during transformation, it is con-
venient to classify the kinetics into two distinct modes. (1)
Partitioning local equilibrium (PLE) is characterized by a
low interface velocity while maintaining local equilibrium
at the interface. Generally, PLE occurs at low supersatu-
ration and its kinetics is governed by the slow-diffusing
species (substitutional elements). The thermodynamic con-
dition for PLE is given by

a um 5 m [1]i i

where mi is the chemical potential of element i (equal to C,
Co, Cr, Fe, Ni, or Mo), and a and u are ferrite and ce-
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(a)

(b)

Fig. 1—Schematic composition profiles across the transforming interface
associated with (a) PLE and (b) PE phase transformation involving ferrite
(a) and cementite (u).

mentite, respectively. This condition is also referred to as
orthoequilibrium (OE). (2) Paraequilibrium is a kinetically
restricted equilibrium when the diffusivity of the substitu-
tional species is negligible compared to that of interstitial
species. The presence of PE is defined by a uniform carbon
potential and a uniform site fraction of substitutional ele-
ments across the transforming interface. In the case of the
ferrite-cementite transformation, the thermodynamic con-
ditions for PE are given by

a um 5 m [2a]C C

a uy 5 y [2b]j j

a uΣy (m 2 m ) 5 0 [2c]j j j

where yj is the site fraction of substitutional element j (equal
to Co, Cr, Fe, Ni, or Mo). For a system containing both
substitutional ( j) and interstitial (C and/or N) elements, the
site fractions are related to the ordinary mole fractions (x):

xjy 5 [3a]j 1 2 x 2 xC N

p xC or Ny 5 [3b]C or N q 1 2 x 2 xC N

According to a two-sublattice model[21] used here, to ex-
press the Gibbs energies p 5 1 and q 5 3 for ferrite and
p 5 q 5 1 for austenite.

The schematic concentration profiles across the trans-
forming interface, for the two distinct modes described pre-
viously, are shown in Figure 1. The PE nature of phase
transformation has been discussed extensively in the con-
text of the kinetics of the austenite-to-ferrite transformation
in low-alloy steels. Often the conclusions derived from such
an analysis are controversial, due to numerous assumptions
involved in the kinetics analysis. On the other hand, since
one of the PE conditions is defined in terms of composition
(Eq. [2b]), the most conclusive evidence for PE phase trans-
formation can be gathered from high-resolution measure-
ment of the composition of the product phase. As
demonstrated earlier by Babu et al.,[22] PE transformation is
also applicable during precipitation of cementite in ferrite.
They studied the partitioning behavior of Mn and Si be-

tween cementite and ferrite during tempering in a low-alloy
steel by the APFIM technique. Their results suggest that
the early stage of cementite growth occurs by the PE mode.

Precipitation of cementite during tempering of martensite
in UHS steels also provides an ideal opportunity to study
PE phase transformations. As will be shown later, this has
a strong bearing on the secondary hardening behavior of
UHS steels. Generally, cementite is considered to be stoi-
chiometric with respect to C, or it may exist only over a
very narrow range of C concentrations. Thus, one needs to
measure the concentration of substitutional elements only.
Furthermore, thermochemical data for cementite and ferrite
in multicomponent systems of interest are well assessed.
These data can be used as a tool for critical analysis of the
measured compositions of cementite to validate its ther-
modynamic state.

The tracer diffusivities of the alloying elements,[23–26]

commonly used in UHS steels, in ferrite are listed in Table
I at a standard tempering temperature of 783 K. It may be
noted that the substitutional elements diffuse about nine to
ten orders of magnitude more slowly than carbon. In view
of this relatively slow diffusivity, the purpose of the present
study is to establish the thermodynamic state of cementite
that forms prior to the precipitation of the primary strength-
ening phase (M2C carbide). If ferrite-cementite PE prevails
at the early stage of tempering, then the site fraction of the
substitutional elements in cementite should be exactly the
same as that in the starting alloy. To determine the structure
and composition of the cementite particles, analytical elec-
tron microscopy (AEM) techniques were employed. An un-
ambiguous interpretation of the nature of the
ferrite-cementite equilibrium can be made if the composi-
tion analysis of cementite in AEM is not affected by the
presence of a ferrite matrix. Quantitative X-ray microanal-
ysis in thin foils requires that the precipitate extend through
the thickness of the foil. Otherwise, the collected X-ray
spectrum may contain contributions from both the precip-
itate and matrix phases, and the determination of the exact
composition of the precipitate becomes difficult. Therefore,
to avoid these uncertainties, we have chosen to use extrac-
tion replicas only. Besides eliminating the effect of the ma-
trix, the extraction replica technique is very convenient for
relatively rapid composition analysis and for collecting sta-
tistically significant data. These factors are important in this
study, due to the highly dislocated martensitic substructure
and heterogeneous nature of cementite precipitation, which
make their identification and chemical analysis more time-
consuming if thin foil specimens are used.

II. MATERIALS AND EXPERIMENTAL
PROCEDURES

The model alloy 1605-2C was used to investigate the
initial stages of cementite precipitation. The composition of
1605-2C, listed in Table II, is similar to that of two com-
mercial UHS steels, (the AERMET100 (Redding, PA) and
AF1410 alloys), except that it has a lower Ni concentration,
which prevents the precipitation of austenite during the later
stages of tempering. An experimental 7.7-kg. heat of 1605-
2C was produced by Carpenter Technology using vacuum
induction melting, with rare-earth additions to getter im-
purities. The wrought, forged material was solution treated
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Table I. Tracer Diffusivities of C, Co, Cr, Ni, and Mo in a-Fe at 783 K

Element Diffusivity Expression [Ref.] (cm2/s) Diffusivity at 783 K (cm2/s) Dj/DC

C
0.02 exp (2 [23]

84,139
)

RT 4.979 3 1028 —

Co
7.19 exp (2 [26]

260,400
)

RT 3.052 3 10217 6.13 3 10210

Cr
8.52 exp (2 [24]

250,800
)

RT 1.58 3 10216 3.173 3 1029

Ni
1.40 exp (2 [26]

245,800
)

RT 5.597 3 10217 1.124 3 1029

Mo
0.44 exp (2 [25]

238,000
)

RT 5.83 3 10217 1.171 3 1029

R 5 8.314 J/mol/K; and T is the temperature in Kelvin.

Table II. Composition of Alloys Studied (in Weight
Percent)

Alloy Fe Co Ni Cr Mo C

AF1410 bal 14.0 10.0 2.0 1.05 0.16
AERMET100 bal 13.0 11.0 3.0 1.0 0.24
1605-2C bal 16.08 4.97 0.71 2.82 0.247

Fig. 2—An as-collected EDS X-ray spectrum from a plate-shaped
cementite particle after tempering 1605-2C at 783 K for 10 min. The X-
ray collection time was 120 s. Background subtracted integrated intensities
were obtained by deconvoluting the peaks using DTSA software.[28]

at 1398 K for 1.5 hours in an inert Argon environment.
Solution treatment was followed by an oil quench to room
temperature. Tempering was performed at 783 K in a mol-
ten salt bath for 5, 10, and 15 minutes. After tempering,
the material was water quenched to room temperature.

Extraction replicas of heat-treated materials were pre-
pared by depositing a thin carbon film on a polished and
etched surface. The carbon film was then floated off the
specimens in a solution of 5 pct nitric acid in methanol and
collected on palladium-coated copper grids. The extraction
replicas were examined by AEM to determine the structure
by convergent-beam electron diffraction (CBED) technique
and to determine the composition by energy-dispersive
(EDS) X-ray microanalysis. High-resolution electron mi-
croscopy (HREM) and analytical characterization were per-
formed in a cold-field emission gun high-resolution
analytical electron microscope (Hitachi HF-2000) equipped
with a Gatan 666 parallel electron energy-loss spectrometry
detector, an ultrathin-window Link EDS detector and data
processor (QX2000) and a Gatan charge-coupled device
camera for HREM imaging. The analytical electron micro-
scope was operated at 200 kV. The take-off angle for the
X-ray detector was 68 deg. The X-ray collection time was
120 seconds, and the electron probe size was about 5 nm.
Care was taken to ensure that the particle being analyzed
was not in a two-beam condition, in order to minimize elec-
tron channeling effects.[27] The X-ray spectra were decon-
voluted, to separate the overlapping peaks, and the
background-subtracted integrated intensities were obtained
using Desktop Spectrum Analyzer (DTSA 2.01) soft-
ware.[28]

Figure 2 shows a typical EDS X-ray spectrum from a
plate-shaped cementite particle after 10 minutes of temper-
ing. The background-subtracted integrated intensities of
such spectra were converted to compositions by using the
following equations:[27]

w I 1j j5 k 3 [ACF] 3 [4]j / Few I jFe Fe I
1 1~ !Ij

w 1 w 1 w 1 w 1 w 5 1 [5]Co Cr Fe Ni Mo

where j 5 Co, Cr, Ni, and Mo; wj is the weight fraction
(wt fr) of element j (equal to Co, Cr, Ni, and Mo), I j is the
x-ray intensity of element j, I j/I j is the ratio of fluorescence
intensity to primary intensity, and kj/Fe is the proportionality
constant or the Cliff–Lorimer factor.[29] Although there are
several ways to evaluate Ij, we have taken Ij to be the back-
ground-subtracted integrated intensity of the Ka peak of el-
ement j. The kj/Fe factors can be expressed as

jI
1 1~ !Ijw Ij Fek 5 3 [6]j / Fe w I [ACF]Fe j

The absorption correction factor (ACF) is given by[27]
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1 2 exp
j Fem /r ] {2 m /r ] (r t) cosec a}SPEC SPECACF 5 3
Fe@ #m /r ] 1 2 expSPEC

j@ #{2m /r ] (r t) cosec a}SPEC

[7]

j j j jm /r ] 5 m /r ] w 1 m /r ] w 1 m /r ] wSPEC Co Co Cr Cr Fe Fe [8]
j j1 m /r ] w 1 m /r ] wMo Mo Ni Ni

where r is the density, t is the thickness of the sample, and
a is the take-off angle of the X-ray detector. The mass-
absorption coefficients for the pure elements , etc., injm/r]Co

Eq. [8] were taken from those listed in Reference 30. The
formulation for the fluorescence correction proposed by
Nockolds et al.[31] was used. Among the elements of interest
here, Cr Ka can be fluoresced by Fe Ka, which, in turn, can
be fluoresced by Ni Ka. The fluorescence yield of Cr Ka

due to Fe Ka is given by[31]

CrI r 2 1 A ECr Cr cCrFe5 w v m /r ]Fe Fe Cr~ !I r A ECr Cr Fe cFe [9]

ln (E /E ) rto cFe j[0.932 2 rt ln (m /r ] )]SPECln (E /E ) 2o cCr

where vFe is the fluorescence yield of Fe; rCr is the absorp-
tion-jump ratio of Cr; ACr and AFe are the atomic weights
of Cr and Fe respectively; Eo is the operating voltage, and
EcCr and EcFe are the critical excitation energies for the char-
acteristic radiation of Cr and Fe, respectively. All material
parameters needed to evaluate Eq. [9] were taken from Ref-
erence 32. Similarly, the fluorescence yield of Fe Ka due
to Ni Ka was also calculated. The fluorescence yield due to
Kb radiation was neglected.

The kj/Fe factors were determined using thin foils of two
single-phase alloys: Fe-0.23C-14.17Co-10.24Ni-3.96Mo
and Fe-0.259C-15.97Co-8.97Cr-4.97Ni (in wt pct). The X-
ray spectra were collected from foil thicknesses of 100 nm
or less. The foil thickness was determined by CBED.[33] In
the aforementioned thickness ranges, Co, Cr, and Ni satis-
fied the criteria of a thin foil and the ACF correction was
employed for Mo. For the second standard alloy, the Cr Ka

fluorescence yield was found to be about 3 pct, while that
of Fe Ka was found to be negligible.

The statistical accuracy of the composition determination
from Eq. [4] is primarily limited by the counting statistics
of the X-ray collection process.[27,34] When the X-ray spectra
are collected for a sufficiently long time to obtain several
thousand counts in each peak, the counting statistics can be
assumed to follow a normal distribution. However, in a
multicomponent system, it may be difficult to satisfy this
criterion for each element if experiments are to be carried
out within a reasonable period of time. Nevertheless, since
the composition of cementite was determined by analyzing
about 30 different particles, the confidence interval is esti-
mated by the statistics of the student t distribution. The total
relative error ( ) in the determination of composition isDεwj

given by

Dε 5 Dε 1 Dε [10]w k Ij j/Fe j /IFe

where and are the relative errors associatedDε Dεk I /Ij/Fe j Fe

with k factors and in the counting statistics of X-rays in the
specimen of unknown composition, respectively. They are
given by[34]

n21t s99 kDε 5 100 [11]kj /Fe =n kj /Fe

n21t s99 IDε 5 100 [12]Ij /IFe =n I /Ij Fe

where are the student t values for n measurements atn21t 99

a 99-pct confidence level; sk and sI are the standard devi-
ations for the k factor and intensity ratio measurements,
respectively; kj/Fe is the mean of the n values of the k factor,
and is the mean of the n values of Ij/IFe. Since theI /Ij Fe

concentrations of only substitutional elements were deter-
mined, their site fractions in the metal sublattice are given
by the respective atomic fraction. The relationship between
the atomic fraction and the weight fraction was used to
calculate the total relative error in the former from that in
the latter using a standard mathematical procedure.

The OE and the nucleation driving-force calculations
were performed using the multicomponent thermodynamic
software, Thermo-Calc.[35,36] The PE calculations, between
ferrite and cementite, were carried out in the PARROT
module[37] of the Thermo-Calc software. In all calculations,
the SGTE solution database[38] was used.

III. RESULTS AND DISCUSSION

A. Microstructure of Precipitated Cementite

Figure 3 shows bright-field TEM micrographs of the ce-
mentite particles in an extraction replica. The cementite par-
ticles may be categorized as intra- and interlath types. It is
believed that both intra- and interlath cementite particles
nucleate heterogeneously, the former in the vicinity of dis-
locations within the martensite lath and the latter in the
martensite lath boundaries. The interlath cementite particles
precipitate as laths, having a high aspect ratio
(length/width). The intralath particles are somewhat irreg-
ular in shape; nonetheless, they were characterized by their
lengths and widths. Generally, the intralath cementite par-
ticles are smaller than the interlath cementite particles. The
distribution of the cementite particles in Figure 3(a) sug-
gests that they are predominantly the interlath type. Evi-
dence of intralath precipitation may also be noticed in
Figures 3(a) through (c). Also, the temporal evolution of
the cementite particles suggests that they undergo a mor-
phological transition from a lath shape to a plate shape. The
average length, width, and aspect ratio of the cementite par-
ticles are listed in Table III as a function of tempering time.
To evaluate these quantities, the maximum dimension of
the particle was taken as the length, and the maximum di-
mension in a direction perpendicular to the length was
taken as the width. Each data set is based on the measure-
ment of about 75 randomly selected cementite particles. In
general, the standard deviation in all these measurements is
rather high, due to different shapes and dimensions asso-
ciated with the interlath, intralath, and morphological
change of the cementite particles. The micrographs in Fig-
ure 3 suggest that the precipitation of cementite continues
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Fig. 3—Bright-field TEM micrographs of the cementite particles, in
extraction replica, after tempering alloy 1605-2C at 783 K: (a) 5 min, (b)
10 min, and (c) 15 min. In each micrograph, some of the intralath and
lath-shaped cementite particles are shown with open and solid arrows,
respectively.

Table III. Dimension of Cementite Particles after
Tempering 1605-2C at 783 K

Tempering
Time

Average
Length (nm)

Average
Width (nm)

Average Aspect
Ratio

5 min 138.2 5 72.3 41.2 5 17.6 3.64 5 1.85
10 min 169.7 5 93.2 53.8 5 22.7 3.67 5 3.43
15 min 171.6 5 93.4 46.7 5 36.2 4.67 5 1.79

Fig. 4—Ambient hardness of alloy 1605-2C as a function of tempering
time at 783 K.

for up to about 10 minutes. This is consistent with the mea-
surement of volume fraction of cementite by Montgomery[6]

in a related, commercial UHS steel (AF1410), which was
also tempered at 783 K. Montgomery[6] used X-ray diffrac-
tion and observed a maximum in volume fraction at around
12 minutes of tempering. The data in Table III suggest that
both lengthening and thickening continue up to about 10
minutes of tempering. During this time period, the average
aspect ratio remains virtually constant. However, the stan-
dard deviation of the average aspect ratio after 10 minutes
of tempering is very high. This is most probably due to the
following factors: (1) more nucleation of intralath particles,
as indicated by Figure 3(b); (2) preferential lengthening of
pre-existing interlath particles; (3) coarsening of the parti-
cles under PE mode; and (4) morphological transition from
lath to plate of some of the interlath particles. After 15
minutes of tempering, while there is only a marginal in-
crease in the average length of the particles, the average
width decreases by about 20 pct (compared to that after 10
minutes of tempering), resulting in an increase in the av-
erage aspect ratio. The plate-shaped cementite particles can
be both inter- and intralath types. Even though several rel-
atively large cementite plates may be noticed in Figure 3(c),
the decrease in average width suggests an edgewise disso-
lution (possibly by a ledge mechanism) of plate-shaped ce-
mentite particles. The heterogeneous precipitation and
subsequent dissolution of plate-shaped cementite particles
are likely promoted by enhanced diffusion along the mar-
tensite lath boundaries. The dissolution of cementite is also
consistent with the observed secondary hardening behavior
shown in Figure 4, where the increase in hardness after 15
minutes of tempering is indicative of precipitation of the
coherent M2C phase. During the secondary hardening pro-
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Fig. 5—Convergent beam electron diffraction pattern from a cementite
particle along [113]ZA.

Fig. 6—Lattice image of a plate-shaped cementite particle, formed after 5 min of tempering at 783 K, showing numerous planar defects. The defects
perpendicular to the lattice fringes (shown with white arrows) are due to an end-on coalescence of the platelets and the defects parallel to the lattice
fringes (shown with dark arrows) are most likely due to microsyntactic intergrowth of Hägg carbide (Fe5C2 or M5C2).

cess, the cementite and M2C particles act as a ‘‘source’’
and ‘‘sink’’ for carbon, respectively. However, the extrac-
tion replica of the 15-minute tempered sample did not re-
veal the presence of M2C particles, implying that either they
were not extracted or they were too small (,1 nm).

There is a plethora of experimental studies on the struc-
tural changes during tempering of martensitic carbon steels.
The structural changes taking place during tempering are
classified into three categories: (1) stage I precipitation of
ε-carbide (around 370 K, 1 hour), (2) stage II decomposi-
tion of austenite (around 550 K, 1 hour), and (3) stage III
precipitation of cementite (between 550 and 800 K, 1 hour).
The tempering temperature in this study falls in the last
range. Even though the final product after stage III tem-
pering is cementite (Fe3C), a question remains if the Hägg
carbide (Fe5C2) appears at the early stage of stage III tem-
pering.[39,40,41] Various experimental techniques have been
used to resolve this issue, e.g., magnetometry,[42] Mössbauer
spectroscopy,[43] X-ray diffraction,[44] and electron micros-
copy.[45–50] Due to the very fine scale and highly defective
microstructure of the carbides, it has been shown[49,50] that
electron diffraction and HREM are more advantageous than
X-ray diffraction in resolving the outstanding issues.

The structure of cementite is well established.[51,52,53] It
has an orthorhombic structure with the space group Pnma
(no. 62). The atom positions are given by C (x 5 0.89, y
5 0.25, and z 5 0.45) at 4c, Fe1 (x 5 0.186, y 5 0.063,
and z 5 0.328) at 8d, and Fe2 (x 5 0.036, y 5 0.25, and
z 5 0.852) at 4c. The lattice parameters are a 5 0.509 nm,
b 5 0.6748 nm, and c 5 0.4523 nm.[53] Figure 5 shows a
CBED pattern of cementite along [113]ZA. Structural factor
calculations suggests that (hh0) reflections with h 5 (2n 1
1) are forbidden. In Figure 5, they are possibly due to a
double diffraction effect. Figure 6 shows a lattice image,
taken close to [210]ZA, of plate-shaped cementite formed
after 5 minutes of tempering at 783 K. Many planar defects
parallel and perpendicular to the lattice fringes may be ob-
served. The latter (shown with white arrows) are likely the
growth defects due to end-on collision of the platelets,
which are typically 3- to 5-nm thick. Figure 6 suggests that
the platelets nucleate independently, but have the same ori-

entation relationship with the matrix. Their rapid radial
growth causes end-on coalescence. The other major type of
planar defect region is about 1-nm thick. These regions are
most likely due to the microsyntactic intergrowth of the
Fe5C2 Hägg carbide. The stacking mode of cementite can
be described by two kinds of prism layers, A and B, which
are rotated by 180 deg with respect to each other about the
normal of the prism layer.[49] The stacking sequence of ce-
mentite is A/B/A/B. . .with a stacking period of 0.34 nm.
The structure of Fe5C2 can be derived from double prism
layers where two kinds of prism layers are linked together
by sharing the prism edges. Thus, the stacking sequence of
Fe5C2 can be expressed as AB/AB/AB/. . . .The structure of
higher-order carbides (general formula Fe2n11Cn and n .1)
differs from cementite only in the number of linked prism
layers. Thus, they can grow along an axis normal to the
stacking plane, giving rise to microsyntactic intergrowth.



METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 30A, MARCH 1999—507

Fig. 7—The difference in enthalpy of formation between the Hägg carbide
and cementite. The reference states are graphite-C, hcp-Co, bcc-Cr, bcc-
Fe, bcc-Mo, and fcc-Ni. In the case of Fe-C system (shown with solid
line), this difference is nothing but Hm(Fe5C2)-Hm(Fe3C). For the alloy
1605-2C (shown with dashed line), the difference was calculated using
the metal site fractions of the alloy, i.e., yCo 5 0.1562, yCr 5 0.0078, yFe

5 0.7707, yMo 5 0.0168, and yNi 5 0.0485. This figure suggests that the
stability of Hägg carbide is not significantly affected by the presence of
a substantial amount of the preceding alloying elements.

Fig. 8—The distribution of concentrations (in wt fr.) of Co, Cr, Mo, and
Ni, as a function of integrated intensity of Fe, after tempering alloy 1605-
2C for 5 min at 783 K. Horizontal lines indicate the average composition.

Table IV. The Calculated Metal Site Fractions in Cementite in the Orthoequilibrium and Paraequilibrium States with Ferrite
Are Compared with Those Measured after 5, 10, and 15 Minutes of Tempering the 1605-2C at 783 K*

Site Fractions of Constituents in Metal Sublattice in Cementite

Co Cr Fe Ni Mo

Orthoequilibrium
(Eq. [1]) 0.0324 0.1912 0.6131 0.0229 0.1403

Paraequilibrium
(Eq. [2]) 0.1562 0.0078 0.7707 0.0485 0.0168

Measured after

5 min at 783 K 0.1523 5 0.0123 0.0093 5 0.0012 0.7725 0.0482 5 0.0053 0.0177 5 0.0062
(0.1571 5 0.0092) (0.0085 5 0.0010) (0.7551) (0.0495 5 0.0044) (0.0297 5 0.0066)

10 min at 783 K 0.1523 5 0.0091 0.0083 5 0.0016 0.7751 0.0466 5 0.0055 0.0176 5 0.0056
(0.1571 5 0.0064) (0.0076 5 0.0014) (0.7578) (0.0479 5 0.0047) (0.0296 5 0.0061)

15 min at 783 K 0.1412 5 0.0110 0.0161 5 0.0025 0.7630 0.0480 5 0.0056 0.0316 5 0.0123
(0.1444 5 0.0074) (0.0146 5 0.0021) (0.7394) (0.0489 5 0.0044) (0.0526 5 0.0131)

*The measured weight fractions of the metal constituents in cementite are shown in parentheses. The uncertainties correspond to the total error (Eq.
[10]) at 99 pct confidence level. The metal site fractions in the starting alloy are yCo 5 0.1562, yCr 5 0.0078, yFe 5 0.7707, yMo 5 0.0168, and yNi 5
0.0485.

Depending on the tempering temperature, microsyntactic
growth of several higher-order carbides within cementite is
possible. However, it is believed that, above approximately
673 K, only Fe5C2 intergrows within cementite.[50] Figure 6
also suggests the presence of a stacking disorder within the
cementite regions. All these observations are consistent
with the faulted cementite structure reported earlier.[49]

The stability of cementite and higher-order carbides is
affected by their composition. Figure 7 compares the dif-

ference in enthalpy of formation between the Hägg carbide
(M5C2) and cementite (M3C) in the Fe-C system and in the
1605-2C alloy, using the assessed thermochemical data.[38]

For the Fe-C system (solid line), this difference is simply
Hm(Fe5C2)-Hm(Fe3C). For the 1605-2C alloy (dashed line),
the enthalpy difference was calculated using the site frac-
tions of its metal constituents, i.e., yCo 5 0.1562, yCr 5
0.0078, yFe 5 0.7707, yMo 5 0.0168, and yNi 5 0.0485.
Figure 7 shows that, at 783 K, the relative stability of the
Hägg carbide remains virtually unaffected by the presence
of substantial amounts of alloying elements. Furthermore,
even though cementite is more stable than the Hägg car-
bide, the microsyntactic intergrowth of the latter may be
promoted by interfacial matching, similar to the role of
stacking faults in ε-carbide plates.[54] The tempering studies
of Fe-C martensite by Nagakura et al.[49,50] indicate that the
frequency and extent of microsyntactic intergrowth of the
Hägg carbide in cementite is a function of aging tempera-
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ture. This is consistent with our observation of fewer and
thinner intergrowth regions than those reported by Nagak-
ura et al.

B. Composition of Precipitated Cementite

The k factors used in this study were kCo/Fe 5 1.0423 5
0.0232, kCr/Fe 5 0.8457 5 0.0213, kNi/Fe 5 1.0725 5
0.0338, and kNi/Fe 5 2.8287 5 0.2903. During X-ray spec-
tra collection, the thickness of each cementite particle an-
alyzed was not determined. However, the thickness of a few
of the large particles analyzed was found to lie in the range
of 50 to 60 nm. In this thickness range, the ACF for Mo
is about 2 pct. The fluorescence yields for Cr Ka and Fe Ka

were negligible. Figure 8 shows the distribution of concen-
trations of Co, Cr, Mo, and Ni in cementite, after 5 minutes
of tempering, as a function of Fe Ka counts. For each heat
treatment, about 30 cementite particles were randomly se-
lected and the X-ray spectra were collected. Even though
many of these data represent cementite particles having dif-
ferent thicknesses, it is important to bear in mind that, in a
field-emission microscope, a higher count does not neces-
sarily imply a higher thickness of the specimen being an-
alyzed. The measured metal-site fractions of the various
constituents as a function of heat treatment, with the error
bar at a 99-pct confidence level, are listed in Table IV. The
site fractions of Co, Cr, Fe, Mo, and Ni in the 1605-2C,
alloy are 0.1562, 0.0078, 0.7707, 0.0168, and 0.0485, re-
spectively. As seen in Table IV, these values match very
well with the measured average compositions after 5 and
10 minutes of tempering. As one would expect, the major
source of relative error of the measured quantities is due to
the counting statistics, i.e., Eq. [12]. It accounts for 50 pct
or more of the total relative error. Even though the data in
Table IV are based on random selection of the cementite
particles during chemical analysis, an experiment was also
carried out where intralath and interlath cementite particles
(25 each) were analyzed separately after 10 minutes of tem-
pering. The average metal-site fractions in this experiment
were found to be the same, within experimental error, as
that of a random analysis. Hence, the initial composition
(or thermodynamic state) of precipitated cementite is not
affected by the heterogeneous nucleation site.

After 15 minutes of tempering, the measured metal-site
fractions indicate a slight, but systematic, departure from
the PE state, indicating an intermediate thermodynamic
state of the cementite particles. To check if the measured
composition differences after 10 and 15 minutes of tem-
pering are statistically meaningful, a student t test was car-
ried out. The t value for two sets of measurements, with
average compositions of wj,1 and wj,2 based on n1 and n2

measurements, is given by[55]

|w 2 w |j,1 j,2t 5 [13a]
1 1

2s 1= p ~ !n n1 2

2 2(n 2 1) s 2 (n 2 1) s1 1 2 22s 5 [13b]p n 1 n 2 21 1

where s1 and s2 are the standard deviations calculated from
the total error (Eq. [10]). If the observed value of t is greater

than 2.5, the observed difference between wj,1 and wj,2 is
statistically significant at a 99-pct confidence level. The cal-
culated t values for Co, Cr, Mo, and Ni were 3.93, 4.53,
5.22, and 0.358. This suggests that the observed composi-
tion differences for Co, Cr, and Mo are statistically signif-
icant at a 99-pct confidence level. Even though the t value
for the composition difference of Ni is statistically insig-
nificant, this does not preclude the possibility of an inter-
mediate thermodynamic state, due to the multicomponent
nature of the system.

C. Thermodynamic Analysis of Cementite Precipitation

Since the site fractions of metal constituents in precipi-
tated cementite are found to be almost identical to those in
the starting alloy, this defines the PE thermodynamic state
between ferrite and cementite. The SGTE thermochemical
database[38] for multicomponent systems, as implemented in
the Thermo-Calc (version K) software,[35,36] is used in the
present analysis. The phases of interest are ferrite, cement-
ite, and M2C carbide. During the course of standard tem-
pering practice, only the latter two carbides form. Even
though they are not the most stable phases, their formation
is kinetically favored. The equilibrium carbides, such as
M23C6, M6C, and M7C3, form only after prolonged aging.
Therefore, to understand the precipitation process at the ini-
tial stages of tempering, we will restrict our thermodynamic
calculations to the cementite and M2C phases only. These
phases are described by a two-sublattice model[21,56] where
the substitutional elements occupy one sublattice and car-
bon interstitials occupy the second sublattice. Vacancy in-
terstitials also occupy the second sublattice of the ferrite
and M2C phases. The molar Gibbs energy of a phase f is
given by

f ref idealmixing excess magnG 5 G 1 G 1 G 1 G [14a]m

ref 0,fG 5 y y G [14b]Σ Σ M I M:I
M I

idealmixingG 5 RT p y ln y 1 q y ln yΣ Σ@ ~ M M! ~ i i!#
M i [14c]

excess 0 1G 5 y y L 1 (y 2 y ) Lj k @ jk j k jk

2 21 (y 2 y ) L 1 ... [14d]j k jk #
magnG 5 RT ln (b 1 1) f(t) [14e]

where M and I are the substitutional and interstitial ele-
ments, respectively; yM and yI equal the site fractions on the
two sublattices; p and q are the number of sites on each
sublattice (for the M2C phase, p 5 q 5 1 and, for ferrite,
p 5 1 and q 5 3); L is a temperature-dependent parameter
describing the excess Gibbs energy; b is the composition-
dependent average magnetic moment; f(t) is expressed as
a polynomial[57] with t 5 T/Tc; and Tc is the critical tem-
perature for magnetic ordering.

The site fractions of the constituents in the metal sublat-
tice of cementite are calculated for two distinct thermody-
namic states: (1) OE with ferrite, i.e., satisfying Eq. [1],
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and (2) PE with ferrite, i.e., satisfying Eq. [2]. The calcu-
lated results for the 1605-2C alloy at 783 K are listed in
Table IV along with the measured values. The calculated
site fractions in the OE state show a very strong departure
from those in the PE state, for all constituents. The exper-
imentally measured values after 5 and 10 minutes of tem-
pering match very well with those calculated for the PE
state. These results confirm the PE nature of cementite pre-
cipitated at the early stage of tempering. Even though OE
is the lowest-energy state, there is a significant chemical
driving force for the precipitation of cementite in the PE
mode. This is given by

u]Gma→u u a a uDG 5 G 2 G 1 (y 2 y ) [15]m m m C C u]yC

Coates[17,18,19] performed a critical analysis of growth in
the PE mode in ternary systems, for precipitates of three
geometries with characteristic dimensions. He has argued
that, even in the absence of partitioning of substitutional
elements, it is difficult to determine determine if a given
alloy transforms via the PE mode.[19] This is primarily due
to the fact that the PE state is very far-removed from local
equilibrium; thus, an infinite number of undefined non-
equilibrium states may exist between local equilibrium and
PE.[58] To resolve this issue, Coates[17,19] proposed an arbi-
trary criterion based on the width of the interface ‘‘spike’’
for element j, in order to distinguish between PE and no-
partition local equilibrium. If the width of the interface
spike is above 5 nm, the local equilibrium condition would
be maintained, and, if it is below 1 nm, the PE mode will
be operational. Based on the average width and length
measurements of cementite particles after 5 and 10 minutes
of tempering, the average thickening and lengthening ve-
locities are estimated to be 0.042 and 0.105 nm/s, respec-
tively. Since the aspect ratio of the cementite plates remains
practically constant for up to 10 minutes of tempering, the
growth behavior of the cementite particles can be described
by the lengthening velocity of the interface. As shown in
Table I, among the substitutional elements, Cr is the fastest-
diffusing species. Using the DCr value listed in Table I and
the aforementioned lengthening velocity, the width of the
interface spike[14,17,19,59] is calculated to be 0.3 nm; thus, it
satisfies the criterion for PE growth proposed by Coates.

An alternative approach may be to employ the mecha-
nistic model of solute trapping developed by Aziz.[60] Al-
though this model was originally developed to rationalize
nonequilibrium solidification, it can also be extended to
solid-solid phase transformations. The central idea behind
solute trapping is that when the interface velocity is greater
than the diffusional velocity, the solute atoms will be
trapped behind the advancing interface. The extent of solute
trapping is determined by the magnitude of the interface
velocity relative to the diffusional velocity. The former
should be much greater than the latter for complete solute
trapping. Since the PE growth mode can be conceived as
the complete solute trapping in the substitutional sublattice,
a comparison between diffusional velocities of the substi-
tutional species and the interface velocity is needed. Ac-
cording to Aziz, the diffusional velocity (ud) is given by

Dju 5 [16]d l

where Dj is the diffusivity of a substitutional element j and
l is the characteristic diffusion distance (taken as 0.2494
nm, or the nearest-neighbor distance of the bcc lattice).
With DCr 5 1.58 3 10220 m2/s, we obtain ud 5 0.0633
nm/s. In other words, the observed average interface veloc-
ity (0.105 nm/s between 5 and 10 minutes of tempering) is
greater than the diffusional velocity of the fastest-diffusing
substitutional species; hence, the observed PE condition is
qualitatively consistent with the criteria of solute trapping.
It is worth pointing out that we have used the tracer dif-
fusivity of Cr in bcc-Fe rather than its chemical diffusivity
in the alloy. Furthermore, since we have considered the
fastest-diffusing substitutional species, the calculated dif-
fusional velocity should be considered to be an absolute
upper-bound value, while the interface velocity is a lower-
bound value, as it was evaluated between 5 and 10 minutes
of tempering. The micrographs in Figure 3 suggest that the
interface velocity will be much higher at tempering times
less than 5 minutes.

After 15 minutes of tempering, the average composition
of cementite, listed in Table IV, suggests a small, but sys-
tematic, deviation from the PE state. The transition process
from PE to OE can be complex.[59] The apparent shift from
PE mode is probably due to impingement of the diffusion
fields from various particles and the reduction in interface
velocity. Hillert[59] suggested that a finite transition range
exists between the lower limiting interface velocity for PE
and the upper limiting velocity for OE. The width of this
transition is determined by interface reaction kinetics and
diffusion rates within the interface. A further complication
arises during the PE to OE transition, in the class alloy
studied here, due to the concomitant precipitation of the
coherent M2C phase. To gain a better understanding of the
PE to OE transition, a diffusional simulation, similar to the
dissolution of cementite in austenite,[61,62] would be useful.
However, such a simulation could not be undertaken, as the
temperature dependence of the mobilities of Fe, Co, Mo,
Cr, and C in cementite have not been assessed yet. At pres-
ent, the available mobility parameters are based on the ex-
perimental data at 1183 K only.[61]

D. Implication of PE Cementite Precipitation in UHS
Steels

The AEM characterization of cementite in the 1605-2C
alloy after short tempering times at 783 K confirms its PE
state with ferrite. This imposes certain restrictions at the
onset of the coherent M2C precipitation process. As shown
in Table V, the precipitation of PE cementite significantly
reduces the matrix carbon content in three different UHS
alloys. It may also be noted in Table V that the formation
OE cementite reduces the C content in the matrix even fur-
ther. These results are similar to the effect of other con-
strained equilibria, such as the effect of stress on a
two-phase equilibrium where an increase in solid solubility
of the matrix is generally predicted, compared to the re-
laxed or unstressed state. To demonstrate the effect of al-
loying elements on the residual carbon content, a series of
PE calculations (i.e., satisfying Eq. [2]) were performed in
the Co-Ni space for fixed Cr and Mo contents of 0.71 and
2.82 wt pct, respectively. Figure 9 shows the residual car-
bon content (in wt fr. x 105) in the matrix, after precipitation
of PE cementite at 783 K, as a function of the initial Co
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Table V. The Carbon Content (in Weight Percent) in
Ferrite in the Orthoequilibrium and Paraequilibrium States
with Cementite, Compared with the ‘‘As-Quenched’’ (Fully

Supersaturated) Value

As-
Quenched

After Ferrite-
Cementite

Paraequilibrium

After Ferrite-
Cementite

Orthoequilibrium

AF1410 0.16 0.0031 0.00015
AERMET100 0.24 0.0033 0.00011
1605-2C 0.247 0.0041 0.00089

Table VI. Degree of Supersaturation for Homogeneous
Nucleation after Ferrite-Cementite Paraequilibrium

Alloy r , Å*
hom DW *

hom dhom

AF1410 14.3 6.75 3 10219 0.10
AERMET100 17.1 1.45 3 10218 0.09
1605-2C 12.1 7.48 3 10219 0.12

Fig. 9—Contour plot of calculated carbon content (in wt fr. 3 105) in the
matrix, after precipitation of paraequilibrium cementite at 783 K, as a
function of alloy Co and Ni content. The Cr and Mo contents were fixed
at 0.71 and 2.82 wt pct, respectively.

Fig. 10—Contour plot of driving force (in kJ/mol) for the precipitation of
coherent M2C from fully supersaturated ferrite as a function of Co and Ni
content at a tempering temperature of 783 K. The C, Cr, and Mo contents
were fixed at 0.247, 0.71, and 2.82 wt pct, respectively.

and Ni content in the alloy. These levels correspond to the
solubility limit of carbon in ferrite with respect to PE ce-
mentite at 783 K. The curvature of the surface shown in
Figure 9 suggests a nonlinear effect of the Co and Ni con-
tent in the alloy. A higher Co content and a lower Ni con-
tent are beneficial for maximizing the residual carbon
content in the ferrite matrix after precipitation of PE ce-
mentite.

To ensure a very-fine-scale dispersion of M2C precipi-
tates (for maximizing strength), it is necessary to maximize
the driving force for its coherent nucleation. To model the
coherency effects on the nucleation and growth of the M2C
carbides, the composition-dependent elastic energy and the
composition-independent interfacial energy terms are added
to the free energy of the M2C phase. An implicit assumption
is that the elastic energy is independent of volume fraction,
which is not unreasonable at the low volume fractions of

the coherent precipitates. Thus, the molar Gibbs energy of
M2C is given by

M C Chemical Elastic Interfacial2G 5 G 1 G 1 G [17]m m m m

The elastic strain energy is a function of the ferrite and
M2C lattice parameters and the ferrite and M2C elastic mod-
uli. The linear-elastic strain energy associated with an in-
homogeneous inclusion as a function of lattice parameters
and shear moduli has been determined by Liarng.[63] For the
alloy M2C carbides, the compositional dependence of the
lattice parameters and shear moduli has been investigated
by Knepfler.[64] Combining the work of Liarng and Knep-
fler, the compositional- dependent elastic strain energy was
expressed as Redlich–Kister polynomials.[65] By fitting the
available M2C particle-size data from SANS measure-
ments,[8,10] the ferrite-M2C coherent interfacial energy in a
high–Ni-Co secondary-hardening steel was determined to
be 120 mJ/m2.[65] The driving force for precipitation of the
coherent M2C phase is given by

M C2]Gma→M C M C a a M C2 2 2DG 5 G 2 G 1 (y 2 y ) [18]Σm m m i i M C2i ]yi

Figure 10 shows isodriving-force contours for the pre-
cipitation of coherent M2C, as a function of Co and Ni
content in the alloy at 783 K, with the assumption of fully
supersaturated ferrite. The C, Cr, and Mo contents were
fixed at 0.247, 0.71, and 2.82 wt pct, respectively. This is
a rather flat surface, showing a linear increase in driving
force with increasing Co and Ni contents in the alloy. How-
ever, the scenario is significantly different when the effect
of PE cementite is taken into account. Figure 11 shows the
isodriving-force contours for the precipitation of coherent
M2C, as a function of the Co and Ni content in the alloy
at 783 K, after precipitation of PE cementite, i.e., taking
into account the reduced matrix carbon content shown in
Figure 9. The important features in Figure 11 to be noted
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Fig. 11—Contour plot of driving force (in kJ/mol) for the precipitation of
coherent M2C, after precipitation paraequilibrium cememtite, as a function
of Co and Ni content at a tempering temperature of 783 K. The Cr and
Mo contents were fixed at 0.71 and 2.82 wt pct, respectively. The carbon
content in the matrix correponds to that shown in Fig. 9.

are that (a) there is a reduction in the driving force by about
40 pct compared to the values shown in Figure 10, (b) the
driving-force surface is no longer flat, and (c) the isodriv-
ing-force contours are rotated with respect to those in Fig-
ure 10. The latter two features originate from the curvature
of the matrix carbon content surface shown in Figure 9.

Assuming that precipitation occurs in the high-supersat-
uration regime, the particle size of the M2C carbides can
be estimated using the Gibbs–Thomson relation,

2g
r* 5 [19]

a→M C2DGm

where r* is the particle radius, and g is the interfacial en-
ergy (equal to 120 mJ/m2). As the strength is maximized
by reducing the interparticle spacing, it is advantageous to
maximize . Since the reduction of C in the ferritea→M C2DGm

matrix (Table V) significantly reduces the precipitation
driving force for M2C carbides, accurate strength predic-
tions must account for the reduction of coherent M2C driv-
ing force due to the precipitation of PE cementite.

For precipitation in homogeneous solutions, Langer and
Schwartz[66] predicted that the growth regime is suppressed
when the degree of supersaturation (d) is greater than 0.3,
where d is defined by

1/2
kT

d 5 [20]@ #DW*

with k being the Boltzman constant and DW* being the
nucleation barrier height, defined for a homogeneous nu-
cleation as 4/3pr2g. Applying this criteria, with the use of
the Gibbs–Thomson relation (Eq. [19]), to the 1605-2C and
AF1410 alloys (Table VI), the observed repressed growth
regime is not predicted. This discrepancy between the
model predictions and the experimental observations can be
accounted for by the observations made by Montgomery[6]

and Allen et al.[8] indicating that M2C particles nucleate
heterogeneously on dislocations. When the degree of su-
persaturation for the AF1410 alloy is estimated by calcu-
lation of DW* (3.29 3 10220 to 6.07 3 10220 J/mol) from
heterogeneous nucleation rates, then d ranges from 0.3 to
0.6.[63]

Even though the PE state of cementite is confirmed by
quantifying the substitutional elements in cementite in
AEM, the best experimental technique for studying this
phase transformation will be the APFIM. By the APFIM
technique, it is possible to quantify both substitutional and
interstitial elements in ferrite and cementite and also the
diffusion spike, if any, at the interface. However, as shown
in Figure 3, due to the relatively large size scale and het-
erogeneous nature of the cementite particles, it will be dif-
ficult to perform APFIM. An earlier study used the APFIM
technique to determine the partitioning of substitutional el-
ements during tempering of a low-alloy steel;[22] however,
the cementite particles were about 6 to 7 times smaller than
those shown in Figure 3.

IV. CONCLUSIONS

The confirmation of PE cementite formation prior to co-
herent M2C precipitation during tempering provides further
insight into the modeling of the strengthening kinetics in
UHS steels during secondary hardening. The initial ferrite-
cementite PE condition reduces the M2C driving force sig-
nificantly, limiting the maximum strength achievable by the
alloy. With the ferrite-cementite PE as the initial condition
for precipitation of coherent M2C particles, it leads to fun-
damental questions regarding how the system evolves from
PE to other thermodynamic states, on one hand, and nucle-
ation of coherent M2C carbide and its coarsening, on the
other hand. Alloying elements that retard the formation of
PE cementite would be beneficial for maximizing the driv-
ing force for precipitation of M2C carbides. Despite the re-
duction in driving force, a high dimensionless
supersaturation is obtained when the reduced nucleation
barrier associated with heterogeneous nucleation is taken
into account. This accounts for observed high supersatura-
tion precipitation behavior with suppressed growth.
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33, pp. 493-99.

52. A.I. Gardin: Sov. Phys.-Crystallogr., 1962, vol. 7, pp. 694-700.
53. F.H. Herbstein and J. Smuts: Acta Crystallogr., 1964, vol. 17, pp.

1331-32.
54. K.A. Taylor, G.B. Olson, M. Cohen, and J.B. Vander Sande: Metall.

Trans. A, 1989, vol. 20A, pp. 2749-65.
55. J. Mandel: The Statistical Analysis of Experimental Data, Dover

Publications, Inc., New York, NY, 1964.
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