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Achieving Exceptional Strength-Ductility Synergy via
Nano-precipitation Hardening in a Ni–Fe–Cr–Co–Al
Alloy

SHUBHADA KAR, VIKAS SHIVAM, V.C. SRIVASTAVA, and G.K. MANDAL

In the present work, a Ni–Fe–Co–Cr–Al-based medium entropy alloy (MEA) was developed by
exploring the vast compositional space provided by the birth of high-entropy alloys (HEAs).
The composition was designed via the CALPHAD approach and the designed alloy was melted
through the vacuum induction melting (VIM) technique using commercial elements. Post-ho-
mogenization treatment, the material was cold deformed up to 73 pct reduction in thickness.
This cold-rolled material was annealed with varying duration at a fixed temperature of 900 �C
for a better understanding of the static recrystallization mechanism. The systematic static
recrystallization study was performed to design a heterogeneous grain distribution within the
matrix via partial recrystallization. Post-establishment of the annealing schedule, ageing
treatment at 600 �C for 5 hours was carried out. The room temperature mechanical properties
were evaluated for selected ageing conditions. An excellent strength of> 950 MPa accompanied
by an appreciable ductility of 60 pct was obtained for the fully recrystallized and aged specimen.
The obtained results surpassed the strength-ductility synergy exhibited by various solid
solution-strengthened (SS) Ni-based superalloys and heterogeneous HEAs and hold the
potential to be explored for elevated temperature applications. A systematic study has also been
carried out to estimate the contribution of various strengthening factors in the designed alloy
and the predicted results corroborate well with the experimental findings.
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I. INTRODUCTION

One of the major focus areas of materials scientists at
present is the design and development of new alloys that are
cost-competitive and possess unique combination of
strength and ductility for various special applications
including structural and aerospace sectors. The philosophy
of design and development of novel alloys based on the
equiatomic or near equiatomic multi-principal elements
yielded high-entropy alloys (HEAs). This concept of
high-entropy alloys (HEAs), as reported by Yeh et al.[1]

and Cantor et al.,[2] demonstrated the stabilization of a
single-phase random solid solution in multi-principal
element alloys due to the dominance of mixing entropy of

the alloy system over mixing enthalpy. The single-phase
random solid solution achieved in such complex alloy
systems was explored further to achieve exceptional
mechanical properties at room temperature,[3–8] cryo-
genic,[9,10] and high-temperature applications[11,12] by tai-
loring the composition and final microstructure.
Furthermore, alloy design for elevated temperature appli-
cations of such alloy systems was classified into two groups
(a) refractory metal-based HEAs (RHEAs)[13–16] and (b)
transition metal-based HEAs (TM-HEAs).[17–21] The
RHEAs are generally comprised a disordered body-centred
cubic (BCC_A1)-based matrix strengthened by ordered B2
precipitates (BCC_B2). The TM-HEAs were designed to
obtain a microstructure consisting of ordered L12 (c¢)
precipitates in a disordered face-centred cubic (FCC)
matrix (c), as in the case of conventional superalloys.
Moreover, these c-c¢ bearing TM-HEAs for elevated
temperature applications were also known as high-entropy
superalloys (HESAs).[18,22] Early studies on HESAs exhib-
ited better microstructural stability over conventional
superalloys with suppression of the formation of various
undesirable phases.[18,22] However, later studies showed
phase segregation and microstructural decomposition of
several HESAs at elevated temperatures.[20,23,24] Further-
more, the alloy design studies were not limited solely to
high-entropy compositions and several medium entropy
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alloys (MEAs) were also explored.[25–28]Many of the newly
designedMEAsandHESAs exhibited excellentmechanical
properties at both room and high temperatures.[8,9,27,29] As
a result, these c-c¢ bearing HESAs andMEAs are currently
being considered as potential candidates as analternative to
superalloys for high-temperature applications.[10,12,30] Fur-
ther, the emergenceof apromising strategyof heterogeneity
engineering in HEAs[6,31–33] has led to better strength-duc-
tility synergy in these systems. Wang et al. designed a
Co23Cr23Ni23Mn31 alloy and introduced a heterogeneous
microstructure with the aid of rolling and annealing.[4] The
processing led to introduction of various nanoparticles,
dislocations, nanotwins, stacking faults, Lomer-Cottrell
locks, etc. which led to excellent strength-ductility synergy
in the designed alloy. Sathiyamoorthi et al. reviewed
various heterogeneous HEAs and the paradigm shift in
the strength-ductility synergy was observed in these hetero-
geneous HEAs.[34] They discussed the design of bimodal,
lamellar, gradient and harmonic structures to improve the
combination of strength and ductility. Gorsse et al. dis-
cussed the effectiveness of a hierarchical microstructure in
attaining promising high-temperature yield strength in
HESAs.[35] Theirwork studied thekinetics of the c-c¢phases
and calculated the temperature-time-transformation(TTT)
diagram to optimize the hierarchical microstructure in the
HESAs.[35] Recent works of Wang et al. designed hierar-
chical precipitates to harvest the benefit of heterogeneity
engineering in improving the mechanical properties of the
alloys.[6] Hence, carefully designed cost-effective c-c¢-based
alloys with heterogeneous microstructures are potential
candidates forwide temperature range applications and are
currently under rigorous investigation.

In the present work, a novel low-alloyed medium
entropy alloy (MEA) has been designed and engineered
to obtain structural heterogeneity via partial recrystal-
lization. The Ni–Fe–Co–Cr–Al alloy was designed using
the CALPHAD approach and prepared through an
induction melting and casting route. Post-homogeniza-
tion treatment and a cold deformation of 73 pct, a set of
systematic annealing experiments was performed by
varying the annealing duration for comprehensive
understanding of static recrystallization mechanism at
a fixed annealing temperature of 900 �C. The main
purpose of recrystallization study was to find out the
suitable time-temperature schedule for heterogeneous
microstructure design. A detailed microstructural char-
acterization was carried out for both as-cast and
thermo-mechanical processed specimens. Mechanical
properties were evaluated at room temperature and
compared with the existing literature of heterogeneous
HEAs and solid solution (SS)-based superalloys. In
addition, evaluation of various strengthening factors
was carried out to assess their respective contribution
for each processed condition in the designed alloy.

II. MATERIAL AND METHODS

A. Alloy Design and Preparation

The CALPHAD approach was adopted to design a
suitable composition of Ni49.5–Fe19.8–Co15–Cr12–Al3.7

system. The composition design aimed to mimic the c-c¢
microstructure of conventional superalloys i.e., Ni3Al
(L12) precipitates (c¢) in a disordered face-centered cubic
(FCC_A1) matrix (c). The designed alloy was prepared
through vacuum induction melting (VIM) and casting
utilizing the commercial grade materials. The elemental
materials with 98–99 pct purity (2 kg) were heated
together in alumina (Al2O3) crucible up to 1600 �C and
kept for 10 minutes for temperature and composition
homogenization after completion of melting. The
molten alloy was then poured into a copper mould of
dimensions 41 9 41 9 180 mm3. A specimen of dimen-
sions 10 9 10 9 5 mm3 was sectioned from the as-cast
ingot and taken for chemical analysis. The chemical
analysis was performed using the spark optical emission
spectroscopy (Spark-OES) Gen-1 analysis technique and
obtained results are mentioned in Table I.
A considerable amount of Fe was added with an

objective to produce a low-cost and low-density alloy.
Despite its high cost, Co was added in a significant
amount taking into consideration its favorable influence
on the recrystallization mechanisms and stacking-fault
energy of the material.[36] The presence of Al in the alloy
promotes the formation of c¢ phase and improves the
corrosion resistance. The main purpose of Cr addition
was to enhance the oxidation and corrosion resistance
properties of the alloy. Further, Cr content in the alloy
promotes the formation of Cr-based carbides, which
might be beneficial for exploring its potential for
high-temperature applications.[37]

B. Thermo-mechanical Processing

The as-cast material of dimensions 38 9 30 9 25
mm3 was kept at 1200 �C for 1 hours and hot forged
up to 42 pct reduction in thickness and air cooled. The
forged material was then cold-rolled up to 47 pct
reduction in thickness and homogenized at 1050 �C for
1 hours. The homogenization treatment followed a
similar processing route as our previous work which
contained as-cast c¢ precipitates and required heavy
deformation for dissolution of as-cast precipitates to
render a single-phase.[8] A schematic representation of
the detailed process schedule is shown in Figure 1.
The homogenized material was cold-rolled up to 73

pct thickness reduction to study the static recrystalliza-
tion behavior of the material at 900 �C. The recrystal-
lization study temperature of 900 �C was chosen based
on our previous works performed on similar alloy
systems.[8] Small specimens with dimensions
3 9 2.2 9 1.6 mm3 were annealed at 900 �C for varying
durations of 20, 60, 120, 180, 300, 900 and 1800 seconds.
Post-establishment of the recrystallization kinetics of

the designed alloy, based on theoretical and experimen-
tal studies, the cold-rolled specimen annealed at 900 �C
for 900 seconds was taken for ageing treatment. Three
specimens from the aforementioned annealed condition
were selected and aged at 600 �C for 3, 5, and 8 hours.
The evaluation of the average microhardness values of
the studied specimens suggested that isothermal holding
at 600 �C for 5 hours would be sufficient for suit-
able ageing for the chosen annealing condition.
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C. Microstructural Characterization

Microstructural characterization of the specimens, pro-
cessed under different conditions, was carried out on an
optical microscope (OM), scanning electron microscope
(SEM), and transmission electron microscope (TEM).
Before investigation under OM, specimens were polished
using SiC emery paper up to 2500 grit size followed by
cloth polishing using alumina (Al2O3) of 1 lm size and
colloidal silica. The specimens were then ultrasonically
cleaned for 10 min using ethanol. and were etched using
Waterless Kalling’s reagent (2 g CuCl2, 40 mL HCl, and
40–80 mLethanol).Opticalmicrographswere capturedon
a Leica DM2500M optical microscope. The analysis of
microstructural features, including grain size, dendrite arm
spacing and precipitate size, was performed using ImageJ
1.53e public domain software.

SEM study was performed on a Carl Zeiss instrument
equipped with an Oxford EDS (energy dispersive spec-
troscopy) detector. A few selected specimens were eval-
uated for the distribution of strain and grain size using
electron backscattered diffraction (EBSD) technique. The
EBSD analysis was performed on a field emission gun
(FEG)-SEM (Model- FEI Nova Nano) equipped with a
TSL-OIM acquisition system and operating at 20 kV.
The specimens were electropolished using a solution of 10
pct perchloric acid and 90 pct ethanol at 20 V. A step size
of 0.5 lm was used for lower time step annealed speci-
mens (60 and 120 seconds at 900 �C post 73 pct cold
deformation) and 1 lm step size was chosen for specimen
annealed for a longer duration of 300 and 900 seconds.

X-ray diffraction (XRD) analysis of the as-cast
specimen was conducted on the Rigaku Ultima IV
X-ray diffraction system (Cu-Ka radiation with
k = 0.154 nm). The as-cast specimen was paper pol-
ished to 2500 grit, followed by diamond polishing.
Specimen was scanned from 20 to 100 deg with a scan
speed of 1�/min. The specimens processed as per chosen
tensile test conditions were also scanned from 20 to 100

deg at 1�/min and analysed for determination of
dislocation density. The XRD pattern analysis was
carried out using X’Pert Highscore Plus (version 2.1) for
the determination of plane spacing d, lattice parameter a
and full width half maxima (FWHM).
Further, TEM characterization was carried out for

the condition exhibiting the best combination of prop-
erties before and after the tensile tests i.e., cold-rolled
specimen annealed at 900 �C for 900 seconds, later aged
at 600 �C for 5 hours. The specimens were cut using an
electro-discharge machining (EDM) wire cutter and
thinned down to 50 lm thickness. The thinned speci-
mens of diameter 3 mm were punched from the sheet
and subjected to twin jet polishing. A solution of 10 pct
perchloric acid and 90 pct ethanol was used as the
electrolyte with a current supply of 40 mA at � 20 �C.

D. Mechanical Property Evaluation

The specimens for microhardness evaluation were
paper polished to 2500 grit size followed by diamond
polishing. The microhardness data were recorded on the
cross-sectional plane parallel to the rolling direction
using a Vickers Microhardness Tester (Omni-Tech-S.
No. -551, Model F. Auto) at a load of 1000 g with a
dwell time of 10 seconds. At least ten data points were
collected to record the average hardness value for each
condition.
Flat dog-bone-shaped specimens with a gauge length

of 7.2 mm and gauge width of 3 mm were prepared for
room temperature mechanical properties evaluation.
The tensile tests were performed at a strain rate of
10�3 s�1 on Instron servo-electric universal testing
machine (UTM). Before tensile tests, the specimens
were paper polished to 1000 grit size to eliminate
undesirable oxide scales and ensure a clean surface.
Three specimens were tested for each chosen condition
to ensure the reproducibility of the data.

III. RESULTS

A. Alloy Design and Property Diagram

Figure 2 shows the property diagrams of the designed
alloy predicted using the commercial thermodynamic

Fig. 1—Flow chart showing the process schedule followed in this study.

Table I. Composition of Present Work (Wt Pct)

Composition Ni Fe Co Cr Al

Chemical Analysis bal. 19.8 15.5 12.0 3.7
Bulk-EDS bal. 20.5 14.9 13.1 3.9
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software package Thermo-Calc (2022b version) with the
help of the TCHEA5 database.

Figure 2(a) shows the formation of a disordered
FCC_A1 phase at around 1400 �C during equilibrium
cooling of the liquid. The presence of a single-phase
disordered FCC_A1 exists in the temperature range of
850 �C to 1380 �C. The precipitation of a BCC_B2
phase commences at 850 �C but the predicted volume
fraction is quite low (<10 pct). The precipitation of the
ordered L12 phase (denoted as FCC_L12 in Figures 2(a)
and (d)) is predicted to occur at ~ 720 �C and onset of
sigma (r) phase initiates at ~ 545 �C during equilibrium
cooling of the alloy. The variation of site fraction of
elements as a function of temperature, for each pre-
dicted phase (except r), is shown in Figures 2(b) through
(d). These property diagrams were calculated to assess
the ordering and partitioning of the elements in various
phases. The solid-filled shapes represent sublattice 1 and
the hollow shapes denote sublattice 2 (Figures 2(b)
through (d)). As both the lines (with solid fill and hollow
shapes) merge for individual element as shown in
Figure 2(b), a disordered matrix of FCC_A1 (c) is
confirmed. Figure 2(c) predicted onset of an ordered

BCC_B2 phase which is Ni and Al rich till 545 �C after
which the phase gets Fe and Co rich at the lower
temperatures. Figure 2(d) confirms the formation of an
ordered FCC_L12 (c¢) phase, where one sublattice is
dominated by Ni atoms and another one enriched with
Al atoms. It is also noted that the site fraction of one
sublattice remains Ni-rich throughout the temperature
range. Whereas, Al content in the second sublattice
decreases with the enrichment of Fe with decrease in
temperature. This Fe enrichment in second sublattice is
more prominent below 545 �C due to the formation of
sigma (r) phase. This demonstrates the occupation of
Al-sites by Fe at low temperature in FCC_L12 (c¢)
phase. Though thermodynamic analysis predicts the
formation of BCC_B2 in the designed alloy system, the
present work did not yield any ordered BCC_B2
precipitation. This can be attributed to the sluggish
kinetics of formation of an ordered phase with very low
volume fraction in the designed composition. The
CALPHAD predicted Cr-rich r phase is rarely realized
in real alloy systems due to its complex structure. The
predicted property diagrams clearly demonstrate the
availability of a large temperature window for

Fig. 2—(a) Property diagram of designed alloy, (b to d) site fraction of elements with respect to temperature for FCC_A1, BCC_B2 and
FCC_L12 phase, respectively.
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thermo-mechanical processing of the alloy in the sin-
gle-phase c region.

B. Microstructural Characterization

Figures 3(a) and (b) show the low and high magni-
fication optical micrographs of the as-cast Ni–Fe–Co–
Cr–Al alloy, respectively, exhibiting typical dendritic
microstructure with an interdendritic spacing
of ~ 15 lm.

The as-cast dendritic microstructure is further con-
firmed by the low and high magnification SE micro-
graphs as depicted in Figures 3(c) and (d), respectively.
Unlike our previous study, both the optical and SE
micrographs confirm the absence of any as-cast L12
precipitates. Moreover, high magnification SE micro-
graph (Figure 3(d)) reveals a single-phase matrix with
precipitation of TiN particles, which might have formed
during melting and casting of the alloy due to the
presence of some impurities in the mould or raw
materials. It is observed that unlike our previous study,
Co addition has suppressed the formation of as-cast c¢
precipitates during solidification, as the high resolution
SE micrographs also exhibits only single-phase as-cast
microstructure with meagre amount of TiN precipitates.

Figures 4(a) and (b) show the SE micrographs of the
alloy in homogenized and 73 pct cold-rolled conditions,
respectively. The SE micrograph of the homogenized
specimen (Figure 4(a)) clearly exhibits a fully recrystal-
lized single-phase microstructure consisting of equiaxed
grains of c phase with average grain size of ~ 58.3 lm.
The presence of TiN precipitates at some of the
locations, along the grain boundaries as well as grain

interiors, is also evident (as indicated by white arrow
marks in Figure 4(a)). Some TiN particles have been
removed from the matrix during polishing, as indicated
by black arrows. As expected, the heavy cold rolling led
to deformed grains of c matrix elongated in the rolling
direction (Figure 4(b)). This heavily deformed col-
d-rolled specimen was annealed at 900 �C with varying
duration in the range of 20–1800 seconds to evaluate the
static recrystallization behavior of the material.
The variation of microhardness as well as recrystal-

lized fraction, as a function of isothermal holding time
during annealing at 900 �C, is shown in Figure 5(a). It is
observed that the hardness value decreases with increase
in isothermal holding time, which might be attributed to
the formation of new strain-free recrystallized grains.
The steady and slight decrease in hardness value is
observed from 389 HV for cold-rolled condition to 375
and 361 HV during short annealing time of 20 and
60 seconds, respectively. Thereafter, it decreased con-
siderably with the increase in annealing time up to
300 seconds. For the longer annealing duration of
900 seconds and more, there is insignificant variation
in hardness, which signifies the completion of recrystal-
lization. The recrystallized fraction of the annealed
specimens was estimated by considering the microhard-
ness values of the cold-rolled (CR) and cold-rolled and
annealed (CR/Ann) specimens, which were obtained on
the cross-sectional surface parallel to the rolling direc-
tion. The fraction recrystallized (XSRX) is calculated
using Eq. [1]:[8,36]

XSRX ¼ Hmax �Hið Þ= Hmax �Hminð Þ; ½1�

Fig. 3—(a, b) optical micrograph and (c, d) SEM micrographs of as-cast alloy at low and high magnification, respectively.
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where Hmax, and Hmin are maximum and minimum
hardness observed in cold-rolled and fully recrystallized
specimens, respectively. Here,Hi represents intermediate
hardness values.

The experimentally estimated recrystallized fraction
based on microhardness studies is plotted in Figure 5(a).
In the same figure, the black coloured dashed-line
represents the fitting curve on fraction recrystallized
(XSRX) based on the Avrami correlation, as given in
Eq. [2].[8]

XSRX ¼ 1� exp �0:693 t=t0:5ð Þn½ �; ½2�

where n, t0.5 and t represent Avrami exponent, time
required to complete 50 pct recrystallization and instan-
taneous time for recrystallization, respectively. The
value of Avrami exponent (n) is assessed by fitting the
Avrami equation with the experimentally estimated
XSRX values. The Avrami exponent for static recrystal-
lization kinetics is estimated to be 1.6, which corrobo-
rates well with the data reported in literature.[36,38,39]

The analysis of softening curve clearly indicates that
annealing duration of 900 seconds at 900 �C (CR/
Ann-900 seconds) is sufficient to achieve almost

complete recrystallization. Hence, CR/Ann-900 seconds
specimen was considered for ageing treatment.
Figures 5(b) through (d) show the grain map of the
cold-rolled specimens annealed at 900 �C for 60, 120
and 900 seconds, respectively. The evolution of a
cold–rolled microstructure to almost fully recrystallized
microstructure is evident from these micrographs. The
grain map of the specimen annealed for 120 seconds
exhibits both elongated and fine recrystallized grains.
Figures 5(e) through (g), show the grain boundary
distribution in each abovementioned conditions. It is
observed that low angle grain boundaries (LAGBs) with
misorientation< 15 deg are significantly high in the
cold-rolled specimen annealed for short duration of
60 seconds (refer Figure 5(e)). The fraction of LAGBs
decreased as the annealing duration increased from 60
to 120 seconds (Figure 5(f)). The presence of small
strain-free recrystallized grains is observed in 120 sec-
onds annealed specimen as marked by arrows in
Figure 5(f). The prolonged annealing duration of
900 seconds results in a significant increase in the
fraction of high angle grain boundary (HAGBs) with
misorientation> 15 deg. A careful observation of

Fig. 4—SEM micrographs of designed alloy after (a) homogenization and (b) cold deformation of 73 pct.

Fig. 5—(a) Fraction recrystallization and microhardness variation in the deformed specimen as a function of annealing time at 900 �C. Grain
map and grain boundary plots, respectively, for cold-rolled specimens annealed at 900 �C for (b and e) 60 s (c and f) 120 s (d and g) 900 s.
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micrograph in Figure 5(g) exhibits ~ 0.9 fraction of
HAGBs for 900 seconds annealed specimen, which is in
good agreement with the estimated recrystallization
fraction as shown in Figure 5(a).

The detailed microstructural characterization of the
selected specimens annealed at 900 �C for varying
duration, performed using EBSD technique, is further
shown in Figure 6. It shows the EBSD micrographs of
the specimens annealed at 900 �C for varying duration
of 60, 120, 300 and 900 seconds. Figures 6(a) through
(d) represent the image quality (IQ) maps for specimens
annealed at 900 �C for 60 seconds (CR/Ann-60 sec-
onds), 120 seconds (CR/Ann-120 seconds), 300 seconds
(CR/Ann-300 seconds) and 900 seconds (CR/
Ann-900 seconds), respectively.

It is observed that the cold-rolled specimen annealed
for 60 seconds contains a highly deformed structure.
These micrographs reveal the evolution of a highly
deformed structure to small-grained recrystallized struc-
tures with increasing isothermal annealing duration.
Further, the kernel average misorientation (KAM) map
represented by Figures 6(e) through (h) for respective
conditions reveal the evolution of a strain-free
microstructure (in CR/Ann-900 seconds) from a highly
strained initial microstructure (CR/Ann-60 seconds).
The scale for the KAM map is shown in Figure 6(m),
where it shows that the higher the KAM value on the

scale, the higher the dislocation density in the specimen.
Figures 6(i) through (l) represent the inverse pole
figure (IPF) maps for the specimens annealed for 60,
120, 300 and 900 seconds, respectively. As the specimen
undergoes complete recrystallization, the system renders
a random texture in the material.
The cold-rolled specimen annealed at 900 �C for 900

seconds was aged at 600 �C (CR/Ann-900 seconds /
Ag-time) for varying duration of 3, 5 and 8 hours. A
comparison of microhardness values of aged specimens
(Figure 7(a)) reveals that hardness value increases with
increase in ageing duration. This is possibly due to the
formation of fine-sized precipitation of ordered c¢ phase
within the disordered FCC matrix of c phase. Moreover,
variation in microhardness is significantly low in case of
the specimen aged for longer duration of 5 hours and
more, which signifies the sluggish kinetics of c¢ coars-
ening. This observation confirms that isothermal hold-
ing at 600 �C for 5 hours might be sufficient to introduce
precipitation strengthening in the annealed specimens.
In order to confirm the presence of c¢ precipitates, XRD
analysis of the as-cast specimen as well as specimens
aged under various heat-treated conditions was per-
formed (Figure 7(b)). The analysis of XRD peaks of all
the studied specimens exhibits the presence of a single
disordered FCC phase with estimated lattice parameter
(a) of 0.357556 nm. The as-cast specimen exhibits a

Fig. 6—(a to d) IQ maps (e to h) KAM maps and (i to l) IPF maps for specimens annealed at 900 �C for 60, 120, 300 and 900 s, respectively,
(m) scale for KAM map (n) IPF figure for determination of orientation.
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strong solidification texture along (200) plane whereas
the annealed specimens exhibit random texture. Further,
XRD analysis does not show any superlattice peaks of
ordered c¢ phase in the matrix, which might be due to
low amount of extremely fine precipitates of c¢ phase in
the disordered c matrix. Moreover, the transmission
electron micrograph, as shown in Figure 7(c), exhibits
extremely fine-sized c¢ precipitates distributed homoge-
neously in the matrix for specimen CR/900 seconds/
Ag-5 hours. It is clear that such fine-sized precipitates
bear almost negligible misfit with the c-matrix and hence
are undetected in the XRD analysis.

C. Mechanical Property Evaluation

Based on the microhardness studies, as shown in
Figure 7(a), an ageing schedule of 600 �C for 5 hours
was selected for the evaluation of room temperature
tensile properties. Hence, three specimens, namely (a)
cold-rolled specimen (CR/Ag), (b) cold-rolled specimen
annealed at 900 �C for 300 seconds (CR/Ann-300 sec-
onds/Ag), and (c) cold-rolled specimen annealed at
900 �C for 900 seconds (CR/Ann-900 seconds/Ag),
were aged based on the aforementioned ageing condi-
tion and evaluated for their tensile behaviour.

Figure 8(a) shows the stress-strain curve obtained
from the aged specimens for the aforementioned three
heat treatment conditions. The stress-strain curves show
excellent strength-ductility synergy for all the studied
conditions. The CR/Ag specimen shows a high strength
of ~ 1275 MPa accompanied by an appreciable ductility
of 40 pct. This high strength can be attributed to the
highly deformed structure aided by significant precipi-
tation hardening. Further, Co, Fe, and Cr are sources of
solid solution strengthening in these specimens. The
annealing for 300 seconds and subsequent ageing (CR/
Ann-300 seconds/Ag) shows a significant reduction in
strength value to 990 MPa compared to CR/Ag condi-
tion but a high ductility of ~ 60 pct. Similarly, 900 sec-
onds annealing and ageing (CR/Ann-900 seconds/Ag)
led to similar strength of 990 MPa bu an increased
ductility of ~ 67 pct. In comparison to CR/Ag specimen,
both the CR/Ann-300 seconds/Ag and CR/
Ann-900 seconds/Ag specimens demonstrate

comparable properties with decreased strength due to
less dislocation hardening and high ductility due to ease
in dislocation motion. The observed yield strength (ry),
uniform tensile strength (rUTS) and total elongation
(TE) is given in Table II.
Figures 8(b–c) and (d–e) show the fracture surfaces of

the specimens for CR/Ag and CR/Ann-900 seconds/Ag
conditions, respectively. The high ductility observed in
both the specimens is corroborated by the formation of
dimples across the fractured area, a signature of ductile
fracture. Figure 9 shows the TEM micrographs of
fractured CR/Ann-900 seconds/Ag specimen.
Figures 9(a) and (b), show the bright and dark field
micrographs, respectively, revealing annealing twins
formed in the specimen during recrystallization.
Figure 9(c) shows a homogeneous distribution of bulk
nanoprecipitation of ordered L12 phase throughout the
disordered FCC matrix, which gave rise to precipitation
strengthening in the material. The size of the extremely
fine precipitates varied in the range of 2 to 4 nm. The
presence of deformation bands is revealed in the
fractured specimen as shown in Figures 9(d) and (e),
which represent the bright and dark field images,
respectively, from the same location. The generation of
GNDs and pile-up at the grain boundaries can be
observed in Figure 9(f), which leads to strain hardening
and thus high strength and ductility in the material.

IV. DISCUSSION

Conventional strengthening mechanisms operative in
various alloy systems can be categorized as (a) solid
solution strengthening, (b) precipitation strengthening,
(c) dislocation strengthening, and (d) grain boundary
strengthening. The engineered microstructure for high
strength and ductility takes into account all the above
strengthening mechanisms and manipulates their respec-
tive contribution to achieve an optimum combination of
properties. The yield strength of a material is expressed
as a function of all the above mentioned factors and is
given by Eq. [3].[3]

ry ¼ rA þ DrS þ DrG þ DrD þ DrP; ½3�

Fig. 7—(a) microhardness variation of CR/Ann-900 s specimen aged at 600 �C for 0, 3, 5 and 8 h, (b) XRD pattern of as-cast, CR/Ag, CR/
Ann-300 s/Ag and CR/Ann-900 s/Ag specimens exhibiting a disordered FCC matrix, (c) TEM dark field image of CR/Ann-900 s/Ag specimen
before tensile exhibiting homogeneous nanoprecipitation of L12 precipitates.
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Fig. 9—(a) Bright field TEM micrograph showing annealing twins, (b) similar feature under dark field, (c) homogeneous nanoprecipitation of
ordered L12 precipitates (inset shows the selected area diffraction pattern), (d) Bright field micrograph showing deformation bands, (e)
deformation bands under dark field, (f) dislocation accumulation at grain boundaries.

Table II. Room Temperature Tensile Properties

Conditions Yield Strength (ry) Tensile Strength (rUTS) Total Elongation (Pct)

CR/Ag 1019 1275 40
CR/Ann-300 s/Ag 573 990 60
CR/Ann-900 s/Ag 529 990 67

ry and rUTS are in MPa.

Fig. 8—(a) stress-strain curve for CR/Ag, CR/Ann-300 s/Ag and CR/Ann-900 s/Ag tensile test conditions (b, c) low and high magnification
fracture surface of CR/Ag specimen and (d, e) low and high magnification fracture surface for CR/Ann-900 s/Ag condition, respectively.
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where ry is yield strength and rA is intrinsic strength of
the material; DrS, DrG, DrD and DrP are the contribu-
tions due to solid solution strengthening, grain bound-
ary strengthening, dislocation strengthening, and
precipitation strengthening, respectively.

He et al.[3] and Man et al.[40] studied the effect of solid
solution strengthening by considering the role of solute
atoms like Al and Ti in concentrated NiFeCoCr solid
solution systems and observed that its contribution is
very low in comparison to other strengthening factors.
In view of these observations, in the present MEA, the
contribution of solid solution strengthening is expected
to be lower. This is due to the fact that Al is the only
possible solute in the studied Ni–Fe–Co–Cr-based
system. As a result, the intrinsic strength (rA) and the
contribution due to solid solution strengthening (DrS) is
combined together and the value of (rA + DrS) is taken
as rB = 215 MPa, which is the benchmark strength of
Ni2FeCoCr alloy in the work of Man et al.[40] Therefore,
the modified equation for ry becomes:

ry ¼ rB þ DrG þ DrD þ DrP ½4�

The base strength for NiFeCoCr systems is
165 MPa.[3,41] However, as the alloy in the present
study has more Ni content, the benchmark strength is
considered based on the study of Man et al.[40] The other
strengthening factors are calculated for each condition
sequentially.

A. Dislocation strengthening (DrD)

Dislocation hardening is a major strengthening factor
in highly deformed materials, where the dislocation
density becomes very high. In such deformed materials,
dislocation mobility is impeded due to the strain fields of
other dislocations resulting in high yield strength. The
contribution of disclocation strengthening is calculated
using the Baily–Hersch relationship given in Eq. [5]:[42]

DrD ¼ MaGbq1=2; ½5�

where M is Taylor’s factor (3.06 for converting shear
stress to normal stress in an FCC matrix), a is a material
constant (~0.2 for FCC materials), b is the Burger’s
vector [(�2/2) 9 a = 0.254 nm) and q is the dislocation
density. The shear modulus (G) is taken as 78,500 MPa
from literature data.[3]

In the present study, the dislocation density (q) is
calculated from the XRD data. The XRD peaks for the
as-cast, CR/Ag and CR/Ann-300 seconds/Ag, and CR/
Ann-900 seconds/Ag are shown in Figure 7(b). To
calculate the dislocation density per unit area (q) for
individual specimen, the modified Williamson–Hall
(mW–H) method was adopted.[43–45] The mW–H expres-
sion is given by References 43, 45, 46

DK ¼ ð0:9=DÞ þ ðpM02b2=2Þ1=2q1=2ðKC
1=2Þ þ OK2C;

½6�

where D is the crystallite size (nm), M¢ is the Wilkens’

parameter, C is the average contrast factor, b and q have

the usual meaning as mentioned above, O is the
coefficient of the higher order terms ((p M¢2b2Q/2,
where Q is the correlation parameter) and K = 2(sinh)/
k. Here, DK = b(cosh)/k, where b is taken as full width
half maxima (FWHM) from the XRD data (both b and
h are in radians) and k is the wavelength in nanometers.
The average contrast factor for each reflection is
obtained from ANIZC software with c11 = 238.3,
c12 = 150.8 and c44 = 168.2 for CoCrFeNi for

{111}h110i slip systems.[47,48] Coefficients of KC1/2 and

K2C (0.9/D) term can be obtained by fitting a quadratic

polynomial in the DK vs KC1/2 plot. As the main
purpose of this fit is to obtain the q, the value of

coefficient of KC1/2 is of interest. The exact value of q
depends on the precise measurement of parameter M¢
that depends on the decay of the tails of the XRD line
profiles. There is still no consensus in scientific literature
on the exact value of Wilkens’ parameter (M¢), which
depends on the outer cut-off radius (Re) of the disloca-
tions in the Wilken’s dislocation distribution and the
dislocation density (q)[43,45] and its exact determination
requires asymptotic Fourier analysis of the intensity
distribution.[49] However, the determination of M¢
through Fourier analysis is beyond the scope of the
present investigation. Hence the values of M¢ have been
obtained from literature. HajyAkbary et al.[43] combined
the mW–H and modern Warren Averbatch (mW–A)
method to calculate the dislocation density in lath
martensitic steels, where the value of M¢ was calculated
to be 1.4. Thirathipviwat et al.[50] calculated the dislo-
cation density in CoCrFeMnNi HEA using convolution
multiple whole profile (CMWP) method and M¢ value
varied from 1.32 to 0.21 for the cold swaged HEA.
Similar range of 1.29–0.32 was obtained in works of
Woo et al.[45] for cold wrought CoCrNi MEA. Their
work adopted both mW–H and mW–A analysis for
accurate determination of q. The average value of M¢
obtained in their study was 0.57 for cold wrought
CoCrNi MEA. In the present work, therefore, the value
of Wilkens’ parameter (M¢) is taken as 0.57.
Figures 10(a) through (c) show the variation of DK

with respect to K by adopting the conventional W–H
method for dislocation density determination for CR/
Ag, CR/Ann-300 seconds/Ag, and CR/Ann-900 sec-
onds/Ag conditions, respectively. The results show a
non-monotonic increase in FWHM values with increas-
ing K hinting at strain anisotropy in the material due to
linear or surface defects. Figures 10(d) through (f) show
the mW–H plots for CR/Ag, CR/Ann-300 seconds/Ag,
and CR/Ann-900 seconds/Ag conditions, respectively,

where the ordinate is DK but abscissa is changed to KC1/

2 to consider the strain anisotropy effect. The plot shows
better fit compared to the conventional W–H method
but the R2 values for each fit required further improve-
ment. Hence, another parameter b¢ is introduced to
consider the planar fault probability along with W(g),
which is the contrast factor for planar faults for each
diffraction vector.[51] W(g) values are obtained from the
work of Ungar et al.[51] Thus Eq. [6] is modified to
Eq. [7] as[51]
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DK� b0WðgÞ ¼ ð0:9=DÞ þ ðpM02b2=2Þ1=2q1=2 KC
1=2

� �

þ O K2C

½7�

The average contrast factor is taken as pure screw
dislocations, which showed the best fit for the observed
FWHM values. The average contrast factor for pure

screw C
1=2

screw, W(g), diffraction vector g, b¢ and resultant
dislocation density is given in Table III. This modifica-
tion gives a better fit with R2> 0.96 in all cases (refer
Figures 10(g) through (i). The dislocation densities for
CR/Ag, CR/Ann-300 seconds/Ag, and CR/
Ann-900 seconds/Ag are calculated to be 2 9 1015/m2,
6.5 9 1013/m2 and 4.1 9 1013/m2, respectively. As
expected, estimated dislocation density is almost two
order higher in cold-rolled specimen (CR/Ag) than
cold-rolled and annealed specimens (CR/Ann-300 sec-
onds/Ag), and CR/Ann-900 seconds/Ag). It is also
noted that cold-rolled specimens annealed for varying
duration of 300 and 900 seconds exhibit close values of
dislocation density. Putting the values of q1, q2, and q3 in
Eq. [5], the strengthening contribution of dislocation
density (DrD) for the conditions CR/Ag, CR/
Ann-300 seconds/Ag, and CR/Ann-900 seconds/Ag is
578, 98 and 78 MPa, respectively.

B. Precipitation Strengthening (DrP)

As is evident from Figure 9(c), present alloy is
nano-precipitation hardened with L12 precipitates,
which nucleate homogeneously throughout the matrix.
Moreover, considering the extremely fine size of precip-
itates and experimental limitations to accurately esti-
mate the exact volume fraction of precipitates,
equilibrium volume fraction of precipitates at the ageing
temperature, as predicted by CALPHAD, was used for
further calculations (0.33 for all conditions).
Considering the very fine size of precipitates, interac-

tion of dislocation-precipitates resulting in Orowan
looping is ruled out and particle shearing is expected
to be the dominant strengthening mechanism. There-
fore, two contributing factors can be considered (a)
coherency strengthening (Drc), and (b) modulus mis-
match strengthening (DrM), and their individual contri-
butions can be calculated using the following relations.[3]

DrC ¼ MaeðGeÞ3=2ðrf =0:5GbÞ1=2 ½8�

DrM ¼ 0:0055:MðDGÞ3=2ð2f=GÞ1=2ðr=bÞð3m=2Þ�1; ½9�

where M = 3.06, ae = 2.6 is a constant for FCC
structure, m = 0.85, e = (2/3). (Da/a) (where a is the
lattice parameter of c phase and Da is the lattice
mismatch between c¢ precipitates and c phase), G and b

Fig. 10—(a to c) conventional W–H plot, (d to f) mW–H plot and (g to i) mW–H plot considering fault probability in the observed diffraction
for CR/Ag, CR/Ann-300 s/Ag and CR/Ann-900 s/Ag conditions, respectively.
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are the shear modulus and Burger’s vector, respectively
as mentioned in Section IV–A, r is the radius of the
precipitates, f = equilibrium volume fraction of precip-
itates as predicted by CALPHAD (0.33 in the present
case). Due to extremely small size rendering highly
coherent boundaries and low volume fraction of pre-
cipitates, no superlattice peaks were observed in XRD
analysis of aged specimens (refer Figure 7(b)). Hence,
lattice misfit was calculated between the theoretical
lattice parameter of pure Ni3Al and that of the as-cast
alloy. The lattice parameter of the disordered c phase of
the designed alloy was found to be a = 0.3575 nm
which results in Da = 0.001.[52] The value of DG is
obtained as the difference between shear modulus of
precipitates and matrix (81.0–78.9) = 2.1 GPa).[3,53]

The radius of the precipitates was estimated through
TEM and was found to be ~ 3 nm. Putting these values
in Eqs. [8] and [9], corresponding coherency strength-
ening (Drc) and modulus mismatch strengthening (DrM)
for all the studied conditions were estimated as 140 and
12 MPa, respectively.

C. Grain Boundary Strengthening (DrG)

The dependence of grain boundary strengthening on
the grain size of the material is given by the classical
Hall–Petch relationship.[3,54]

ry;g ¼ r0 þ ky=d
1=2; ½10�

where ry,g is the yield strength due to grain boundary
strengthening, r0 is the intrinsic strength of the alloy,
ky is the strengthening or Hall–Petch coefficient (taken
as 227 HV. lm1/2)[54] and d is the average grain diame-
ter in micrometer.[54] For CR/Ag condition, the grains
are not equiaxed and maintain an aspect ratio (length/
width of grains) significantly greater than one (>> 1).
As the boundaries are not clear in heavily deformed
cold-rolled conditions, DrG is calculated for CR/

Ann-300 seconds/Ag and CR/Ann-900 seconds/Ag
using Eq. [11]

DrG ¼ kyðd�1=2 � d
�1=2
H Þ; ½11�

where dH is the diameter of the homogenized specimen,
which was measured as 58.3 lm (refer Figure 4(a)).
Putting d = 9 lm for CR/Ann-300 seconds/Ag and
d = 12 lm for CR/Ann-900 seconds/Ag in Eq. [11]
(refer Figures 6(c) and (d), respectively), the contribu-
tion of grain boundary strengthening is estimated as 46
and 36 MPa, respectively. Table IV represents the
estimated individual contribution of all the strengthen-
ing sources along with predicted yield strength of all the
selected aged specimens.
Figure 11 shows a comparison of experimentally

obtained yield strength with that of empirically esti-
mated yield strength by considering the contribution of
various sources of strengthening. It is evident that for

Table III. Analysis of XRD Pattern

g Cscrew Cedge W(g)[51]

KC1/2
CR/Ag KC1/2

CR/Ann-300 s/Ag KC1/2
CR/Ann-900 s/Ag

b¢ = 0.002 b¢ = 0.0015 b¢ = 0.0009

(111) 0.0566674 0.133362 0.43 1.1516 1.1526 1.1583
(200) 0.326793 0.30574 1 3.1926 3.1927 3.2015
(220) 0.124199 0.176456 0.71 2.785 2.785 2.7903
(311) 0.199541 0.224532 0.45 4.1394 4.138 4.146
(222) 0.0566674 0.133362 0.43 — 2.304 2.308

Table IV. Sources of Strengthening

Conditions DrD DrP = DrC + DrM DrG Base Strength ry (Predicted) (MPa) ry (Exp.) (MPa)

CR/Ag 578 152 — 215 945 1019
CR/Ann-300 s/Ag 98 152 46 215 511 573
CR/Ann-900 s/Ag 78 152 36 215 481 529

Fig. 11—Chart exhibiting contribution of various strengthening
factors (Exp. represents the experimentally obtained values of the
yield strength).
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CR/Ag condition the contribution of DrD is highest.
The contribution of DrG is not significant in all cases but
shows a slightly higher value for CR/Ann-300 seconds/
Ag condition compared to CR/Ann-900 seconds/Ag
condition. This might be attributed to the fact that
there is not much grain refinement, which is prime factor
in grain boundary strengthening. The bar chart clearly
demonstrates the reasonably good agreement between
experimentally obtained and empirically estimated yield
strength (based on Eq. [4]) values. The difference in
experimental and estimated yield strength values is
mainly due to the uncertainties involved in estimation of
many parameters and experimental data. This discrep-
ancy can be attributed to the assumed values for G, M¢,
lattice misfit, etc., which are obtained from the already
published works and for slightly different compositions.
Moreover, the size of precipitates is averaged out to
be ~ 3 nm and the volume fraction is obtained from
CALPHAD data which predicts the equilibrium amount
of precipitates along with other phases including an
ordered BCC-B2 phase. However, formation of
BCC_B2 phase in the disordered FCC matrix is gener-
ally not realized owing to extremely sluggish kinetics of
the studied alloy system (refer Figure 8). The contribu-
tion of precipitation hardening is thus kept constant
based on average precipitate size, predicted equilibrium
volume fraction and literature-based lattice misfit. The
current study exhibits slightly lower values for the
estimated yield strength (ry) compared to experimen-
tally obtained yield strength. Nevertheless, this analysis
is extremely helpful in gaining better insight into the
contributions of various strengthening mechanisms to
overall strength of the material.

Figure 12 shows the strength-ductility synergy in the
presently designed and processed alloy in comparison to
various HESAs and solid solution (SS) strengthened
superalloys studied by other researchers.[3,8,17,26,40,55–61]

Similar to our previous work,[8] solid solution-strength-
ened Ni–Fe–Cr-based superalloys were chosen for
comparison owing to low volume fraction of c¢ precip-
itates.[62–70] It is evident that the product of strength and

ductility is much higher in the present alloy compared to
various existing HEAs and SS superalloys. The criteria
for the design of the present alloy and its processing is
given in authors’ previous work.[8] The CR/Ag specimen
demonstrates the energy absorption value close to
50,000 MPa pct as it has high strength of 1275 MPa
with an excellent ductility of 40 pct. This high strength is
due to high dislocation density in the specimen as
observed from above calculations (refer Table IV). In
the authors’ previous work a Ni-based MEA was
designed without the addition of Co, which led to
excellent strength-ductility combinations.[8] In the pre-
sent work, Co was added and the composition was
restricted to keep a strict c-c¢-based microstructure. It is
known that the addition of Co leads to low stack-
ing-fault energy (SFE) in the material that promotes
deformation twinning when the material is subjected to
strain. Furthermore, the addition of Co also leads to of
the formation of finer L12 precipitates with lower
anti-phase boundary (APB) energy. This study consid-
ered Co in the designed alloy and the results show higher
ductility at the cost of slightly reduced strength com-
pared to our previous work under similar condi-
tions.[8,36,37] Further, Co addition also lowers the
volume fraction of c¢ precipitates due to sluggish kinetics
in Co-added system, which leads to finer c¢ precipi-
tates.[36] Similar trend is observed for CR/Ann-300 sec-
onds/Ag and CR/Ann-900 seconds/Ag conditions,
where excellent ductility has been obtained on a minor
sacrifice of strength compared to our previous work
(CR/Ann-300 seconds/Ag and CR/Ann-900 seconds/Ag
exhibited a strength-ductility combination of 35,840 and
52,530 MPa pct, respectively). Moreover, the grain size
distribution in recrystallized specimens is more uniform
in Co-added specimen compared to without Co-added
alloy. Therefore, similar to our previous work, hetero-
geneous microstructure was tailored in the specimen
with partial recrystallization and precipitation harden-
ing. The calculations of respective strengthening mech-
anisms shed a light on the role of dislocations, grain
boundary and precipitate strengthening and how the
microstructure modifications affect the overall yield
strength of the material. This thorough evaluation is
helpful to design a suitable heterogeneous microstruc-
ture that yields good combination of strength and
ductility.
The promising properties observed in the current

study can be explored further to thoroughly investigate
the deformation mechanisms operating under the cho-
sen process conditions. Further, these alloys can be a
potential candidate for high-temperature applications
based on the results that have been obtained in various
HESAs with Ni–Fe–Co–Cr-based systems.[21,56,59]

V. CONCLUSION

A Ni–Fe–Co–Cr–Al-based MEA was designed
through the CALPHAD approach. The designed alloy
was thermo-mechanically processed to introduce hetero-
geneity in the microstructure via inhomogeneous recrys-
tallization. Room temperature mechanical properties

Fig. 12—Comparison of obtained room temperature mechanical
properties with literature data.
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were investigated for the chosen conditions. The contri-
bution of various strengthening mechanisms was empir-
ically estimated for each process condition. The salient
conclusions drawn from the present study are as follows:

(a) The designed alloy exhibits a c-c¢-based
microstructure with suppression of various unde-
sired topologically closed packed (TCP) phases.
The CALPHAD predicted BCC_B2 phase was
not observed in the studied temperature range.

(b) The recrystallization kinetics was studied for the
designed alloy and the Avrami coefficient is
estimated to be 1.6, which is close to those
obtained for traditional superalloys and various
HEAs.

(c) The alloy showed excellent room temperature
mechanical properties (~ 60,000 MPa pct) that
supersede the strength-ductility synergy exhibited
by various other Ni-based superalloys, heteroge-
neous MEAs and HEAs. Hence, alloy can be
explored further at elevated temperatures to
assess its potential at challenging superalloys for
high-temperature applications.

(d) The high dislocation density for CR/Ag condition
rendered high strength (1019 MPa) with good
ductility (40 pct). The estimated values of dislo-
cation strengthening were comparable for CR/
300 seconds/Ag (98 MPa) and CR/900 seconds/
Ag (78 MPa) process conditions. The grain
boundary strengthening was calculated for CR/
300 seconds/Ag (46 MPa) and CR/900 seconds/
Ag (36 MPa) specimens, where the former
showed slightly higher value owing to finer grain
size.

(e) Empirically estimated yield strength corroborates
well with the experimentally obtained yield
strength in spite of many uncertainties in the
estimated parameters.
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