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On the Inability of the Moving Interface Model
to Predict Isothermal Solidification Time During
Transient Liquid Phase (TLP) Bonding of Ni-Based
Superalloys

MAJID POURANVARI, ALI GHASEMI, and ARMIN SALMASI

Understanding diffusion-induced isothermal solidification time during transient liquid phase
bonding is vital in producing intermetallic-free robust joints. The isothermal solidification
completion time is overestimated by the existing analytical models, even by the closest one to the
real bonding conditions, known as the moving interface model. It was found that the boride
formation in the diffusion affected zone of Ni-based superalloy upon using B-containing filler
metals is one of the reasons behind the inability of the moving interface model to predict the
isothermal solidification completion time accurately, which has received scant attention in the
literature. Moreover, simplified assumptions in deriving the moving interface model such as
constant interfacial solute concentration, which is only valid for binary systems, along with the
independency of diffusion coefficient to concentration introduce errors when estimating the
isothermal solidification time using the moving interface model. The significant discrepancy
between the predicted and experimentally obtained isothermal solidification times reinforces the
idea that the existing moving interface analytical model needs to be modified.
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I. INTRODUCTION

THE emergence of the transient liquid phase (TLP)
bonding process as a novel joining technique with a
solid/liquid (S/L) interface nature has introduced an
unprecedented opportunity in many technological fields,
including turbine industries, to join/repair Ni-based
superalloys.[1–6] The easy assembly of the gas turbine
engine segments with intricate geometries by an effi-
ciency approaching 100 pct[7] can be considered as one
of the revolutions in the turbine industry, which became
feasible after the birth of the TLP bonding process.
Based on the studies focused on the TLP bonding of
solid solution (e.g., Hastelloy X),[8–10] precipitate hard-
ening (e.g., IN738),[11–14] and single crystal[15–17]

Ni-based superalloys as suitable candidates for turbine
applications, it is fair to conclude that high-performance
joints are achievable through this bonding process.

While sharing the same concept of bonding with the
brazing process from the interfacial interaction view-
point, the TLP bonding process benefits from an
isothermal solidification stage, eliminating the forma-
tion of undesirable eutectic microconstituents percepti-
ble in brazements with athermal solidification
nature.[18–22] Furthermore, the accomplishment of the
isothermal solidification stage during the TLP bonding
process can mitigate the penalties associated with the
low strength and low melting point of the typical brazed
joints that originate from the brittleness of the eutectic
phases formed during the cooling stage at temperatures
lower than the bonding temperature (TBonding).

[23] Given
the fact that the reliability of the TLP bonded Ni-based
superalloys during service is tied to the absence of these
undesirable phases, the combination of bonding param-
eters should be adjusted with enough care to guarantee
the completion of isothermal solidification during the
bonding period.
Experimental methods are currently tackled by expen-

sive trial and error through manipulating process
parameters to end up with robust eutectic-free joints.
Since this implies high experimental costs, predictive
methods such as analytical models are essential to
estimate the isothermal solidification completion time
tISð Þ or to narrow down the testing time cycles even at
the design stage. Despite the time and cost benefits of
the analytical approaches, the existing models suffer
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from insufficient accuracy in predicting the tIS in
Ni-based superalloys, especially when boron-containing
filler metals (FMs) are employed. As discussed in the
following sections, the closest analytical model to the
real TLP bonding conditions (the moving interface
model) significantly overestimates tIS.

In this study, the moving interface analytical model
has been implemented to predict the tIS for different
Ni-based superalloys when B-containing FMs are used.
The analytical model overestimation roots were
explored by considering the base material (BM) chem-
ical composition, boron/BM interactions in the diffusion
affected zone (DAZ) during the TLP bonding process,
and simplified assumptions in deriving the moving
interface analytical model and diffusion thermodynamic
and diffusion kinetic parameters. The knowledge gained
from comparing the analytical outcomes and the exper-
imental results bolds the moving interface model’s
inability to predict tIS. By scrutinizing the fundamentals
behind isothermal solidification, proper solutions are
proposed to deal with the prediction challenges effi-
ciently and expand the general understanding of the
TLP bonding process.

II. PREDICTION OF ISOTHERMAL
SOLIDIFICATION TIME USING MOVING

INTERFACE ANALYTICAL MODEL

A. The Model

The study of the TLP bonding process through an
analytical approach has received some attention
within the literature.[1,24–32] The outcomes are quite
different depending on the solution method of Fick’s
diffusion equation, interface movement considera-
tions, and the boundary and initial conditions.[24] To
have a reliable analytical model consistent with the
physics of the TLP bonding process, the followings
need to be taken into account: (i) Migration of the
solid/liquid interface,[33] (ii) Equilibrium conditions at
the solid/liquid interface,[21] and (iii) Unsteady state
diffusion of the MPD from a source with finite
dimensions. The most accurate analytical model is
the moving interface model proposed by Lesoult.[34]

Figure 1 shows the Ni-B phase diagram (Figure 1(a))
and the corresponding boron concentration profile
(Figure 1(b)) during isothermal solidification in Ni/
Ni-B/Ni system. Based on the moving interface model
(Figure 1), the solid/liquid interface location XðtÞð Þ is
a function of time. By assuming that XðtÞ ¼ K

ffiffiffiffiffiffiffiffi

4Dt
p

,
and X 1; tð Þ ¼ CBM, the tIS can be calculated by
Eq. [1]:[34]

tIS ¼ W2
max

16K2D
½1�

in which Wmax, and D denote the maximum gap size
and the MPD diffusion coefficient in the solid phase,
respectively. K is a constant which can be calculated
by Eq. [2]:

K 1� erf Kð Þ½ �
ffiffiffi

p
p

exp �K2ð Þ ¼ CcL � CBM

CLc � CcL
½2�

In Eq. [2], CcL, CLc, and CBM signify the MPD
concentration of solid phase at the solid/liquid interface,
MPD concentration of liquid phase at the solid/liquid
interface, and the MPD concentration in the bulk of the
BM, respectively. This model provides valuable infor-
mation about the factors affecting isothermal solidifica-
tion. The solid-state diffusivity or diffusion coefficient of
MPD atoms into the BM (D) represents the role of
diffusion kinetics. The MPD concentration difference
between the solid phase at the solid/liquid interface and
the BM, CcL � CBM

� �

, represents the contribution of
diffusion thermodynamics or the driving force behind
the diffusing atoms on the tIS. Moreover, the concen-
tration difference between the equilibrium chemical
composition of the liquid phase and solid phase,
CLc � CcL
� �

, along with the maximum liquid width
Wmaxð Þ after the dissolution stage, highlights the influ-
ence of the number of diffusing substances on the tIS.

[21]

B. Solid-State Diffusion Data

To be able to implement Eq. [1] for the prediction of
tIS, the solid-state diffusivity of the MPD atom in the
BM Dð Þ in tandem with the thermodynamic data at
TBonding should be known.[25–27] Unfortunately, there is
limited information on the diffusivity of MPDs (i.e., B)
in the Ni-based superalloys. Therefore, finding the
experimental diffusivity data before using Eq. [1] seems
to be essential for materials with unknown diffusion
kinetics and thermodynamics.
To resolve the abovementioned issue, Ikawa et al.[30]

proposed an analytical-experimental approach to find-
ing out the diffusion data. By calculating the atomic flux
of MPD and consequently the amount of diffusing
atoms from the liquid phase into the solid phase in a
moving interface scenario, the width of isothermally
solidified zone Xð Þ in a half-joint can be predicted as a
function of time tð Þ:

X ¼ CcL � CBM

CLc � CcL

� �

2 exp �K2
� �

ffiffiffiffi

D
p

1� erf Kð Þð Þ
ffiffiffi

p
p

" #

ffiffi

t
p

½3�

In Ni-based superalloys bonded by B-containing FMs,
the magnitude of K is small enough to be assumed as
zero.[24] By substituting K ¼ 0 in the above equation, it
can be simplified as follows:

X ¼ 2
ffiffiffi

p
p CcL � CBM

CLc � CcL

ffiffiffiffi

D
p� �

ffiffi

t
p

½4�

In Eq. [4], the width of ISZ in the half-joint can be
converted to the width of the remaining liquid phase
using the following equation:

Wmax

2
� XASZ

2
¼ 2

ffiffiffi

p
p CcL � CBM

CLc � CcL

ffiffiffiffi

D
p� �

ffiffi

t
p

½5�

in which XASZ

2 denotes the width of the remaining liquid
phase at TBonding, which could not find the chance to
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experience isothermal solidification, but athermal solid-
ification. Equation [5] suggests that there is a linear
correlation between XASZ and

ffiffi

t
p

with a slope of

m ¼ � 4
ffiffi

p
p CcL�CBM

CLc�CcL

� �

ffiffiffiffi

D
p

. For a given TBonding, the value

of m is obtained by performing the TLP bonding pro-
cess at different holding times and measuring the width
of the athermal solidification zone at each period.[27]

By using the following Arrhenius equation, D can be
linked to the temperature[35]:

D ¼ D0 exp
�Q

RT

� �

½6�

in which D0 and Q denote the diffusion constant (fre-
quency factor of diffusion) and activation energy for
MPD diffusion in the solid phase. R and T are the gas
constant and bonding temperature (TBonding), respec-
tively. Equation [6] can be used to rewritten m as
follows:

m ¼ � 4
ffiffiffi

p
p CcL � CBM

CLc � CcL

� �

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

D0 exp
�Q

RT

� �

s

½7�

After taking the logarithm of both sides:

Lnð�mÞ ¼ A� Q

2RT
½8�

where A ¼ Ln 4
ffiffi

p
p CcL�CBM

CLc�CcL

� �h i

þ 1
2 Ln D0ð Þ. By performing

the TLP bonding process at different TBonding and
plotting Lnð�mÞ as a function of 1

T, the Q and D0 can be
determined from the slop and Y-axis intercept of the
plotted line, respectively. Afterwards, Eqs. [6] and [1]
can be employed to calculate the D and tIS, respectively,
at any desired TBonding. The data related to the thermo-
dynamics of diffusion such as CLc, CcL, and CBM should
also be known to predict the tIS using Eq. [1].

To put this into conclusion, the following steps need
to be taken before being able to implement the moving
interface analytical model for prediction of tIS: (1)
determining the slope mð Þ of the linear plot correlating

XASZ to
ffiffi

t
p

at different TBonding, (2) obtaining the slope
and Y-axis intercept of the linear plot correlating
Ln �mð Þ to 1

T to calculate the Q and D0, respectively,
(3) using Eq. [6] to calculate the diffusion coefficient of
MPD in the solid phase at the desired temperature, and
(4) using Eq. [1] to predict the tIS.

III. ASSESSMENT OF THE MOVING
INTERFACE MODEL

In this section, the validity of the moving interface
model to predict tIS during TLP bonding of Ni-base
superalloys is assessed by comparing the experimental
data available in the literature[26–28,36–38] with the
predicted results (Table I).
Table I gives the bonding temperature (TBonding), the

initial thickness of the FM, composition of the FM,
maximum liquid wide Wmaxð Þ, the thermodynamic
values, the kinetics data, the experimentally determined
and the predicted tIS for each superalloy. For the sake of
consistency, the calculations were redone based on the
results provided in the cited references to estimate the tIS
based on the moving interface model prediction using
the procedure explained in Section II. The following
points should be mentioned regarding the data pre-
sented in Table I:

1. Maximum liquid width Wmaxð Þ The Wmax, that plays
a significant role in determining the tIS, is dictated
by the complex interaction of liquid FM and solid
BM at the bonding temperature. Here, the Wmax

was determined using micrographs provided in the
references corresponding to each TLP bonded
system.

2. Thermodynamic data The CLc and CcL values are
controlled by the equilibrium between solid and
liquid at the bonding temperature. The diffusion
thermodynamic data were calculated for a simpli-
fied Ni-B binary system and multi-component FMs
using Thermo-Calc Software. Therefore, two

Fig. 1—(a) Schematic of the Ni-B phase diagram and (b) the corresponding boron concentration during isothermal solidification of Ni/Ni-B/Ni
bonding system. The boron content of the BM does not exceed the solid solubility of boron in the base metal. Therefore, conventional standard
TLP models predict a boride-free substrate.
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different approaches are used to determine the CLc
and CcL:

Binary Ni-B phase diagram In this case, the BM, a
Ni-based superalloy, was assumed to be pure Ni,
and the multi-component FMs were simplified to
a Ni-B binary FM in which B is the only MPD
element. Considering the fact that the Ni element
is the basis of Ni-based superalloys and the S/L
interface velocity is controlled by the diffusion of
the fastest MPD element, which is B in the case of
B-containing FMs,[29] the former and latter
assumptions are justifiable. The binary phase
diagram of Ni-B calculated by Thermo-Calc
Software Version 2021a[39] is shown in
Figure 2.
B-excluded FM vs. B Isopleths In this case, it is
assumed that the dissolution of the BM during
the TLP bonding process is not happening and
the first layer of the liquid phase isothermally
solidified on the BM has the same chemical
composition as that of the B-excluded FM (the B
concentration is zero in the solidified layer). The
purpose is to find the equilibrium B concentra-
tion between the liquid FM and the defined solid
layer during the TLP bonding process. For
example, For BNi-9 FM, it is assumed that the
liquid phase has the initial chemical composition
of Ni–14.78Cr–16.97B (at. pct), and the first layer
of the isothermally solidified liquid at the inter-
face has the chemical composition of Ni–14.78Cr
(at. pct). In the calculated isopleth, the chemical
composition of the left-hand side endmember is
fixed at B-excluded FM chemical composition,
and it is assumed that Ni is a dependent variable.
The X-axis of the isopleth is the atomic percent of
B. The B element is substituted by the Ni in the
calculated isopleths. For instance, in the calcu-
lated isopleth for BNi-9, the chemical composi-
tion of the left-hand side endmember is fixed at
Ni–14.78Cr (at. pct), and B is substituted by Ni.
At a specific temperature (i.e., bonding temper-
ature) in the isopleths, the CcL and CLc can be
obtained. The isopleths for the different FMs
listed in Table 1 calculated by Thermo-Calc
Software Version 2021a[39] are shown in
Figure 3. In the calculated metastable isopleth
for BNi-2 and BNi-9, as well as the calculated
equilibrium isopleth for BNi-3 FM, the solidus
and liquidus temperatures were found to be
slightly higher than their corresponding experi-
mental values (up to ~ 50 �C). The same level of
discrepancy has been reported between the exper-
imental and Thermo-Calc calculation results for
D-15, BNi-2 and Ni-Si-B systems.[40–42] There-
fore, in some cases, the bonding temperature was
lower than the predicted solidus temperature by
the provided isopleths. In these cases, the mini-
mum temperature at which the liquid and solid
phases exist at equilibrium conditions was used
instead to obtain thermodynamic data (CcL and

CLc). The minimum temperatures at which solid
and liquid phases co-exist were found to be
1080 �C, 1125 �C, and 1105 �C for BNi-2, BNi-9
and BNi-3, respectively. It is of note that in
contrast to binary systems, CcL and CLc are not
fixed during the isothermal solidification in
multi-component systems.[39] Nevertheless, these
values were assumed to be constant even in this
case since the moving interface model does not
account for the change in the concentration of
equilibrium solid and liquid phases at the
interface.

3. Diffusion data The boron diffusivity into the super-
alloy is a key factor that controls the kinetics of
diffusion and hence tIS. The activation energy Qð Þ
and diffusion frequency factor D0ð Þ for B diffusion
were determined using the same procedure
explained in section II–B (Eqs. [3] to [8]). It is of
note that the thermodynamic values should be
known for calculating D0. Since the thermodynamic
parameters are a function of temperature, the
reported D0 in Table I is the average of values
obtained at each temperature. It should also be
noted that the diffusion coefficient is concentra-
tion-dependent, which can affect the prediction of a
moving interface model.

The outcomes of the tIS calculated by Eq. [1] in the
current study, as well as the tIS obtained by the
experimental approach in References 26–28,36–38, are
summarized in Table I. According to Table I, the tIS
values obtained by the moving interface model are
noticeably larger than that of the experimentally deter-
mined isothermal solidification times. The reasons are
discussed in the following section.

IV. ISOTHERMAL SOLIDIFICATION
ACCELERATED BY IN SITU BORIDE

PRECIPITATION

The isothermal solidification rate during TLP bond-
ing of Ni-based superalloys using B-containing filler
metals is controlled by the B flux into the BM, which is
governed by the diffusion kinetics (B diffusivity into the
BM) and diffusion thermodynamics (i.e. solid solubility
of B into the BM). Table I shows that the time required
for isothermal solidification in real multi-component
systems are shorter than values predicted by the moving
interface model. Therefore, a mechanism for the accel-
eration of isothermal solidification should exist. Several
possibilities need to be considered:

1. Squeezing out of the liquid phase from the joint gap
This factor has been accounted for the difference
observed between the calculated and the experi-
mentally determined tIS in Reference 44. The liquid
extrusion can reduce the liquid phase volume
present in the joint gap and shorten the isothermal
solidification time. However, the role of this factor
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Fig. 3—The calculated isopleths for (a) BNi-2, (b) BNi-3, (c) BNi-9, and (d) Ni–5.18Cr–4.32Co–2.15W–0.55Ta–17B (at. pct) FMs using
Thermo-Calc Software-TCNI/Ni-alloys database version 10.[43] The chemical composition of the left-hand side endmember is fixed at B-excluded
FM chemical composition, and it is assumed that Ni is a dependent variable. The X-axis of the isopleth is the atomic percent of B. The B
element is substituted by the Ni in the calculated isopleths. It should be noted that (a) and (c) are metastable isopleths while (b) and (d) are
equilibrium isopleths.

Fig. 2—Ni-B equilibrium binary phase diagram calculated by Thermo-Calc Software-TC Binary Solutions V1.1 Database for an atomic B
concentration range of (a) 0 to 20 at. pct, and (b) 0 to 0.5 at. pct. CcL and CLc values used in the moving interface model were determined from
(a) and (b), respectively.
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is ruled out in the analysis presented in this work
because the Wmax was measured using real
micrographs.

2. The role of grain boundaries The grain boundaries
(GBs) can also affect the kinetics of diffusion, which
can contribute to the MPD mass transport flux into
the base superalloy. However, the contribution of
the grain boundary diffusion at a temperature
higher than 0.75 Tm (where Tm is the equilibrium
melting temperature in K) is less pronounced.[45]

Therefore, considering the fact that bonding tem-
perature during diffusion brazing of Ni-base super-
alloys is typically higher than 0.75 Tm, the grain size
of the base metal is not a key factor in determining
the isothermal solidification rate. Moreover, GB
liquation and liquid penetration at grain boundaries
accelerate the isothermal solidification process by
increasing the effective solid-liquid interfacial area
and increasing the rate of solute diffusion into the
BM.[46] However, this phenomenon was not
reported in any of the cases studied in this work.
Liquation during TLP bonding occurs when the
bonding temperature is higher than the eutectic
temperature of the superalloy/boron system.[21,38,47]

It is of note that all GB phenomena are less
pronounced in large-grained BMs. For instance,
some superalloys given in Table I are in as-cast
condition (i.e., IN718, IN738, Mar-M247) with
coarse-grained structure. Therefore, the GB phe-
nomena do not play a key role in accelerating the
kinetics of isothermal solidification in these cases.
Nevertheless, considering the ‘‘apparent diffusion
coefficient’’ concept, all these factors are embedded
in the calculated diffusivity of B into the BM. In
other words, the D values used in this study have

been determined using an experimental approach at
real bonding conditions, where the B atoms of a
multi-component FM diffuse into a multi-
component Ni-based superalloy. Therefore, the D
values used are ‘‘apparent D’’ values that measure
the real mass transport of B into the BM during the
TLP bonding process.

3. Composition dependence of the B diffusivity Gener-
ally, the diffusion coefficient varies with composi-
tion. For example, it is reported that the diffusion
coefficient for carbon in FCC-Fe at 1000 �C is
2.5 9 10�11 m2 s�1 at 0.15 wt pct C, but it rises to
7.7 9 10�11 m2 s�1 in solutions containing 1.4 wt
pct C due to lattice strain induced by the C
atoms.[45] In the case of TLP bonding, the compo-
sition of the BM is evolved during the progress of
isothermal solidification by entering B atoms into
the BM. This can modify the diffusivity of B during
the progress of the isothermal solidification. How-
ever, there is no data in the literature regarding the
composition dependency of B diffusion in Ni alloys.

4. In situ boride precipitation Generally, the TLP
bonding of real multi-component systems is accom-
panied by precipitation of the boride phase in a
region adjacent to the joint interface, called diffu-
sion affected zone (DAZ). The in situ formation of
boride precipitates can affect the boron’s diffusion
flux into the substrate during isothermal solidifica-
tion.[40,48,49] However, the standard TLP models
based on the Ni/Ni-B/Ni system does not predict
the boride precipitation in the DAZ. This can be
explained as follows:

Boride precipitation in Ni/Ni-B/Ni system: At the
bonding temperature, the liquid and solid phases
are not at equilibrium conditions at the S/L

Fig. 4—TLP bonding in a real multi-component system: (a) schematic of the quasi-binary T-B phase diagram for BM (multi-component
superalloy)/B and schematic binary phase diagram of Ni-B (filler metal). (b) B concentration profile during isothermal solidification of
Superalloy/Ni-B/Superalloy bonding system. The solid solubility of B at the S/L interface is CcL, which is higher than the solid solubility of B in
the BM (CS). Therefore, the boron content of the BM can exceed the solid solubility of boron in the BM resulting in in situ boride precipitation
in the diffusion affected zone (DAZ) if the bonding temperature (TB) is below the boride solvus temperature of the BM.
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interface. Equilibrium conditions will be estab-
lished at the S/L interface due to the FM/BM
interdiffusion in the dissolution stage. After com-
pletion of the dissolution stage, the composition of
the solid phase at the solid/liquid interface is CcL
which remains constant during the isothermal
solidification stage (Figure 1(b)). The CcL controls
the amount of B diffusing into the BM. In the Ni/
Ni-B/Ni system, the equilibrium B solubility at the
interface CcL

� �

is exactly the same as the B
solubility in the bulk of the BM CSð Þ. Since the B
concentration in the bulk of the pure Ni (BM)
remains below CcL C<CcL ¼ CS

� �

during the
isothermal solidification, no boride precipitation
takes place in this stage (see Figure 1(b)). How-
ever, boride precipitation has been reported during
TLP bonding of pure Ni when the bonding
temperature is less than the Ni-B eutectic temper-
ature (i.e., bonding using a FM with liquidus
temperature less than the Ni-B eutectic tempera-
ture[38]). Gale and Wallace[47] proposed that diffu-
sion of B from the liquid FM towards the BM
before termination of the dissolution stage (i.e.,
before achieving equilibrium at S/L interface)
results in the formation of a binary Ni-B alloy in
the substrate, which in turn leads to in situ boride
precipitation in the substrate at the bonding
temperature. They provided evidence that these
boride precipitates are not formed during cooling
but at the bonding temperature.
Boride precipitation in real multi-component sys-
tems It is of note that the presence of alloying
elements, especially boride forming elements
(e.g., Cr, Mo, W, Ta, and Nb) in the real
multi-component nickel-based superalloys, can
affect the solubility of the B in the BM.[40]

Figure 4 schematically shows the B concentration
profile during isothermal solidification for a real
multi-component system (superalloy/Ni-B/super-
alloy). The presence of boride forming elements
in the BM can significantly reduce the solubility
of B in the BM. Due to the lack of significant
boride forming elements in the FM, the solid
solubility of B at the S/L interface is higher than
the solid solubility of B in multi-component
nickel-based superalloys (i.e., CcL � CS). There-
fore, in situ precipitation of the boride phase is
possible in the multi-component systems if the
bonding temperature is below the boride solvus
temperature of the BM. It is well established that
the diffusion of the B atoms into Ni-based
superalloys during the liquid phase disappearance
is accompanied by the formation of borides
within the DAZ.[38,50–53]

In the absence of boride precipitation, as the isothermal
solidification progresses, the concentration gradient of B
atoms between the interface and the bulk of the BM
decreases due to the increase of the B concentration in the
BM bulk. This reduces the B diffusion flux and hence
decelerates the isothermal solidification rate. However, in
real multi-component superalloy/B-containing FM

systems, the in situ boride precipitation during isothermal
solidification can affect the diffusion flux of boron into the
substrate during bonding. The reason behind such an
observation is that the boride precipitation in real TLP
bonding conditions leads to the consumption of the B
atoms in the BM and the formation of B-free regions in the
immediate vicinity of the precipitates. Therefore, a virtu-
ally constant and considerably high driving force of
diffusion is applied to B atoms to diffuse in the BM during
isothermal solidification. This significant driving force
originates from the steep concentration gradient
(CcL � CBM) caused by the formation of B-free regions
after boride precipitation in theDAZ.[19] Therefore, lack of
the consideration of the boride formation in the DAZ in
the conventional moving interface model leads to a
decreased concentration gradient as the isothermal solid-
ification progresses. Moreover, it has been proved that the
B element can diffuse to the BM immediately after melting
of the FM and prior to reaching TBonding, known as initial
boron uptake.[32,54–56] The formation of borides in the
DAZ in this period can consume a fraction of B elements in
the liquid phase and leave behind a lower amount of B to
diffuse in the BMduring the isothermal solidification stage,
which in turn reduces the tIS. The difference between the
predicted and experimental tIS for IN718 and IN738 shows
a descending trend by increasing the TBonding. This can be
attributed to the reduced tendency of boride precipitation
at higher TBonding due to the higher B solubility in the
Ni-based superalloy. It has been shown that increasing the
bonding temperature reduces the volume fraction of the
boride phase in DAZ.[57,58] Therefore, the contribution of
boride formation to the isothermal solidification rate is
reduced at higher bonding temperatures.
Since the intermetallic phases such as borides typically

exhibited low diffusion coefficient,[59] it is expected that
effective diffusivity through c-matrix + boride is
expected to be reduced. However, considering the low
volume fraction of the boride phases in DAZ (typically
less than pctvol. 50), this factor is not expected to play a
dominant role in the diffusion behavior of the
MPD.[40,48] Nevertheless, the effect of in situ boride
formation is considered in the kinetics of diffusion via
the ‘‘apparent diffusion coefficient ’’concept used in this
work. Therefore, the boride precipitation is only ignored
in the parameters considering the diffusion thermody-
namics in the moving interface model.
The abovementioned discussion supports the conclu-

sion that although the moving interface analytical model
can simulate the S/L interface migration, it is still only a
diffusion-based model which fails to consider the B/BM
reactions in the DAZ of the Ni-based superalloys during
the TLP bonding process. The comparison of the
analytical and experimental tIS gives evidence that the
B/BM reactions should be implemented in the analytical
diffusion models to end up with reliable predictions. It is
also worth noting that the thermodynamic parameters
obtained from Ni-B binary phase diagram or the
multi-component isopleths are assumed to be constant
during the TLP bonding process and not a function of
the time and/or concentration of diffusing element. It is
shown by Sinclair[29,59] that during TLP bonding in a
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two-phase ternary system (e.g. bonding a pure metal
using an interlayer containing two solute), there is a
continuous change in the composition of the remaining
liquid, which is accompanied by continuous change in
the corresponding MPD solubility in the solid. This
issue cannot be captured using analytical models.
Therefore, the thermodynamic parameters used in the
analytical models cannot fully resemble the real TLP
bonding condition. It means that the discrepancy
observed between the analytical and experimental tIS
values is not merely attributable to the ignorance of
boride formation but also the application of thermody-
namic data from the binary Ni-B phase diagram or
multi-component FM isopleths rather than real solid/
liquid interface during the TLP bonding process. More-
over, the diffusion kinetic data are not assumed to be
concentration-dependent, causing errors in the calcula-
tion of tIS. On this account, the contribution of boride
precipitation in the real systems on the errors associated
with the isothermal solidification time calculations
cannot be accurately and confidently identified due to
presence of other sources of errors. One possible
approach to find out what fraction of total errors is
produced by the ignorance of boride precipitation is the
utilization of a numerical approach in the future in
which the effect of boride precipitation on the boron
flux, dependence of diffusion coefficient on concentra-
tion and change in the B concentration in the liquid and
solid phases at interface with time during the isothermal
solidification stage are taken into account.

V. CONCLUSION

In summary, the kinetics of isothermal solidification
during TLP bonding is not only determined by diffu-
sivity of B and solid solubility of MPD at solid/liquid
interface but also the in situ boride precipitation in the
diffusion affected zone (DAZ). The significant errors
between the experimental results and moving interface
analytical model outcomes suggest the considerable role
of in situ boride precipitation on isothermal solidifica-
tion time during TLP bonding of nickel-based superal-
loys when B-containing filler metals are used. Therefore,
to fulfil the existing vacancies and take another step
toward finding a more accurate solution to predict the
tIS, in situ precipitation of the boride phases should be
taken into account in developing an analytical solution.
Moreover, to fully resemble the real conditions during
the TLP bonding of multi-component systems, the
thermodynamic parameters should be time and concer-
tation-dependent in future models.
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