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Microstructure and Fracture Toughness
of an Aluminum-Steel Impact Weld and Effect
of Thermal Exposure

NOAH KOHLHORST, ANGSHUMAN KAPIL, ZHANGQI CHEN, ANUPAM VIVEK,
TAESEON LEE, JI-CHENG ZHAO, and GLENN DAEHN

Welding of aluminum alloys to steel is increasingly important in manufacturing; however, the
use of fusion welding is difficult because of disparate melting points and the possibility of
intermetallic compound (IMC) formation. Here, an impact welding technique, vaporizing foil
actuator welding, was utilized to produce solid-state joints between AA1100-O and 1018 mild
steel. The relationship between weld processing conditions, microstructure, and mechanical
properties was investigated. For this purpose, the welds were annealed between 300 �C and
600 �C and a combination of optical and scanning electron microscopy, along with image
analysis was performed to characterize the weld microstructure and monitor IMC growth.
Wedge testing was applied to understand the effect of annealing on the weld fracture toughness.
A numerical model incorporating the Fick’s laws of diffusion, grain boundary diffusion, and
grain growth kinetics was also developed to simulate the IMC growth. The heterogeneity in the
original microstructure caused persistent differences in IMC growth, as initial IMC seemed to
increase nucleation and growth. Simulation results indicated short circuit diffusion to be the
major contributor to IMC growth since it is consistently faster then experimental IMC growths
compared with the computational results that used lattice diffusion only. Wedge testing reveals
increased weld toughness for modest anneals of 300 �C, possibly due to homogeneity at the weld
interface while avoiding IMC growth.
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I. INTRODUCTION

WITH a greater need to address global emission
concerns and reduce global carbon footprint, there have
been renewed efforts to optimize welding processes and
introduce multi-material combinations for a wide range
of applications.[1,2] Dissimilar welding of aluminum (Al)
to steel is one of the most important of these applica-
tions; however, the product designers and manufactur-
ers are largely constrained by the limitations of the

conventional welding technologies, as they limit the
quality and properties of the dissimilar joint.[2,3] Al and
steel find applications in transportation,[1–4] aero-
space,[2–4] structural, and shipbuilding.[3,5] Al alloys are
inexpensive, light weight, have high corrosion resistance,
and can demonstrate high strength under proper pro-
cessing conditions.[6,7] Steels are used heavily in struc-
tural applications where high strength and toughness are
desired.[8] Joining these disparate alloys allows access to
the different desirable properties of each material class;
however, the strength of the Al alloy—steel weld is
greatly influenced by the type of welding process
employed.[4]

Dissimilar Al-steel joining through conventional
fusion welding techniques like resistance spot welding
(RSW) is difficult due to the formation of brittle
intermetallic compounds (IMC’s) and has been widely
discussed in the literature.[9–12] Mechanical fastening
techniques like self-piercing riveting (SPR), flow drilling
screws (FDS), etc. have been utilized for Al-steel joining,
but there are limitations on stack-up feasibility, and the
use of an externally exposed joining element increases
the susceptibility of the joint to galvanic corrosion.[13]

Industries have been employing solid-state welding
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techniques such as friction stir welding (FSW), ultra-
sonic welding (USW), roll bonding, and impact welding
as viable substitutes to traditional welding techniques
like fusion welding or mechanical fastening techniques
on a small scale.[14] The present study utilizes the
vaporizing foil actuator welding (VFAW), an impact
welding technique developed at the Impulse Manufac-
turing Laboratory at The Ohio State University (OSU),
to produce nominally solid-state dissimilar Al-steel
joints. The VFAW process causes high-speed collision
(typically hundreds of m/s) of flyer and target sheets to
generate a joint with negligible melting and with little to
no presence of a heat-affected zone (HAZ), providing
opportunities to join a wide array of dissimilar materi-
als.[15] The high pressures required to drive the metal
sheets are provided by the rapid vaporization of a
metallic foil actuator.

Al-rich brittle IMC’s (FeAl3, Fe2Al5) are frequently
formed at the interface of the dissimilar Al-steel welds,
irrespective of the welding process employed.[16] The
growth and thickness of the IMC layer, however,
depends on the heat input to the weld interface during
the joining process as well as on the post-weld heat
treatment (annealing).[16] Post-weld annealing treatment
is useful for reducing residual stresses, promoting
metallurgical bonding at the weld interface and its
vicinity, and improving formability for secondary pro-
cesses like rolling or deep drawing.[3,17] An understand-
ing of the effects of thermal exposure is also desirable as
many functional parts used in industry are made up of
welds that can undergo many subsequent thermal
processing steps. The IMC’s generally differ greatly in
properties from the base metals and, thus, play a crucial
role in determining the overall joint performance. There
is a significant relationship between the thickness of the
IMC layer and the strength of the dissimilar Al-steel
joint.[18] Therefore, in order to properly design the
properties of the dissimilar joints, it is important to have
an accurate understanding of the relationship of IMC
growth, the joint strength, and the welding process.
Understanding the trend of weld strength with IMC
thickness is important as it provides annealing guideli-
nes to maximize the formability of a part consisting of
Al-steel dissimilar weld while minimizing the reduction
in weld strength.

Several experimental studies have been conducted to
measure the growth of IMC layers at the interface using
various welding processes[1,3,17,19,20] as well as diffusion
bonding to make diffusion couples[21,22] with different
heat treatments. In one study,[21] diffusion bonded
couples of Al-Fe were heat treated between 550 �C
and 640 �C with only Fe2Al5 forming at the interface.[21]

At this temperature range, FeAl2, BCC_B2, and FeAl3
are thermodynamically stable phases, but have very slow
formation rates such that these could not form into
observable intermetallic layers at the interface in the
annealing times conducted in their study.[21] Heat
treating the friction stir welds between 350 �C and
450 �C resulted in the formation of FeAl3 and Fe2Al5 at
the interface.[3] It was observed that Fe2Al5 made up
most of the IMC layer and the growth rate of the IMC
layers was not governed by the parabolic diffusion

law.[3] The as-welded friction stir welds contained both
high stored energy and the presence of IMC’s at the
weld interface caused the growth of IMC’s to deviate
from the parabolic diffusion law.[3] To study the
influence of the IMC growth (aided by annealing) on
the joints mechanical properties in Al-steel welds,
several authors have investigated both solid-state joining
processes[23–25] and fusion-based processes.[26,27] The
general observation was that by increasing IMC thick-
ness with annealing treatment, the Al-steel joint strength
and toughness decreased, and the failure of the samples
occurred in the interface. Several studies also involved
development of simulation techniques to calculate the
IMC growth at the interface of an Al-Fe diffusion
couple with respect to annealing temperature.[19,21,28,29]

The relatively discrete and low-temperature bonding of
VFAW offers a unique opportunity to create a fairly
defect-free initial interface that can be subjected to
further thermal exposure.
Studies relating the weld strength to IMC growth for

Al-steel welds have reported a range of critical IMC
thickness values for a variety of processes. Qiu et al.[12]

and Miyamoto et al.[30] reported significant drop in
cross-tension strength values for IMC growth beyond
1.5 and 2 lm, respectively, for RSW. Chen et al.[31]

measured the fracture toughness of Al-Fe resistance
spots welds with respect to Fe2Al5 growth at the weld
interface and reported that an IMC growth larger than 3
lm caused a drastic reduction in weld fracture tough-
ness. Hatano et al.[16] measured the tensile strength of
Al-Fe dissimilar friction stir welds as a function of
post-welding heat treatments. Their results showed that
the fracture position changed from the base material on
the Al side to inside the IMC layer and the tensile
strength dropped by a factor of three when the IMC
layer thickness increased from 0.5 to 2–.5 lm. Springer
et al.[18] found that the tensile strengths for friction stir
welded Al-steel joints dropped significantly and failure
mode switched to interfacial when IMC growth
exceeded 7 lm. Similar results have been reported for
other Al-steel friction stir lap welding studies where
drastic drop in joint strengths was seen when IMC
thickness exceeded a certain thickness (0.5 lm,[32]

2.6 lm[33] and 5 lm[34]). Yang et al.[35] obtained rela-
tively high weld strengths for cold metal transfer Al-steel
welds when the IMC thickness was controlled below 10
lm.
VFAW, due to the inherent nature of the process,

produces a large amount of plasticity at the interface.
Annealing these welds can soften the bonded region and
possibly heal small existing voids, but at a cost of IMC
formation which can be detrimental to the mechanical
properties of the weld. Control of the experimental
parameters can minimize the extent of melting at the
interface, limiting the formation of IMC’s. In this study,
the growth of IMC in Al-steel impact welds through
different heat treatment conditions was addressed with
the application of first principles calculations using the
finite difference method (FDM). The developed model
explicitly considered grain boundary and lattice diffu-
sion pathways. VFAW welds between AA1100-O and
1018 mild steel were prepared and heat treated with
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different annealing conditions to generate various thick-
nesses of IMC layers at the weld interface. These results
were used to validate the computational work. To the
authors’ best knowledge, in most of the studies involv-
ing Al-steel welding, the mechanical property evaluation
as a function of annealing has been limited to either
lap-shear or cross-tension testing. The use of a wedge to
measure the fracture toughness of brazed joints has been
developed by Philips et al.[36] This technique has been
adopted and modified in this study to handle the
geometry of Al-steel VFAW welds to generate interfa-
cial failures in the welds for the purpose of estimating
the fracture toughness of the joints. Optical microscopy
(OM), scanning electron microscopy (SEM), and image
analysis were carried out to characterize the weld
microstructure and evaluate the growth of IMCs with
respect to the different annealing conditions.

II. MATERIALS AND METHODS

A. Materials

2-mm-thick 1018 mild steel cut into 76.2 9 76.2 mm
squares and 3-mm-thick AA1100-O cut into 76.2 9 50.8
mm rectangular sheets were used in the present study.
One side of the cut steel sheet was roughly ground using
sandpaper and then cleaned using acetone prior to
welding to remove any surface contaminants.

B. Welding Setup

A schematic of the VFAW experimental assembly is
illustrated in Figure 1(a). A 76-lm-thick AA1100 foil
with dimensions illustrated in Figure 1(b) was placed on
the bottom half of a rigid steel fixture. The Al foil was
encased in a plastic sleeve and was insulated from the
bottom fixture and the workpiece through the use of
polyester tape. Lines were marked on the plastic sleeve
to guide proper placement of the proceeding compo-
nents to ensure the setup between every experiment was
approximately the same. The Al sheet, chosen as the
flyer sheet in this study, was placed on top of the
insulated Al foil. Two 1.60 mm standoffs spaced 31.7
mm apart were placed on top of the Al flyer as shown in
the Figure 1(a). The steel target sheet was placed over
the Al flyer containing the standoffs. A backing block
followed by the top of the fixture were placed on top of
the target sheet. The fixture was tightened with bolts to
keep everything secured. The fixture assembly was
connected to the terminals of a Maxwell Magneform
capacitor bank capable of discharging up to 16 kJ.[4] A
discharge energy of 12 kJ was used for every experiment
in this work. Adequate experiments were conducted to
yield at least three welds per annealing condition.
Figure 1(c) depicts a schematic representation of the
workpiece assembly post vaporization of the foil and
impact of the mating members. It is to be noted that in
impact welds the center of the weld remains unbonded
and metallurgical bonds are only achieved starting at a
certain distance from the center. This is a consequence
of the locally evolving collision speed and angle. The

Fig. 1—(a) VFAW experimental setup, (b) Al foil dimensions, and (c) schematic of VFAW weld post foil vaporization and impact of flyer and
target sheets (all dimensions are in mm).

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 52A, JULY 2021—2797



center of the weld has normal impact which does not
produce any impact weld.

C. Thermal Exposure and Characterization

Figure 2(a) presents an overall view of the welded
sample, whereas Figure 2(b) shows the location of the
cuts for preparing the samples for heat treatment and
wedge testing. Each prepared weld was cut into 20 mm
wide strips using a circular abrasive saw. The black
dashed lines in Figure 2(b) show the location of the cuts.
Samples for microscopy employed the same cutting
method, except the 20 mm strips were cut into two
smaller pieces (10 mm wide strips) and the steel bottom
were cut off. These pieces were then mounted, ground
and polished down to 1 lm diamond paste for OM and
SEM.

For mechanical testing, batches of three VFAW cut
samples were heat treated in a vacuum furnace at 300
�C, 400 �C, 450 �C, 500 �C, 525 �C, 550 �C, and 600 �C.
The heat treatment time was constant at 140 minutes for
all the cases. The choice of annealing conditions was
guided by References 3, 21. For OM, small overlapping
images were taken across the entire welded region prior
to and after heat treatment. After the OM images were
stitched together for each sample prior to heat treat-
ment, the samples were broken out of the mount, then
heat treated following the annealing conditions listed
above. Once the samples were annealed, they were
remounted, ground and polished down to 1 lm dia-
mond paste for OM and SEM analysis. Note the
surfaces for each mounted annealed sample was ground
down at least 1 mm prior to the final polishing step to
avoid capturing any surface diffusion effects on the
microstructure from OM analysis posing the risk of
generating unreliable IMC thickness measurements. OM
images were again taken across the annealed welds to
generate montages.

The as-welded and heat-treated Al-steel VFAW
montages were then processed in the software ImageJ
to calculate the average increase in IMC thickness across
the length span of each weld. As-welded and heat-
treated samples that were prepared for SEM and
energy-dispersive spectroscopy (EDS) analysis followed

the same process as the samples prepared for OM except
no as-welded images were taken. A Thermofisher Apreo
FEG instrument was used for SEM and EDS analysis.

D. Mechanical Testing

A wedge testing technique was employed to measure
the weld fracture toughness. The wedge test has a long
history in measuring the crack growth resistance at
similar and dissimilar material interfaces.[36,37] In this
case it was adapted for use without careful regard to
standards, therefore it should provide relative measures
of toughness, no attempt is made to quantify the crack
growth resistance. In this technique, a hardened S7 tool
steel wedge with a point angle of 28 deg was forced
between two fixed welded sheets at a steady speed of 3
mm/min. This produces a crack opening force between
the two welded materials to peel away eventually
resulting in interfacial failure when the peeling force
exceeded the strength of the weld. If the interface is
tougher than the parent materials, the wedge may cut
through the weaker of the two base metals, which in this
case is the aluminum. An MTS Criterion Model 43 was
used for the wedge testing. The wedge testing set up and
the wedge dimensions are depicted in Figures 3(a) and
(b), respectively.
The steel side fracture surface of a couple of peeled

samples were investigated using SEM to test the validity
of the wedge testing method and ascertain a successful
test, as explained in Section III–A. Both secondary
electron (SE) and backscattered electron (BSE) images
were taken. EDS maps were also taken on each surface
to check for material transfer during peeling.

E. Computational Modeling of Interdiffusion

Pydiffusion is an open-source python library designed
to efficiently simulate various types of 1D binary or
ternary diffusion problems.[38] A method within Pydif-
fusion has been developed to construct concentration
profiles of binary multi-phase systems governed by
temperature-dependent interdiffusion data and time.[38]

Based on pre-constructed 1D grids, the simulation
applies the finite difference method (FDM) to

Fig. 2—(a) Overall view of the Al-Steel weld, and (b) illustration of preparation of VFAW samples for annealing and wedge testing.
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numerically solve the diffusion problems using Fick’s
two laws of solid-state diffusion (Eq. [1]).

J ¼ � ~D
@c

@x
and

@C

@t
¼ @

@x
� ~D � @c

@x

� �
½1�

where, ~D is the interdiffusion coefficient, @c
@x is the con-

centration gradient, J is the diffusion flux, and @C
@t is

derivative of diffusion flux. This is applied to within a
given phase.[38] To account for a system containing
multiple phases, the position of the interface between
two adjacent phases is calculated by Eq. [2].

dx

dt
¼ Ja � Jb

Ca � Cb
½2�

where Ja, Jb, Ca and Cb are the atomic fluxes and
compositions evaluated at the interface in phases a and
b, respectively.[38] The interfaces in the simulation are
defined by a composition range set with boundaries. The
composition at the boundaries corresponds to solubility
limits Ca and Cb of given phases. We applied the sharp
interface model to all simulation systems in this study.
The sharp interface model permits the movement of the
interfaces controlled by Eq. [2]. In Pydiffusion, the
interfaces are not restricted by the grid points from the
FDM, meaning that they can pass through grid points
without rearranging them. If one interface passes
through a grid point defined by its position,

composition, and phase, the phase for that grid point
will be re-assigned.[38]

The Al-Fe binary diffusion couple with a total of four
phases are introduced in this study. These phases
comprised of two solid-solution phases (FCC-Al and
Al-Fe BCC) and two IMC’s (FeAl3 and Fe2Al5). 200
grid points non-linearly spaced were meshed in the
setup, in which smaller spacings was used nearby the
phase interfaces. The interdiffusion coefficients data for
this simulation were developed using experimental
lattice interdiffusion data from several external
sources.[21,29,39,40] The impurity diffusion of Al in Fe
and Fe in Al were collected from Reference 39 exper-
imental interdiffusion coefficients data in the Al-Fe BCC
phase from 1 at. pct Fe to 51 at. pct Fe were collected
from References 29, 40. The interdiffusion coefficients of
the Fe2Al5 IMC was collected from References 21 where
the authors quantitatively evaluated the interdiffusion in
Fe2Al5 at a temperature range between 550 �C and
640 �C. The pre-exponential factors (D0) and activation
energy (Q) for diffusion were calculated from all the
collected data. Since the interdiffusion data from two
sources were used in the Al-Fe BCC phase, the average
Do and Q were computed. No reported interdiffusion
data in the FeAl3 phase were found. However, FeAl3
phase has a very similar composition and melting point
to Fe2Al5, so we can apply the same interdiffusion
coefficients in both phases. The initial setup of the Al-Fe
diffusion problem and a profile of the lattice interdiffu-
sion coefficients in the Al-Fe system at 550 �C is
illustrated in Figures 4(a) and (b).
Since VFAW generates highly deformed grains with

high dislocation densities and recrystallized grains of
sizes less than 1 lm on the Al side at the weld
interface,[41] running the simulation with lattice diffusion
coefficients does not represent the microstructure out-
come of annealed VFAW welds very well. This conclu-
sion was reached after attempting to run the simulation
using the lattice diffusion coefficients and observing
large discrepancies between the calculated and experi-
mental results as explained in detail in Section III–C.
The simulation was therefore modified to include short
circuit or grain boundary diffusion. This is accomplished
by calculating the effective diffusion coefficient Deffð Þ as
below:

Deff ¼ 1� fð Þ �DL þ f �DGB ½3�

where, f is the volume fraction of grain boundary per
unit volume, DL is the lattice diffusion coefficient, and
DGB is the grain boundary diffusion coefficient.[29] One
thing to note is that the effective diffusion equations in
the Al-FCC and the Al-Fe BCC solid-solution phases
does not strongly influence the growth of the IMC’s .
The effective diffusion terms and equations for these
phases can be found in Tables I and II.
Following the effective diffusion equation (Eq. [3]), f is

strongly dependent on the grain size which continuously
changes during thermal exposure. The grain shapes were
taken to be cubes to simplify the mathematical relation
between grain size and grain boundary volume fraction.
With this simplification, the number of grain boundaries

Fig. 3—(a) Wedge testing set up and (b) Geometry and dimensions
(mm) of the wedge.
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per unit volume is NGB = 3n3 for large n, where n is the
number of grains per unit length. Herzig et al. define the
grain boundary volume fraction as f = q*d/d for

parallel grain in 2D.[42] In this equation, d is the spacing
between parallel grains and q defines the grain shape.[42]

In the current work, the volume fraction of grain

Fig. 4—(a) Initial setup of Al-Fe diffusion simulation in Pydiffusion, (b) lattice interdiffusion coefficients profile of labeled phases in the Al-Fe
system using experimental data from Ref. [29], [39], [40], (c) profiles of effective interdiffusion coefficients of each marked phase of the Al-Fe
system calculated after computational times of t0 = 0 min, t1 = 30 min, and t2 = 140 minutes using experimental data from Ref. [20], [42–45]
and (d) concentration profile of Pydiffusion simulation result.[38]
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boundaries is defined by cube grains in 3D modifying
the equation to f =3*d/gd where the grain spacing d is
replaced with the grain size (gd) and q is replaced with 3.,
[The variable gd in Al and Al-rich intermetallics were
extracted from multiple experimental studies.[20,42,43]

Following the well-known parabolic equation of grain
growth discussed in Reference 20, the grain growth
coefficients of the FeAl3 and Fe2Al5 IMC’s were
extracted from the reported results from Reference 19.
These results were used to produce grain growth
equations in each phase. Grain growth equations for
the Al-FCC was produced from the results of Refer-
ences 42, 43. Since the maximum heat treatment
conducted in this study was 600 �C, it was assumed
that grain growth is negligible in the Al-Fe BCC phase
due to sluggish diffusion. The grain growth equations
were used to create grain boundary volume fraction fð Þ
equations with respect to temperature, grain boundary
width, and time as reported for each phase and is
presented in Table II.

No grain boundary diffusion has been reported in the
Al-rich IMC’s; however, two authors,[44,45] reported
Arrhenius parameters for grain boundary diffusion in
Fe3Al using the serial sectioning technique. An assump-
tion was made that Dgb/DL with the same temperature
ratio T/Tm between Al-rich IMC’s and the composition
of Fe3Al is approximately the same. That means for

example Dgb/DL in the Fe3Al compound at 50 pct the
melting point of the composition of Fe3Al is equal in
magnitude to Dgb/DL in the Fe2Al5 compound at 50 pct
the melting temperatures of Fe2Al5. From this, Dgb/DL

was calculated at the aluminum melting temperature
(933 K). Herzig et al.[42] reported an Arrhenius plot
comparing Dgb and DL with Tm/T. Dgb/DL was calcu-
lated for each phase at 933 K and the Arrhenius plot
was used to determine Dgb/DL as a function of temper-
ature and composition in the Al-Fe system. The grain
boundary diffusion values and equations for each IMC’s
and solid-solution phases are listed in Table I, whereas
the effective diffusion equations for every phase in the
Al-Fe system are reported in Table II.
An example plot of effective diffusion profiles calcu-

lated at 550 �C for three different times, t0 = 0 minutes,
t1= 30 minutes, and t2 = 140 minutes is illustrated in
Figure 4(c). The effective diffusion with respect to
composition of Al in the Al-Fe system was calculated
from Eq. [3]. The variables DL, DGB, and f in Eq. [3]
were calculated using the equations found in Tables I
and II at 550 �C. The reason why the effective diffusion
coefficients for the Al-rich phases were plotted at
different annealing times in Figure 4(c) is because the
grain boundary volume fraction influenced by grain
growth changes with short annealing times at or below
140 minutes at 550 �C. This means that the effective

Table I. Collected Input Variables of Lattice Diffusion (DL) and Grain Boundary Diffusion (Dgb) Functions With Temperature (T)
at Different Atomic Compositions of Al Used in the Simulation

Al (At. Pct) Phase DL (T) Dgb (933K) Dgb (T)

0 BCC
BCC (solid solution)

1.80*10�4*e�29113/T 3.27*104*DL

10
logðDL 933Kð Þð Þþ0:5 log

DL Tð Þ
DL 933Kð Þ

� �� � !
� Dgb 933Kð Þ

DL 933Kð Þ
5 6.40*10�4*e28158/T 3.23*104*DL

10 6.56*10�4*e�27611/T 3.18*104*DL

15 5.05*10�4e�26727/T 3.13*104*DL

20 4.61*10�4e�26016/T 3.03*104*DL

25 8.06*10�4e�26190/T 2.92*104*DL

30 1.71*10�2e�30455/T 2.78*104*DL

35 5.31*10�3e�29342/T 2.61*104*DL

40 3.31*10�3e�28821/T 2.43*104*DL

45 3.30*10�3e�29071/T 2.24*104*DL

51 6.18*e�37616/T 1.96*104*DL

70-73 Al5Fe2 234*e�33197/T 4.61*103*DL

74-76 Al3Fe 234*e�33197/T 4.61*103*DL

100 Al (FCC) 0.77*e�26581/T 4.26*103*DL

Table II. Input Variables of Collected Grain Boundary Volume Fraction Equations f T;d;tð Þ
� �

With Respect to Temperature (T),
Grain Boundary Width (d), and Time (t) of Each Phase in the Simulation

Phase f T;d;tð Þ Deff (T,d,t)

Fe-Al49Fe51 (BCC) 3�d
2�10�6 1� f T;d;tð Þ

� �
�DL þ f T;d;tð Þ �DGB

Al5Fe2 3�d
go
d
þ2:71�10�6�e

�25980
T �t

� �0:4
Al3Fe 3�d

go
d
þ2:71�10�6�e

�25980
T �t

� �0:4
Al (FCC) 3�d

go
d
þ3:34�1011�e�

�46472
T �t

� � 1
�0:0055�Tþ6:1405
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diffusion in the Al-rich phases is sensitive to the
annealing time at that temperature. Since the Al-Fe
BCC phase has a much higher melting temperature, the
grain growth kinetics are expected to be sluggish at
550 �C resulting in a negligible change in the grain
boundary volume fraction for any annealing time at or
below 140 minutes. This means that the effective
diffusion in that phase is expected to be insensitive to
annealing time at 550 �C which is why only one effective
diffusion profile for that phase is observed in
Figure 4(c). The initial grain size was taken to be 0.1
lm for the Al-rich IMC phases. 0.1 and 2 lm was
chosen for the Al-FCC and Al-Fe BCC solid-solution
phases, respectively. The choice of initial grain sizes for
the solid-solution phases is not very critical to the
growth of IMC since the growth of the IMC is not
strongly dependent by the magnitude of diffusion in
those phases. Figure 4(d) illustrates a pydiffusion sim-
ulated concentration profile using the simulation setup.

The total IMC thickness is calculated as the sum of
the thicknesses of FeAl3 and Fe2Al5 phases. The entire
simulation was repeated by varying the annealing
temperatures incrementally from 300 �C to 600 �C.
The simulation was also repeated by varying d and
initial grain size g0d

� �
of the Al-rich IMC phases as

displayed in Table I. Similar to the Al-Fe BCC phase,
changing g0d in the pure Al phase has very minimal effect
on the IMC growth outcome in the simulation, so a
constant was given to that term.

III. RESULTS AND DISCUSSION

A. Weld Mechanical Properties

Figure 5 illustrates a representative force vs wedge
displacement plot of a VFAW weld annealed at 450 �C
for 140 minutes subjected to wedge testing. The mea-
sured curve ranges from a zero displacement, represent-
ing the start of the test when the wedge was a distance
above the top weld to a maximum displacement when
the wedge passes through the bottom weld. The two
peaks on the curve are maximum forces before interfa-
cial failure of the strongest parts of the top and bottom
welds occur. A sudden drop in force illustrated by the
nearly vertical lines to the right of the peaks in Figure 5

occur after each weld fails. The flatter curves before the
peaks in Figure 5 are produced by the force of the wedge
only bending the aluminum sheet away as the wedge
approaches the welds. The colored shadings on the plot
represent the different regions in each weld. These
regions are illustrated and discussed in detail in
Figure 6(a). Note that these shadings are only approx-
imate and the distinctions between the weld zones are
somewhat arbitrary, but this does capture the strongest
part of the weld being in the central region where there
may be some IMC formation, but those zones are
discontinuous. It can be observed that the peaks on the
force vs. wedge displacement curve corresponding to
both the top and bottom welds are situated between the
outer-weld and mid-weld regions. The outer-weld and
outer portion of the mid-weld section contain the peaks
on each curve as expected, since these regions have
highest metallic bonding, and high deformation with the
least amount of melting. A shoulder is observed between
the peak and near vertical drop of the curve corre-
sponding to the top weld. This shoulder is likely caused
by the crack propagating through the weld slowly,
resulting in sections of the weld to fail at different times.
This outcome is also observed in the bottom weld where
small fluctuations are seen on the force vs wedge
displacement curve to the left of the peak.
Figure 7 represents box plots of weld fracture tough-

ness of wedge-tested VFAW welds with respect to
annealing temperatures. The weld fracture toughness
values were calculated by dividing the maximum load to
peel each VFAW weld (as seen in Figure 5) by the weld
length. The box plots capture the spread of maximum
weld peel strength. Figure 7 also shows a secondary plot
(green diamond markers) capturing the IMC growth
trend of VFAW welds with respect to annealing
temperatures. Note that the green dotted line connecting
the diamond markers is not a trend line and is used to
enhance visual clarity of the data. Table III contains all
the wedge test and IMC growth data with respect to
annealing condition, and additional information with
regard to the number of wedge tests conducted for each
annealing condition and the type of failure modes
observed. In Figure 7 each box captures multiple tests
for the same annealing condition with the width of the
box defining the number of tests. The top edge of the
box represents the 3rd quartile, the red horizontal line
represents the median, and the bottom edge of the box
represents the 1st quartile of the data. The overall trend
shows that the fracture toughness with annealing
temperature increases up to 300 �C, then a reduction
in toughness is observed up to 450 �C, followed by a
slight increase in toughness up to 500 �C, then lastly it
drops with annealing temperature exceeding 500 �C.
While IMC thickness continued to increase beyond 300
�C, thermal exposure does not promote significant IMC
growth and modest anneals at 300 �C in fact increased
the bond toughness significantly (the median weld
fracture toughness nearly doubled compared to the
as-welded samples). This could be attributed to almost
no observable IMC growth at this temperature. This is
observed in Figure 8 which shows micrographs taken
from three different regions for VFAW welds annealed

Fig. 5—Force vs wedge displacement curve from wedge test on a
welded sample annealed at 450 �C for 140 min.
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at different temperatures ranging from 300 �C to 600 �C.
Another likely reason for this is that modest anneals
helped remove detrimental defects likes voids at the weld
interface without simultaneously growing IMC’s.
Although the lowest temperature heat treatment
(300 �C) is not sufficient for any large-scale bulk
diffusion, the newly formed interfaces have very high
defect densities and may contain very thin oxide
inclusions or high aspect ratio cracks. This modest
temperature may be sufficient to coarsen small or high
aspect ratio oxides, sinter together small asperities or
relieve deleterious internal stresses. These processes may
have activation energies much less than that for bulk
diffusion. The reduction in fracture toughness as
observed at and above 400 �C is associated with the
formation of IMCs. Even at 400 �C where there are only
a few microns of average IMC growth, the fracture
toughness drops significantly. This suggests that the
maximum toughness of these welds can be achieved with
the choice of annealing temperature that maximizes the
reduction of residual stresses at the weld interface while
simultaneously preventing the growth of any IMCs,
since even a small amount of IMC growth appears to be

deleterious to the weld strength. The failure mode for
these samples are almost always base material cutting
which differs from the failure mode of all other tested
samples. However, as the IMC layer grows with increase
of annealing temperature, even to only a few microns,
the bond toughness decreases markedly. The majority of
the weld fracture toughness is retained for IMC growths
less than 10 lm, whereas as the IMC thickness grew
beyond about 10 lm there was a rapid fall in fracture
toughness.
This difference between the IMC growth to cause

critical reduction in weld strength between this work and
the previous works[12,16,18–35] as mentioned in the
Introduction section is likely due to the difference in
the welding techniques and the testing methods
employed. Note that there is no specific critical IMC
thickness reported for Al-steel welding and all the
reported value ranges between 1 and 10 lm. This is
attributed to the fact that the IMC thickness is a
function of several parameters including material com-
position, the brittleness of the IMC and its continuity as
well as loading condition. In the previous works
although the growth of the IMC’s during welding was

Fig. 6—(a) Schematics depicting (top) the evolution of impact velocity and impact angle with respect to the position along the weld interface
and (bottom) the cross-section view of a VFAW weld between the Al flyer and steel target with each region labeled, and (b) micrographs
depicting different regions of the Al-Fe VFAW weld in the as-welded condition (hmax has been measured experimentally).
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limited; however, it was seen that each weld type
produced continuous layers of IMC’s at the Al-Fe
interface owed by the relatively flat nature of the
interface. Al-Fe IMC’s are innately brittle and suscep-
tible to cracking, while a continuous layer of IMC’s
provides an easy path for cracks to propagate through.
This was the reason why minimal growth of IMC’s at
the Al-Fe interface as reported by the authors showed a
drastic reduction in weld tensile strength.[12,16,18,30–35]

On the other hand, VFAW generates a very heteroge-
neous microstructure with a wavy interface as seen in
Figure 6. The IMC growth is not homogeneous across
the entire weld interface. The wavy nature of the
interface (mid-weld region) leads to isolation of the
IMC’s, separated from each other by the crests and
troughs of the waves. The outer-weld region sees very
less growth of IMC’s even at high annealing tempera-
tures as observed in Figure 8. This discontinuity in the
IMC growth can arrest crack growth.

However, the microstructure of VFAW welds being
inherently heterogeneous did result in large deviations of
weld toughness values between tests within the same
annealing conditions. This is observed by the weld
toughness spread between the maximum and minimum
values seen in Figure 7 as well as in Table III. This
discrepancy is seen for the anneals at or below 500 �C as
well as for the as-welded samples. Having a deviation in

weld fracture toughness of the as-welded samples is
expected to carry out to the annealed samples. The
mechanical properties of a weld are dependent on its
microstructure and VFAW welds as explained earlier
have very heterogeneous microstructures that can differ
between welds. Another reason for the weld fracture
toughness deviation of the annealed samples is that
annealing VFAW welds produces uneven IMC growths
across the weld interface that also differs between welds
as illustrated in Figures 6 and 8. Welds that have regions
of more discontinuous IMC growths post annealing will
likely have greater fracture toughness than the welds
that exhibit more uniform growth. This is because crack
propagation as a result of an external stress will be
hindered by regions of low IMC growth. Other welds
that have more uniform IMC layer thickness across the
weld interface should have poorer fracture toughness
due to greater ease of crack propagation.
To ascertain the validity of the wedge test, SEM

images were taken on the fracture surface of a steel sheet
peeled apart from the Al sheet upon wedge testing.
Figure 9 presents results from a wedge test performed
for an as-welded sample with no post-weld heat treat-
ment. The steel side fracture surfaces (both SE and BSE
images) showed depth, phase contrast and mixed
compositions of Fe and Al, indicating desirable interfa-
cial failure. In the case where the interface was stronger
than the base metal, the limiting value, which is the
wedge toughness of the aluminum would be reached.
Such a test would show a planar uniaxial scratched
surface revealing only one phase with a composition
mainly composed of Al as a result of the wedge drifting
and cutting into the Al sheet during a test. Generally, as
the weld strength increases, the chance of wedge cutting
increases. Most tests including the as-welded samples
did successfully peel without wedge cutting. However,
the 300 �C annealed samples with no IMC growth nearly
always cut.

B. Thermal Exposure: Effect on Interface Structure

Figure 6(a) presents a schematic of a typical impact
welded interface showing the locally varying structure.
Various locations of the welded interface are marked in
the bottom of Figure 6(a). It can be observed from

Fig. 7—Weld strength and IMC growth as a function of annealing
temperature.

Table III. Reports Weld Toughness Data Collected From Wedge-Tested VFAW Welds With Different Annealing Conditions

Annealing Temperature
(�C)

IMC Growth
(lm)

# of
Tests

Failure Mode

Weld Fracture Toughness
(N/mm)

Weld Interfacial
Failure

Base Material
Cutting

None 0 10 yes no maximum minimum mean
196 73 142

300 << 3 13 no yes 352 151 282
400 3.1 5 yes no 198 81 129
450 8.8 10 yes no 153 22 83
500 11.6 17 yes no 231 21 122
525 13.7 4 yes No 51 24 39
550 15.6 7 yes no 32 6 17
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Figure 6(a) that based on the distance from the weld
center, the interface morphology varies. This can be
attributed to the variation in the two key parameters in
developing an impact weld, the local impact velocity and
angle. Note that the impact velocity mentioned here is
the velocity at which the flyer impacts the target, which
is different from the collision point velocity.[2] Impact
velocity is dependent on a number of factors including
the material properties like strength and thickness,
welding parameters like standoff distance and the way
the standoff is created, foil geometry, and input energy,
whereas impact angle mostly depends on the standoff
distance. Impact welding of metals ideally occurs when
these two welding parameters fall within an optimum
range. Although the range varies depending on the
material pair, metallurgical bonds have been typically
observed at velocities ranging between 300 and 1000 m/s
and angles between 5 and 20 deg.[2,46–48] Previous
VFAW studies with aluminum (1XXX/2XXX/6XXX
series) as the flyer material with thicknesses ranging
between 0.5 and 2 mm, input energies between 6 and 8
kJ, and standoffs of 1.6 and 2.5 mm have recorded
impact velocities between 650 to 900 m/s with successful
metallurgical bonding.[4,41,49–54] As the weld progresses
the impact angle increases continuously, whereas the
impact velocity decreases from a maximum at the inner
edge of contact at the boundary of the unwelded zone to

a minimum at the outer edge of contact, where there is
no weld. This has been schematically depicted in the top
of Figure 6(a). Note that impact velocity and angle
measurements have not been performed in this study
and as such the curves presented in Figure 6(a) are only
representative and may not depict the actual shape;
however, the trends are represented correctly. The
distance and velocity numbers marked on the plot are
also representative. The angle hmax represented in
Figure 6(a) is the maximum impact angle between the
flyer and target in a region of no welding. This value was
measured from a welded sample using ImageJ software
and is approximately 44 deg.
Figure 6(b) shows SEM BSE images taken from

different regions i.e., ‘‘Outer-weld’’, ‘‘Mid-weld’’, and
‘‘Inner-weld’’ of an as-welded VFAW sample. As
depicted in Figures 6(a) and (b), the interface morphol-
ogy changes across the span of an Al-Fe VFAW weld in
the as-welded condition. The center or unwelded region
between the top and bottom welds is the result of the
zero angle of impact between the flyer and target
sheets.[55] Although, VFAW an impact welding tech-
nique falls under the realm of solid-state welding
technology, evidence of localized melting has been
found both experimentally and through numerical
simulations.[49,56–60] Based on the combination of the
impact velocity and angle, temperatures above melting

Fig. 8—SEM BSE images of Al-Fe VFAW welds annealed at different temperatures.
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point of joining members can be reached locally, leading
to localized melting. Similar results have been observed
in this study. The outer-weld region is relatively flat with
minimal atomic mixing and melting at the interface. In
the outer-weld section, the impact angle is greater while
the impact velocity is lower producing a metallic bond
with less interface alteration and melting.[55] The
mid-weld region has the greatest wavelike character
with non-continuous melt zones. The inner-weld section
has less wavelike character with more continuous
melting and atomic mixing. Moving towards inner-weld
region, the impact angle decreases while the impact
velocity increases. This causes an increase in heat release
from the impact and deformation at the weld interface.
Near the center region where the impact angle is lowest,
and the impact velocity is highest, the interface loses
wavelike character due to more excessive melting. The
degree of melting controls the growth of an Al-Fe IMC
layer at the weld interface which is most observed in the
inner-weld.

Figure 8 depicts micrographs taken from these three
different regions for VFAW welds annealed at different
temperatures ranging from 300 �C to 600 �C. As
illustrated in Figure 7, a clear trend is shown where
the IMC thickness increases as the annealing tempera-
ture goes up for the mid-weld and inner-weld regions.
However, for modest anneals at 300 �C, there is little to
no growth of IMC’s in all the three weld regions. There
is no clear trend with annealing temperature on the
outer-weld. In fact, for the outer-weld, IMC growth is
observed to be less at 525 �C and 550 �C as compared to
500 �C. As mentioned earlier, welding using VFAW
produces a very heterogeneous microstructure at the

weld interface that shows a varying degree of plasticity
and random distribution of melt zones which increase
towards the inner-weld. This complexity will produce
some differences in microstructures even between welds
that use the same setup and welding parameters. The
outer-weld region has very little to no melting and
nucleation of IMC due to a combination of suitable im-
pact parameters i.e., lower impact velocities and higher
impact angles. Melt regions in Al-Fe weld produces
IMC phases that act as nucleation sites for easy IMC
growth during an anneal. Without the presence of IMC,
nucleation of these compounds must occur before
growth. When there is great bonding and existing
IMC, the growth of further IMC is easy, whereas if it
is missing there does seem to be a significant barrier to
IMC growth. This can represent an opportunity to make
quasi-stable interfaces by not forming IMC’s from the
start. The two VFAW samples annealed at 525 �C and
550 �C lacked IMC phases on the outer-weld in the
as-welded condition. Therefore, nucleation of these
phases was required first which did not happen because
the activation energy to trigger this process was not
satisfied during the time span of the anneals. The IMC
growth is significantly greater in the mid-weld as
compared with the other regions especially at the
annealing temperatures of 500 �C and higher. The main
reason for this is that the impact angle and speed in the
mid-weld region is optimal to maximize the metallurgi-
cal bond between the alloys. A strong metallurgical
bond maximizes the ease of atomic diffusion across the
interface promoting faster IMC growth. Also, the
interface in this region is significantly wavier compared
with the other regions increasing the interface area for

Fig. 9—SE image (top left), BSE image (top right), and an EDS map (bottom) of the steel side fracture surface of the Al-Fe VFAW weld
produced from wedge testing.
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diffusion during annealing. EDS point analysis
(Figure 10) conducted on the melt region of a VFAW
weld annealed at 525 �C confirmed the presence of two
different IMC’s, FeAl3 and Fe2Al5, found between the
Al-FCC and Fe-BCC phase bands, which agrees with
the results presented in literature.[1,3,16,18,19] Figure 10(a)
shows an SEM BSE image with marked regions iden-
tifying the location of each EDS point scan. The EDS
results along with the compositions of each identified
element are displayed in Figure 10(b).

C. Simulation

A plot of total IMC layer growth with annealing
temperature varying in d is illustrated in Figure 11(a).
This IMC growth refers to the growth of IMC’s during
the anneals excluding IMC formation during the weld-
ing process. The three dotted red curves in Figure 11(a)
are calculated results using d of 0.25, 0.50 and 0.75 nm.
Figure 11(b) illustrates the simulation results of total
Al-Fe IMC growth carried out using different g0d of the
IMC’s. This is captured in the top four curves which use
g0d of the IMC’s ranging from 10 nm to 200 nm using a
constant d of 0.25 nm. In both the Figures 11(a) and (b),
the green dotted curves represent the simulation results
excluding short circuit diffusion and the black markers
represent the experimental results from this work. IMC
growth reported by three external sources[3,21,61] are also
provided in Figures 11(a) and (b). Each source pro-
vided, fit curves in their reported IMC growths with
respect to annealing time at various fixed annealing
temperatures. As shown in Figures 11(a) and (b), the
IMC growths were calculated at the annealing time in
this study and plotted from the equations of each fit
curve. Movahedi et al.[3] measured the IMC growth at
the interface of friction stir welds,[3] while Kajihara

et al.[21] and Shibata et al.[61] measured the IMC growth
of Fe2Al5 from diffusion couples.
The choice of initial grains sizes in the Al (FCC) and

Al-Fe BCC phases was set at 0.1 and 2 lm, respectively,
in both Figures 11(a) and (b). Simulations were first

Fig. 10—(a) SEM BSE image focused on the weld zone of a VFAW weld heat treated at 525 �C for 140 min and (b) results of the EDS point
scans.

Shibata [61]

Movahedi [3]
Kajihara [21]

0.75 nm
0.50 nm
0.25 nm
Lattice diffusion only 
Experimental 

10 nm
50 nm
100 nm
200 nm
Lattice diffusion only 
Experimental 

Kajihara [21]
Movahedi [3]

Shibata [61]

(a)

(b)

Fig. 11—(a) variation of simulated and experimental data following
this study and other works of IMC thickness gains with respect to
annealing temperatures for (a) varying d and (b) varying g0d of the
IMC’s.
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carried out by applying the lattice diffusion profiles of
the Al-Fe system as illustrated in Figure 4(b) and
Table I. The results showed nearly no IMC growth
below 500 �C with very modest growths between 500 �C
and 600 �C. These calculated IMC growths for the
reported span of annealing temperatures are well below
the experimentally determined IMC growths illustrated
by the black markers on Figures 11(a) and (b). This
observed discrepancy between the calculated and exper-
imental results suggests that short circuit diffusion is a
major contributor to IMC growth of VFAW welds and
should be incorporated into the simulation to properly
represent the outcome of annealing VFAW welds. There
are few factors not addressed in the simulation that has
the potential to heighten the lattice diffusivity leading to
greater IMC growth then predicted. The first is the
energy produced from significant plastic deformation of
grains near the interface of a VFAW weld. This energy
can provide a driving force for phase transformation at
the interface promoting greater IMC formation rates.
The deformation at the weld interface also leads to the
formation of point defects providing sites for atomic
movement enhancing lattice diffusivity. Lastly the com-
position of the AlxFey may deviate slightly from perfect
stoichiometry promoting the formation of constitu-
tional/anti-site defects enhancing the lattice diffusivity.

It is observed that the calculated IMC growths using
lattice diffusion only is in better agreement to the IMC
growth of References [21, 61]. The likely reason for this
is that the diffusion couples are made by heat treating
sandwiched pieces of Al and Fe to establish a diffusion
bond. The interface should have minimal deformation
during this process which means that lattice or volume
diffusion should be the limiting step of IMC grain
growth.

The remaining non-green dashed curves in
Figures 11(a) and (b) are the results of including grain
boundary diffusion kinetics to the simulations. As
shown in Figure 11(a), the less known input variable d
for the simulations was varied to capture three different
trends (red dashed curves) of IMC growth with anneal-
ing temperature. The lack of knowledge of d is due to
the lack of experimental work conducted to measure this
term, arising from the difficulty and complexity of
measuring this in metals.[29] Assumptions were made for
setting the initial grain sizes of each phase used in the
simulations. The reason for this is that the phases at the
as-welded VFAW weld interface could not be experi-
mentally determined since the microstructure in that
region is too heterogeneous. The heterogeneity comes
from nucleation of new grains in the melt zones and
numerous regions of recrystallized grains. Since IMC
phases formed heterogeneously across the weld interface
occur during the rapid VFAW welding process, it is
expected that these grains are mostly submicron in size.
The reason for this is that these grains are formed from
nucleation at the weld interface with minimal chance to
grow. Also, regions at the weld interface lacking
intermetallic phases must nucleate before growth, low-
ering the overall average initial grain sizes of the IMC’s
prior to annealing. Al-FCC phase is expected to have an
average grain size in the submicron range due to the

phase having greater susceptibility to deformation and
recrystallization, while the Al-Fe BCC phase should
have larger grains. As explained in Section II–E, the
choice of initial grain sizes in the solid-solution phases is
not as critical to the growth of IMC during annealing.
The plot in Figure 11(a) shows that the experimental
results have consistently lower IMC growths than the
simulated results when the two higher d values were
used. As explained earlier in Section III–A, nucleation
for parts of the weld can be a rate limiting step for IMC
growth. If parts of a weld do not grow any IMC’s due to
sluggish nucleation, the average IMC growth of the
whole weld will be slower. Therefore, this can be one of
the reasons why the IMC growth experimentally mea-
sured is lower than the computational results. Mean-
while, the computational results could be more reliable
if grain boundary diffusion in the Al-rich intermetallic
phases was experimentally known. Another thing to
note is that the experimental results shows a Arrhenius
type relationship of the IMC growth with annealing
temperature. The growth of IMC’s is, however, sensitive
to the initial grain size in the IMC’s. The simulations
were therefore carried out by varying the initial grain
size of the IMC’s from 10 to 200 nm. d was set at 0.25
nm following the best fit with the experimental data seen
in Figure 11(a). The results of these simulations is
illustrated in Figure 11(b), which shows that the slope of
IMC growth with temperature becomes steeper with
greater initial IMC grain size. Figure 11(b) also shows
that when an initial IMC grain size of 100 nm is applied
to the simulations, the IMC’s growth trend with
temperature best matches with the trend in the exper-
imental results. This means that it is likely that the
average initial grain size of the IMC’s at the interface of
each as-welded VFAW weld is close to 100 nm.
However, this can only be speculated since no experi-
mental work was conducted to measure the grain size of
the IMC’s.

IV. CONCLUSIONS

The present study investigated the effect of annealing
on the structure and properties of Al-Fe impact welds
made using VFAW. Trends between processing,
microstructural evolution, and mechanical properties
of annealed Al-Fe VFAW weld couples were captured.
This study reached the following conclusions:

1. An existing method of measuring local toughness
via wedge testing was adopted to measure fracture
toughness in aluminum steel lap welds.

2. Small thermal exposure increases toughness, possi-
bly due to healing by means of sintering voids at the
weld interface without growth of intermetallics.
Higher temperature exposure forms continuous
IMCs causing toughness to degrade dramatically.

3. Intermetallic formation is far too fast to be
predicted by lattice diffusion. The IMCs that form
must have very high defect structure that aids
diffusion and to effectively model the behavior,
coarsening of the highly dislocated structure created
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must be considered. Initial intermetallics provide
nuclei that speed the process of forming IMCs.

4. Due to heterogeneity of the impact welded inter-
face, the intermetallic growth contains discontinu-
ous interface regions without IMCs which aids in
arresting crack growth. An increase in the annealing
temperature yielded an increase in IMC growth on
the center and inside portions on the weld interface.
However, on the outside portions where there was
little initial IMC, new IMC formation was often
delayed. This is presumably due to lack of nucle-
ation sites.
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