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The present study investigates the effect of annealing time and temperature on the
microstructural restoration (by recovery and recrystallization), texture evolution and tensile
properties of a dual-phase TWIP steel. The samples, which were initially hot rolled-air cooled
followed by being in solution treated condition, subsequent 50 pct cold rolled condition and
different annealing conditions (temperatures ranging from 500 �C to 1000 �C for 5 minutes to 2
hours), were subjected to microstructural characterization using optical and transmission
electron microscopy, electron backscatter diffraction analysis, tensile testing and fractographic
study. The deformation-induced ferrite (DIF) transformation due to cold deformation, the
evolution of the grain structure and texture in both austenite and ferrite, and the change in the
DIF fraction (accompanying the recrystallization annealing treatment) are critically analyzed.
The optimum combination of strength and ductility is achieved in the partially recrystallized
samples annealed at 700 �C for 30 minutes (UTS: 859 MPa, total elongation: 37 pct) and 900 �C
for 30 minutes (UTS: 708 MPa, total elongation: 63 pct).The effects of DIF on the evolution of
microstructure and texture during annealing and the final properties are discussed.
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I. INTRODUCTION

THE research interest in low-carbon, high-man-
ganese twinning-induced plasticity (TWIP) steels has
continuously increased because of their attractive
strength-ductility combination along with excellent
work-hardening capacity.[1] Addition of lighter elements
such as Al reduces the density of TWIP steel, which
helps in lowering the vehicle weight and decreasing the
associated CO2 emission and environmental pollution.[2]

The high Mn content makes the austenite stable at room
temperature and maintains the stacking fault energy
(SFE) in the range of 20 to 40 mJ/m2.[3] As a result, the
primary deformation mechanism produces twinning
instead of deformation by a slip or martensitic trans-
formation.[4] Martensitic transformation can always be
accompanied by twinning. Al addition increases the
SFE[5] and corrosion resistance[6] and prevents delayed

fracture during the tensile deformation of TWIP steel.[7]

Addition of Si in TWIP steel helps to avoid carbide
precipitation.[8] A small amount of Si addition mainly at
lower temperatures retards cementite precipitation in
austenite by the reduction of the free energy change of
the Fe3C reaction, which slows down the kinetics of
precipitation.[9–11] The presence of low carbon in this
steel provides excellent weldability and formability and
avoids undesirable carbide formation.[12] Recent
research on the dual-phase TWIP steel is designed so
that part of the austenite is deformed by the twinning
mechanism during straining, while the remaining
austenite undergoes deformation-induced transforma-
tion to a harder ferrite phase.[13–17] As a result, higher
tensile strength can be achieved along with high ductil-
ity. The development of ferrite-austenite dual-phase
TWIP steel requires a controlled addition of alloying
elements, especially Al.
Earlier studies established a combined deformation

mechanism involving twinning and dislocation move-
ment in TWIP steel. As a result, high strength can be
achieved along with a high strain-hardening ability that
ensures high uniform elongation.[13–17] In the present
study, the carbon content was kept as low as 0.06 wt pct
to reduce the chances of carbide formation. The
composition was selected to get a dual-phase structure
of ferrite and austenite as low-carbon dual-phase TWIP
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steel[18] has the better combination of strength and
ductility compared with that of (strain induced marten-
site + austenite) TWIP/TRIP steel.[19]

During cold rolling, the deformation twins decrease
the mean free path of dislocation movement resulting in
dislocation-twin interaction that, along with the twin-t-
win interaction, significantly increases the tensile
strength. A detailed investigation of the microstructural
restoration during the recrystallization annealing treat-
ment is necessary to achieve the best possible combina-
tion of strength and ductility in TWIP steel. The
annealing response of TWIP steel follows successive
stages of recovery, partial and complete recrystallization
and grain growth. Some of the earlier studies investi-
gated the annealing response of cold-deformed samples
of different grades of TWIP steels having a composition
range of 17 to 24 Mn, 1.5 to 3.0 Al, 0.0 to 2.0 Si, 0 to 1
Ni, 0.06 to 0.30 C and the rest iron (all in wt pct).[20–23]

Annealing treatments were carried out at 300 �C to 900
�C (especially at 600 �C to 700 �C) for 60 minutes.[20–23]

However, consistent and in-depth understanding of the
effect of annealing treatment on the recovery and
recrystallization mechanism is yet to be achieved.
Regarding the deformation mechanism of dual-phase
ferrite-austenite TWIP steel, the previous studies were
primarily focused on the hot and cold deformation
behavior instead of the annealing response. Mohama-
dizadeh et al.[24] performed electron backscatter diffrac-
tion (EBSD) analysis on a hot, deformed (at 1000 �C
using 1/s strain-rate) duplex low-density steel (0.7 C-17
Mn-8 Al) and reported the formation of ultrafine ferrite
grains (~ 0.3 lm diameter) by deformation-induced
austenite to ferrite transformation. The presence of
alpha fibers such as Brass and Goss texture components
are expected in low SFE TWIP steel.[25] During defor-
mation, the intensity of the Cu component is reduced
while that of the Brass component is increased.[26] Also,
the deformation texture intensity decreases upon anneal-
ing.[27] However, the influence of deformation-induced
ferrite transformation on texture formation has not been
discussed so far. In addition, the evolution of
microstructure and crystallographic texture in the
cold-rolling and annealing route and the associated
changes in tensile properties have not been investigated
for the current dual-phase TWIP steel.

Therefore, the present investigation aims to study the
effect of annealing time and temperature on the
microstructural restoration (by recovery and recrystal-
lization) as well as texture evolution and the tensile
properties of a dual-phase TWIP steel.

II. EXPERIMENTAL PROCEDURES

The chemical composition of the investigated steel is
shown in Table I. The steel was prepared in an air
induction furnace, and the final ingot size was 200 mm 9
100 mm 9 100 mm after discarding the shrinkage
portion. The ingot was homogenized at 1200 �C for 5
hours and subsequently hot forged to a long bar with a
cross-section area of 18 mm 9 24 mm. Small pieces were
cut from the forged bar with a size of 60 mm 9 18 mm 9

24 mm and were soaked at 1200 �C for 40 minutes for
hot rolling. The finish rolling temperature (FRT) was
800 �C, and the samples were air cooled from FRT to
room temperature. The final thickness of the hot-rolled
plate was 8 mm (reduced from 18 mm). A solution
treatment (at 1040 �C for 1 hour) followed by water
quenching was adopted to remove the inhomogeneities
in the hot-rolled samples. The hot-rolled, air-cooled and
solution-treated (HRACST) samples were cold rolled at
room temperature to 50 pct thickness reduction by
applying several passes using a laboratory rolling mill.
Finally, 50 pct cold-deformed samples were annealed at
500 �C, 600 �C, 700 �C, 800 �C, 900 �C and 1000 �C for
different durations (5, 15, 30 minutes, 1 and 2 hours)
followed by water quenching.
The Vickers hardness (HV) was examined using a

Universal Hardness Tester (Innovatest VERZUS 750
series), applying 30 kgf force for 20 seconds of dwelling
time. Dog-bone-shaped tensile specimens (ASTM E8M
standard) were prepared with a gauge length of 25 mm,
width of 6.35 mm and thickness of 3.1 mm. The tensile
specimens were machined from the plates processed at
different conditions (hot rolled, cold rolled or annealed)
along the rolling direction. The tensile test was carried
out at room temperature using an Instron 5900R
machine at a crosshead velocity of 0.5 mm per minute.
The strain was measured by a calibrated extensometer.
The average hardness (ten readings from each specimen)
and tensile strength were determined after testing a
minimum of three specimens for each processing con-
dition. The tensile toughness is the energy absorption
capacity, which has been measured from the area of the
plastic region of the stress–strain curve. The tensile
toughness was calculated considering the yield and
ultimate tensile strength along with ductility (tensile
strain). For estimation of the recrystallized fraction
(pct), the following equation[22,28] was used:

Recrystallization pctð Þ ¼ HVCD �HVANN

HVCD �HVINT
½1�

where HVCD, HVANN and HVINT are the hardness
values of cold-deformed, annealed and initial ‘unde-
formed condition,’ respectively.
For the microstructural study, the conventional met-

allographic procedure was followed, and the specimens
were etched with 10 pct nital solution. Microstructural
characterization was performed using a Carl Zeiss
AXIOVERT 40 MAT optical microscope. The average
austenite grain size was determined by measuring the
area of> 500 grains from each sample and represented
as the equivalent circle diameter. The 3-mm-diameter
circular discs were punched out from thin foils (� 80

Table I. Nominal Chemical Composition (Weight Percent)

of the Investigated Dual-Phase TWIP Steel

C Mn Si Al S P Fe

0.06 21.50 3.11 3.56 0.009 0.008 balance
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lm) and electro-polished (at ~ 10 �C) using an elec-
trolyte of 90 pct acetic acid and 10 pct perchloric acid.
The transmission electron microscopy (TEM) study was
performed in Tecnai�G2 at 200 kV operating voltage.
The phases present after the different processes were
examined by an X-ray diffraction machine (Bruker-Ad-
vance D8 model) using a copper target (Cuka) at a step
size of 0.01 deg/s and scanning over 2h range of 40 to
100 deg. The specimens for electron backscatter diffrac-
tion (EBSD) study were prepared by mechanical pol-
ishing followed by electro-polishing in perchloric acid (5
vol pct) and acetic acid (95 vol pct) solutions. EBSD
study was conducted in a Zeiss EVO 60 SEM with an
attached Oxford HKL Channel 5 system. The 0.4-lm
step size was used to construct the EBSD maps on the 80
lm 9 60 lm scan area. A minimum misorientation
threshold of 2 deg was selected considering the angular
resolution of EBSD. The boundaries having misorien-
tation angles of 2 to 15 deg and > 15 deg were
considered the low- and high-angle boundaries,
respectively.

III. RESULTS AND DISCUSSION

A. Phase Identification from X-ray Diffraction

The X-ray diffraction peaks for the hot-rolled solu-
tion-treated (HRACST) and 50 pct cold (rolled)
deformed (50CD) samples in Figure 1 show primarily
austenite (c-FCC) and ferrite (a-BCC). The peak broad-
ening due to cold deformation is evident in the 50CD
sample (Figure 1). The (111), (200), (220), (311) and
(222) peaks are identified for austenite.[29] On the other
hand, the ferrite phase is recognized by the presence of
(110), (200), (211) and (220) peaks. This ferrite is the
deformation-induced ferrite (DIF), which contains a
DO3 (example Fe3Al) type intermetallic precipitate.[24]

However, the Fe3Al (DO3) phase could not be detected
in the present XRD study, possibly because of its low
volume fraction, which is in agreement with an earlier
study.[30]

B. Microstructure Evolution

Figures 2(a) through (h) show the optical micro-
graphs of HRACST, 50CD and annealed samples. The
HRACST microstructure reveals equiaxed austenite
grains containing the annealing twins and DIF along
the grain boundaries. The 50CD sample shows DIF and
some deformation twins within the austenite grains. A
similar observation of DIF by optical microscopy has
been reported earlier.[31]

Twinning is known to dominate the deformation
mechanism in materials having SFE in the range of 20 to
40 mJ/m2 such as TWIP steel. DIF generally evolves
during and after hot rolling[32] as the austenite-to-ferrite
transformation temperature increases with the increase
in applied strain.[33] The DIF transformation involves
diffusion of carbon and Mn into the austenite and Si and
Al into the ferrite. The DIF transformation is also
accompanied by stress relaxation. Al and Si are ferrite
stabilizers and promote the ferrite transformation.
Considering the cumulative effect of carbon and Mn,
the low carbon content (0.06 wt pct) of the investigated
steel reduces the stability of austenite. Carbon diffuses
from the a/c interface to nearby austenite and forms
DIF along the austenite grain boundaries. The ferrite
nucleates during hot rolling and during subsequent slow
cooling (air cooling); the strain relaxation causes the
growth of the existing DIF. As the ferrite transforma-
tion depends not only on the thermal activation, but
also on the applied strain, the ferrite is termed DIF.[34]

These DIFs normally form during hot deformation/
rolling and quenching in low-carbon steels.
However, as the hot-rolled sample is solution treated,

the DIF disappears by the reverse ferrite-to-austenite
transformation. An increase in the ferrite volume
fraction during cold rolling can be related to the
negative Helmholtz free energy as discussed below:
The Helmholtz energy, F, is defined as[35]

F ¼ U� TS ½2�

where U is the internal energy of the system, T is the
absolute temperature in Kelvin, and S is the entropy.
Again, from the first law of thermodynamics,[36]

dU ¼ dQ� dW ½3�

where dQ is the energy of heating as expressed below
and dW is the work done by the system:

dQ ¼ TdS ½4�

As the cold rolling was performed at room temper-
ature, the energy of heating will be negligible; therefore,
the internal energy can be written as

dU ¼ dQ� dW ½5�

The Helmholtz free energy becomes negative because
of the total strain energy reduction induced by the cold
work. Hence, there will be an enhancement of DIF
formation since this contributes to a negative change in
the Helmholtz free energy. As the specific volume of the
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Fig. 1—X-ray diffraction profiles of hot rolled-solution annealed
(HRACST) and 50 pct cold deformed (50CD) samples.
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Fig. 2—Optical micrographs of (a) HRACST, (b) 50CD and annealed (c) 500 �C—5 min, (d) 500 �C—1 h, (e) 700 �C—5 min, (f) 700 �C—1 h,
(g) 900 �C—5 min and (h) 900 �C—1 h samples.
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DIF is less than that of the parent phase (matrix), the
fraction of DIF increases because of the relaxation of
the total strain energy (generated by the cold working),
thereby reducing the total Helmholtz free energy of the
system. The driving force, DGac, for the deformation
induced austenite-to-ferrite transformation, can be
expressed as[37]

DGac ¼ DGchem þ DGdef ½6�

where DGchem is the chemical free energy, and DGdef is
the strain energy stored during deformation, which
provides a supplementary driving force. The driving
force (DGac) increases with the increase in applied strain,
promoting the austenite-to-ferrite transformation. The
Helmholtz free energy and driving force arising from the
stored energy during deformation for the DIF transfor-
mation are given here to explain the enhancement in the
volume percentage of the DIF according to the available
literature.[35,37] However, no analysis of the above
specific material parameter is done in the present study.

The DIF volume fraction depends on the carbon
diffusion in austenite and the austenite/ferrite interface
mobility. During the transformation, the mobility of the
austenite/ferrite interface accumulates the carbon atoms
into the surrounding austenite because of the lower
solubility of carbon in ferrite.[38] At the time of hot
rolling, the occurrence of dynamic recrystallization
increases the grain boundaries of austenite. The DIF
forms along those boundaries as they are high-energy
regions. The accumulation of strain (i.e., strain energy)
during hot rolling intensifies the diffusion of alloying
elements (through pipe diffusion) and provides the
driving force for the DIF transformation.[39,40]

During cold rolling, the defects generated by defor-
mation act as the preferred nucleation sites for ferrite
formation through structure-sensitive diffusion. The
carbon atoms diffuse during cold rolling by disloca-
tion-assisted pipe diffusion[41] near the austenite/ferrite
interfaces. The carbon atoms move following the con-
centration gradient in austenite. The austenite regions
with lower carbon content become unstable, and the
DIF transformation occurs.[41] Due to this strain-in-
duced transformation, the ferrite contains high disloca-
tion density. The DIF is harder than the normal ferrite
as it contains a DO3-type phase of Fe3Al.[42] Optical
micrographs of cold-rolled and annealed samples (at 500
�C for 5 minutes to 1 hour) in Figures 2(c) and (d)
indicate no evidence of recrystallization. The presence of
deformation twins after annealing at 500 �C suggests the
occurrence only of recovery without any recrystalliza-
tion. In this context, it is important to note that the
microstructure remains unchanged even after annealing
at 700 �C for 5 minutes (Figure 2(e)).

The recrystallized ultrafine austenite grains (~ 5 to 7
lm) are observed in certain regions (~ 20 vol pct) after
annealing at 700 �C for 1 hour (Figure 2(f)). The
recrystallized grains gradually become more prominent
with increasing temperature and time of annealing.
Annealing at 900 �C for 5 minutes reveals a partially
recrystallized grain structure with some deformed grains
(< 20 vol pct) as shown in Figure 2(g). Figure 2(h)

shows fine (~ 2 to 10 lm) and equiaxed recrystallized
grains after annealing at 900 �C for 1 hour. Although
the grains with defects and without defects can be
difficult to distinguish in optical micrographs, fine and
equiaxed grains are considered the recrystallized grains.
To study the recrystallization phenomenon in TWIP
steel, optical microscopy is preferred over other tech-
niques.[24,25] Optical microscopy can cover a large
sample area, which is beneficial and cannot be examined
at higher magnification electron microscopy.
The TEM micrographs of HRACST, 50CD and

annealed samples (at 500 �C and 900 �C for 30 minutes)
are provided in Figure 3. The fully austenitic structure,
along with annealing twins, is evident in the HRACST
sample shown in Figure 3(a). Deformation twins within
the austenite grains are observed in the 50 pct cold-de-
formed (50CD) sample shown in Figure 3(b). The inset
of Figure 3(b) shows a selected area electron diffraction
(SAED) pattern (taken from the circular region indi-
cated in the micrograph), which confirms the presence of
twins. It is important to note that the deformation twins
(width: 40 to 50 nm) are much finer than the annealing
twins (width: 150 to 170 nm) (Figure 3(a) vis-à-vis
Figure 3(b)). Figure 3(c) shows the TEM bright-field
(BF) micrograph of the 50CD sample where the
deformation-induced ferrite (DIF) can be identified
along the austenite grain boundary. As reported ear-
lier,[43] these ferrites generally contain Fe3Al intermetal-
lic precipitates having a superlattice structure (DO3).
However, due to the small fraction of Fe3Al, these
particles are difficult to detect. In this regard, to provide
confirmation of the existence of the DO3 in the ferrite
phase, SAED (inset in Figure 3(c)) taken from the
circular area is marked in the DIF grain. Imandoust
et al.[44] presented a similar DO3 phase (confirmed by
SAED analysis) in the ferrite phase of a dual-phase
TWIP steel [Fe-29.20Mn-5.20Al-0.60Si-0.06C (wt pct)]
through TEM studies. Welsch et al.[45] showed a similar
superlattice reflection in the diffraction pattern of a high
Mn lightweight steel.
For the ordered structure, superlattice reflections are

expected to be present. The actual real-space unit cell
becomes larger because of the extra lattice points; thus,
the reciprocal-space cell becomes smaller.[44,45] The
intensity of this superlattice structure is lower than that
of the fundamental lattice[45] and therefore appears to be
very faint.[46] The presence of the deformation twin
bundles at 500 �C for the 30-min annealed sample can be
confirmed by the bright-field TEM image (Figure 3(d)).
Annealing at 900 �C for 30 minutes shows recovered
grains with deformation twins (Figure 3(e)). The coex-
istence of deformed regions containing some disloca-
tions and deformation twins beside the recrystallized
grains at 900 �C for the 30-minute annealed sample is
shown in Figure 3(f).

C. Study of Microstructure and Microtexture by EBSD

Figures 4(a) through (e) display the ND-inverse pole
figure (IPF) maps of FCC austenite for HRACST,
50CD and annealed (at 500�C, 700�C and 900�C for 30
minutes) samples. The IPF maps represent the
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distribution of different orientations within the
microstructure. Insets in Figures 4(a) through (e) are
the twin maps of the respective IPF images. Figure 4(f)
represents the ND-IPF color legend. The nucleation of

the recrystallized austenite grains, especially at the grain
boundaries and the triple points, can be observed in the
EBSD-IPF map in Figure 4(d). The austenite grain size
in the partially recrystallized samples shows a large

Fig. 3—TEM micrographs of (a) HRACST, (b and c) 50CD and annealed, (d) 500 �C—30 min, (e and f) 900 �C—30 min samples. Insets of (b)
and (c) show the SAED patterns of the circular areas marked in the figures.
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variation due to the presence of fine recrystallized grains
along with the deformed coarse grains. At 500 �C, there
is no signature of recrystallization and grain refinement.
At higher annealing temperatures (700 �C to 900 �C),
the initially deformed grains are replaced by the much
finer recrystallized grains of sub-microns to a few
microns in size (in Figures 4(d) and (e)), and thereby
the original grain boundaries cannot be traced anymore.

Figures 5(a) through (e) represent the ND-IPF maps
of the deformation-induced BCC ferrite (DIF) for
HRACST, 50CD and annealed (at 500 �C, 700 �C and
900 �C for 30 minutes) samples. The DIF fraction is
higher by ~ 16 to 17 pct in the 50CD sample than in the
HRACST sample; see Figures 5(a) and (b). The amount
of DIF remains the same at 500 �C for the 30-minute
sample and reduces with the further increase in

annealing temperature (700 �C to 900 �C) due to the
ferrite fi austenite reverse transformation. The DIF
grains are observed primarily along the austenite grain
boundaries and become elongated upon cold deforma-
tion. The subsequent annealing leads to recovery of
ferrite as it has a high stacking fault energy.[47] The
recovery process continues up to 700 �C, which main-
tains a high frequency of the low-angle boundaries.
Mohamadizadeh et al.[24] attributed the formation of
low-angle boundaries to the dynamic recovery of the
DIF. Dong et al.[48] reported that, due to various strain
accumulations in ferrite, dislocation densities within the
ferrite grains are low. These low dislocation densities
and the rearrangement of dislocations develop the
low-angle boundaries. At 900 �C, recrystallization dom-
inates the microstructural restoration, which may even

Fig. 4—ND-Inverse pole figure (IPF) maps of FCC austenite of (a) HRACST, (b) 50CD, and annealed (for 30 min) (c) at 500 �C (d) at 700 �C,
(e) at 900 �C samples, (f) ND-IPF color legend. Inset diagrams in (a) to (e) are showing twin maps of the respective samples. Dc indicates the
average austenite grain size (Color figure online).
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be a continuous recrystallization process, aided by the
pronounced ferrite recovery. Study of texture was taken
up to identify the recrystallization mechanism.

Figure 6 displays the /2 = 45 deg sections of the
orientation distribution function (ODF) of austenite for
HRACST, 50CD and the annealed (at 500 �C, 700 �C
and 900 �C for 30 minutes) samples. Annealing at 500
�C for 30 minutes shows Goss and Brass textures. Saleh
et al.[27] reported that Cu texture component generally
forms in high SFE materials, whereas low SFE leads to
Brass type textures. During deformation, extensive
twinning in the low-SFE steels can decrease the intensity
of the copper component and increase the same for the
Brass and Goss components.[49] However, the overall
texture intensity of these components in the solu-
tion-treated sample is lower than those in the cold-de-
formed sample. The overall texture intensity further

decreases after annealing at 700 �C for 30 minutes, and
Brass, Goss and S components deviate from their ideal
locations and spread out. In this regard, it is important
to note that a new orientation like transformed copper
({255}h511i) appears in Figure 6(d). Finally, the texture
becomes more random in the 900 �C—30 minutes
sample where the recrystallization of austenite strength-
ens the cube texture with some Goss texture
(Figure 6(e)). The partially recrystallized samples (700
�C—30 minutes and 900 �C—30 minutes) primarily
contain the same texture components as the cold-de-
formed sample but at a considerably lower intensity and
substantial spreading of the orientations; see
Figures 6(d) and (e). The annealing response, therefore,
starts with the recovery-assisted nucleation of the new
grains followed by their growth, which transforms the
elongated grains into equiaxed grains at higher

Fig. 5—ND-Inverse pole figure (IPF) maps of BCC ferrite (DIF) of (a) HRACST, (b) 50CD and annealed (for 30 min) (c) at 500 �C (d) at 700
�C, (e) at 900 �C samples and (f) ND-IPF color legend. Da indicates the ferrite grain size (Color figure online).
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annealing temperature (900�C). Therefore, completely
recrystallized samples do not reveal any strong texture
component.

Figure 7 reveals the /2 = 45 deg sections of the ODF
of deformation-induced ferrite for HRACST, 50CD and
annealed (at 500 �C, 700 �C and 900 �C for 30 minutes)

Fig. 6—F2 = 45 deg sections of the orientation distribution function (ODF) of austenite of (a) HRACST, (b) 50CD, and annealed (for 30 min)
(c) at 500 �C (d) at 700 �C and (e) at 900 �C samples. The color legends (intensity) are given with the respective ODFs (Color figure online).
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Fig. 7—F2 = 45 deg sections of the orientation distribution function (ODF) of deformation induced ferrite (DIF) of (a) HRACST, (b) 50CD
and annealed (for 30 min) (c) at 500 �C (d) at 700 �C and (e) at 900 �C samples, the color legends (intensity) are given with the respective ODFs
(Color figure online).
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samples as obtained from the EBSD study. The color
legends are given below the respective ODFs.
Figure 7(a) shows a mixture of cube (RD//h001i),
alpha-fiber (RD//h110i) and gamma-fiber (ND//h111i)
texture in HRACST. Typical deformation textures, such
as alpha fiber and rotated cube, dominate in the 50CD
sample. Alpha fiber, cube and rotated cube are also
obtained in the 500 �C—30 minutes annealed sample.
The texture changes to a mixture of cube (RD//h001i)
and gamma fiber (recrystallization texture) when the
cold-deformed sample is annealed at 700 �C, whereas
gamma fiber (ND//h111i) dominates the texture in the
900 �C—30 minutes annealed sample. The strong
gamma-fiber texture indicates that the conventional
discontinuous recrystallization (and possibly not the
continuous recrystallization) contributes to the restora-
tion of the DIF grains (deformed after transformation)
during high-temperature annealing of the dual-phase
TWIP steel.

D. Mechanical Properties

Figure 8(a) shows the variation in hardness as a
function of temperature for a fixed annealing time. The
initial hardness of 175 HV in the HRACST sample
increases to 400 HV in 50CD. The hardness decreases
sharply with the increase in annealing time (from 5
minutes to 2 hours) at each annealing temperature.
Figure 8(a) also indicates a gradual decrease in hardness
with the increase in annealing temperature, and the
lowest hardness obtained after annealing at 1000 �C for
2 hours (154 HV) is even lower than the hardness of the
HRACST sample. Figures 8(b), (c) and 9(a), (b) show
the engineering stress–strain curves of the samples
annealed for 5 minutes, 30 minutes, and 1 hour and 2
hours, respectively. The curves for both the HRACST
and 50CD samples are shown together for the sake of
comparison. All the engineering stress-strain curves
display continuous yielding behavior. Compared to the
cold-deformed condition, the ductility (tensile strain) is
significantly restored after annealing treatment, sacri-
ficing yield and tensile strength, which is to be expected.
The ultimate tensile strength (UTS) of the cold-rolled
sample is 1202 MPa along with 20 pct total elongation.
The maximum ductility of 82 pct is obtained after
annealing at 1000 �C for 2 hours although the UTS
decreases to 540 MPa. Some of the samples annealed at
higher temperatures for longer durations show even
better ductility but lower strength compared to the
HRACST sample (655 MPa and 54 pct) because of the
recrystallization and some amount of grain growth (up
to 40 to 50 lm in size) at the higher annealing
temperatures for a prolonged duration. The sample
annealed at 1000 �C for 5 minutes shows a similar
stress-strain curve as the hot-rolled solution-treated
sample (Figure 8(b)). However, the UTS and elongation
are slightly higher because of the presence of thermally
stable deformation twins and the recovered grain
structure. The recovery happened even after the short
duration of annealing (5 minutes) at a high temperature
of 1000 �C (>> 500 �C).

Annealing at 700 �C for 30 minutes provides an
excellent combination of strength and ductility with
UTS of 859 MPa and total elongation of 37 pct, which
can be attributed to the partially recrystallized austenite
grain structure along with the ultrafine DIF grains. No
considerable change can be noticed in the tensile
properties after annealing the cold-rolled sample at
500 �C for up to 2 hours (Figure 9(b)). Some improve-
ment in ductility (up to 27 and 30 pct) is observed after
annealing at 600 �C for 1 to 2 hours. A significant
restoration of ductility is obtained after annealing at 800
�C and 900 �C for 5 minutes to 2 hours. UTS of 745
MPa with 51 pct elongation is perceived in the 800

Fig. 8—(a) Variation in bulk hardness as the function of
temperature. Engineering stress vs engineering strain curves of the
samples annealed at 500 �C to 1000 �C for (b) 5 min and (c) 30 min.
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�C—30 minutes sample, whereas 708 MPa UTS with 63
pct ductility values is attained in the 900 �C—30 minutes
sample. The annealing duration vs tensile toughness
curve in Figure 9(c) indicates a continuous increase in
tensile toughness (compared to the cold-rolled sample)
with the increase in annealing temperature and time,
except at 1000 �C (for 30 minutes to 2 hours) where the
toughness decreases. At 1000 �C, the strength drastically
decreases (possibly because of grain growth), affecting
the tensile toughness. The maximum tensile toughness is
obtained in the 900 �C—2 hours sample.

Figures 10(a) and (b) show the variation in recrystal-
lization (pct) as a function of annealing temperature and

time, respectively. The recrystallization fraction
increases significantly with the increase in annealing
temperature, whereas the influence of annealing time is
less pronounced. Annealing at 1000 �C for 1 to 2 hours
completely recrystallized the microstructure, and the
hardness decreased below that of the HRACST sample
because of grain growth. At 900 �C, almost complete
recrystallization (99 pct) was achieved after annealing
for 2 hours. The UTS vs total elongation plot in
Figure 10(c) for a wide range of annealing conditions
primarily exhibits three distinct regions of microstruc-
tural restoration, viz. recovery, partial recrystallization
and complete recrystallization (with grain growth).

Fig. 9—Engineering stress vs engineering strain curves of the samples
annealed at 500 �C to 1000 �C for (a) 1 h and (b) 2 h, and (c)
variation in tensile toughness as the function of annealing time.

Fig. 10—Percent recrystallization as the function of (a) annealing
temperature and (b) annealing time, (c) ultimate tensile strength
(UTS) vs engineering strain plot represents three distinct regions,
namely recovery, partially recrystallized and fully recrystallized
region.
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Annealing at 500 �C and 600 �C for 5 minutes to 2
hours, and 700 �C for 5 minutes, resulted in recovery
instead of recrystallization. Annealing at 700 �C and 800
�C for all durations and 900 �C up to 1 hour corre-
sponds to the partial recrystallization region, where both
deformed and recrystallized grains coexist. Annealing at
900 �C—2 hours, 1000 �C—1 hour and 1000 �C—2
hours yielded fully recrystallized microstructures. It can
be inferred from Figure 10(c) that, upon annealing at
lower temperatures (500 �C to 600 �C), ductility is
restored to a limited extent with a marginal decrease in
UTS because of recovery. The partially recrystallized
region shows a reasonable amount of tensile strength
(680–830 MPa) and ductility (40 to 65 pct) for the
deformed samples annealed at 700 �C to 900 �C.
Annealing at 1000 �C resulted in a substantial increase
in ductility; however, the tensile strength was reduced
significantly.

E. Fractographic Features

Figure 11 displays SEM fractographs of the speci-
mens tested for tensile strength. The HRACST sample
shows ductile fracture characterized by fine and
equiaxed dimples (Figure 11(a)). The 50CD fracture
surface (Figure 11(b)) shows a brittle appearance com-
prising cleavage and quasi-cleavage (which can be the
harder DIF regions) and microcracks (possibly formed
at the interface of ferrite and austenite) elongated along
the rolling direction (Figure 11(b)). Upon cold defor-
mation of 50 pct, the equiaxed dimples decrease in size,
and the coalescence of these dimples leads to microcrack
initiation. The fractographic features did not change
significantly after annealing at 500 �C for 1 hour
(Figure 11(c)) compared to the 50CD sample. There-
fore, the annihilation of the residual stress and defor-
mation-induced defects improved the ductility without
significant microstructural changes. The sample
annealed at 700 �C (for 30 minutes to 1 hour duration)
reveals fine dimples indicating a ductile fracture as
shown in Figures 11(d) and (e). Figures 11(f) and (g)
also show primarily ductile fracture after annealing at
900 �C (for 30 minutes to 1 hour).

The region of ductile fractures and the size of dimples
have increased with annealing time at 900 �C. Annealing
at 1000 �C for 2 hours led to a complete ductile fracture
similar to the fracture surface of HRACST where the
dimples are equiaxed and deep. Hence, it can be
concluded that the brittle nature of fracture becomes
the ductile mode of fracture with the increase in
annealing temperature and time. Thus, the results of
fractographic study substantiate the earlier discussion
on the recrystallization fraction and tensile properties.

IV. CORRELATION OF MICROSTRUCTURE,
TEXTURE AND MECHANICAL PROPERTIES

WITH ANNEALING BEHAVIOR

During the recovery annealing treatment, dislocation
density (q) can be expressed as[50]

q ¼ qm � g ln 1þ btð Þ ½7�

where qm is the dislocation density present in the
cold-deformed specimen, g is the recovery constant,
and b is the instantaneous recovery rate. Again, b can
be expressed in terms of the Arrhenius equation as[50]

b ¼ m exp �Qrec

KT

� �
½8�

where m is a constant, Qrec is the activation energy, K
is the Boltzmann constant (8.6173303 9 10�5 eV/K),
and T is the absolute temperature (in K). If two sets
of temperature and time (T, t) show similar hardness,
then the samples are expected to have a similar dislo-
cation density. Therefore, Eqs. [7] and [8] can be
rewritten as[50]

exp �Qrec

KT

� �
t1 ¼ exp �Qrec

KT

� �
t2 ½9�

From Eq. [9] the activation energy Qrec can be
expressed by[50]

Qrec ¼
KT1T2 ln t1 � t2ð Þ

T2 � T1ð Þ ½10�

Annealing at ‘500 �C for 1 hour’ and ‘600 �C for 5
minutes’ shows similar hardness, and the corresponding
activation energy is 1.45 eV or 140 kJ/mol, which is close
to the activation energy of dislocation of c-Fe, i.e., 1.65
eV or 159 kJ/mol.[50] According to a previous study,[51]

the recovery of the deformed samples is controlled by
diffusion through the dislocation cores. Similarly, the
activation energy for another set of temperature and
time such as ‘800 �C, 30 minutes’ and ‘900 �C, 5 minutes’
is 1.95 eV or 188 kJ/mol. This value lies in between the
self-diffusion value (2.80 eV or 270 kJ/mol) and the
core-diffusion value (1.65 eV or 159 kJ/mol) of c-Fe,
which implies that the recovery process reaches comple-
tion and recrystallization starts. On the other hand, the
activation energy for ‘900 �C, 30 minutes’ and ‘1000 �C,
5 minutes’ is 2.31 eV or 222 kJ/mol. This value is very
close to the self-diffusion of c-Fe, which indicates that
the recrystallization becomes the primary softening
mechanism instead of recovery.
The microstructure, hardness and strength values are

not altered significantly when the cold-deformed sam-
ples are annealed at 500 �C and 600 �C for different
durations. However, at these temperatures, a certain
increase in ductility indicates the structural recovery by
the release of residual stress and annihilation and
rearrangement of the dislocations. Twinning during
deformation can hinder the subsequent recovery process
by resisting the dislocation movement. The deformation
texture remains even after the recovery annealing;
however, the overall texture intensity decreases.
At 700 �C and 800 �C, partial recrystallization has

taken place with very fine grains (<1 lm) visible along
with the coarser and deformed grains. The defect-free
fine grains not only increase the strength following the
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Fig. 11—SEM micrographs of tensile fracture surfaces of (a) HRACST, (b) 50CD and annealed, (c) 500 �C—1 h, (d) 700 �C—30 min, (e) 700
�C—1 h, (f) 900 �C—30 min, (g) 900 �C—1 h and (h) 1000 �C—2 h samples.
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Hall–Petch relationship but also contribute to ductility
and toughness. The deformed grains, as well as the
ultrafine grains, maintain a higher strength level than
that of the hot-rolled solution-treated samples
(HRACST) as evident in Figures 8(b), (c) and 9(a),
(b), whereas the defect-free recrystallized grains restore
the ductility. As a result, the partially recrystallized
samples showed the best combination of strength and
ductility. The microstructure and EBSD study establish
that the deformation twins do not act as the preferential
nucleation sites for recrystallization. Rather, the grain
boundaries and triple points provide the nucleation sites
for recrystallization. It was reported earlier[52,53] that if
cold-deformed grains remain in the annealed condition,
the presence of deformation twins is to be expected.
Annealing at 900 �C (for different durations) primarily
results in recrystallization up to 99 pct in 2 hours. The
partially recrystallized 700 �C—30 minutes and 900
�C—30 minutes samples do not reveal any strong
recrystallization texture apart from the retention of
some deformed grains with deformation texture (at a
reduced intensity). The newly formed recrystallized
austenite grains have a random orientation; therefore,
the deformation texture becomes relatively weak in the
partially recrystallized samples. After annealing at 900
�C for 1 to 2 hours and 1000 �C for 5 minutes and 30
minutes, the deformed grains are fully recrystallized
increasing the ductility> 60 pct. Annealing at 1000 �C
for 1 and 2 hours results in grain growth, which
decreases the hardness and strength significantly even
lower than the hot-rolled and solution-treated sample.
The ductility on the other hand exceeds 80 pct.

The evolution of the texture of austenite in dual-phase
TWIP steel is different from that in the single-phase
austenitic steels—which is an interesting observation.
Although Brass and Goss orientations are known to
dominate the FCC deformation texture, the present study
shows strong gamma-fiber texture in deformed austenite
and a relatively weaker Goss and Brass orientations. This
can be attributed to the influence of DIF. The transfor-
mation of the severely deformed austenite grains to DIF
can reduce the intensity of Brass and Goss textures. On
the other hand, the preferential deformation of austenite
due to the constraint imposed by the harder DIF regions
can also intensify the gamma-fiber in austenite. The DIF
grains are also deformed by subsequent straining (during
cold rolling), generating alpha-fiber and rotated cube
deformation textures that finally turn into gamma fibers
after recrystallization annealing.

V. CONCLUSIONS

The following major conclusions can be derived based
on the above experimental findings:

1. Optical microscopy, TEM and X-ray diffraction
studies confirm that hot-rolled air-cooled and
solution-treated and 50 pct cold-rolled samples
show primarily austenitic structure along with
deformation induced ferrite of 15 to 18 vol pct.

The formation of a superlattice structure inside DIF
was confirmed by the TEM study.

2. Recrystallization initiates after annealing at 700 �C
for 30 minutes and results in the formation of
ultrafine grains (< 1 lm), which gradually increase
in size with annealing temperature and time. These
indicate that the recrystallization dominates instead
of recovery. DIFs almost completely vanish after
annealing at 900 �C by the reverse ferrite-to-austen-
ite transformation.

3. The EBSD-IPF maps reveal that the DIFs are
present primarily along the boundaries of cold-de-
formed and elongated austenite grains. The ferrite
phase readily recovers because of its high stacking
fault energy. At 900 �C, recrystallization takes place
in deformed ferrite.

4. Annealing at 500 �C to 600 �C results in recovery,
whereas partial recrystallization occurs upon
annealing at 700 �C to 800 �C. Almost complete
recrystallization is achieved upon annealing at 900
�C for 30 minutes to 2 hours and 1000 �C for 5 to 30
minutes. These results are also substantiated by the
activation energy calculation through the Arrhenius
equation.

5. An increase in the fraction of deformation-induced
ferrite (DIF) after cold deformation can be corre-
lated with dislocation-assisted diffusion through the
short-circuiting paths (pipe diffusion) as well as the
strain energy relaxation through an equal amount
of reduction in the total Helmholtz free energy. A
gradual decrease in hardness is observed with the
increase in annealing temperature and time. The
sample annealed at 1000 �C for 2 hours showed the
lowest hardness (154 HV) as a result of grain
growth.

6. Upon annealing, strength decreases (from 1202 to
540 MPa) and ductility significantly increases (from
20 to 82 pct). The optimum combination of strength
and ductility is achieved in partially recrystallized
samples annealed at 700 �C for 30 minutes (UTS:
859 MPa, tensile elongation: 37 pct) to 900 �C for 30
minutes (UTS: 708 MPa, tensile elongation: 63 pct).
Fractography reveals fine dimples indicating the
ductile mode of fracture with the increase in
annealing temperature and time.
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