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This study investigates the effect of grain/sub-grain size, boundarymisorientation, and dislocation
density on mechanical properties of nanostructured aluminum. A fully recrystallized high-purity
aluminum was deformed to different strains from low to ultrahigh strains by a combination of
conventional cold rolling and accumulative roll-bonding, followed by annealing for recovery and
structural coarsening, to produce sub-grained samples dominated by low-angle boundaries and
ultrafine-grained samples dominated by high-angle boundaries. The ultrafine-grained samples
showed unusual discontinuous yielding and had a very high strength, which was positively
deviated from the extrapolation of the Hall–Petch curve in coarse grains. On the other hand,
sub-grained samples showed continuous yielding, and the strength was lower than that of
ultrafine-grained samples at the same structural size. It is suggested that in the ultrafine-grained
samples, due to lack of dislocation sources in the grains, extremely high stress is required for
yielding, which is responsible for the unexpected discontinuous yielding and extra Hall–Petch
strengthening. On the other hand, in the sub-grained samples, dislocations in the low-angle
dislocation boundaries may act as active dislocation sources, leading to a lower yield stress.
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I. INTRODUCTION

IT is well known that yield stress of metals increases
inversely proportional to the square root of average
grain size, based on the Hall–Petch relationship,[1,2]

given as,

ry ¼ r0 þ kd�1=2; ½1�

where ry is the yield stress, d is the average grain size,
and r0 and k are constants independent of the grain size.
In the last two decades,[3–8] production of ultra-
fine-grained metals or nanostructured metals, with the
average grain size in the micrometer or sub-micrometer
scale, has received much attention from both scientific
and industrial viewpoints, to significantly increase the
strength of metallic materials, as predicted by the
Hall–Petch curve in Eq. [1].

However, it has been found, for instance, in pure
aluminum,[9–11] pure copper,[12] and ultralow carbon
interstitial free (IF) steel[13,14] that the strength of
ultrafine-grained metals is positively deviated from the
extrapolation of the Hall–Petch curves in coarse grains,
resulting in a larger Hall–Petch coefficient k in the
ultrafine grains than in coarse grains. This behavior can
be termed as ‘‘extra Hall–Petch strengthening.’’ It has
also been found[9–14] that extra Hall–Petch strengthening
is due to the occurrence of unexpected discontinuous
yielding accompanied with Lüders deformation in ultra-
fine-grained metals. Such unexpected discontinuous
yielding in ultrafine-grained metals has also been
reported in other works, such as pure aluminum,[15]

pure copper,[16] pure titanium,[17,18] ultralow carbon IF
steel,[19] and high Mn austenitic steel.[20]

To understand the strengthening mechanisms of
ultrafine-grained metals, the structure-based strength
calculation has been applied in high-purity aluminum
produced by accumulative roll-bonding (ARB) and
subsequent annealing in a previous work.[10] It has been
found from this work that a sum of dislocation
strengthening and grain boundary strengthening can
reasonably explain the yield stress of as-deformed
ultrafine-grained samples as well as fully recrystallized
coarse-grained samples, while in well-annealed ultra-
fine-grained samples produced by high strain deforma-
tion and annealing, the experimentally obtained yield
stress is much higher than the calculation. These results
indicate that strengthening mechanisms are different
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between as-deformed ultrafine-grained samples and
well-annealed ultrafine-grained samples. In other words,
not only grain size but pre-existing dislocations might
play an important role to control the strengthening
mechanisms of ultrafine-grained metals.

Concerning the deformation mechanisms in ultra-
fine-grained metals, it has been suggested[10,21–23] that
very high stress is required to activate Frank–Read
dislocation sources within ultrafine grains. It has also
been suggested that[24–27] in ultrafine-grained metals,
grain boundaries would be dominant sources for dislo-
cation activation. If activation of dislocation sources
from grain boundaries is a dominant mechanism for
yielding in ultrafine-grained metals, grain boundary
misorientation or character must affect the strengthening
mechanisms of ultrafine-grained metals,[26–35] but sys-
tematic experimental evidences are not sufficient to
understand the correlation between grain boundary
misorientation and macroscopic strength in ultra-
fine-grained metals.

The present study is therefore motivated to experi-
mentally clarify the effects of pre-existing dislocations,
boundary misorientation, as well as grain size on the
strengthening mechanisms of ultrafine-grained metals.
In particular, this research focuses on the effect of such
structural parameters on yielding behavior, Hall–Petch
relationship, and strengthening mechanism. A part of
the experimental data in this paper has already been
reported in a previous conference paper,[33] but this
work will present more systematic data and detailed
discussion.

II. EXPERIMENTAL

A. Material

A high-purity aluminum with a purity of
99.99 mass pct was used to minimize the effect of
impurities on mechanical properties. The main impuri-
ties were 0.004 pct of Si, 0.001 pct of Cu, and 0.003 pct
of Fe. An as-cast ingot with a thickness of approxi-
mately 40 mm was cold-rolled down to 10 mm, followed
by annealing at 375 �C for 1 hour to obtain a fully
recrystallized structure with the average grain size of
162 lm, which was used as a starting material.

B. Cold Rolling and Accumulative Roll-Bonding (ARB)

In this study, conventional cold rolling[36–38] was
applied to give relatively low strains. The fully recrys-
tallized starting samples were deformed by cold rolling
under lubricated condition at room temperature by 50
and 90 pct reductions in thickness, corresponding to an
equivalent strain of 0.8 and 2.7, respectively. To realize
ultrahigh strains, 90 pct cold-rolled samples were fol-
lowed by ARB.[39–41] ARB is a kind of severe plastic
deformation process using rolling process, where cut-
ting, stacking, and roll-bonding can be repeated without
changing the thickness of rolled sheet. In this experi-
ment, the 90 pct cold-rolled samples were further
deformed by ARB under lubricated condition at room

temperature. After the surface treatment of degreasing
and wire-brushing, the 1-mm-thick 90 pct cold-rolled
samples were stacked to be 2 mm thick and roll-bonded
by 50 pct reduction in one pass. The roll-bonded sheet
was cut to be half in length, and subject to the next
roll-bonding process. A procedure of cutting, surface
treatment, stacking, and roll-bonding is referred to as 1
cycle of ARB, and the ARB process was repeated up to
7 cycles. Since an equivalent strain of 0.8 is introduced
in each cycle of ARB, the total equivalent strain
achieved by 90 pct cold rolling followed by 7-cycles of
ARB is 8.3. For both cold rolling and ARB, rolled
samples were water-cooled immediately after each
rolling pass and stored in a freezer at � 50 �C unless
the samples were subject to experiments, to minimize
any structural changes such as recovery or boundary
migration during the storage.
In this paper, hereafter, the 50 and 90 pct cold-rolled

samples are termed as CR50 and CR90 samples,
respectively, and the samples 90 pct cold-rolled and
ARB processed by 3, 5, and 7 cycles are termed as
CR90+3c ARB, CR90+5c ARB, and CR90+7c ARB
samples, respectively.

C. Annealing

Samples deformed to different strains were annealed to
reduce the dislocation density as well as to change the
grain/sub-grain size. For all samples, multi-step anneal-
ing[42] was applied. The multi-step annealing is a combi-
nation of several steps of low-temperature, long-time
annealing, and high-temperature annealing. The anneal-
ing conditions varied depending on the amount of strain
applied before annealing. The objective of multi-step
annealing is to reduce dislocation density by relatively
low-temperature annealing, and to lead to gradual
structural coarsening without discontinuous recrystal-
lization by subsequent high-temperature annealing.
Figure 1 shows annealing conditions for samples

deformed to different strains. CR50 samples were
annealed at 175 �C for 24 hours, followed by annealing
for 0.5 hours at different temperatures in the range of
200 to 275 �C. For CR90 and CR90+3c ARB samples,
annealing was carried out at 75 �C, 100 �C, 125 �C,
150 �C, and 175 �C in multi-steps where the annealing
time was set for 24 hours in each step. For CR90+5c
ARB samples, annealing was carried out at 125 �C,
150 �C, and 175�C for 24 hours in multi-steps, followed
by high-temperature annealing for 0.5 hours in the
range of 200 to 600 �C.

D. Electron Backscatter Diffraction (EBSD)

Microstructures of the deformed and annealed sam-
ples were characterized by EBSD. Cross sections per-
pendicular to the transverse direction (TD) of the rolled
samples were mechanically polished by SiC emery
papers and then electrically polished at a voltage of
20 V and at – 15 �C in a solution of 100 mL HClO4+
900 mL C2H5OH, and subjected to the EBSD measure-
ments. EBSD measurements were carried out in a JEOL
JSM-7001F SEM with a field emission gun operating at
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15 kV using a program TSL OIM Data Collection ver.
6, where the step size varied in the range of 0.05 to 1 lm
depending on the size of structure and scanned area. The
EBSD data obtained were analyzed using a program
TSL OIM Analysis ver. 6. For the analysis, boundaries
below 2 deg were ignored to remove the inaccuracy for
misorientation angle determination of such low-angle
boundaries.

E. Transmission Electron Microscopy (TEM)

For TEM observations, thin foils perpendicular to the
TD were prepared by mechanical polishing followed by
electro-polishing in the same way as the EBSD sample
preparation. An FEI CM300 TEM operating at 300 kV
was used for structural observation.

F. Determination of Structural Parameters

Using the obtained EBSD and TEM results,
microstructural parameters were determined in the
following way.

1. Dislocation density
For as-deformed samples, individual dislocations

between the boundaries were observed under multi-beam
diffraction conditions in TEM to reveal all dislocations
within a grain. The density of dislocations within
individual grains was determined by the linear intercept
method from the TEM images.[43] The foil thickness
required for the dislocation density determination was
estimated by convergent beam electron diffraction. At
least 10 grains were subjected to dislocation density
measurements, and the average dislocation density was
obtained for each deformation condition.

2. Determination of boundary spacing
In general, the term ‘‘grain size’’ is used to describe

the structural size for recrystallized structures. However,
in this work, not only recrystallized structures but
deformed and recovered structures are also considered.
Thus, instead of ‘‘grain size,’’ we use the term ‘‘bound-
ary spacing’’ to describe all structural sizes, including
grain size for recrystallized structures, sub-grain size for
recovered structures, and dislocation cell size for as-de-
formed structures.

Fig. 1—Annealing conditions for (a) CR50, (b) CR90, (c) CR90+3c ARB, and (d) CR90+5c ARB samples.
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Boundary spacing was measured by the linear inter-
cept method. Two sets of parallel test lines along the ND
and RD were drawn on the EBSD boundary maps or
TEM images. Boundary spacings along the ND and RD
are called boundary thickness (dt) and boundary length
(dl), respectively. Boundary spacing along random test
lines (dR) was determined in the following way. The
number of intercepts per unit length along random test
lines (NL,R) can be estimated as an average of the
number of intercepts per unit length on test lines along
ND (NL,ND) and RD (NL,RD), as follows:

NL;R ¼ NL;ND þNL;RD

2
: ½2�

Note that NL,ND, NL,RD and NL,R can be written as 1/
dt, 1/dl, and 1/dR, respectively. Therefore, dR can be
written as,

dR ¼ 2
1
dt
þ 1

dl

: ½3�

3. Determination of boundary fraction
In this paper, the following procedure has been

applied to estimate boundary fraction in different angle
ranges.

Fraction of boundaries with misorientation angles
above a critical angle hc can be given by,

fh>hc ¼
NL;h>hc

NL;ALL
; ½4�

where NL,ALL is the number of all boundaries per unit
length on test lines, and NL;h>hc is the number of
boundaries with misorientation angles above hc per
unit length, respectively. Note that NL,ALL and NL;h>hc
can be written as,

dALL ¼ 1

NL;ALL
; dh>hc ¼

1

NL;h>hc
; ½5�

where dALL is the average spacing of all boundaries,
and dh>hc is the average spacing of boundaries with
misorientation angles above hc. From Eqs. [4] and [5],
the fraction of boundaries with misorientation angles
above hc can be estimated as,

fh>hc ¼
dALL

dh>hc
: ½6�

In this paper, dALL is replaced by the spacing of all
boundaries along ND determined by TEM, dt,ALL, and
dh>hc is replaced by the spacing of boundaries above hc
along ND determined by EBSD, dt;h>hc : The critical
angles hc of 0 deg, 2 deg, 5 deg, 10 deg, and 15 deg were
used in the analysis of this study. Figure 2 is a schematic
illustration showing how to determine the spacing of
boundaries with misorientation angles above hc. From
the TEM images, dt,ALL was determined and from the
EBSD boundary maps, dh>hc was determined, where the
critical angle varied from 2 deg to 15 deg.

G. Tensile Test

Mechanical properties were determined by uniaxial
tensile tests using a Shimadzu AG-5000B. From the
deformed and annealed samples, tensile test specimens
with a gauge 10 mm in length, 5 mm in width, and
1 mm in thickness were prepared, where the tensile axis
is parallel to the RD of the samples. The tensile tests
were carried out at room temperature at a constant
crosshead speed of 0.5 mm min�1, corresponding to an
initial strain rate of 8.3 9 10�4 s�1. Tensile elongation
was measured by a strain gauge-type clip-on extensome-
ter Shimadzu SG10-100.

III. RESULTS

A. Microstructures

1. As-deformed state
Microstructures of the as-deformed samples were

characterized by TEM observations and EBSD
measurements. Typical TEM images are shown in
Figures 3(a), (e), (i), (m), and the boundary maps
obtained from the EBSD are shown in Figure 4.
Quantified structural parameters (boundary spacing,
fraction of boundaries, and dislocation density) from
these results are summarized in Table I and plotted as a
function of strain in Figure 5. In Figure 5(c), standard
deviation of dislocation density was shown as error bars.
Figures 3(a), (e), (i), (m) show TEM images of

samples deformed to different strains. In the figure,
boundary spacing along random test lines (dR,ALL) is
indicated. The CR50 sample (Figure 3(a)) shows a
dislocation cell structure with a high density of disloca-
tions between the cell boundaries, where the cell size is
as small as 0.84 lm. The boundary spacing gradually
decreases with increasing the strain and reaches a
minimum of ~ 0.5 lm in the CR90 and CR90+3c
ARB samples (Figures 3(e), (i), 5(a)). When 90 pct
rolling is followed by 5-cycle ARB (Figure 3(m)), a
relatively equiaxed ultrafine structure is observed. It is
also seen that dislocation density between the bound-
aries is relatively low, and that the boundaries are very
sharp, compared with low-strained samples. Such a
structure is quite similar to that obtained by 99.99 pct
aluminum deformed by other SPD processes.[42,44–46] It
should be noted that the average boundary spacing in
the CR90+5c ARB sample is slightly larger than in the
CR90+3c ARB sample (Table I; Figure 5(a)), indicat-
ing that boundary migration took place during rolling
deformation in the high strain.
Dislocation density between the boundaries (q0) was

determined from the TEM and is summarized in Table I
and Figure 5(c). The dislocation density increases with
increasing the strain up to 90 pct cold rolling, but it
tends to decrease by further deformation, resulting in a
relatively clean ultrafine structure in the CR90+5c ARB
sample (see Figure 3(m)). This indicates that dislocation
annihilation process was enhanced in the high strain.
Figure 4 shows grain boundary maps obtained from

the EBSD measurements. In the maps, high-angle
boundaries with misorientation angles above 15 deg
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are indicated by green lines, while low-angle boundaries
with misorientation angles below 15 deg are indicated
by red lines. The CR50 and CR90 samples (Figures 4(a)
and (b)) are dominated by low-angle boundaries,
although small number of pre-existing high-angle
boundaries in the undeformed initial structure can be
observed. By further deformation, the structure is
gradually being divided by deformation-induced
high-angle boundaries (Figure 4(c)), and finally an
elongated structure dominated by high-angle boundaries
is observed in the CR90+5c ARB sample (Figure 4(d)).

The spacing of boundaries with misorientation angles
above 15 deg along ND is plotted as a function of strain
in Figure 5(a). As was observed from the images in
Figure 4, the spacing of boundaries above 15 deg
decreases with increasing the strain, but when 90 pct
cold rolling is followed by 5-cycles of ARB, which
corresponds to an equivalent strain of 6.7, the spacing
becomes saturated at approximately 1 lm.

Fraction of boundaries with misorientation angles
above a critical angle hc was calculated by dt;ALL=dh>hc
and summarized in Table I. The fraction of high-angle
boundaries (> 15 deg) is only shown in Figure 5(b). If
we focus on the change in the fraction of boundaries
with misorientation angles above 15 deg, the fraction of
boundaries (> 15 deg) gradually increases with increas-
ing the applied strain, as can also be observed in
Figure 4, but the fraction becomes saturated at approx-
imately 50 pct when 90 pct cold rolling is followed by 5
cycles of ARB.

The above microstructural observations for the as-de-
formed samples demonstrate that an equivalent strain of
6.7 should be introduced to produce ultrafine-grained
structure dominated by high-angle boundaries with
misorientation angles above 15 deg, but further defor-
mation by a strain of above 6.7 leads to a structural
saturation due to a balance of dislocation multiplication

and annihilation as well as a balance of introduction of
deformation-induced high-angle boundaries and migra-
tion of high-angle boundaries during deformation.

2. Annealed state
In order to produce sub-grained structure dominated

by low-angle boundaries and ultrafine-grained structure
dominated by high-angle boundaries, annealing treat-
ments have been carried out for the CR50, CR90,
CR90+3c ARB, and CR90+5c ARB samples. The
reason why these four series of deformed samples were
chosen for annealing is a variety of fraction of high-an-
gle boundaries in the as-deformed states.
When the CR50 sample is annealed at 175 �C for

24 hours (Figure 3(b)), dislocation annihilation mainly
takes place between the dislocation cell boundaries and
in the cell boundaries, leading to a typical sub-grained
structure subdivided by sharp dislocation boundaries
with few individual dislocations between the boundaries.
A slight sub-grain coarsening occurs by further anneal-
ing at higher temperatures (Figures 3(c) and (d)).
Microstructural changes during annealing of CR90
and CR90+3c ARB samples (Figure 3(e) through (l))
are qualitatively similar to those of CR50 sample.
Namely, recovery of dislocations is a dominant process
in the early stage of annealing, leading to sub-grained
structures with few dislocations between the sub-grain
boundaries, while slight sub-grain coarsening occurs by
higher-temperature annealing. On the other hand, in the
case of CR90+5c ARB sample, gradual structural
coarsening, in addition to dislocation annihilation,
occurs during annealing from low to high temperatures
(Figures 3(m) through (p)).
To realize further structural coarsening, annealing at

much higher temperatures was carried out. However, for
CR50, CR90, and CR90+3c ARB samples, discontin-
uous recrystallization took place, resulting in unwanted

Fig. 2—Determination of average spacing of boundaries with misorientation angles above a critical angle hc. (a) TEM image and (b) EBSD map
for as-deformed CR90+7c ARB sample, as an example.
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Fig. 3—TEM images of deformed and annealed samples. (a through d) CR50, (e through h) CR90, (i through l) CR90+3c ARB, and (m
through p) CR90+5c ARB samples.
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heterogeneous microstructures. On the contrary, in the
CR90+5c ARB sample, higher-temperature annealing
successfully led to relatively uniform structural coars-
ening without discontinuous recrystallization. As a
result, homogeneous structures with relatively uniform
grain size distribution were successfully obtained in the
average grain size range of 0.65 to 69 lm. Such uniform
structural coarsening by multi-step annealing for the
CR90+5c ARB sample is in good agreement with that
for 6-cycle ARB aluminum samples reported in the
previous work.[10,42]

B. Stress–Strain Curves

1. As-deformed state
For the as-deformed samples, tensile test at room

temperature was carried out and the obtained nominal
stress–strain curves are shown in Figure 6. 0.2 Pct proof
stress was defined as yield stress for the as-deformed
samples. The yield stress and ultimate tensile strength of
undeformed starting sample are 19.0 and 41.6 MPa,
respectively. The strength significantly increases by
50 pct cold rolling and gradually increases with increas-
ing the strain, and it shows a maximum after 90 pct cold

rolling. The yield stress and ultimate tensile strength of
CR90 samples are 120 and 134 MPa, respectively.
However, the strength slightly decreases by further
deformation. Such deformation-induced softening in
high strain deformation has also been observed in
aluminum samples with purities of 99.99 pct and higher
processed by severe plastic deformation, such as high
pressure torsion,[45,47] equal channel angular extru-
sion,[48] ARB,[44] accumulative channel-die compression
bonding.[46] As was shown in Figure 3 and Table I, the
increase in boundary spacing and the decrease in
dislocation density were observed in high strain defor-
mation, which should be responsible for the deforma-
tion-induced softening, which will be discussed in detail
later in Section IV–A.
In terms of ductility, uniform elongation significantly

decreases from 27.4 pct in the undeformed sample to
0.75 pct by 50 pct cold rolling, and it does not change so
much by further deformation to high strain. Total
elongation also suddenly decreases from 41.0 to 9.6 pct
by 50 pct cold rolling, but it tends to increase gradually
with increasing the strain by further deformation. Since
there is no significant change in the uniform elongation
by an increase in the applied strain, this change in total

Fig. 4—Grain boundary maps obtained from EBSD measurements for samples deformed to different strains. (a) CR50, (b) CR90, (c) CR90+3c
ARB, and (d) CR90+5c ARB (Color figure online).

Table I. Structural Parameters for As-deformed Samples

Sample
Names eeq

dt,ALL

(lm)
dl,ALL

(lm)
dR,ALL

(lm)
fh > 2 deg

(Pct)
fh > 5 deg

(Pct)
fh > 10 deg

(Pct)
fh > 15 deg

(Pct) q0 (m
�2)

Undeformed 0 138 195 162 100 95.3 83.3 79.3 not measured
CR50 0.8 0.70 1.0 0.84 28.6 16.6 1.4 0.9 9.7 9 1012

CR90 2.7 0.36 0.72 0.48 35.6 9.5 5.1 4.5 4.4 9 1013

CR90+3c ARB 5.1 0.35 0.91 0.51 59.3 44.1 33.4 28.8 2.1 9 1013

CR90+5c ARB 6.7 0.49 0.95 0.65 85.8 72.3 58.5 49.3 2.7 9 1013

CR90+7c ARB 8.3 0.51 0.97 0.67 81.7 71.4 58.5 50.6 1.7 9 1013

eeq: total equivalent strain, dt,ALL and dl,ALL: boundary spacing along the ND and RD, respectively, dR,ALL: boundary spacing by random
intercept method, fh > 2 deg: fraction of boundaries (> 2 deg) estimated by dt,ALL/dt,h > 2 deg, fh > 5 deg: fraction of boundaries (> 5 deg) estimated by
dt,ALL/dt,h > 5 deg, fh > 10 deg: fraction of boundaries (> 10 deg) estimated by dt,ALL/dt,h > 10 deg, fh > 15 deg: fraction of boundaries (> 15 deg)
estimated by dt,ALL/dt,h > 15 deg, q0: dislocation density between the boundaries.
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elongation is mainly due to the change in post-uniform
elongation. A similar tendency of significant improve-
ment of post-uniform elongation by high strain defor-
mation has been reported in high-purity aluminum and
copper samples in previous works.[49–51] Two possible
mechanisms have been proposed to understand this
phenomenon: grain boundary sliding[49] and enhanced
dynamic recovery at narrowly spaced high-angle grain
boundaries[50,51] during tensile test. At the moment,
experimental evidences are not sufficient to reach any
decisive conclusions, and further investigations are
necessary to understand this issue.

2. Annealed state
For the annealed samples, tensile tests were carried

out at room temperature, where the tests were done only
for annealed samples with relatively uniform structural
distributions. The obtained nominal stress–strain curves
are shown in Figure 7. From the nominal stress–strain
curves, yield stress (ry), ultimate tensile strength (rUTS),
uniform elongation (euniform), and total elongation
(etotal) were determined and summarized in Table II,
where detailed annealing conditions and corresponding
boundary spacing are also demonstrated. To avoid the
complexity, the boundary spacing is only indicated in
Figure 7. From the stress–strain curves, yielding behav-
ior has been classified into continuous and discontinu-
ous yielding. As the definition of yield stress, 0.2 pct
proof stress is used for continuous yielding and lower
yield point is used for discontinuous yielding.
In the CR50 samples (Figure 7(a)), the strength of

as-deformed sample significantly decreases by annealing
at 175 �C for 24 hours. This could mainly be due to a
significant decrease in dislocation density (see
Figure 3(b)). Further annealing at higher temperatures
leads to a gradual decrease in strength, which could be
due to a slight sub-grain coarsening (see Figures 3(c)
and (d)). It is also seen that the elongation gradually
increases with increasing the boundary spacing.
The change in strength and ductility during annealing

in the CR90 samples (Figure 7(b)) is qualitatively similar
to that in the CR50 samples. A significant decrease in
strength by low-temperature, long-time annealing of
75 �C to 125 �C 24 hwouldmainly be caused by recovery
of dislocations (see Figure 3(f)), and further annealing
leads to gradual decrease in strength, which would be
related to sub-grain coarsening (see Figures 3(g) and (h)).
The elongation tends to increase with increasing the
boundary spacing, as for the CR50 samples.
In the CR90+3c ARB samples (Figure 7(c)), the

strength gradually decreases during annealing, due to
dislocation annihilation followed by sub-grain coarsen-
ing (see Figures 3(i) through (l)). This tendency is
basically similar to that in the CR50 and CR90 samples.
On the other hand, the elongation decreases during
annealing, in contrast to the behavior of CR50 and
CR90 samples. Another interesting result observed in
Figure 7(c) is that discontinuous yielding took place in
the sample with the average boundary spacing of
1.2 lm.
In the CR90+5c ARB samples (Figure 7(d)), the

strength decreases significantly by annealing of 125 �C

Fig. 5—(a) Boundary spacing, (b) fraction of high-angle boundaries
(> 15 deg), and (c) dislocation density between the boundaries for
as-deformed samples.

Fig. 6—Nominal stress–strain curves for as-deformed samples.
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24 h+150 �C 24 h, which is due to recovery and
structural coarsening (see Figure 3(o)). Subsequent
annealing at higher temperatures leads to gradual
structural coarsening, so that the strength also gradually
decreases with increasing the average boundary spacing.
It should be noted here that distinct discontinuous
yielding is observed when the average boundary spacing
is in the range from 1.6 to 7.9 lm. However, if the
boundary spacing is above approximately 10 lm, con-
ventional continuous yielding behavior is observed. In
terms of the change in ductility, elongation decreases
during annealing from the as-deformed sample to the
sample annealed at 125 �C 24 h+150 �C 24 h, in good
agreement with the case for CR90+3c ARB samples in
Figure 7(c). When the boundary spacing is larger than
2 lm, elongation starts to increase with increasing the
boundary spacing. These tendencies in tensile behavior
in the CR90+5c ARB and annealed samples are good
agreement with those in the 6-cycle ARB and annealed
samples.[10]

C. Hall–Petch Relationship

To understand the effect of boundary misorientation
as well as boundary spacing on yield stress, the
Hall–Petch relationship is investigated for the obtained
samples. The yield stress is plotted as a function of
reciprocal square root of average boundary spacing in
Figure 8. In this figure, the data of high-purity alu-
minum in the previous work[10] are also plotted, where
the samples were produced by 6-cycles of ARB without

lubrication followed by annealing. In addition, in order
to increase the reliability, samples with different grain
sizes were re-produced again in this study by using the
similar experimental procedure in Reference 10, and the
data are plotted in the figure. For comparison, the data
of fully recrystallized structures with different average
grain sizes in the range of 40 to 405 lm[10] are also
plotted in the figure, where these fully recrystallized
samples were produced by 50 pct cold rolling followed
by annealing for 0.5 hours at different temperatures in
the range of 325 �C to 625 �C. Note that in Figure 8, the
samples are classified into three categories, depending
on the fraction of high-angle boundaries with misorien-
tation angles above 15 deg. The samples with a fraction
of high-angle boundaries below 30 pct, between 30 and
60 pct and above 60 pct are plotted as red, blue, and
green marks, respectively. It should also be noted that
the data of the well-annealed samples with few disloca-
tions between the boundaries are plotted as solid marks,
and the data of the as-deformed samples are plotted as
dotted marks.
It is seen that data points for coarse-grained samples

with an average grain around 20 lm and above can be
explained by a single Hall–Petch curve, independent of
the fraction of high-angle boundaries. The dashed line is
an approximated Hall–Petch curve for the coarse-
grained samples, where the slope of the curve is
41 MPa lm1/2.[10] This suggests that in coarse-grained
region, the yield stress can be determined only by the
grain size, regardless of the misorientation angles of the
boundaries.

Fig. 7—Nominal stress–strain curves for deformed and annealed samples. (a) CR50, (b) CR90, (c) CR90+3c ARB, and (d) CR90+5c ARB
samples Adopted from Ref. [33].
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However, in the grain size range less than 20 lm, the
strength of all samples is positively deviated from the
extrapolation of the Hall–Petch curve in the coarse
grains. Moreover, it should be emphasized that the
strength of well-annealed ultrafine-grained samples,
with the fraction of high-angle boundaries of more than
30 pct, becomes significantly higher, leading to a larger
Hall–Petch slope than that of coarse grains. The dotted
line is an approximated Hall–Petch curve for the
ultrafine-grained samples, where the slope is
131 MPa lm1/2, about three times larger than that of
coarse grains. This behavior can be termed as extra
Hall–Petch strengthening, as was described in the
Introduction. By comparing these plots with the yielding
behavior in stress–strain curve, it can be confirmed that
the samples with such a large Hall–Petch slope corre-
spond to those who reveal a clear discontinuous
yielding. Thus, the extra Hall–Petch strengthening
observed in the well-annealed ultrafine-grained samples
should be due to the occurrence of the unexpected
discontinuous yielding, in good agreement with the
previous works.[9–14]

On the other hand, the sub-grained samples with the
fraction of high-angle boundaries less than 30 pct and
the as-deformed samples also reveal extra Hall–Petch
strengthening, but these samples are much weaker than
the well-annealed ultrafine-grained samples. It is also
seen that the Hall–Petch strengthening is larger with
increasing the applied strain, i.e., with increasing the
fraction of high-angle boundaries. These results indicate
that high-angle boundaries are more effective for
strengthening than low-angle sub-grain boundaries in
the fine grain size range.

IV. DISCUSSION

In this work, high-purity aluminum samples with
different grain/sub-grain size, boundary misorientation,
and dislocation density were produced, and the mechan-
ical properties were systematically investigated. The
interesting behaviors observed can be summarized as
follows:

� The strength of as-deformed samples increased with
increasing the applied strain in the low strain, but
deformation-induced softening was observed in the
high strain (Figure 6).

� Ultrafine-grained samples dominated by high-angle
boundaries, with the average grain size of 1 to
10 lm, showed unusual discontinuous yielding,
while sub-grained samples dominated by low-angle
dislocation boundaries revealed continuous yielding
(Figure 7).

� The extra Hall–Petch strengthening was observed in
both ultrafine-grained samples dominated by
high-angle boundaries and sub-grained samples
dominated by low-angle boundaries, but the yield
stress of the sub-grained samples was lower than that
of the ultrafine-grained samples at the same struc-
tural size (Figure 8).

The mechanisms of these behaviors are discussed in

detail in the following.

A. Origin of Deformation-Induced Softening

In this section, we discuss the strengthening mecha-
nisms of the as-deformed samples in order to under-
stand the origin of deformation-induced softening in the
high strain deformation observed in Figure 6. For this
purpose, we try to calculate the yield stress of the
samples based on the characteristics of deformation
microstructures.
For the calculation of yield stress, it is assumed that

strengthening contributions from dislocations and grain
boundaries can simply be additive, where precipitation
strengthening is ignored due to the high purity of the
material. Thus, the yield stress of materials can be
written as,

ry ¼ r0 þ rdis þ rgb; ½7�

where r0 is the friction stress, rdis is the contribution
from dislocations, and rgb is the contribution from grain
boundaries. Note that solid solution strengthening from
small amount of impurities is included in the friction
stress r0.
Based on the Bailey–Hirsch relationship for disloca-

tion strengthening[52] and Hall–Petch relationship for
grain boundary strengthening,[1,2] Eq. [7] can be rewrit-
ten as,

ry ¼ r0 þMaGb
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

q0 þ qdis
p

þ kd
�1=2
gb ; ½8�

where M is the Taylor factor, a is a constant, G is the
shear modulus, b is the Burges vector, q0 is the density of
individual dislocations between the boundaries, qdis is
the density of dislocations stored in low-angle disloca-
tion boundaries, k is the Hall–Petch coefficient, and dgb
is the average spacing of boundaries that contribute as
grain boundary strengthening.
In this calculation, we consider a critical angle hc to

separate dislocation strengthening from grain boundary
strengthening. We assume that when misorientation
angles of boundaries are smaller than hc such bound-
aries contribute as dislocation strengthening based on
the Bailey–Hirsch relationship, while boundaries with
misorientation angles larger than hc are assumed to act
as conventional grain boundaries that contribute as the
Hall–Petch strengthening. Based on this assumption,
Eq. [8] can be transformed as,[10,53]

ry ¼ r0 þMaGb

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

q0 þ
3ð1� fh>hcÞhave;h<hc

bdR;ALL

s

þ k

ffiffiffiffiffiffiffiffiffiffiffiffiffiffi

fh>hc

dR;ALL

s

; ½9�

where fh>hc is the fraction of boundaries with misorien-
tation angles above hc, have;h<hc is the average misori-
entation angle of the boundaries with misorientation
angles below hc, dR,ALL is the random boundary spacing
determined by TEM. For calculation using Eq. [9], the

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 50A, JANUARY 2019—243



T
a
b
le

II
.

M
ec
h
a
n
ic
a
l
P
ro
p
er
ti
es

fo
r
D
ef
o
rm

ed
a
n
d
A
n
n
ea
le
d
S
a
m
p
le
s

D
ef
o
rm

a
ti
o
n

C
o
n
d
it
io
n
s

A
n
n
ea
li
n
g
C
o
n
d
it
io
n
s

d
R
,A

L
L

(l
m
)

Y
ie
ld
in
g

B
eh
a
v
io
r

r y
(M

P
a
)

r U
T
S

(M
P
a
)

e u
n
if
o
rm

(P
ct
)

e t
o
ta
l

(P
ct
)

C
R
5
0

a
s
d
ef
o
rm

ed
0
.8
4

co
n
ti
n
u
o
u
s

9
4
.0

9
8
.0

0
.7
5

9
.6

1
7
5
�C

2
4
h

0
.8
8

co
n
ti
n
u
o
u
s

7
4
.6

7
6
.2

1
.0

1
1
.0

1
7
5
�C

2
4
h
+

2
0
0
�C

0
.5

h
0
.9
4

co
n
ti
n
u
o
u
s

7
6
.5

7
4
.5

1
.3

1
8
.4

1
7
5
�C

2
4
h
+

2
5
0
�C

0
.5

h
1
.1

co
n
ti
n
u
o
u
s

7
0
.9

7
2
.3

2
.2

1
5
.3

1
7
5
�C

2
4
h
+

2
7
5
�C

0
.5

h
1
.3

co
n
ti
n
u
o
u
s

6
4
.1

6
7
.7

4
.0

2
3
.7

C
R
9
0

a
s
d
ef
o
rm

ed
0
.4
8

co
n
ti
n
u
o
u
s

1
2
0

1
3
4

1
.3

1
0
.7

7
5
�C

2
4
h
+

1
0
0
�C

2
4
h
+

1
2
5
�C

2
4
h

0
.5
9

co
n
ti
n
u
o
u
s

1
1
2

1
1
4

0
.8
1

1
2
.3

7
5
�C

2
4
h
+

1
0
0
�C

2
4
h
+

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h

0
.6
5

co
n
ti
n
u
o
u
s

1
0
8

1
0
8

0
.6
4

1
4
.9

7
5
�C

2
4
h
+

1
0
0
�C

2
4
h
+

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h

0
.9
9

co
n
ti
n
u
o
u
s

9
8
.0

9
8
.0

0
.4
3

1
5
.6

C
R
9
0
+

3
c
A
R
B

a
s
d
ef
o
rm

ed
0
.5
1

co
n
ti
n
u
o
u
s

1
1
8

1
3
2

1
.4

1
3
.7

7
5
�C

2
4
h
+

1
0
0
�C

2
4
h
+

1
2
5
�C

2
4
h

0
.7
6

co
n
ti
n
u
o
u
s

1
1
1

1
1
7

0
.8
0

9
.1

7
5
�C

2
4
h
+

1
0
0
�C

2
4
h
+

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h

1
.0

co
n
ti
n
u
o
u
s

1
0
5

1
0
8

0
.4
6

9
.1

7
5
�C

2
4
h
+

1
0
0
�C

2
4
h
+

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h

1
.2

d
is
co
n
ti
n
u
o
u
s

9
1
.2

9
3
.4

0
.2
9

7
.5

C
R
9
0
+

5
c
A
R
B

a
s
d
ef
o
rm

ed
0
.6
5

co
n
ti
n
u
o
u
s

1
0
8

1
3
0

1
.6

1
6
.4

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h

1
.6

d
is
co
n
ti
n
u
o
u
s

9
7
.3

1
0
3

0
.4
1

9
.7

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h

2
.3

d
is
co
n
ti
n
u
o
u
s

8
1
.2

8
4
.8

0
.1
7

2
7
.9

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h
+

2
0
0
�C

0
.5

h
3
.2

d
is
co
n
ti
n
u
o
u
s

6
4
.8

7
3
.1

2
3
.6

4
8
.4

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h
+

2
5
0
�C

0
.5

h
3
.6

d
is
co
n
ti
n
u
o
u
s

5
5
.3

6
8
.3

2
5
.9

5
1
.4

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h
+

2
7
5
�C

0
.5

h
7
.9

d
is
co
n
ti
n
u
o
u
s

3
6
.3

6
3
.3

3
1
.7

4
5
.6

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h
+

3
0
0
�C

0
.5

h
1
7

co
n
ti
n
u
o
u
s

2
6
.7

5
9
.1

3
5
.2

5
6
.4

1
2
5
�C

2
4
h
+

1
5
0
�C

2
4
h
+

1
7
5
�C

2
4
h
+

4
0
0
�C

0
.5

h
3
4

co
n
ti
n
u
o
u
s

2
2
.8

5
4
.2

3
3
.9

5
5
.1

244—VOLUME 50A, JANUARY 2019 METALLURGICAL AND MATERIALS TRANSACTIONS A



following parameters were used. For pure Al, a of
0.24,[54] G of 26 GPa,[55] b of 0.286 nm were used. As the
Taylor factor, M of 3.06[56] was used, which is the
average value of random-textured fcc metals. From the
Hall–Petch relationship in coarse-grained pure Al,[10] r0
of 9.7 MPa and k of 41 MPa lm1/2 were used. For
strength calculation, we set a critical angle as 0 deg,
2 deg, 5 deg, 10 deg, and 15 deg to separate low-angle
boundaries that contribute as dislocation strengthening
from boundaries that contribute as conventional grain
boundary strengthening.

For the strength calculation in the as-deformed
samples, the parameters in Table I were used for q0
and dR,ALL and fh>hc : For the parameter of have;h<hc ;
since we did not measure the average misorientation
angle experimentally, the average angle was assumed to
be a median within the range of misorientation angles
considered. Thus, for hc of 2 deg, 5 deg, 10 deg, and
15 deg, have;h<hc was set as 1 deg, 2.5 deg, 5 deg, and
7.5 deg, respectively.

The calculated yield stress for the as-deformed sam-
ples is shown in Figure 9, where the strength contribu-
tion from friction stress, dislocation strengthening, and
grain boundary strengthening are indicated as bar graph
in white, red, and green, respectively. When the critical
angle is set at 0 deg (Figure 9(a)), which considers that
all boundaries including dislocation cell boundaries,
sub-grain boundaries, and high-angle boundaries act as
conventional grain boundaries, the calculated yield
stress is underestimated compared to the experimentally
determined yield stress. On the other hand, the critical
angle of 5 deg and above gives an overestimation
(Figures 9(c) and (d)). In this figure, the result of the
critical angle of 15 deg is not shown, but the calculation
is much larger than the experiment as well. It is seen that

the calculation using the critical angle of 2 deg is in good
agreement with the experiment (Figure 9(b)). This
tendency corresponds well with the previous reports.[10]

This analysis suggests that in the as-deformed state,
low-angle dislocation boundaries with misorientation
angles of 2 deg and above act as conventional grain
boundaries for dislocation glide, while very low-angle
dislocation boundaries with misorientation angles below
2 deg act as forest dislocations for dislocation glide. In
other words, it is suggested that boundaries with
misorientation angles of 2 deg and above are strong
enough as obstacles for dislocation glide.
Since the calculated strength in Figure 9(b), using the

critical angle of 2 deg, can reasonably reproduce the
experimental tendency, the observed deformation-in-
duced decrease in yield stress can basically be under-
stood by the balance of dislocation strengthening and
grain boundary strengthening. Table III summarizes the
structural parameters and each strength contribution to
obtain Figure 9(b). rgb increases with increasing the
strain up to CR90+3c ARB sample, but it tends to be
saturated by further deformation, reflecting the change
in dR,h > 2 deg. On the other hand, in terms of the change
in dislocation strengthening, rdis increases with increas-
ing the strain, but it reaches a maximum in CR90
sample, and then decreases significantly from CR90
sample to CR90+5c ARB sample. Thus, the deforma-
tion-induced softening observed in high strain is mainly
due to a decrease in dislocation strengthening. It should
be noted that qh < 2 deg is much higher than q0,
indicating that the density of dislocations stored in
low-angle dislocation boundaries is more dominant to
determine the dislocation strengthening than that of

Fig. 8—Hall–Petch relation in samples deformed to different strains
and annealed. Dotted marks are for the as-deformed samples
Adopted from Ref. [33] (Color figure online).

Fig. 9—Structure-based yield stress calculation for samples deformed
to different strains, assuming that strengthening contributions from
dislocations and grain boundaries are simply additive. The critical
angle to separate between dislocation boundaries and grain
boundaries (hc) varies from (a) 0 deg, (b) 2 deg, (c) 5 deg, and (d)
10 deg (Color figure online).
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individual dislocations between the boundaries. It can
therefore be concluded from the above analysis that the
observed deformation-induced softening in high strain is
mainly due to the significant decrease in the density of
low-angle dislocation boundaries with misorientation
angles below 2 deg.

B. Strengthening Mechanisms of Ultrafine-grained
and Sub-grained Metals

A similar strength calculation using Eq. [9] is also
applied to the annealed samples to understand the
strengthening mechanisms of nanostructured metals. It
is assumed that the distribution of boundary misorien-
tation angles does not change significantly from the
as-deformed to annealed state in samples of CR50,
CR90, and CR90+3c ARB that reveal slight sub-grain
coarsening during annealing (Figure 3), and that the
fraction of boundaries with different misorientation
angles in the annealed samples is the same as in the
as-deformed samples. It is also assumed that for all
annealed samples individual dislocations between the
boundaries have been annealed out, and q0 is considered
to be zero. Based on the analysis in the as-deformed
samples in Figure 9, the critical angle of 2 deg to
separate dislocation strengthening from grain boundary
strengthening is considered to be reasonable even for the
calculation in the annealed samples. Figure 10 shows the
comparison between the experimentally obtained and
calculated yield stress for selected annealed samples.

For the CR50, CR90, and CR90+3c ARB samples
(Figures 10(a) through (c)), the calculated strength is
relatively good agreement with the experimental
strength. Thus, it is found that the yield stress can
basically be understood by a balance of dislocation
strengthening and grain boundary strengthening for
sub-grained samples dominated by low-angle bound-
aries. On the other hand, different tendencies can be seen
for the CR90+5c ARB+annealed samples
(Figure 10(d)). Good agreement between the experiment
and calculation can be observed for both as-deformed
and coarse-grained sample with the average grain size of
17 lm. However, for the well-annealed ultrafine-grained
samples with the average boundary spacing of 1.6 and
3.2 lm, the calculation is underestimated, correspond-
ing well with the previous work.[10] It should be
emphasized that these well-annealed ultrafine-grained
samples are those who reveal unusual discontinuous
yielding in tensile test (see Figure 7(d)). Thus, such a
discrepancy between the calculation and experiment is

attributed to the occurrence of discontinuous yielding
and resultant extra Hall–Petch strengthening.
The above strength calculation reveals that the yield

stress of as-deformed and sub-grained samples that
show continuous yielding can reasonably be explained
by the sum of dislocation strengthening and grain
boundary strengthening, where the Hall–Petch coeffi-
cient for coarse grains (41 MPa lm1/2) was used to
calculate grain boundary strengthening. This indicates
that the observed extra Hall–Petch strengthening in the
as-deformed and sub-grained samples is just an appar-
ent behavior, and the mechanism of grain boundary
strengthening in these samples should be identical to
that in coarse-grained samples. On the other hand, for
the well-annealed ultrafine-grained samples that show
discontinuous yielding, the calculated yield stress is
much lower than the experimental yield stress, when the
Hall–Petch coefficient of 41 MPa lm1/2 was used, indi-
cating that the observed extra Hall–Petch strengthening

Table III. Structural Parameters Used for Strength Calculation at a Critical Angle of 2 Deg for the As-deformed Samples

Sample
Names eeq

r0.2,exp
(MPa)

r0.2,cal
(MPa)

r0
(MPa)

rdis
(MPa) rgb (MPa) q0 (m

�2)
qh < 2 deg

(m�2) qtotal (m
�2)

dR,h > 2 deg

(lm)

Undeformed 0 19.0 12.9 9.7 0 3.2 not measured not measured not measured 162
CR50 0.8 94.0 104 9.7 70.2 23.9 0.097 9 1014 1.6 9 1014 1.7 9 1014 2.9
CR90 2.7 120 137 9.7 92.6 35.2 0.44 9 1014 2.4 9 1014 2.9 9 1014 1.4
CR90+3c ARB 5.1 118 125 9.7 70.6 44.3 0.21 9 1014 1.5 9 1014 1.7 9 1014 0.86
CR90+5c ARB 6.7 108 102 9.7 44.7 47.2 0.27 9 1014 0.40 9 1014 0.67 9 1014 0.76
CR90+7c ARB 8.3 105 100 9.7 44.7 45.3 0.17 9 1014 0.50 9 1014 0.67 9 1014 0.82

Fig. 10—Structure-based yield stress calculation for deformed and
annealed samples, assuming that strengthening contributions from
dislocations and grain boundaries are simply additive. The critical
angle to separate between dislocation boundaries and grain
boundaries is set as 2 deg. (a) CR50, (b) CR90, (c) CR90+3c ARB,
and (d) CR90+5c ARB samples.
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is a true behavior. It is suggested that the mechanism of
grain boundary strengthening in discontinuous yielding
is different from that in continuous yielding, and the
former is much more significant than the latter, leading
to an increased Hall–Petch coefficient in the well-an-
nealed ultrafine-grained samples.

The unusual discontinuous yielding observed in
well-annealed ultrafine-grained pure aluminum can be
understood in the following way. In general, it has been
well established that one important criterion to reveal
discontinuous yielding is a lack of mobile dislocations in
the crystals.[57–59] In well-annealed ultrafine-grained
structures, two reasons might be responsible for the
lack of mobile dislocations. Firstly, since ultra-
fine-grained structures are composed of narrowly spaced
high-angle grain boundaries, these boundaries may act
as sinks for dislocations,[21,60–62] leading to enhanced
recovery of dislocations at the boundaries during
annealing. Thus, the density of mobile dislocations that
act as dislocation sources might be quite low. Secondly,
even dislocation sources are present in ultrafine-grained
structures, such dislocation sources might be difficult to
nucleate and propagate. Possible dislocation sources
could be Frank–Read dislocation sources within ultra-
fine grains[22,23] or grain boundary dislocation
sources.[24–27] In both cases, it is considered that the
length of dislocation sources significantly decreases
when the grain size decreases down to the micrometer
or sub-micrometer-scale, so an extremely high stress
should be required to activate such dislocation sources
in ultrafine-grained metals. For these two reasons, the
density of mobile dislocations that act as easy disloca-
tion sources may be quite low. In that situation, a very
high stress is required to activate dislocation sources or
nucleate new dislocation sources, leading to a localized
shear, i.e., Lüders deformation, in the shoulder part,
resulting in the occurrence of discontinuous yielding in
the well-annealed ultrafine-grained samples.

On the other hand, the as-deformed ultrafine-grained
samples, sub-grained samples, and coarse-grained sam-
ples show continuous yielding. The reason for the
occurrence of continuous yielding in these samples
could be that these samples have enough dislocation
sources that can easily be activated in the structure. In
the as-deformed ultrafine-grained samples, a large num-
ber of individual dislocations should still be present in
the structure, and such dislocations may act as easy
dislocation sources for plastic deformation. In the case
of sub-grained samples, dislocations in low-angle
boundaries may act as easy dislocation sources,[61–63]

leading to a lower yield stress to plastically deform,
compared with the well-annealed ultrafine-grained sam-
ples. In the coarse-grained samples, since a volume of
grain is quite large, Frank–Read dislocation sources
within the grains would be activated very easily at a low
stress, where the stress required to activate dislocation
sources may not be so sensitive to the boundary
misorientation. This might be the reason why the yield

stress can be explained by a single Hall–Petch curve,
regardless of the boundary misorientation angles in
coarse grains.
Based on the observations and discussion above, the

following conclusions can be obtained. When the
samples have enough dislocation sources that can easily
be activated in the structure, yielding behavior should be
continuous. In this situation, the yield stress can be
understood by a sum of dislocation strengthening and
conventional grain boundary strengthening using the
Hall–Petch coefficient in coarse grains. On the other
hand, in the well-annealed ultrafine-grained samples,
due to the lack of mobile dislocations and the strength-
ening of dislocation sources, the grain boundary
strengthening is significantly enhanced, leading to an
increase in the Hall–Petch coefficient.

V. CONCLUSIONS

In this study, tensile behavior of ultrafine-grained and
sub-grained aluminum was systematically investigated,
and the correlation between microstructures and
mechanical properties was discussed in detail. The
obtained results are summarized as follows:

(1) Well-annealed ultrafine-grained samples domi-
nated by high-angle boundaries, with the average
grain size of 1 to 10 lm, showed unusual discon-
tinuous yielding, leading to extra Hall–Petch
strengthening. This should be due to the lack of
mobile dislocations and the strengthening of
dislocation sources.

(2) Yielding behavior of as-deformed ultra-
fine-grained samples was continuous. It is sug-
gested that individual dislocations present in the
structure may act as dislocation sources, leading
to a lower yield stress and continuous yielding.

(3) Sub-grained samples dominated by low-angle
dislocation boundaries revealed continuous yield-
ing. In the case of sub-grained samples, disloca-
tions stored in the low-angle dislocation
boundaries may act as dislocation sources, lead-
ing to easy yielding.

(4) In the as-deformed and sub-grained samples that
have enough dislocation sources in the structure,
the mechanism of grain boundary strengthening
would be identical to that in coarse grains. In the
well-annealed ultrafine-grained samples, grain
boundary strengthening is significantly enhanced
due to the lack of easy dislocation sources, leading
to an increase in the Hall–Petch coefficient.

(5) Low-angle dislocation boundaries with misorien-
tation angles of 2 deg and above may act as
conventional grain boundaries for dislocation
glide and contribute to the strength as the
Hall–Petch strengthening.
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