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The temporal evolution of microstructures and carbon distributions in a
Fe-0.323C-1.231Mn-0.849Si (mol pct) dual-phase steel during heat treatments are simulated
using a two-dimensional cellular automaton model. The model involves austenite nucleation,
phase transformations controlled by ferrite (a)/austenite (c) interface mobility and the local
carbon concentration, and long-range carbon diffusion. It is also coupled with a solute drag
model to account for the effect of substitutional elements on the interface migration. The results
show that after holding at 800 �C for 300 seconds the transformed c-volume fraction is lower
than the paraequilibrium prediction. During subsequent cooling at 6 �C s�1, the c fi a
transformation takes place after a stagnant stage; the carbon concentrations in both the a- and
c-phases increase and become non-uniform. When cooled below 450 �C, the c-volume fraction is
nearly unchanged. A small amount of carbon enriched martensite, transformed from the
remaining c-phase, exists in the room temperature microstructure. The simulated microstruc-
tures and carbon concentrations in martensite compare reasonably well with the experimental
micrographs and atom-probe tomographic measurements. During tempering at 400 �C,
martensite decomposes and the carbon concentration in the a-matrix increases. The simulation
results are used to understand the mechanisms of yield strength variations after different heat
treatments.
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I. INTRODUCTION

THE transformations between the ferrite (a) and
austenite (c) phases in steels are a widely studied topic,
as understanding these transformations is of central
importance for the design of modern high-strength low
alloyed steels, such as dual-phase (DP) steels.[1–3] Both
a fi c and c fi a transitions are known to be the typical
partitioning phase transformations. The distribution of

solute atoms, especially the interstitial element carbon,
not only significantly influences the phase transforma-
tion kinetics and microstructures, but also directly
impacts the mechanical properties through different
strengthening mechanisms, e.g., solid solution
strengthening.[3]

Analytical and semi-analytical models have been
proposed to describe the kinetics of the a fi c and
c fi a transformations, and the carbon concentration
profile across the moving interface.[4–9] Sietsma et al.[4,5]

studied the mixed-mode character of the c fi a trans-
formation in binary Fe-C alloys. Mecozzi et al.[6]

extended the mixed-mode model to the isothermal
a fi c transformation from an initial ferrite-pearlite
microstructure at inter-critical temperatures, for
Fe-C-Mn alloys under the assumption of paraequilib-
rium,[7] in which the redistribution of substitutional
alloying elements is not considered and only the carbon
chemical potentials between the parent and product
phases are held equal. However, it is known that the
substitutional elements, e.g., manganese, have a poten-
tial drag effect on the moving a/c interfaces due to solute
segregation.[8,9] Purdy and Brechet[8] proposed a solute
drag model that calculates the Gibbs energy dissipation
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resulting from the redistribution of substitutional solute
at an interface. Chen and van der Zwaag[9] proposed a
Gibbs energy balance (GEB) model that involves the
Gibbs energy dissipation to study the c fi a transfor-
mation in Fe-C-M ternary alloys (where M is a
substitutional alloying element). The GEB model shows
better agreement with experimental data compared to
the paraequilibrium model. The above analytical models
can describe the transformation kinetics and carbon
distribution in the c-phase, but provides less information
on the carbon distribution in the a-phase. Moreover, the
analytical models are incapable of depicting the realistic
microstructural evolution during phase transformations.

Tremendous experimental efforts have been made to
study phase transformations and control mechanical
properties of various steels.[2] In recent years, electron
probe microanalysis[10,11] and atom-probe tomography
(APT)[12–17] have emerged as powerful techniques for
local concentration measurements. With the powerful
atomic-resolution, APT enables much more accurate
mapping of the interstitial elements (e.g., carbon) than
the previous composition measurement facilities, which
provides some insights into the underlying physics of
solid-state phase transformations with their complex
elemental distributions. Nevertheless, at present it is still
difficult to observe the evolution of microstructures and
solute distributions in a relatively large region and in
real-time, even with the most advanced experimental
facilities.

Over recent decades, with the rapid development of
computer capacities and numerical techniques, compu-
tational modeling has become an important comple-
mentary tool for investigating the mechanisms of phase
transformations and filling the technical gap between
data generated by analytical tools and experimental
observations. Different cellular automaton (CA) and
phase-field (PF) models[18–30] have been developed to
simulate the microstructural evolution for different heat
treatments of steels: (1) the austenization process during
either continuous heating or isothermal annealing in the
inter-critical region[18–22]; (2) the c fi a transformation
during continuous cooling, mostly in the inter-critical
temperature range[23–26]; and (3) phase transformations
during the entire annealing cycle.[27–30] For simulating
c-formation from an initial ferrite-pearlite microstruc-
ture, pearlite was considered as one effective phase with
the eutectoid’s carbon concentration, and austenite
nucleated in pearlite or at a/a grain boundaries (GBs)
or both.[19,28] Some work only considered the Fe-C
binary system,[24,25] and others dealt with Fe-C-M alloys
using the paraequilibrium assumption.[18,19,21–23,28–30]

Recently, Zhu et al.[28,29] and Chen et al.[30] combined
the PF model and the solute drag model[8] to simulate
phase transformations between the a- and c-phases
involving Gibbs energy dissipation in Fe-C-Mn alloys.
Regarding the CA modeling, no previous work coupling
with the solute drag model has been reported so far.

Due to the computational cost, most of the above
numerical models are in two-dimensions (2-D), which
could handle phase transformations and solute distri-
butions efficiently. Simulations were able to replicate the
experimentally observed microstructures for different

heat treatments.[18–22,28] Nevertheless, previous studies
by numerical modeling focused mainly on the
microstructural evolution, while the evolution of the
carbon distributions in different phases were less
emphasized and the simulated carbon concentrations
were hardly validated with the experimentally measured
data. Moreover, except for a few attempts associating
the simulated phase volume fraction or grain size with
mechanical properties,[19,21] limited work has so far been
performed to understand the relationships between
processing and property utilizing the simulated
microstructures involving carbon distributions.
In this article, the 2-D CA model of our previous

work[31] is improved to simulate the evolution of
microstructures and carbon distributions during isother-
mal holding at an inter-critical temperature, continuous
cooling and subsequent tempering for a
Fe-0.323C-1.231Mn-0.849Si (mol pct) DP steel. The
CA model is incorporated with the solute drag model[8]

to take into account the effect of substitutional elements
on the migration of a/c interfaces. The comparisons of
the simulation results with the experimental data,
involving scanning electron microscopic (SEM) micro-
graphs and APT analyses, are presented. The behavior
of the c fi a transformation from the inter-critical
temperature to the martensite start (Ms) temperature,
as well as the effect of c-grain size on the local carbon
concentrations and the kinetics of c fi a transforma-
tion, are analyzed in detail. The simulation results are
then utilized to explain the mechanisms of the experi-
mentally observed phenomena, where a DP steel
exhibits different yield strengths after different heat
treatments.

II. EXPERIMENT

A. Experimental Procedures

A commercially produced DP steel with the chemical
composition 0.07C, 0.43Si, 1.22Mn, 0.051P, 0.001S
(wt pct) was investigated in the present work. Samples
with the dimensions 200 9 80 9 1.2 mm3 were heat
treated in a box-type furnace. The following heat treated
samples were studied: (1) an 800AC sample obtained by
isothermal holding at 800 �C for 5 minutes and subse-
quent air cooling (AC, ~6 �C s�1) to room temperature;
and (2) an 800AC-400T sample obtained by isothermal
holding at 800 �C for 5 minutes and AC (~6 �C s�1) to
room temperature, and then tempering at 400 �C for
20 minutes. Additionally, an 800WQ sample was pre-
pared by isothermal holding at 800 �C and then
water-quenching (WQ).
Tensile tests were performed at a crosshead speed of

6 mm min�1, using a SANS CMT5105 tensile machine
for samples before and after different heat treatments.
The microstructures of the polished and Nital etched
specimens were observed utilizing a FEI Sirion SEM.
The average a-grain sizes, volume fractions, and
number densities of pearlite or martensite of different
samples were measured using the ImageTool
software.[32]

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 50A, JANUARY 2019—437



The carbon distributions across the heterogeneous
interfaces in the air cooled and tempered samples were
determined utilizing a Cameca 4000X-Si local-electrode
atom-probe (LEAP) tomograph.[12,13] Nanotips for
performing APT were prepared utilizing a FEI Helios
dual-beam focused-ion beam microscope by targeting
the region of interest.[16,17] Picosecond pulses of ultra-
violet laser light (355 nm wavelength) were utilized to
evaporate individual atoms at a pulse repetition rate of
250 kHz, a laser energy of 20 pJ pulse�1, and an average
detection rate of 0.01 ions pulse�1. The specimen tip
temperature was maintained at 60 K, and the gauge
pressure was < 2 9 10�11 Torr. Data analyses were
performed on the 3-D reconstructions, utilizing Came-
ca’s IVAS 3.4.6.

B. Experimental Results

Figure 1 presents engineering stress–strain curves of
samples before and after different heat treatments. As
shown, the yield platform of the 800AC sample is
shorter and less obvious than that of the as-rolled
sample. After tempering at 400 �C for 20 minutes, the
region of constant yield strength of the 800AC-400T
sample becomes longer and more obvious. Table I
displays the yield strengths of different samples. It is
found that the yield strength of the 800AC sample,
318 MPa, is lower than that of the as-rolled sample,
336 MPa, while the tempered 800AC-400T sample has
an increased yield strength of 385 MPa compared to the
800AC sample.

SEM micrographs of samples before and after differ-
ent heat treatments are given in Figure 2. The average
grain sizes of different samples are measured as ~ 6 lm
and essentially identical. This is considered to be due to
the fact that the investigated steel was box annealed at
700 �C for 20 hours after cold-rolling, and the stored
energy produced by the rolling process was essentially
released, which makes the a-recrystallization unlikely to
occur during heat treatments. The microstructure of the

as-rolled sample, Figure 2(a), consists of a matrix of
a-grains and a small quantity of pearlite distributed at
the a/aGBs. The volume fraction of pearlite is measured
as ~ 0.09. Figure 2(b) is the SEM micrograph of the
800WQ sample, showing martensite with a volume
fraction of ~ 0.264 distributing at the a/a GBs. Accord-
ing to our TEM analyses, lath structure or a high density
of dislocations were observed in most of the martensitic
grains, indicating that the martensite existing in the
800WQ sample is a typical lath martensite.[33]

Figure 2(c) shows the SEM micrograph of the 800AC
sample, where bright phase distributes at the a/a GBs
and most of them have a clear interface against the
a-matrix. The morphology of the bright phase is
apparently different from pearlite. The TEM analyses
revealed that the substructure of such second phase
ranges from lath (or dense dislocations) to fine internal
twins, which corresponds to the feature of lath marten-
site and plate martensite, respectively[33]; only a small
portion of the second phase contains nonparallel car-
bides, which might be produced by the bainitic trans-
formation. Thus, the bright phase in the 800AC sample
is identified as a type of complicated martensite con-
taining both lath and twins, and the volume fraction of
martensite is measured as ~ 0.064. Figure 2(d) is the
SEM micrograph of the 800AC-400T sample, where the
second phase morphology has changed evidently due to
the decomposition of martensite. It is known that during
tempering at an elevated temperature, tempered marten-
site (TM), which is a mixture of ferrite and carbides,
forms through the relaxation of the distorted bcc lattice
of martensite and the precipitation of carbides.[34]

APT analyses were performed on the air cooled and
tempered samples. A nanotip was prepared, taken from
a selected area containing an a/M interface in the 800AC
sample. Figure 3(a) displays the 3-D reconstruction of
solute atoms (Fe, C) in the analyzed region, where the
carbon atoms are represented by black. The dark region,
enriched in carbon, at the bottom-right is martensite.
Figure 3(b) displays the concentration profiles of differ-
ent elements, Fe, C, Mn, and Si, across the a/M interface
measured by APT. As shown, the carbon concentration
profile indicates a relatively high carbon concentration
(~ 4 to ~ 5 mol pct) in the martensite compared to the
low carbon concentration in the a-matrix
(< 0.1 mol pct). The manganese profile also illustrates
a relatively higher concentration in the martensite.
Additionally, there is an obvious manganese spike in
the interfacial region. This can be attributed to the
nature of low manganese diffusivity and interfacial
segregation, which may induce a solute drag effect on
the migrating interface.[8,9,28–30] Regarding the silicon
profile, the partitioning of silicon between the a- and
c-phases is negligible. Therefore, according to the APT
measurements, the concentrations of carbon and man-
ganese in martensite, ~ 0.97C, ~2.27 Mn (wt pct), are
much higher than the nominal compositions [0.07C,
1.22Mn (wt pct)]. The continuous cooling transforma-
tion diagram indicates that for the c-phase having such
concentration levels of carbon and manganese [close to
0.97C, 2.27Mn (wt pct)], the c fi P transformation can
be inhibited even by AC (~6 �C s�1).[35] When it is

Fig. 1—Engineering stress–strain curves of samples before and after
different heat treatments. 800AC: isothermal holding at 800 �C for
5 min and subsequent air cooling to room temperature;
800AC-400T: tempering the 800AC sample at 400 �C for 20 min.
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cooled to the Ms temperature, the c-phase enriched in
carbon and manganese transforms to martensite.[35]

Therefore, it is understandable that although the nom-
inal carbon concentration is relatively low and the
cooling rate is not fast, martensite, instead of pearlite, is
observed in the 800AC sample.

Figure 4 presents the APT analysis for a nanotip
taken from a selected area of the TM in a sample
tempered at 400 �C for 5 minutes, which contains an
interface between the a-phase and carbide. Figure 4(a)
displays the 3-D reconstruction of solute atoms (Fe, C)
in the analyzed region, and Figure 4(b) presents the
concentration profiles for different elements (Fe, C, Mn
and Si) across the heterogeneous interface; the concen-
tration profiles were determined using the proximity
histogram methodology.[36] It is noted that the carbon
concentration of the carbide is close to the stoichiometry
of cementite (h), 25 mol pct. The carbon concentration
of the a-phase near the cementite is measured as
~ 0.35 mol pct, using the mass spectrum analysis for
the region of a-phase. We also performed analyses on
other APT specimens of the same tempered sample and
found that the carbon concentration of the a-phase
inside TM is in the range of ~ 0.1 to ~ 0.4 mol pct, while
the carbon concentration of the a-matrix outside TM is
lower than ~ 0.1 mol pct. Regarding the manganese and
silicon concentration profiles, the manganese partition-
ing to cementite is not obvious, while silicon partitions
to the a-phase evidently.

It is seen from Figure 2 that the main microstructure
characteristics of the samples before and after different
heat treatments include a-grain size and the volume
fractions of the second phases. The average a-grain sizes
of the different samples are essentially identical. The
volume fractions of martensite and TM in the 800AC
and 800AC-400T samples are less than 0.10, which is not
sufficient to make an influence on the yield strength.[37]

According to the APT analyses, Figure 3, carbon and
manganese are enriched in the martensite, which appar-
ently reduces the solid solution strengthening of carbon
and manganese in the a-matrix and partially explains the
yield strength reduction of the 800AC sample. On the
other hand, although the APT analyses in Figure 4
reveal the solute distribution inside the TM, it is
insufficient to explain the yield strength increase of the
800AC-400T sample. According to the theory of Cot-
trell atmosphere,[38,39] the yield point is generated by the
atmospheres formed around dislocations through the
segregation of carbon atoms. Thus, it is considered that
the different yield point phenomena of the 800AC and
800AC-400T samples should be closely related to the
distribution of carbon atoms in the a-matrix. However,
it is known that the minimum concentration that APT
can detect is extrinsically limited by the sources of the
background noise.[40] Thus, although APT can measure
the carbon concentration of relatively high levels in a
small region, e.g., in martensite as shown in Figures 3
and 4, it is difficult using APT to accurately measure the
carbon distributions in the a-matrix, where the carbon
concentrations are extremely low. In addition, it is
unclear that why in the 800AC sample the martensite
has different morphologies and the carbon

concentration of one detected region of martensite is
as high as 4 to 5 mol pct.
In the following sections a 2-D CA model is presented

and CA simulations are performed to study the phase
transformations during different heat treatments. The
CA model adopts the paraequilibrium assumption in
combination with the solute drag model[8] to take into
account the influence of substitutional elements on the
migration of a/c interfaces. Emphasis is placed on the
evolution of carbon distributions in different phases.
The CA simulations and APT analyses are then com-
bined to interpret the different yield point phenomena of
the 800AC and 800AC-400T samples shown in Figure 1.

III. GOVERNING
EQUATIONS AND NUMERICAL ALGORITHMS

OF THE CA MODEL

A. Model Description

For the sake of simplicity, the multi-component steel
used in the experiment is reduced to a quaternary
Fe-0.323C-1.231Mn-0.849Si (mol pct) alloy and the
assumption of paraequilibrium is adopted. The Gibbs
energy dissipation due to manganese diffusion inside the
a/c interface is considered through incorporating the
solute drag model.[8] The effect of silicon is also involved
when calculating the dissipated Gibbs energy. All
thermodynamic data are obtained from the Thermo-
calc� (TCFE9 database). The heat treatments used in
the simulations are identical with the experiments
described in Section II–A.
Since the experimentally observed a-grains are essen-

tially equiaxed, and the measured average a-grain sizes
are nearly unchanged (~ 6 lm) before and after different
heat treatments (Figure 2), a-recrystallization and grain
coarsening are not considered in the present model.
Taking into account the balance between computational
accuracy and efficiency, the grid spacing Dx = 0.3 lm
(except where noted) is adopted in the simulations.
According to the SEM micrograph size in Figure 2, the
computational domain is set as a 312 9 216 square grid.
Each cell (grid unit) is characterized by several variables:
(1) grain orientation, I; (2) a-phase volume fraction, u
(u = 1 or 0 representing the a- or c-phase, respectively);
(3) mean carbon concentration, xC, defined as xC ¼
uxaC þ ð1� uÞxcC; where xaC and xcC are the carbon
concentrations in the a- and c-phases, respectively; and
(4) interface symbol indicating the a/a, c/c GBs and a/c
interfaces.

B. Initial Microstructure and Nucleation of Austenite

In the present work, the initial microstructure is
constructed through Voronoi tessellation using the
number of a-grains and pearlite volume fraction (fP)
measured from the experimental SEM micrograph,
Figure 2(a). Pearlite existing in the as-rolled sample is
considered as one effective phase[19,28] with the eutectoid

carbon content that is determined as xP;eC ¼ 2:78mol pct
utilizing Thermo-calc calculations. According to the
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experimentally measured fP of 0.09, the initial carbon
concentration of the a-phase is determined as

xa;0C ¼ 0:0792mol pct:
During inter-critical annealing, austenite formation

from the initial ferrite-pearlite microstructure can be
divided into two stages: (1) a rapid pearlite-to-austenite
(P fi c) transformation followed by (2) a gradual
ferrite-to-austenite (a fi c) transformation.[41] As shown
in Figure 2(a), the dimensions of the pearlite islands are
relatively small. Thus, the initial pearlite grains are
assumed to transform instantly to c-grains with the
eutectoid composition as soon as isothermal holding
commences.[6] Additionally, according to our experi-
mental observations, during isothermal holding, more
c-grains continuously nucleate preferentially at the a/a
GBs. The nucleation rate of c-grains at a/a GBs is
determined using an empirical equation[21]:

dN=dt ¼ KfNucNdA; ½1�

where dN/dt is the c-nucleation rate, K is an empirical
factor, fNuc is the fraction of the a/a GBs without
c-nuclei, Nd is the c-nucleation density, and A is the area
of the computational domain. The quantities K and Nd

are adjustable parameters and are determined by fitting
the experimental data.[21,28] In the present work, the
nucleation parameters are taken as K = 0.086 s�1 and
Nd = 8.2 9 109 m�2, based on our experimental
observations.
For the reverse c fi a transformation during cooling,

the nucleation of new a-grains at the c/c GBs are rarely
observed experimentally since the c-volume fraction (fc)
is relatively small. The c fi a transformation occurs
primarily through reversing the migration direction of
the a/c interface with carbon redistribution, which is

Fig. 2—SEM micrographs of samples before and after different heat treatments: (a) as-rolled; (b) holding at 800 �C for 5 min and then
water-quenching (the 800WQ sample); (c) holding at 800 �C for 5 min followed by air cooling to room temperature (the 800AC sample); (d)
tempering the 800AC sample at 400 �C for 20 min (the 800AC-400T sample).

Table I. Yield Strengths (MPa) of the Samples Before and After Different Heat Treatments

As-rolled
Isothermal Holding at 800 �C for 5 Min Plus Air Cooling

(800AC)
800AC Plus Tempering at 400 �C for 20 Min

(800AC-400T)

336 318 385
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known as the epitaxial a-growth.[42] Hence the a-nucle-
ation during cooling is not considered in the present
model.

C. Ferrite/Austenite Interface Migration

A mixed-mode growth model[4] is adopted to describe
the a-c transformation. The migration velocity of the a/c
interface, va/c, is calculated utilizing

va=c ¼ Ma=cDG; ½2�

where DG is the effective driving pressure and Ma/c is
the interfacial mobility calculated from[43]

Ma=c ¼ M
a=c
0 expð�Q=RTÞ; ½3�

where M
a=c
0 is the pre-exponential factor, and Q is the

activation energy taken to be 140 kJ mol�1[43] for a

similar alloy. The value of M
a=c
0 is adjustable, which

depends on the alloy’s composition and processing,[21,23]

and it has been evaluated to be in the range of 1 9 10�4

to 0.5 mol m J�1 s�1.[4–6,18–30] In the present work, M
a=c
0

is estimated to be 0.011 mol m J�1 s�1 based on our
experimental observations.
The effective driving pressure, DG, involving the

solute drag pressure is given by

DG ¼ DGchem � DGdis; ½4�

where DGchem is the chemical driving pressure of the
a-c transformation and DGdis is the dissipated Gibbs

Fig. 3—APT analysis for the martensite (M) taken from the 800AC sample obtained by holding at 800 �C for 5 min followed by air cooling to
room temperature: (a) 3-D APT reconstruction of solute atoms in the analyzed region (iron and carbon atoms are represented by blue and
black, respectively); (b) concentration profiles for Fe, C, Mn and Si across an a-matrix/M interface (along the red arrow in (a)) (Color
figure online).

Fig. 4—APT analysis for the tempered martensite (TM) taken from the sample obtained by holding at 800 �C for 5 min followed by air cooling
to room temperature and then tempering at 400 �C for 5 min: (a) 3-D APT reconstruction of solute atoms in the analyzed region (iron and
carbon atoms are represented by blue and black, respectively); (b) concentration profiles for Fe, C, Mn and Si across an aTM/h interface (Color
figure online).
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energy due to the solute drag effect. DGchem can be cal-
culated from

DGchem ¼ v x
c;a=c
C � xc;eC

� �
; ½5�

where v is a proportionality factor and xc;eC is the
paraequilibrium carbon concentration of the c-phase,
which are calculated by Thermo-calc�. The quantity

x
c;a=c
C is the actual carbon concentration of the c-phase at

the a/c interface, which is obtained from the solute
transport calculation, Section III–E.

According to the APT analyses of the a/c (a/M)
interface, Figure 3(a), manganese has an evident segre-
gation at the interface. Thus, the dissipated Gibbs
energy, DGdis, is considered to be produced by the
redistribution of manganese in the interfacial region,
which is calculated by[8]

DGdis ¼ �
Z þK

�K
x0Mn � xMnðyÞ
� � dEðyÞ

dy
dy; ½6�

where 2K is the physical interface thickness taken as
1 nm,[28–30] x0Mn is the bulk manganese concentration,
xMn(y) is the manganese concentration across the
interface, E(y) is the interaction potential of man-
ganese with the interface, and y is the distance from
the interface. The expression of E(y) is written as[8]

EðyÞ ¼

laMn; y<� K;

laMn þ DE� E0 þ ðDE�E0Þ
K y; �K � y<0;

laMn þ DE� E0 þ ðDEþE0Þ
K y; 0 � y<K;

lcMn; y � K;

8>><
>>:

;

½7�

where 2DE is the potential difference of manganese
between the a- and c-phases; E0 is the binding energy
taken as (1.4RT � 24,000) J mol�1,[44] where R is the
gas constant and T is the temperature.

The manganese concentration profile (xMn(y)) across
the a/c interface moving with a velocity of va/c is given
by[8]:

Dint
Mn

@xMnðyÞ
@y

þDint
MnxMnðyÞ
RT

@EðyÞ
@y

þ va=c xMnðyÞ � x0Mn

� �

¼ 0;

½8�

where Dint
Mn is the diffusivity of solute manganese across

the a/c interface, taken as 1.42 9 10�10exp(� 132,000/
RT) m2 s�1.[44] The parameter 2DE is calculated with
Thermo-calc� by involving the effect of silicon; E0 and
Dint

Mn are determined using the approach given by Fazeli
and Militzer[44] for a Fe-C-Mn-Si alloy.

Equations [2] through [8] can be used for the simu-
lation of both the a fi c and c fi a transformations. In
Eq. [5], the value of DGchem is positive and negative for
a fi c and c fi a, respectively. A stationary interface
can only start moving if the magnitude of DGchem is
greater than that of DGdis. Otherwise the effective
driving pressure DG is taken to be zero.[29] The

incremental a-volume fraction during a-c transforma-
tion is evaluated using:

u ¼ �gnewv
a=cDt=Dx; ½9�

where gnew is a geometrical factor that is introduced to
eliminate the artificial anisotropy caused by the CA
square cell, and Dx and Dt are the cell size and time
step, respectively. Considering that the phase transfor-
mation along GBs is faster than that in the matrix,[45]

the interfacial velocity along the a/a GBs is assumed
2.5 times faster during isothermal holding. The geo-
metrical factor, gnew, is related to the states of the
neighboring cells and defined by

gnew ¼ min 1;
1

3

X4
m¼1

SI
m þ 1ffiffiffi

2
p
X4
m¼1

SII
m

 !" #
;

SI; SII ¼ 0 ðfnew<1Þ;
1 ðfnew ¼ 1Þ;

� ½10�

where SI and SII indicate the states of the nearest
neighbor cells and the second-nearest neighbor cells,
respectively, and fnew is the new phase fraction of the
neighboring cells.

D. Martensite Formation and Decomposition

As described in Section II, martensite, instead of
pearlite, is observed in the 800AC sample. Thus, the
c fi P transformation (P = pearlite) is not considered
in the present model. During cooling, the c fi a
transformation takes place before reaching the Ms

temperature. According to the martensite composition
measured by APT [0.97C, 2.27Mn, 0.68Si (wt pct)] and
the empirical equation proposed by Capdevila et al.,[46]

the Ms temperature is estimated to be 117 �C. When
cooling to the Ms temperature, the remaining c-phase
transforms instantaneously to martensite.
During tempering, martensite decomposes into TM,

which is a mixture of ferrite and carbides.[34] In
experimental studies, the Johnson–Mehl–Avrami
(JMA) equation is usually adopted to describe the
kinetics of martensite tempering.[47,48] Based on the
JMA equation, the transformed fraction (M fi TM), f,
as a function of tempering time, t, can be evaluated
from:

f ¼ 1� exp½�ðbtÞn�; ½11�

where b is a temperature dependent parameter and n is a
temporal exponent. The quantities b and n are both
adjustable parameters, which depend on the alloy’s
composition and the temperature of the tempering stage,
and were usually evaluated to be from 2.69 9 10�5 to
0.368 s�1 for the parameter b and from 0.37 to 0.8 for
the parameter n.[47,48] In the present CA simulation, b
and n are taken to be 0.36 s�1 and 0.4, respectively.

E. Carbon Diffusion

In the present 2-D model, carbon partitions and
diffuses according to
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@xC=@t ¼ r � DCðuÞ � r xC=pðuÞð Þ½ �; ½12�

where pðuÞ ¼ uþ keð1� uÞ and ke is the equilibrium
partitioning coefficient determined by ke ¼ xc;eC =xa;eC :
DC(u) is the carbon diffusion coefficient associated with
the a-volume fraction, and defined by DCðuÞ ¼ uDa

C þ
keð1� uÞDc

C; where Da
C [2.2 9 10�4exp(� 122,500/

RT(K)) m2 s�1] and Dc
C [1.5 9 10�5exp(� 142,100/

RT(K)) m2 s�1] are the temperature dependent carbon
diffusivities in the a- and c-phases, respectively.[23]

Equation [12] is solved using the explicit finite difference
scheme and the time step is determined by Dt ¼
Dx2=ð4:5Da

CÞ: The zero-flux boundary condition is
applied at the four walls of the calculation domain.

IV. SIMULATION RESULTS AND DISCUSSION

A. Model Validation

To test the present CA model, 1-D CA simulations
with and without considering Gibbs energy dissipation
are performed for the c fi a transformation during
isothermal holding at the inter-critical temperature of
785 �C for a Fe-0.463C-0.506Mn (mol pct) alloy. The
CA simulation results are compared with the PF
simulations by Chen et al.[30] The used parameters,
including the domain length, interfacial mobility Ma/c,
the trans-interface diffusivity of manganese Dint

Mn and the
binding energy of manganese E0 are identical with those
adopted in the PF simulation of Chen et al.[30] The grid
spacing is taken as 0.05 lm.

Figure 5 presents the a-volume fraction as a function
of time during holding at 785 �C for 250 seconds
calculated by the 1-D PF[30] and CA models. As shown,
when the Gibbs energy dissipation is involved, the
transformation kinetics becomes slower evidently and
the final a-volume fraction is apparently lower than that
without considering the Gibbs energy dissipation. This
indicates that the phase transformation cannot reach the

paraequilibrium state due to the solute drag pressure
acting on the moving interface. The CA simulations
agree reasonably well with the PF predictions[30] for
both cases.

B. Isothermal Holding Process

As described in Section III–B, during isothermal
holding at the inter-critical temperature of 800 �C
(Teu = 697 �C), the pearlite transforms to the c-phase
instantaneously. Subsequently, the a fi c phase trans-
formation occurs, which involves the continuous nucle-
ation of new c-nuclei at the a/a GBs and is accompanied
by carbon partitioning and diffusion. Figure 6 shows the
evolution of the simulated microstructures and carbon
concentration field during holding at 800 �C. The initial
microstructure consists of an a-matrix with xa;0C ¼
0:0792mol pct and pearlitic grains (fP = 0.09) dis-
tributed at the a/a GBs, which transform instantly to
c-grains with the eutectoid carbon content

(xP;eC ¼ 2:78mol pct) as soon as isothermal holding
commences, Figure 6(a). After holding for 3 seconds,
Figure 6(b), some c-grains have a relatively larger size
and higher carbon concentrations (~ 1.841 mol pct),
which are transformed from the pearlite, while some
others having relatively smaller sizes and slightly lower
concentrations (~ 1.750 mol pct) are apparently newly
formed c-grains. It is also observed that the carbon
concentrations in the central region of the a-grains,
~ 0.0620 mol pct, are slightly greater than those in areas
adjacent to small c-grains, ~ 0.0611 mol pct, but nearly
identical or even slightly lower than those close to large
c-grains, ~ 0.0628 mol pct. This indicates that c-grains
nucleated from the pearlite grow mainly by consuming
the supersaturated carbon atoms in the c-phase, while
the c-grains nucleated at the a/a GBs grow by absorbing
carbon atoms from the adjacent a-phase. As a result,
carbon concentration gradients are produced ahead of
the a/c interface, which drives carbon diffusion in both
the a- and c-phases. The carbon concentrations in both
a- and c-phases decrease and become uniform gradually
with time, as observed in Figures 6(b) through (d).
Figure 6(d) indicates that the carbon concentrations in
both phases achieve their stable values
(xaC ¼ 0:0423mol pct and xcC ¼ 1:222mol pct), respec-
tively, which are higher than the paraequilibrium values
(xa;eC ¼ 0:0312mol pct and xc;eC ¼ 0:899mol pct). The
transformed c-volume fraction (fc) calculated by the
CA simulation is 0.238, which is nearly coincident with
the experimental measurement (~ 0.264) of the
quenched sample, Figure 2(b), but apparently lower
than the paraequilibrium fraction of 0.336. This con-
firms that the a fi c phase transformation does not
reach the paraequilibrium state due to the Gibbs energy
dissipation. The uniform carbon distribution in the
c-phase with a concentration of 1.222 mol pct
(~ 0.267 wt pct) also explains the experimental obser-
vation that the martensite existing in the 800WQ sample
is essentially lath martensite, which is normally formed
in low- or medium-carbon steels.[33] The simulated
microstructure (Figure 6(d)) agrees reasonably well with

Fig. 5—A comparison of a-volume fraction as a function of time
during isothermal holding at 785 �C for 250 s for a
Fe-0.463C-0.506Mn (mol pct) alloy, calculated by the 1-D PF[30] and
CA models.
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the SEM micrograph of the 800WQ sample
(Figure 2(b)).

Figure 7(a) presents the simulated fc as a function of
time during isothermal holding at 800 �C for 300 sec-
onds. It is found that the transformation rate of a fi c

gradually decreases with time, and the fc approaches the
stable value of 0.238 within 50 seconds. Figure 7(b)
presents the average chemical driving pressure, DGchem,
and dissipation, DGdis, as a function of time. It is noted
that DGchem has a dramatic decrease within 20 seconds,

Fig. 6—Simulated microstructures and carbon concentration fields of a Fe-0.323C-1.231Mn-0.849Si (mol pct) alloy during isothermal holding at
800 �C for: (a) 0 s; (b) 3 s; (c) 15 s; (d) 300 s. The numbers in blue and red indicate the local carbon concentrations in the a- and c-grains,
respectively (Color figure online).

Fig. 7—Simulated (a) c-volume fraction (fc) and (b) chemical driving pressure and dissipation as a function of time during isothermal holding at
800 �C for 300 s.
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since the interfacial carbon concentration of the c-phase
decreases as the a fi c transformation proceeds. The
calculated DGdis also decreases gradually with time.
After ~ 20 seconds, DGchem and DGdis become close,
leading to the interfacial velocity decreasing. After
around 40 seconds, the a fi c transformation is nearly
stopped even though DGchem is still larger than zero.
This explains why the a fi c transformation cannot
reach the paraequilibrium state with the existence of
Gibbs energy dissipation, Figures 6 and 7(a). This result
is coincident with the PF simulation by Chen et al.[30]

C. Continuous Cooling Process

The simulation of continuous cooling is performed
from 800 �C to room temperature at a cooling rate of
6 �C s�1. The microstructure and carbon distribution of
Figure 6(d) are taken as the initial condition. As
described in Section III–D, when the temperature is
higher than the Ms temperature, the c fi a transforma-
tion occurs accompanied by the redistribution of car-
bon. When cooled down to the Ms temperature, the
remaining c-phase instantaneously transforms to
martensite. Since the cooling time from the Ms temper-
ature to room temperature is only about 15 seconds, the

root-mean square diffusion distance of carbon (
ffiffiffiffiffiffiffiffi
4Dt

p
),

1.06 9 10�4 lm, is much smaller than the CA grid
spacing of 0.3 lm. Therefore, carbon diffusion below
the Ms temperature is neglected and the microstructure

and carbon distribution at the Ms temperature are taken
for those at room temperature.
Figure 8 displays the evolution of simulated

microstructure and carbon concentration field during
cooling from 800 �C to the Ms temperature (117 �C) at
6 �C s�1. As shown, the simulated microstructure at
room temperature (Figure 8(d)) compares reasonably
well with the SEM micrograph of the 800AC sample
(Figure 2(c)). The martensite volume fraction in
Figure 8(d) is 0.065, which is nearly identical with the
value, ~ 0.064, experimentally measured from the
800AC sample. It can be seen that the carbon concen-
trations in both the a- and c-phases increase and
gradually become non-uniform as the c fi a transfor-
mation progresses. However, the carbon concentrations
in c-grains change little when the temperature is below
450 �C (Figures 8(c) and (d)), indicating that the carbon
enrichment in martensite mainly forms during the c fi a
transformation from 800 �C to 450 �C. The simulated
average carbon concentration in the a-matrix in
Figure 8(d) is around 0.059 mol pct. It is observed that
small c-grains exhibit a relatively higher concentration
compared to that in larger c-grains. Small c-grains have
a larger specific surface area, Sv,c (the c/a interfacial area
per unit volume of c-grain). Since the c fi a transfor-
mation occurs at the c/a interface by rejecting carbon
atoms from the newly formed a-phase into the c-grains,
a larger Sv,c will generate a higher carbon enrichment in
the small c-grains. As stated in Section II–B, the

Fig. 8—Simulated microstructures and carbon concentration fields of a Fe-0.323C-1.231Mn-0.849Si (mol pct) alloy after isothermal holding at
800 �C for 300 s and then cooling at 6 �C s�1 to the following temperatures: (a) 600 �C; (b) 550 �C; (c) 450 �C; (d) 117 �C (taken as the
microstructure at room temperature). The numbers in blue and red indicate the local carbon concentrations in the a- and c-grains, respectively
(Color figure online).
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martensite in the 800AC sample exhibits different
morphologies ranging from lath to fine twins, which
can be reasonably explained by the above simulation
result that the c-grains with different sizes have different
carbon enrichments.

Figure 9(a) illustrates the normalized c-volume frac-
tions as a function of time (and temperature) for the
overall c-phase and two c-grains of different sizes
(Grains I and II are the relatively large and small
grains, respectively), taken from the simulation of
Figure 8. Note that the three curves exhibit the same
trend, stationary at the beginning of cooling (the
stagnant stage), dropping rapidly from unity during
700 �C to 450 �C, and then the decrease gradually
slowing down. When the temperature is below 450 �C,
the normalized c-volume fractions are nearly
unchanged. According to Eq. [3], the interfacial mobil-
ity (Ma/c) decreases by three orders of magnitude (from
3.36 9 10�10 to 8.48 9 10�13 mol m J�1 s�1) when the
temperature decreases from 700 �C to 450 �C. Thus, the
phenomenon that the kinetics of the c fi a transforma-
tion becomes extremely low below 450 �C can be
attributed to the rapid decreasing interfacial mobility.
The c fi a transformation mainly takes place during
cooling from 700 �C to 450 �C. Figure 9(a) also indi-
cates that the profiles of large and small c-grains are
higher and lower than that of the average grain size,
respectively, implying that the c fi a kinetics of smaller
grains is greater compared to larger grains. Apparently,
this is due to smaller c-grains having a larger value of
Sv,c, as discussed above. Figure 9(b) plots the chemical
driving pressure, DGchem, and dissipation, DGdis, as a
function of time (temperature) during cooling within
30 seconds. As shown, when the cooling process begins,
the a fi c transformation still tends to take place, since

the interfacial carbon concentration of the c-phase xc;a=cC

is higher than the paraequilibrium carbon concentration

xc;eC ; producing a positive DGchem. However, because
DGchem is smaller than DGdis of the a fi c transforma-
tion, the effective driving pressure is forced to be zero
and the a/c interface remains stationary. With the
temperature decreasing, xc;eC increases and DGchem

decreases. When DGchem becomes negative and its
absolute value keeps increasing, the transformation of
c fi a will take place. Yet, the a/c interface does not
start moving until the magnitude of DGchem is greater
than DGdis of the c fi a transformation
(|DGchem|> |DGdis|) after around 10 seconds. Hence, it
is understandable that why a stagnant stage appears at
the beginning of cooling in the period of ~ 10 seconds.
This phenomenon is consistent with the stagnant stage
during the cyclic a-c phase transformation, observed by
Chen et al. from both experiments and PF
simulations.[30]

To further study the compositional features of
martensite, a CA simulation using a smaller cell size
Dx = 0.15 lm is performed in a domain consisting of a
312 9 216 grid. The simulated microstructure and
carbon concentration field are displayed in
Figure 10(a). Carbon concentration gradients in both
the a- and c-phases are clearer in the magnified
microstructure. Two martensitic grains are selected to
plot the simulated carbon concentration profiles across
the a/M interfaces, Figures 10(b) and (c), along the
directions indicated by the arrows in Figure 10(a). Both
profiles show the feature that the carbon concentration
increases from a low value in the a-phase to a high level
in the martensite, ~ 3.1 mol pct for profile 1 and
~ 4.5 mol pct for profile 2, which also confirms that
the carbon enrichments in different c-grains are some-
what different. Additionally, both concentration profiles
in the martensite region display a slight amount of
segregation near the a/M interface, which is caused by
the accumulation of rejected carbon atoms at the

Fig. 9—(a) Normalized c-volume fractions as a function of time (temperature) for overall c-grains (average) and two c-grains with different sizes
taken from the simulation of Fig. 8; (b) chemical driving pressure and dissipation as a function of time (temperature) during cooling at 6 �C s�1.
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interface due to the carbon partitioning during the
c fi a transformation. Note that there is also a narrow
region enriched in carbon atoms at the a/M interface
according to APT measurement (Figure 3(a)), which is
considered to be caused by interfacial segregation at the
a/M interface.[49,50] Although the length scale of the CA
simulation, Figure 10, is larger than that of the APT
measurement, the simulated carbon concentration level
in martensite compares reasonably well with the APT
analyses.

D. Tempering Process

During tempering at 400 �C, martensite decomposi-
tion is simulated using the time differential of Eq. [11].
The microstructure and carbon distribution of
Figure 8(d) are taken as the initial condition. According
to the APT analysis of the tempered sample, the carbon
concentrations of the a-phase inside the TM are in the
range from ~ 0.1 to ~ 0.4 mol pct, while the carbon
concentrations of the a-matrix outside the TM are lower
than ~ 0.1 mol pct. Thus, carbon concentration gradi-
ents ahead of the a/TM interface are established, leading
to carbon diffusion from the TM into the a-matrix
during tempering. In addition, the simulation of the
cooling process indicates that martensite grains with

different sizes have different carbon concentrations (see
Figures 8 and 10). Therefore, it is estimated that inside
the TM-grains the carbon concentration of the a-phase
and the volume fraction of carbides range from ~ 0.1 to
~ 0.4 mol pct and from ~ 0.1 to ~ 0.2, respectively,
using the lever rule depending on the carbon concen-
trations of the original martensitic grains. The evolution
of the simulated carbon concentration field during
tempering is presented in Figure 11. Considering the
low volume fraction and small size of the carbides, the
TM is displayed as one effective phase using the average
carbon concentration of the decomposed a-phase and
carbides in each TM-grain. As shown, with tempering
time increasing, the overall carbon concentration of the
a-matrix increases and the carbon distribution in the
a-matrix becomes gradually uniform. After tempering at
400 �C for 20 minutes (Figure 11(b)), the average car-
bon concentration of the a-matrix, ~ 0.080 mol pct, is
higher than that in the simulated air cooled microstruc-
ture (Figure 8(d)), ~ 0.059 mol pct. The tempered
microstructures obtained by the CA simulation
(Figure 11(b)) and metallography (Figure 2(d)) are
comparable.
It is noted that the present CA model is computa-

tionally efficient. The computational times for simulat-
ing isothermal holding (Figure 6), continuous cooling

Fig. 10—Simulated microstructure and carbon concentration field of a Fe-0.323C-1.231Mn-0.849Si (mol pct) alloy after isothermal holding at
800 �C for 300 s and then cooling to 117 �C at 6 �C s�1: (a) magnified morphology; and (b) and (c) carbon concentration profiles 1 and 2 across
the a/M interfaces for different martensitic grains, along the indicated arrows in (a), respectively (Color figure online).
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(Figure 8) and tempering (Figure 11) are about 5.5, 3.5
and 0.15 hours, respectively, on a PC with Core i5-6500
(3.20 GHz).

E. Discussion

As presented in Figure 1 and Table I, the samples
before and after different heat treatments exhibit differ-
ent yield platforms and yield strengths. It is considered
that the mechanical properties of the as-rolled sample
must be influenced by more factors compared to the
heat treated samples due to the complicated rolling
process. Besides, in the present work we did not perform
the simulation of the rolling process. Thus, in this
section we focus on the discussion regarding the samples
after heat treatments.

As discussed in Section II, the average a-grain size is
nearly unchanged after heat treatments, and the volume
fractions of martensite and TM in the 800AC and
800AC-400T samples are less than 0.10, which are not
sufficient to influence the yield strength.[37] Therefore,
different concentrations of Cottrell atmospheres formed
in the a-matrix are considered to be the main reason
responsible for the different yield point phenomena of
samples after different heat treatments, which is closely
related to the carbon concentration in the a-matrix.[38,39]

Recently, evidence of Cottrell atmospheres was found
in modeled alloys or specimens such as Si with As
dopant after implantation[51] and Mn partitioning to
dislocation cores in a Fe-9 wt pct Mn steel.[52] However,
there are still limitations for the detection of carbon
segregations at dislocation cores, because carbon is a
fast diffuser in the a-matrix and can also be easily moved
by applied bias in the LEAP, especially under an
increased surface temperature with laser pulse assisted
field evaporation. Additionally, the carbon concentra-
tions in the current steel are extremely low in the matrix.
It is thus difficult to obtain precise carbon concentra-
tions in the a-matrix and find clear evidence of Cottrell
atmospheres in current APT experiments.

According to the simulation results presented in
Sections IV–B through IV–D, martensitic grains
enriched in carbon (~ 3 to ~ 5 mol pct) form after

holding at 800 �C for 300 seconds, and then cooling at
6 �C s�1 to the Ms temperature. Such carbon enrich-
ment in martensite reduces the amount of carbon in
solution in the a-matrix. The simulated average carbon
concentration in the a-matrix is about 0.059 mol pct,
Figure 8(d).
During tempering, martensite decomposes into TM

and releases carbon atoms into the a-matrix. According
to the CA simulation, after tempering the overall carbon
concentration in the a-matrix increases from ~ 0.059 to
~ 0.080 mol pct, compared to the 800AC sample.
Apparently, the increased carbon concentration in the
a-matrix and sufficient carbon diffusion during temper-
ing render the formation of more Cottrell atmospheres.
Thus, it is expected that the possibility of dislocations
pinned by Cottrell atmospheres is markedly increased
with more carbon in solution. In other words, the
formation of Cottrell atmospheres surrounding disloca-
tions is promoted after tempering, which contributes to
the strain aging effect of the a-matrix, leading to a clear
and long yield platform in the stress–strain curve, and a
concomitant increased yield strength.[38,39] Accordingly,
it is understandable that the tempered sample,
800AC-400T, presents a longer yield platform and a
higher yield strength than those of the air cooled sample,
800AC, Figure 1 and Table I.

V. CONCLUSIONS

A 2-D CA model is proposed and applied to simulate
the evolution of microstructure and carbon distribution
during phase transformations occurring in a
Fe-0.323C-1.231Mn-0.849Si (mol pct) steel subject to
different heat treatments. Model validation is performed
by comparing the CA simulations with the PF predic-
tions[30] with and without considering Gibbs energy
dissipation for the transformation kinetics during
isothermal holding at the inter-critical temperature of
785 �C for a Fe-C-Mn ternary alloy. Good agreement is
obtained between the results of the two models. The CA
simulated microstructures and carbon content of
martensite agree reasonably well with the SEM

Fig. 11—Simulated microstructures and carbon concentration fields of a Fe-0.323C-1.231Mn-0.849Si (mol pct) alloy after isothermal holding at
800 �C for 300 s, subsequent cooling to room temperature at 6 �C s�1 and then tempering at 400 �C for: (a) 3 min; (b) 20 min. The numbers in
the figures indicate the local carbon concentrations in the a-matrix (Color figure online).
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micrographs and APT analyses, respectively. The fol-
lowing conclusions are reached:

� During isothermal holding at 800 �C, the growth of
pearlite-nucleated c-grains consumes the supersatu-
rated carbon atoms in the c-phase, while the growth
of c-nuclei formed at a/a GBs absorbs the carbon
atoms from the adjacent a-phase. The carbon
concentrations in both the a- and c-phases decrease
and become uniform gradually as the a fi c trans-
formation proceeds. After holding for 300 seconds,
the carbon concentrations in the a- and c-phases, as
well as the transformed volume fraction of the
c-phase, still deviate from the paraequilibrium pre-
dictions, due to the existence of Gibbs energy
dissipation.

� During cooling from 800 �C to room temperature at
6 �C s�1, after a stagnant stage at the beginning, the
c fi a transformation takes place, accompanied by
the carbon concentrations in the a- and c-phases
increasing and becoming non-uniform. Small
c-grains have faster transformation kinetics and
higher carbon concentrations compared to large
c-grains, which explains the reason why different
martensitic substructures are observed in the 800AC
sample. The transformation kinetics becomes extre-
mely low below 450 �C due to the rapidly decreasing
interfacial mobility. When cooled to the martensite
start (Ms) temperature, there is ~ 0.065 volume
fraction of the c-phase remaining, which transforms
to martensitic grains and the quantity is nearly
identical with the martensite volume fraction exper-
imentally measured from the 800AC sample. The
simulated concentration profiles across the a/M
interfaces reveal the enrichment of carbon atoms
(~ 3 to ~ 5 mol pct) in martensite, which compares
well with the results of APT analyses. During
subsequent tempering at 400 �C for 20 minutes,
martensite decomposition and carbon diffusion
occur, leading to the increasing carbon concentra-
tion in the a-matrix. The simulated average carbon
concentration in the a-matrix of the tempered
microstructure is higher than that of the air cooled
microstructure.

� According to the simulation results, a small
volume fraction of carbon enriched martensite
exists in the microstructure of the air cooled
sample, which reduces the amount of carbon
atoms in solution in the a-matrix. During temper-
ing, martensite decomposition releases carbon
atoms into the a-matrix and carbon diffusion in
the a-matrix is promoted. With more carbon
atoms in solution, high concentration Cottrell
atmospheres are expected to form around disloca-
tions, leading to a clear yield platform and a high
yield strength. Consequently, the CA simulations
provide insights into the interaction of microstruc-
ture evolution and carbon distribution, and the
mechanisms of the experimental phenomena that
the tempered sample exhibits a more distinct yield
platform and a higher yield strength compared to
the air cooled sample.
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