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The heat-affected zone (HAZ) liquation cracking mechanism of nickel-based superalloys with
high (Al+Ti) content during the laser solid forming (LSF) process was investigated via laser
remelting of an as-deposited IN-738LC superalloy. Microstructural HAZ analysis revealed that
cracks consistently propagated from the HAZ to the remelting zone along the grain boundary
(GB). The formation of a liquid film during GB liquation was mainly owing to localized melting
of the semicontinuous c-c¢ eutectic distributed along the GB. The solute segregation behavior of
the IN-738LC alloy during LSF was analyzed using the Giovanola–Kurz model and Scheil
models, revealing that a significant enrichment of c-c¢ eutectic-forming elements in the residual
liquid at the final stage of solidification (solid fraction ~ 0.87) in the molten pool was the main
cause of semicontinuous c-c¢ eutectic formation along the GB. Further, a B enrichment at the
GB was identified in LSF-fabricated IN-738LC, which promoted cracking by lowering the GB
liquation temperature and promoting wetting of the GB by the liquid film. Unlike the
phenomenon observed in the welding of cast IN-738LC, the coherence between the c¢ phases
and the c matrix in LSF-fabricated IN-738LC can suppress the occurrence of constitutional
liquation of the c¢ phase. To understand the interaction between the thermal stress and the liquid
film in the LSF process, thermal stress as a cracking driving force was also estimated based on
the measurement of the residual stress from the substrate to the remelting zone of the IN-738LC
deposit by the Vickers micro-indentation method.
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I. INTRODUCTION

THE precipitation-strengthened cast nickel-based
superalloy IN-738LC is strengthened by precipitating
the ordered Ni3(Al,Ti)-c¢ phase in the cmatrix. This alloy

is widely used in the production of hot section compo-
nents of both land-based and aeronautic gas turbine
engine owing to its excellent high-temperature creep
properties and remarkable resistance to hot corro-
sion.[1,2] In addition, laser solid forming (LSF) is a
typical laser additive manufacturing technology that
provides several advantages over the conventional cast
process, such as the absence of dies, no size restrictions,
fully dense structures, and high performance.[3,4] How-
ever, LSF is a layer-by-layer deposition process, and thus
the heat accumulation and the reheating effect of
subsequent depositions will cause the deposited layer to
undergo a certain high-temperature heat treatment with
the maximum treatment temperature close to the melting
point. The previously deposited layer, as a heat-affected
zone (HAZ), is prone to cracking during the subsequent
deposition when the deposited materials present a high
cracking susceptibility. Therefore, clarifying the cracking
mechanism and avoiding cracking become key factors to
ensure the high performance of LSF-fabricated parts.
Chen et al.[5] have achieved an LSFed IN-738LC

thin-walled component with a reasonably good thermal
stability after exposure to high temperature (845 �C) for
3 to 6 days. Further, Rickenbacher et al.[6] have
produced an IN-738LC part with mechanical properties
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superior to cast IN-738LC by selective laser melting
(SLM), though cracking, which was found to be
unavoidable in this part, limits further improvement of
the part performance. The same problem also exists in
the LSF-fabricated Rene 88DT alloy,[7] which is also a
c¢-precipitation-strengthened nickel-based superalloy,
wherein the cracking can be attributed to the high
content of Al and Ti in these c¢-precipitation-strength-
ened superalloys (Al+Ti > 6 wt pct, generally). It
should be noted that the crack behaviors in the laser
additive manufacturing process are similar to that in the
fusion welding process. Many previous works have
attempted to explain the cracking mechanisms in the
fusion welding of high-(Al+Ti)-content Ni-based super-
alloys and have confirmed that the cracks are owing to
grain boundary (GB) liquation cracking in the HAZ.
Further, the mechanisms governing GB liquation have
been deemed as localized melting (also called direct
liquation) of the c-c¢ eutectic or as constitutional
liquation of c¢ particles and carbides.[8–12]

It is well known, however, that the susceptibility of a
secondary phase to constitutional liquation is primarily
related to its solid-state dissolution behavior, as shown
in Figure 1. Constitutional liquation was first proposed
by Pepe and Savage,[8,13] and usually occurs below an
alloy’s equilibrium solidus temperature and can be
described as follows: During the rapid heating process,
the solute concentration in the matrix at the precipi-
tate/matrix interface will increase with the solid-state

dissolution of the precipitate (light-red ringed zone in
Figure 1). When that solute concentration exceeds the
alloy composition at a temperature equal to or above
the equilibrium reaction temperature of the precipi-
tate–matrix eutectic, a metastable solute-rich liquid film
will be formed at the precipitate/matrix interface, thus
inducing the constitutional liquation (i.e., a subsolidus
liquation) to occur. Subsequently, the adjacent liquation
zones will connect to form a liquid film and will
eventually crack under tensile stress (shown in
Figure 1). According to a previous work, the solid-state
dissolution process of a non-coherent precipitate is
typically diffusion-controlled, and constitutional liqua-
tion can occur easily. Conversely, the solid-state disso-
lution of a coherent precipitate is usually
interface-controlled, and the constitutional liquation
will not occur.[14] Interestingly, once the particles (such
as the c¢ phase in nickel-based superalloys) exceed a
critical dimension, a coherency loss will occur.[15–18]

Considering that the sizes of the c-c¢ eutectic, c¢ particles,
and carbides in the LSF-fabricated nickel-based super-
alloys are much smaller than those in cast superal-
loys,[5,19] however, it remains a controversy whether or
not constitutional liquation occurs in LSF-fabricated
nickel-based superalloy. Zhao et al.[20] have found that
the cracks in LSF-fabricated Rene 88DT alloy (Al+Ti
of ~ 5.5) are primarily liquated cracks resulting from the
localized melting of the c-c¢ eutectic (shown in Figure 1)
in the previously deposited layer owing to the reheating

Fig. 1—Schematic diagram of constitutional liquation and direct liquation (localized melting) of the low-melting-point eutectic.
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from the subsequent laser deposition, and no constitu-
tional liquation is found. In contrast to Zhao et al.’s
findings, Yang et al.[21] still attribute the GB liquation to
the constitutional liquation of c¢ particles in LSF-fab-
ricated Rene 104 superalloy (Al+Ti of ~ 7.1) and the
liquid film separates into cracks under tensile stress, as
shown in Figure 1.

Importantly, once the cracks are formed, their initial
morphology will be affected by the subsequent laser
deposition during LSF, in which the thermal history can
be very complex, including melting, solidification,
remelting, partial-remelting, cyclic annealing, etc.
(Figure 1). Thus it is challenging to find direct evidence
of GB liquation, which causes the controversy regarding
the liquation cracking mechanism during LSF. In the
present work, the laser remelting of an IN-738LC alloy
deposit fabricated by LSF was carried out. Crack
analysis combined with microstructural observation
and microsegregation analysis was conducted on the
laser remelting of the LSF-fabricated IN-738LC alloy,
which will provide theoretical support for future exten-
sive applications of LSF technology in superalloys with
a high (Al + Ti) content.

II. EXPERIMENTAL PROCEDURES

The substrate used for laser remelting was an
LSF-fabricated IN-738LC alloy deposit, whose chemical
composition is listed in Table I. The substrate with
dimensions of 15 9 5 9 10 mm3 was fabricated by an
LSF system comprising a 1kW YAG laser, a four-axis
numerical control working table, and a powder feeding
system with a coaxial nozzle. The surface of the
substrate was polished and subsequently cleaned thor-
oughly with acetone before laser remelting.

The upper portion of the LSF-fabricated IN-738LC
alloy was cut into two parts by a wire electro-discharge
machining device, as shown in Figure 2. One was used
for laser remelting, which was carried out using the LSF
system and whose processing parameters are listed in
Table II. Another was rapidly heated by a Gleeble 3500
thermomechanical simulation system to study the GB
liquation. Because the c-c¢ eutectic transformation in the
IN-738LC alloy occurs over a range of temperatures
that could be below 1120 �C,[22] the 15 9 5 9 10 mm3

deposit was rapidly heated to 1160 �C at a rate of 20 �C/s,
was then held for 1 second at 1160 �C, and was
subsequently quenched with water (Figure 2).

A transverse section was cut from the remelted
specimen via a wire electro-discharge machining, where-
upon the cut specimens were chemically etched (5 g
FeCl3, 20 ml HCl + 100 ml C2H5OH) for optical
metallography. The cut specimens were further etched
electrolytically in a solution of 12 ml H3PO4 + 48 ml
H2SO4 + 40 ml HNO3 to reveal the morphology of the

c-c¢ eutectic, c¢ particles, and carbides. The microstruc-
ture was subsequently observed with an OLYM-
PUS-GX71 optical microscope (OM), a TESCAN
MIRA3 XMU field emission scanning electron micro-
scope (FE-SEM), and a TECNai F30 G2 transmission
electron microscope (TEM). The chemical composition
at various specimen positions was analyzed by a
SHIMADZU-1720 electron probe microanalysis tech-
nique (EPMA). The Thermo-Calc Software was
employed for the calculation of the solidification
sequence of the IN-738LC alloy.
On considering the close relationship between the

dynamic thermal stress and the final residual stress, the
residual stress of the deposits was investigated using the
Vickers micro-indentation method,[23,24] where the
microhardness was tested on a LECO automatic hard-
ness testing system. The stress–strain curve of the
LSF-fabricated IN-738LC alloy was obtained by testing
an as-deposited sample with the tensile axis parallel to
the laser scanning direction. The room-temperature
tensile test was performed on an INSTRON11-3382
tensile testing machine with a displacement rate of 2
mm/min. Two assumptions were made here, where the
first is that the residual stress is in an equal-biaxial state
and the second is that the uniaxial stress–strain curve
obeys the power-law function r ¼ Kenp; where K and n

are material constants that can be obtained from the
uniaxial stress–strain curve. Anisotropy of the
microstructure and tensile properties does exist in the
LSF-fabricated parts. According to literature,[6] how-
ever, the difference in the yield strength and ultimate
tensile strength of the LSF-fabricated IN-738LC in the
directions parallel and perpendicular to the deposition
direction can be 15 to 18 pct and just about 1 pct,
respectively, which are all less than 20 pct. Thus, it is
reasonable to assume that the stress states in the two
directions are approximately at the same level. Further,
the errors of the residual stress estimated based on the
microhardness, which is usually proportional to the
strength, should be less than 20 pct. Therefore, this
method remains one of the most common for measuring
residual stress of the LSF-fabricated alloys.[25,26] The
residual stress and the residual strain have been reported
to follow the following relations:[27]

H ¼ Crðerepr þ eresÞ; ½1�

c2 ¼ c20 � 0:32 ln 1þ rres
rðeresÞ

� �
; ½2�

where, H is the microhardness of the deposits, C a
constant that depends on the geometry of the sharp
indenter, erepr the representative value of the effective
plastic strain, eres the residual von Mises effective plas-
tic strain in an equi-biaxial situation, r(erepr + eres) the
flow stress at an effective plastic strain (erepr + eres),

Table I. Chemical Composition of the IN-738LC Powders (Weight Percent)

C Cr Al Ti Mo W Co Nb Ta Si Fe B Ni

0.11 15.79 3.4 3.4 1.77 2.54 8.25 0.8 1.74 0.049 0.078 0.008 bal.
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and c2 the area ratio between the real projected con-
tact area A and the nominal projected contact area
Anom of the diamond indentation such that c2 = A/
Anom. The nominal projected contact area of diamond
indentation can be defined as Anom = [(L1+L2)/2]

2/2,
where L1 and L2 are the length of the diagonal line of
the sharp indenter. According to the work by Liu,[25]

C = 3, erepr = 0.08 and c2o � 1: Thus, substituting
these parameters into Eqs. (1) and (2), the residual
strain (eres) and the residual stress (rres) were obtained
as follows:

eres ¼
H

3K

� �1=n

�0:08; ½3�

rres ¼ Kjeresjn exp
c2 � 1

0:32

� �
� 1

� �
: ½4�

Note that the presented analysis cannot distinguish
between the tensile and compressive stresses but this
does not affect the analysis of the cracking driving force
because of the following reason: On the one hand, the
residual stress state (tensile/compressive) in the remelted
IN-738LC deposit should be similar to that in a welded
specimen. In general, the liquid in the welding pool and
the liquid film formed in the HAZ will be stretched by
the surrounding matrix during solidification following
the welding. Thus there typically exists both residual
tensile stress in the fusion zone and the HAZ as well as

residual compressive stress in the substrate away from
the HAZ, which has been shown in the works of
Chamanfar and Bonakdar.[28,29] On the other hand, the
true driving force of HAZ cracking is the thermal stress
generated during the rapid heating and cooling. In that
situation, the HAZ temperature is still high and the
liquid film formed in the HAZ is typically stretched by a
tensile stress to form the cracks. Thus, an equivalent
stress was estimated herein to reflect the thermal stress
formed during the LSF process, which can aid in
understanding the HAZ cracking driving force.

III. RESULTS

A. Microstructure of the As-deposited IN-738LC

It is well known that the formation temperature of the
low-melting-point phase of will affect whether it is easily
liquated. Figure 3 shows the solidification sequence of
the IN-738LC alloy as calculated by Thermo-Calc
software under the equilibrium and Scheil models using
the TTNi database.[30] It was found that the primary c
phase was formed at 1343.7 �C, after which the carbide
formed at 1330.6 �C. Finally, the solidification termi-
nated at 1288.7 �C after the formation of a small
amount of boride at 1290.5 �C. After the solidification,
the c¢ phase was precipitated from the c matrix at 1135.7
�C (Figure 3(a)). However, the Scheil model, which
considers the solute redistribution during solidification,
predicted that the formation of the r phase (a common
phase in superalloys) occurred at 1150.9 �C and the c-c¢
eutectic reaction occured at 1118.8 �C, which is after the
formation of carbide at 1330.1 �C and boride at 1214.7
�C (Figure 3(b)).
The case of rapid cooling, however, will cause the

microsegregation behavior of the elements to vary from
the thermodynamic equilibrium prediction during LSF

Fig. 2—Schematic diagram of the specimen sections used for laser remelting and that used for rapid heating via the thermomechanical
simulation system.

Table II. Laser Remelting Processing Parameters

Laser Power (kW) 1
Scanning Speed (mm/min) 400
Spot Diameter (mm) 2
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(i.e., a near-rapid solidification process).[31] The typical
microstructure of the as-deposited IN-738LC alloy is
shown in Figure 4. Note that the GB mainly consists of
semicontinuous c-c¢ eutectic and small amount of
carbides (Figure 4(a)), while no r phase was observed.
The higher-magnification image of the microstructure
shows the regular lamellar c-c¢ eutectic at the GB

(Figure 4(b)). The composition at the GB region, at
which the lamellar constituent is located, was measured
by EPMA and is listed in Table III. The composition of
the liquid as predicted by the Scheil model at the c-c¢
eutectic-forming temperature (1131.1 �C) is listed in
Table III. The actual measurement area may exceed the
range of the lamellar constituents owing to its very small

Fig. 4—Low- (a), high- (b) magnification SEM micrographs showing the microstructure of as-deposited IN-738LC alloy and TEM micrograph
of blocky MC carbide (c) with the SADP from the [110] zone axis (d).

Fig. 3—Equilibrium phases and their weight fractions in the IN-738LC alloy at each temperature as predicted by Thermo-Calc (a) and the
solidification sequence as calculated by the Scheil model (b).
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size, and thus the actual microsegregation during LSF
may deviate from the theoretical prediction. Thus a
deviation exists between the measured and theoretically
predicted values. However, it can still be seen that the
contents of the c-c¢ eutectic-forming elements Ti, Al, Nb,
and Ta, and especially Ti, are clearly higher than the
nominal composition in the IN-738LC alloy, which is
consistent with the predicted values. Thus, the lamellar
constituent should be c-c¢ eutectic. Note that discontin-
uous coarsening of some GB constituents may have
occurred during LSF owing to the fact that the heat
accumulation in the deposited layers will increase
significantly with continued deposition, which is equiv-
alent to a heat treatment. Thus, some of the GB
constituents do not appear to have the typical eutectic
morphology. The carbide exhibits an irregular blocky
shape and the c¢ phases exhibit a spherical shape with a
diameter of about 100 nm. Figure 4(c) shows a TEM
micrograph of the blocky carbide with the selected area
diffraction pattern (SADP) from the [110] zone axis
(Figure 4(d)), which confirms the carbide as an
MC-type.

B. Microstructure of the Laser Remelting
of the As-deposited Specimen

Figure 5 is an optical micrograph showing the cracks
in the laser remelting of the as-deposited IN-738LC
alloy. As shown in Figure 5(a) the molten pool mainly
consists of columnar grains growing epitaxially from the
substrate deposit, while the cracks generally occur in the
HAZ. The higher-magnification optical micrograph
(Figure 5(b)) shows that the cracks only form along
the GBs, and Figure 5(c) shows the dendrites with
secondary arms and the continuous GBs.

Figure 6 shows the microstructure of the laser remelt-
ing of the HAZ close to the remelting zone (RZ).
Combining Figure 4(a) with Figures 6(a) and (b), it is
revealed that only the c matrix and irregular blocky
carbides (called stable carbides in this work) can be
found in the HAZ near the RZ. As shown in Fig-
ures 6(c) and (d), the crack, located at the GB according
to Figure 5, exhibits the irregular and zigzag morphol-
ogy typical of liquation cracking.

Figure 7 shows the microstructure of GBs away from
the RZ in the HAZ. As shown in Figure 7(a), there is an
apparent liquation of the c-c¢ eutectic, and a continuous
liquid film is thus formed along the GB. The c¢ phases
dissolve into the c matrix incompletely while the MC
carbides maintain their shape and size almost
unchanged compared with that in the substrate deposit
shown in Figure 1. A crack is observed to form
preferentially along the intergranular liquid film which
results from the liquation of the c-c¢ eutectic located at
the edge of the crack, as shown in Figure 7(b).

The substrate deposit was reheated to 1160 �C for
1 second and then was water-quenched in the thermo-
mechanical simulation system, with the goal of simulat-
ing the possible microstructure evolution present in the
HAZ during laser remelting/reheating. As shown in
Figure 8, the liquated c-c¢ eutectic and liquid film
formed along the GB can also be found in the reheated

deposit. Micropores exist in the liquid film (Figure 8(a)),
which indicates that cracks were initially formed by
liquid film separation. The liquid film was stretched until
ultimately cracking was induced (Figure 8(b)). It is
generally known that the c¢ phase in the interdendritic
region is larger than that in the dendrite in the
c¢-strengthened Ni-based superalloy, while the c¢ phase
of the IN-738LC alloy was observed to begin to dissolve
at about 1000 �C by differential scanning calorimetry.[32]

Because the reheating temperature was well above the
predicted equilibrium c¢ solvus and should therefore be
even farther above the solvus temperature of the
dendrite core c¢, the c¢ phases in the dendrite core
should be completely dissolved while those in the
interdendritic region should undergo incomplete disso-
lution during the reheating (Figure 8).
To understand the relationship between the cracks and

the local compositional enrichment in the GBs, the
elemental distribution around the crack was determined
by EPMA and is shown in Figure 9. It can be noted that
C, Ti, Nb, Ta, and Mo are enriched at the interdendritic
region andGB (crack region), while Co is clearly enriched
at the dendrite core. Meanwhile, the crack core exhibits a
lack of Al, which is the main forming element of the c-c¢
eutectic, owing to the relativelyweak segregation capacity
of Al in the nickel-based superalloy.[31,33] Interestingly,
the results of the EPMA show a slight enrichment of B at
theGB, as shown in Figure 9. According to the calculated
partition coefficient (k¢ = Ccore/C0) given in Table III,
while the cooling rates in the laser processes are indeed
very high, they typically are not high enough to induce
solute trapping and therefore significantly reduced segre-
gation behavior. But the high cooling rate will cause the
borides to be unable to fully precipitate and grow in size.
Therefore, the size of the boride would be too small to be
easily observed under the SEM owing to the very low
content of B (only about 0.008 wt pct).

IV. DISCUSSION

A. Formation Mechanism of Continuous/Semicontinuous
c-c¢ Eutectic Along GB

As stated earlier, one of the most important factors
causing HAZ cracking is the formation of a continuous
liquid film distributed along the GB, which is closely
related to the microstructure in the deposit.[34] It is
therefore necessary to understand the microsegregation
and formation of solidification constituents in the
LSF-fabricated IN-738LC alloy before discussing the
liquation phenomenon.
Figure 5(c) clearly shows a dendritic microstructure

and the average secondary dendrite arm spacing was
measured about at 5.5 lm. Its cooling rate was
estimated to be about 127 �C/s according to the
empirical relationship between the cooling rate and
secondary dendrite arm spacing for IN-738LC:[35]

k2 ¼ 196:8V�0:4
c ; ½5�

where k2 is the secondary dendrite arm spacing and Vc

is the cooling rate. This cooling rate is considerably
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more rapid than that in the conventional casting pro-
cess. Accordingly, the relationship between the solid
fraction (fs) and the solute concentration in the solid
(C�

s ) in the LSF-fabricated specimen can be described
by the model proposed by Giovanola and Kurz
(GK),[36] which takes into account non-equilibrium
solute redistribution and dendrite tip undercooling:

fs ¼ a1C
�2
s þ a2C

�
s þ a3 ð0 � fs � fxÞ; ½6�

fs ¼ 1þ ðfx � 1ÞðC�
s=CxÞ

1
k�1 ðfx � fs � 1Þ; ½7�

where k is the non-equilibrium partition coefficient; fx
a critical value of the solid fraction; Cx the corre-
sponding solute concentration in the solid; and where
a1, a2, a3, fx, and Cx are unknown coefficients. Fur-
thermore, at the dendrite tips (fs = 0), the solute

content in the solid (Cx
st) can be determined by the

Kurz–Giovanola–Trivedi model:[37]

C�
st ¼ C0kA; ½8�

k ¼ k0 þ ða0V=DÞ
1þ ða0V=DÞ ; ½9�

where C0 is the initial alloy concentration, A = 1/(1 –
(1 � k)Iv(P)), Iv(P), the Ivantsov function of the solute
Peclet number,[38] ko the equilibrium partition coeffi-
cient, V the growth velocity of dendrites approximated
by the scanning speed, a0 a length scale related to the
interatomic distance, and D the solute diffusion coeffi-
cient in the solid–liquid interface. Setting fs = 0 for
C�

s ¼ C�
st; the five unknown coefficients above will have

the following relationships:[36]

Fig. 5—Low- (a) and high- (b and c) magnification optical micrographs of the transverse section of the laser remelting in the as-deposited
IN-738LC specimen showing its microstructure and the HAZ cracking.

Table III. EPMA Quantitative Results (Weight Percent) at the GB and Dendrite Core Region, Scheil Model-Predicted c-c¢
Eutectic Composition, and the Calculated Partition Coefficient (k¢ = Ccore/C0) of the Main Elements in the IN-738LC Alloy

Cr Al Ti Mo Co Nb Ta C Ni

GB 16.99 3.36 5.46 1.84 7.68 1.81 3.17 0.21 —
Predicted c-c¢ Eutectic 18.41 2.07 7.41 4.53 4.32 7.94 11.50 0.007
Dendrite Core 15.54 3.42 2.16 1.35 8.81 0.44 1.01 0.04 —
k¢ 0.984 1.006 0.635 0.763 1.068 0.55 0.58 0.364 —
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a1
3

C3
x � C�3

st

� �
þ a2

2
C2

x � C�2
st

� �
þ a3 Cx � C�

st

� �

¼ ðfx � 1Þðk� 1Þ
k

� �
Cx � C0 ½10�

a1C
�2
st þ a2C

�
st þ a3 ¼ 0 ½11�

a1C
2
x þ a2Cx þ a3 ¼ fx ½12�

2a1C
�
st þ a2 ¼ 1= C�

stð1� kÞ
� �

½13�

a1 ¼
2SCx � SkCx � SC�

st � 1

2kC2
x � 3C2

x � 2kC�
stCx þ 4C�

stCx � C�2
st

; ½14�

where S = 1/(kC0(1 � k)). Solving Eqs. [10]–[14], the five
unknowns(a1,a2,a3, fx, andcx)abovecanbeobtainedandwe
can then estimate the solute segregation behavior and further
formation process of themain phases of the IN-738LC alloy
under the near-rapid solidification conditions. The equilib-
rium chemical composition of the MC, r, and c¢ phases in
the IN-738LC alloy and the equilibrium partition coefficient
(k0) of the corresponding elements calculated by the
Thermo-Calc software are listed in Table IV.

Fig. 6—Low- (a and c) and high- (b and d) magnification SEM micrographs showing the microstructure of the laser remelting in the HAZ close
to the RZ.

Fig. 7—SEM micrographs showing liquated c-c¢ eutectic (a) and cracked GB (b) in the HAZ located away from the RZ.
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Because the cracking is mainly related to liquation of
the interdendritic precipitates (Figures 7 and 8), the
segregation behavior of the main elements of the

interdendritic precipitates is discussed in detail.
Figures 10(a) shows the concentration profiles of ele-
ments enriched in the interdendritic region of the IN-738LC

Fig. 9—The EPMA mapping results showing the elemental distribution around the GB near the crack in the LSF-fabricated IN-738LC
specimen.

Fig. 8—Simulated HAZ microstructure showing the liquation of the c-c¢ eutectic (a) and the stretched liquid film in the specimen heated to 1160
�C for 1 s (b).

Table IV. Chemical Composition (Atomic Percent) of the Equilibrium MC, r, and c¢ Phases and the Partition Coefficient (k0) of
Corresponding Elements as Calculated by Thermo-Calc Software Based on the Nominal Chemical Composition of the IN-738LC

Alloy

Phase Cr Al Ti Mo Co Nb Ta C Ni

MC — — 0.25 — — 0.19 0.09 0.45 —
r 0.60 — — 0.11 0.11 — — — 0.17
c¢ 0.04 0.08 0.13 — 0.04 0.03 0.01 — 0.64
k0 0.986 1.012 0.672 0.720 1.115 0.325 0.414 0.120 —
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alloy as calculated by the GK model. Note that the
carbide-forming elements (C, Ta, Nb, and Ti), which
have smaller value of k0 (k0 < 1) than that of other

elements according to Table IV, are first enriched in the
liquid at the solid–liquid interface when fs reaches ~ 0.8.
This indicates that the composition of the interdendritic

Fig. 10—Concentration profiles of elements enriched in the interdendritic region of the IN-738LC alloy as calculated by the GK model (a);
concentration profiles of Ti, Nb, and Ta predicted by the Scheil model (b) are used for comparison; schematic illustration of the columnar
dendritic solidification (c) and SEM image of the isolated c-c¢ eutectic between the dendrites of the IN-738LC alloy (inset of (c)).
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liquid will first reach equilibrium between c, MC, and
the liquid. Thus, MC carbide and c would form at the
interdendrites over a range of temperatures via the L fi
c + MC eutectic-type transformation, which is consis-
tent with the results shown in Figure 3(b). However, the
main r phase-forming elements Cr, which has a k0 value
approximately equal to unity, begins to concentrate at
the dendrites until fs � 0.96 (Figure 10(a)). The forma-
tion of the r phase could thus be suppressed owing to
the rapid cooling during the LSF IN-738LC alloy. Ma
et al.[39] have obtained a similar conclusion, whereby the
rapid cooling will inhibit elemental segregation in their
report regarding pulsed laser butt welding of Hastelloy
C-276. In contrast, the c-c¢ eutectic would not be
completely prevented by the rapid cooling process
owing to the small k0 values of Ti, Nb, and Ta which
are also c-c¢ eutectic-forming elements,[40, 41] although
Al has k0 values of ~ 1.

In general, when the solidification rate is low, the
solute segregation behavior can be approximately

described by the Scheil model C�
s ¼ k0C0ð1� fsÞk0�1

� 	
;

based on the local equilibrium assumption.[38] There-
fore, to better understand the formation of the c-c¢
eutectic at the end of the solidification process in LSF,
the concentration profiles of Ti, Nb, and Ta were
calculated by the Scheil model for comparison
(Figure 10(b)). In addition, the average concentrations
of Ti, Nb, and Ta (5.5, 1.8, and 3.2 wt pct, respectively)
at the solute enrichment area (i.e., GB) obtained by
EPMA are also shown in Figure 10(b). It is obvious that
the solute enrichment initially appears in the residual
liquid when fs reaches 0.65, and as the solid fraction
decreases further the degree of solute enrichment will
increase more significantly according to the Scheil model
(Figures 10(a) and (b)). The Lfi c+ c¢ eutectic reaction
will occur (fs � 0.74) when the composition of the
interdendritic liquid reaches equilibrium between the
liquid, c and c¢, as shown in Figure 10(b). This process is
illustrated in Figure 10(c), showing a schematic diagram
of the dendritic growth and solute segregation at
different stages of solidification. A coarse c-c¢ eutectic
will finally form at the interdendritic region and the GB
owing to the significant segregation and large dendritic
spacing, similar to that in the cast IN-738LC alloy.[42]

Nevertheless, the solute segregation behavior during
LSF will be slightly different from that predicted by the
Scheil model owing to the rapid cooling.[39] According
to the GK model, the apparent enrichment of solutes in
the liquid occurs only when fs reaches between 0.81 and
0.87 (Figure 10(a)), which means that the composition
conditions of the L fi c + c¢ eutectic reaction may not
be satisfied until the solidification is almost ended (fs �
0.87). At this point, the secondary arms will almost be in
contact with each other to form a small closed inter-
dendritic region and the GB area will form a relatively
semicontinuous liquid film owing to the most serious
elemental segregation at the dendritic tip zone, as shown
in Figure 10(c) (fs = 0.9). Thus, an isolated c-c¢ eutectic
is formed at the interdendritic region (inset of
Figure 10(c)) and the semicontinuous c-c¢ eutectic is
formed along the GB (Figures 4(a) and (b)) in the

LSF-fabricated IN-738LC alloy. Sidhu et al.[34] have
also presented a similar view in electron-beam-welding
of the nickel-based superalloy IN-738LC.

B. Liquation Cracking Mechanism

1. Formation of continuous/semicontinuous liquid film
along GB
The presence of a continuous/semicontinuous c-c¢

eutectic only at the GB provides the structural condi-
tions for GB liquation cracking. Another important
factor is the liquation of the c-c¢ eutectic in the
LSF-fabricated IN-738LC alloy. For the large-sized c¢
phase (usually 0.6 to 0.8 lm in castings[43]), it is difficult
to completely dissolve the c¢ phase during rapid heating.
However, when the c¢ phase is small (Figure 4) its
dissolution rate will be significantly higher than that of
the large-sized c¢ phase.[12, 44] Once the c¢ phase is
completely dissolved before reaching the c-c¢ eutectic
reaction temperature, the melting of the c-c¢ eutectic will
not occur. Interestingly, the dissolution of the c¢ phase in
the HAZ changes in the direction away from the RZ
(Figures 6 and 7). Figure 11(a) defines the different
regions in the HAZ. The region near the RZ in the HAZ
is called the completely dissolved zone (CDZ) and the
region away from the RZ in the HAZ is called the
incompletely dissolved zone (ICDZ), although the MC
carbides in both zones seem to be unaffected during the
laser remelting (Figures 6 and 7).
Accordingly, it is necessary to clarify the relationship

between the dissolution of the c¢ phase, the liquation of
the c-c¢ eutectic, and the heating rate because of the
existence of the zone in the HAZ wherein the c¢ phase is
completely dissolved (Figure 6). This can be discussed
by means of Figure 11(b), which shows the temperature
change trend in two regions of the HAZ, whereby Tc¢ is
the starting solid dissolution temperature of c¢ and Tc-c¢
is the c-c¢ eutectic reaction temperature. It can be seen
by comparing of Figures 7 and 4(b) that the c-c¢ eutectic
in the ICDZ was liquated before the c¢ phases were fully
dissolved. This means that the c¢ phases in the ICDZ
could not be completely dissolved into the c matrix in
the time range t3 � t4 (although their sizes are as small
as 50 to 100 nm), and neither do the c¢ phases in CDZ in
the time range t1 � t2 (i.e., < t3-t4). Therefore, the
complete dissolution of the c¢ phases in the CDZ
(Figure 6) should be attributed to the fact that the
CDZ experiences a higher temperature and longer
heating time (t1 � t6) than the ICDZ (t3 � t5), as shown
in Figure 11. The complete dissolution of the c¢ phases
in the CDZ would result in a supersaturated c matrix,
and the liquid phase formed by the liquation of the c-c¢
eutectic at this region would also be solidified epitaxially
from a supersaturated c matrix as the laser beam moves
away. Thus, only the c matrix and carbide can be
observed and no obvious liquid film features can be
found in this region (Figure 6). These results indicate
that the c-c¢ eutectic in the HAZ of the LSF-fabricated
IN-738LC will be easily remelted to form a liquid film
once its temperature is above the eutectic reaction
temperature during the laser remelting.
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2. Effect of c¢ phase size on the formation mechanism
of the liquid film (localized melting of c-c¢ eutectic vs
constitutional liquation of c¢ phase)

As mentioned above, the liquid film in the HAZ
liquation cracking of c¢-strengthened superalloys gener-
ally forms in one of two ways: (i) localized melting of the
c-c¢ eutectic and (ii) constitutional liquation of the c¢
phase. However, it should be noted that there is no
evidence indicating constitutional liquation of c¢ in the
HAZ of the remelted IN-738LC alloy in this work,
which is different from that observed in the welding of
the cast IN-738LC alloy.[8]

However, as explicated earlier, the constitutional
liquation of a secondary phase is closely related to its
solid-state dissolution behavior. Radhakrishnan has
found that the solid-state dissolution of coherent pre-
cipitates (i.e., the c¢ phase in the IN-738LC alloy) is
typically interface-controlled, in which the constitu-
tional liquation may not occur.[14] This can be qualita-
tively illustrated by Figure 12, which shows how the
interface-controlled dissolution affects the constitutional
liquation during continuous heating. The dotted lines
‘‘a’’ and ‘‘b’’ in Figure 12 represent the solute concen-
tration in the matrix at the c¢-c interface corresponding
to diffusion-controlled and interface-controlled liqua-
tion, respectively (Figure 12). According to Radhakr-
ishnan,[14] in a superalloy with composition C0 and with
diffusion-controlled dissolution, the solute concentra-
tion in the c matrix at the c¢–c interface would deviate
from equilibrium assuming it follows curve ‘‘a’’ during
the continuous rapid heating. Thereupon, it would
ultimately meet the solvus curve at temperature Ta,
where the solute concentration in the c matrix at the c¢–c
interface exceeds the bulk composition of the alloy. In
this situation, the constitutional liquation (i.e., a sub-
solidus liquation) of the c¢ phase can occur. The typical
characteristic of constitutional liquation of the c¢ phases
during the welding of a cast IN-738LC alloy is the

formation of fine re-solidified c-c¢ eutectic product at the
edge of the liquated c¢ particles.[45] However, for
interface-controlled dissolution, the interface reaction
should be more sluggish than that for diffusion-con-
trolled dissolution, which would push the solvus curve
further to the left of curve ‘‘a’’ (Figure 12). Therefore,
curve ‘‘b’’ may intersect with the solidus curve at or even
below the bulk composition of the alloy and, in this
situation, matrix melting would occur and not consti-
tutional liquation. In other words, no constitutional
liquation would occur owing to the fact that the critical
value of the solute concentration in the matrix for
constitutional liquation cannot be reached.
Based on the discussion above, it can be deduced that

the complete coherence (or lack thereof) of c¢ particle
with the c matrix is an important factor affecting the

Fig. 11—Schematic diagram of laser remelting in the HAZ (a) and the temperature variation with time of the point ‘‘a’’ and ‘‘b’’ (b) marked in
(a).

Fig. 12—Effect of interface-controlled dissolution on liquation
temperature during continuous heating; inset shows the localized
melting of the c-c¢ eutectic in the LSF-fabricated IN-738LC alloy.
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constitutional liquation of the c¢ phase. Generally, there
should exist a critical dimension of the c¢ and c¢¢ particles
governing their coherence with the c matrix in the
precipitation-strengthened nickel-based superalloy,
whereat once the particles exceed this critical dimension
a loss of coherency occurs.[15–17] Czyrska-Filemonow-
icz[46] has found a similar phenomenon whereby a loss of
coherency appears in nickel alloys after aging in the
temperature range from 300 to 1000 �C. Iwamura[47] and
Rastogi[48] also have found coherency loss of the Al3Sc
precipitates in the Al-0.2 wt pct Sc alloy and of the c¢
precipitates in the Ni-6.5 wt pct Si alloy during their
coarsening. Therefore, it is reasonable to surmise that
since the size of the c¢ particles at the GB in the cast
IN-738LC alloy reaches 1 to 2 lm,[45] the c¢ phases may
have lost its coherent relationship with the c matrix. In
addition, the dislocations typically cut the small-sized
secondary phase particles while bowing out (i.e.,
so-called Orowan bowing) the large-sized ones and
leaving dislocation loops around them. This indicates
that dislocations will be more likely to pile up at the
interface between the large-sized particles and the
matrix, which could certainly also lead to coherency
loss of the particles. Lachowicz[18] has reported a high
dislocation density at the c¢-c interfaces in the HAZ, that
causes the c¢ lose their coherent relationship with the c
matrix and results in nucleation of microcracks during
the welding of the cast Inconel 713C alloy. Thus, the
dissolution of the c¢ phase in the cast IN-738LC alloy
should be mainly diffusion-controlled, and thus the
constitutional liquation of the c¢ phase is common in the
welding of cast IN-738LC alloys.[8, 49, 50]

However, the size of the c¢ phase in the LSF-fabri-
cated IN-738LC alloy, shown in Figure 4, is much
smaller than that in cast specimens. Figures 13(a) and
13(b) show the dark-field TEM micrograph of c¢
precipitates in the LSF-fabricated IN-738LC and the
diffraction pattern of the c and c¢ phases from the [100]
zone axis, respectively. The interplanar distances of the
(002), (020) and (022) planes of the c matrix are 1.771,
1.771, and 1.241 Å, respectively, which were then
compared with the relative theoretical spacing for the
c matrix. The difference between the actual distances
determined from the diffraction patterns and the theo-
retical values[18] for the c matrix was 0.001 Å, while the
difference of the angular values was 0�. The interplanar
distance of the weak reflections in the [002] direction is
3.556 Å, which is characteristic for the (001) plane that
belongs only to the c¢ phase and explicitly identifies this
phase (Figure 13(a)). The lattice misfit coefficient, d, for
the c and c¢ phases was calculated as 0.004 based on the
following relationship:[51]

d ¼ ap � a

a
; ½15�

where ap and a are the lattice parameters of the
precipitates and the matrix phases, respectively. This
calculated value of d suggests that the c¢ phases have an
excellent coherence with the c matrix. Furthermore, the
high-magnification images (Figures 13(c) through (e))
also clearly show the good coherent relationship
between c¢ phase and c matrix. Thus, it stands to reason

that the dissolution of the c¢ phases is interface-con-
trolled, which would inhibit the occurrence of constitu-
tional liquation according to the above discussion.
Similarly, carbides that are incoherent with the matrix
have been found to be constitutional liquated, while the
fully coherent carbides were unaffected during the rapid
heating of the alloy 800.[52] Though there is a theoretical
possibility that fully coherent precipitates can avoid
constitutional liquation, quantitative criteria for the
constitutional liquation of coherent c¢ phases during the
LSF of the IN-738LC alloy still require clarification in
future work. Certainly, inhibition of constitutional
liquation is actually helpful for the prevention of
cracking. However, during the LSF of the IN-738LC,
once the temperature exceeds the c-c¢ eutectic reaction
temperature (TE), the small continuously distributed c-c¢
eutectic along the GB would be directly melted, instead
of constitutional liquation of the c¢ phase, to form the
GB liquid film (inset of Figure 12). In addition, Sidhu
et al.[34] have found that the high-angle GB typically has
a relatively higher GB energy, which will cause the
forming liquid film to further wet and penetrate the GB
more easily, as well as to enhance the liquid film stability
to a relatively lower temperature. Therefore, a contin-
uous liquid film is more easily formed at the high-angle
GB, which will be stretched to form cracks via tensile
stress during cooling.

3. Effect of B enrichment at GB on the liquid film
Figure 9 demonstrates that B slightly enrichment

exists at the GB, which indicates that borides may
precipitate at the corresponding area. Figure 14(a)
shows the TEM bright-field image revealing the irreg-
ular borides near the MC carbides. Analysis of the
SADPs obtained from this boride (Figure 14(b)) indi-
cates that it is a bct crystal structure of M3B2 with the
lattice parameters a = 0.571 nm and c = 0.305 nm. As
shown in Figure 14(c), these M3B2 borides precipitated
along the GB. The appearance of the M3B2-type boride
is consistent with the experimental observation by Ojo
et al. in the welded IN-738LC alloy.[1,10,34,53] Further, a
similar type of boride (M3B2) has been reported in the
directionally solidified Ni-based superalloy IN-792.[54]

Generally, it is energetically more favorable for B
atoms to segregate at loosely packed regions such as
GBs, because this could help to reduce the free energy of
such interfaces.[55] Boride is thus more likely to appear
at the GBs, as shown in Figure 14. To further study the
effect of B on the GB liquation, the solidification
temperature range (STR) at different B contents was
calculated using the Thermo-Calc software, which is
shown in Figure 15. Owing to the inherent inability of
EDS to analyze boron with sufficient accuracy, alloys
with B contents ranging from 0 to 0.008 wt pct (nominal
content in IN-738LC) were selected for further analysis
based on the chemical composition of the IN-738LC
alloy (Table I). It should be noted that even a very small
increase in B content (0.003 wt pct) leads to a significant
decrease in the equilibrium solidus temperature
(Figure 15(a)), though with the further increase of B
content the change of the solidus temperature becomes
less obvious. Considering that the segregation of B
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during cooling is of the non-equilibrium type in LSF,
the solidification sequences were calculated by the Scheil
model with different B contents (Figure 2(b)). It can be
seen that the solidus temperature of IN-738LC is
already very low owing to the presence of the low-melt-
ing c-c¢ eutectic, and thus the effect of B content on the
non-equilibrium STR is not significant. Even so, a small
content of B (0.001 wt pct) could still reduce the
non-equilibrium solidus temperature by 6 �C. These
results can be attributed to the fact that B is known as a
depressing element for the alloy melting point, which
could lower the solidification temperature in nickel-
based superalloys.[56] In other words, whether it is under
equilibrium or non-equilibrium conditions, the B enrich-
ment will cause the corresponding regions to be melted
more easily during the continuous heating. Accordingly,
during the subsequent deposition, the enrichment of B
at the GB in the already-deposited layer would further
reduce the initial GB liquation temperature, which
would make the liquid film easier to form at the GB
than within the grains. Egbewand and Osoba have also

found that the rapid decomposition of the boride
particles during the welding heating cycle will lead to
the liberation of boron atoms, which could significantly
reduce the starting temperature of GB liquation.[43,57]

In fact, even for very small amounts of B, the B
enrichment in the superalloy can promote the liquation
of adjacent areas and the formation of liquid film, while
it can also affect the stability of the liquid film.[58] It is
known that B has the ability to reduce the solid/liquid
interface energy, which can promote cracking by exten-
sive wetting of the solid dendrites when the liquid film is
still present during the very last stage of solidifica-
tion.[58,59] Zhang et al. have also held a similar viewpoint
that the enrichment of B may lower the surface tension
of the residual liquid phase, which would cause the
liquid film to continuously wet the GB to very low
temperatures during the cooling.[60,61] The reduction of
the terminal solidification temperature during cooling
could in effect enlarge the brittle temperature range,
within which the HAZ exhibits a negligible ductility
during the weld cooling;[62] and could delay the ductility

Fig. 13—Dark-field TEM image of the coherent c¢ precipitates and c matrix (a) with SADP from [100] zone axis (b), high-resolution TEM image
of the c/c¢ interface (c), and the high-magnification images of the ‘‘d’’ (d) and ‘‘e’’ (e) regions marked in (c).
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Fig. 15—Equilibrium phase diagram as predicted by Thermo-Calc (a) and solidification sequences as calculated by the Scheil model (b) with
different B contents based on the chemical composition of the IN-738LC alloy.

Fig. 14—TEM micrograph showing the M3B2 near the MC carbide (a); SADP from the M3B2 taken along the ½�1�32� zone axis and from the MC
taken along the [112] zone axis (b) and TEM micrograph showing the M3B2 (c) with SADP taken along the [112] zone axis (d) along the GB.
Inset is the microbeam electron diffraction taken from the circle marked in (c).
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recovery in the HAZ, which may promote susceptibility
to liquation cracking.

4. Stress in HAZ required to trigger liquation cracking
The discussion above mainly considers the liquation

cracking in terms of the formation of a liquid film and
its influencing factors. However, another critical factor
leading to the HAZ cracking still requires clarification,
i.e., stress in the HAZ of the deposit. It is well known
that the main mechanical driving force for hot cracking
is the tensile stress (mainly thermal stress) generated
during the LSF. In general, thermal stress mainly results
from the accommodation of thermal expansion and
subsequent contraction, which is caused by severe
thermal excursions and steep thermal gradients local
to the deposited material during LSF. After the depo-
sition, the thermal stress that is not eventually released
in the deposits will ultimately form the residual stress.[63,
64] Since the thermal stress is so closely related to the
residual stress, it is reasonable to estimate the thermal
stress during LSF by estimating the residual stress in the
LSF-fabricated IN-738LC deposits. It is worth men-
tioning that, although microstructural differences exist
in the dendrite core/interdendritic region and the over-
lapping zone/inner-track zone, the residual stress mea-
sured by the Vickers micro-indentation method can
truly reflect the stress state of the LSF-fabricated
specimens, as reported in References 11, 25, 26 and 65.
It is necessary to point out that the width of the HAZ, in
which there exists an obvious non-uniform distribution
of c¢ phases, in the remelted deposit was ~ 200 lm
(Figure 5(a)), while the diagonal length of the indenta-
tion herein can be ~ 50 lm. Thus, the indentation will hit
a small bulk zone wherein the amount of c¢ will not be
significantly lower or higher than the nominal amount,
since the amount of c¢ should gradually change from the
RZ to the substrate zone. In addition, the microhard-
ness changes slightly in the HAZ (Figure 16(c)), which
indicates that the strength of the corresponding area
may exhibit a similar trend owing to the fact that the
microhardness is approximately proportional to the
tensile strength.[66] Thus it is reasonable to assume that
the K and n values in the HAZ can be obtained using a
bulk stress–strain curve with the power-law function
(r ¼ Kenp), which are 1425.6 and 0.1001, respectively.

The tensile stress–strain curve of the LSF-fabricated
IN-738LC alloy and the fitted curve are shown in
Figure 16(a). Substituting K and n into Eqs. [3] and [4],
they were then transformed into Eqs. [16] and [17],
respectively.

eres ¼
H

3� 1425:6

� �1=0:1001

�0:08 ½16�

eres ¼ 1425:6� jeresj0:1001 � exp
c2 � 1

0:32

� �
� 1

� �
½17�

To ensure that the indentations do not affect each
other in the narrow HAZ (shown in Figure 5(a)), the
microhardness was obtained every 100 lm from the

substrate to the RZ, as shown in Figures 16(b) and (c).
It can be seen that the microhardness in the HAZ and
RZ is a little lower than in the substrate. Comparing
Figures 6 and 7 it is obvious that the c¢ phases in the
HAZ experience both complete and incomplete solid
dissolution, which reduces their size and leads to the
decrease of the microhardness in the HAZ. In addition,
the c¢ phases in the RZ do not have enough time to
precipitate and increase in size without subsequent
reheating cycles after the remelting, which typically
causes them to exhibit small sizes or even prevents them
from precipitating.[5] The microhardness is thus rela-
tively low in the RZ, as shown in Figure 16(c).
The residual stress can be obtained by substituting the

microhardness into Eqs. [16] and [17], whose variation
from the substrate to the RZ is also presented in
Figure 16(c). It should be noted that the obtained
residual stress values may be lower than the actual
values owing to the following factors: first and foremost,
part of the residual stress will be relaxed during cutting
and polishing of the specimen. Next, part of the residual
stress in the specimen will be relaxed as the indenter
presses into the specimen. In addition, part of the
residual stress in the LSF-fabricated specimen could be
relaxed owing to the multiple cycles of laser scanning
and heating, which are equivalent to an annealing
treatment. Finally, some assumptions made herein and
the microhardness and indentation area measurements
will inevitably lead to some error. However, similar to
the reported works on Ni-based superalloys,[11,25] an
overall lowering of the data should not affect the main
purpose here of measuring residual stress. This is
because, with the qualitative comparison of the level
of residual stress in the RZ, HAZ, and substrate zone of
the remelted deposit, the residual stress of each position
in the section should be similarly affected and its
distribution in the section should be similar to the
original. It can be found that the distribution of the
residual stress is non-uniform, and especially in the
HAZ. In general, the high cyclic heating and cooling
regime caused by the moving heat source makes the LSF
process vulnerable to thermal stresses.[25,67] The sub-
strate (i.e., LSFed IN-738LC specimen) will certainly
possess a certain residual stress. The RZ also exhibits a
high residual stress owing to the high thermal stresses
and solidification shrinking stress generated during the
rapid solidification of the molten pool.[68,69] The high
residual stress existing in the HAZ could be attributed to
two factors. First, owing to the close proximity of the
HAZ and the RZ, the temperature in the HAZ changes
drastically and induces high thermal stress. Second, the
non-uniform phase transformation process (non-uni-
form solution and precipitation of c¢ phases shown in
Figures 6 and 7) in the HAZ during the rapid thermal
cycling produces a phase transformation stress.[70] It is
generally known that the strains existing in regions with
different microstructures are generally different under
identical stress levels,[71] and the stress concentration is
thus more likely to occur in areas with non-uniform
microstructures (i.e., the HAZ). Paddea has also found
that the highest tensile stress exists in the HAZ during
the welding of P91 steel.[72] Because the true driving
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force of cracking is the real-time thermal stress during
LSF, finite element simulations and real-time measure-
ments of the thermal stress are needed in future works to
obtain a deeper understanding of the cracking driving
force.

Figure 16(d) shows the GB liquation cracking mech-
anism in the HAZ of the LSF-fabricated IN-738LC
alloy. It can be seen that the liquid films formed by the
liquation of the isolated c-c¢ eutectic areas are prevented
from connecting to each other owing to the obstruction
of the dendritic arms. The liquid film formed at the GB
exhibits a relatively continuous distribution, however,
which can be attributed to three factors. The first factor
is the semicontinuous distribution exhibited by the c-c¢
eutectic (shown in Figure 4). The second factor is the
presence of borides at the GB. Finally, the last factor is
the greater wettability of the GB compared to that of the
interdendritic region inside the grain, which causes the
liquid film to spread easier along the GB.[34] Once the
liquid film is formed, it will stretch under the tensile

stress induced by the non-uniform phase transformation
and the rapid heating and cooling,[73,74] and thus form
micropores (shown in Figure 8(a)). These micropores
will continue to expand under the tensile stress until
ultimately resulting in cracking (Figures 8(b) and 10(c)).

V. CONCLUSIONS

The laser remelting of the IN-738LC alloy deposit
prepared by LSF was carried out and the HAZ liquation
cracking mechanism was studied in detail considering
element segregation, enrichment of trace elements, c¢
phase size, and residual stress. The main conclusions are
as follows:

1. The apparent enrichment of the c-c¢ eutectic-form-
ing elements in the liquid occurs only when the solid
fraction (fs) reaches ~ 0.87 during the solidification
in the LSF of IN-738LC, according to the

Fig. 16—Tensile stress–strain curve of the LSF-fabricated IN-738LC alloy and its power-law fit (a); schematic diagram of the microhardness
measurement position (b) and the corresponding results of microhardness and residual stress (c); schematic diagram of the GB liquation cracking
mechanism of the HAZ (d).
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calculated results by the GK and Scheil models and
the EPMA results. This elemental enrichment at the
last stage of solidification leads to the formation of
a large amount semicontinuous c-c¢ eutectic along
the GB and of isolated c-c¢ eutectic within the grains
in the LSF-fabricated IN-738LC alloy.

2. The cracks are consistently found to propagate
along the GB of the LSF-fabricated IN-738LC
alloy, which can be attributed to two factors: (1)
Localized melting of the semicontinuous c-c¢ eutec-
tic during subsequent depositions would induce the
formation of a continuous liquid film along the GB
of the LSF-fabricated IN-738LC. (2) Boron is
found to slightly segregate at the GB of the
LSF-fabricated IN-738LC, and even a very small
increase in B content results in a significant decrease
in the GB liquation temperature of IN-738LC.

3. The ~ 100 nm-diameter c¢ precipitates in the
LSF-fabricated IN-738LC alloy are found to be
completely coherent with the c matrix, which could
inhibit the occurrence of constitutional liquation of
the c¢ phases in the LSF-fabricated IN-738LC
according to the prediction by a simplified binary
phase diagram.

4. The microhardness in the HAZ (~ 428 HV) of the
LSFed IN-738LC alloy is a little lower than that in
the substrate (~ 465 HV) and RZ (~ 433 HV), which
is found to be primarily governed by the amount
and the size of the c¢ phases. The residual stress in
the HAZ, as estimated by the Vickers micro-inden-
tation method, is high and non-uniform (100 to 360
MPa). This could indicate that the thermal stress,
which is the main driving force for HAZ liquation
cracking in the LSF-fabricated IN-738LC alloy, is
also high and non-uniform.
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