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Low carbon MnCrMoNiCu alloyed steels are typically used to produce highly ductile thick
plates for offshore structures and bulk shipbuilding. The current study revealed how
microscopic factors affect the toughness and the occurrence of cleavage fracture of the steel.
In this regard, a series of thermal treatments was performed on the test steel by employing a
thermomechanical simulator. These involved reheating samples at different temperatures
(1168 K to 1623 K (895 �C to 1350 �C)) producing different prior austenite grain sizes,
followed by a continuous cooling transformation process. The Charpy V notch (CVN)
toughness was determined, and the effect of the austenite grain size on the ductile–brittle
transition-temperatures of the steel was investigated. The microstructural evolution of the
austenite grain sizes was studied, fracture features were characterized, the critical event for
cleavage fracture was identified, and the local cleavage fracture stress rf was calculated. The
CVN toughness and rf were maximized in the steel which was reheated at 1273 K (1000 �C) and
containing refined lathlike bainite.
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I. INTRODUCTION

A structural steel should not be used at temperatures
lower than the ductile-to-brittle transition temperature
(DBTT), at which the steel loses most of its toughness
and fractures in the brittle cleavage mode.[1–3] In the
course of cleavage fracture, transgranular cracking takes
place along the typical cleavage of the {100}a plane. The
fracture stress rf is an intrinsic mechanical property
pertaining to the cleavage fracture and is insensitive to
temperature. The increase in rf can lower the DBTT, as
demonstrated by the Yoffee diagram.[1–3]

The engineering significance in studying the variations
in rf with microstructural factors and the scientific
fascination in clarifying micromechanism of the cleav-
age fracture in high-strength steels have stimulated
substantial research works[2,4–8] The microstructural

units controlling the rf were different for different steels:
ferrite grains in polygonal ferrite+pearlite steels,
bainitic, or martensitic packets in quenched and tem-
pered steels, or the prior austenite grains in the
as-quenched steels.[2,6,8] A Griffith form can be
employed to link the rf and microstructural factors,
i.e., grain size or packet size, and the effective energy of
the fracture surface, cp. Hanamura et al.[2] found that cp
could be quantified as 7.7, 34.6, and 150.9 J/m2 for
ferrite+pearlite, tempered martensite, or the
as-quenched martensite, respectively, in a JIS-SM490
steel. cp of 233.3 J/m2 was reported for a high-strength
bainitic steel.[6] The local cleavage fracture stress rf
decreases as the packets size increases, showing a linear
dependence on the inverse square root of the size.[7,8]

The decrease of rf made cleavage fracture easier,
increased the DBTT, and worsened the toughness in
the lower shelf region.
The effect of microstructural variants, including prior

austenite grain size, bainitic/martensitic packet size,
distribution of martensite–austenite (MA) constituents,
and the density of high-angle grain boundaries
(HAGBs), on the DBTT of the steels has been
revealed.[9–16] It has been believed that the presence of
MA constituents is deleterious, as it increases DBTT.[9,16]

The prior austenite grain boundaries,[2,6] or the bound-
aries that separate different colonies of the martensitic or
bainitic microstructure, could be HAGBs. These bound-
aries inhibit the propagation of cleavage cracks.[10,11]

Furthermore, it has been suggested that Bain unit
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boundaries[12–14] could prevent cleavage crack propaga-
tions in martensitic steels. In addition, the HAGBs
within bainitic packets could deflect the crack-propaga-
tion path[15] or form fine tear ridges on the fracture
surface and provide additional resistance, but is not the
decisive factor determining crack propagation.[6] Based
on these previous studies, it is believed that DBTT would
decrease with the increasing fraction of HAGBs.

The variations in the microstructure and mechanical
properties of highly ductile low-carbon steel plates with
high yield strength (YS) greater than 690 MPa have been
the subject of extensive investigation.[17–25] The delivered
plates are heat treated by the conventional quenching
and tempering process. The as-quenched microstructures
can vary, being lath martensite (LM), lath bainite (LB),
or granular bainite (GB) depending on the chemical
composition, thickness of the plate, location across the
thickness, and the quenching process. Dhua et al.[18]

demonstrated that the YS, the ultimate tensile strength
(UTS), and Charpy V Notch (CVN) properties of the
specimens with LM microstructures were much superior
to those with the GB microstructure in HSLA-100 steels.
LB is also a reasonably well-accepted as-quenched
microstructure as demonstrated by a recent study on
an 80-mm-thick plate of YS 690 MPa.[23] It was found
that the CVN energy in the quarter thickness with LB
was approximately three times as high as that in the core
of the plate, where GB was dominant. This is attributed
to the LB microstructure that comprises a higher density
of HAGBs and hence smaller effective grain sizes
compared to those of the GB microstructure. The
formation of GB with coarse MA constituents in the
steel is in turn due to the limited cooling rates achievable
in the core of the heavy plates even during quenching.
This should be mitigated in the quenched and tempered
plate. A recent study by You et al.[22] demonstrated that
LB associated with fine MA constituents was achieved
even during slow cooling at 1 K/s (1 �C/s) by increasing
the austenitizing temperature to 1000 �C for an
HSLA-100 steel. The CVN impact toughness of the steel
was thus maximized. However, further studies on the
variation in DBTT with the austenitizing temperature
and corresponding cleavage fracture behavior may be
required as part of this study.

Welding is a critical process in high-strength
steels.[26–31] The microstructure in the heat-affected zone
(HAZ) of the base metal would be altered during thermal
cycles, when the matrix phases transform into austenite
during heating, which in turn retransform into
microstructures such as martensite or bainite depending
on the cooling rate (or heat input) during cooling. The
austenite grain size in the coarse-grained heat-affected
zone (CGHAZ) may be 10 times higher than that in a
fine-grained HAZ (FGHAZ)[26,31]; as a result, the

toughness of the CGHAZ would be reduced. A recent
study[23] showed that the Charpy V impact toughness was
dramatically reduced in the simulated unaltered
CGHAZ. The changes in the toughness of the base metal
and CGHAZ were associated with the occurrence of
cleavage fracture. The local cleavage fracture stress rf is
considered as the resistance offered by the weakest
microstructural component to the propagation of a
cleavage crack, i.e., it is a characteristic of steel that
decisively controls cleavage fracture and toughness.[5] It is
therefore essential to study the microstructural factors
that canmaximize the fracture stressrf, and thereby lower
the DBTT, in developing advanced highly ductile HSLA
steels. Systematic investigations on the micromechanism
of the cleavage fracture behavior in high-strength steels
(YS greater than 690MPa grade) are still inadequate and
scarce.[6,7]

In the current study, the micromechanism governing
the DBTT of an industrially produced low-carbon
MnCrMoNiCu plate steel with YS greater than
690 MPa was studied. The effect of microstructural
variation on the fracture behavior was studied based on
the principles of the micromechanism of the cleavage
fracture of the metal.[5]

II. EXPERIMENTAL PROCEDURES

The chemical composition of the steel is shown in
Table I. The steel was produced by an integrated
industrial production process including steelmaking
using a basic oxygen furnace, ladle furnace, Ruhrstahl-
Hereus degassing system, and continuous casting,
resulting in slabs of thickness 320 mm. An 80 mm-thick
plate was rolled from one of the slabs with a 5-m-wide
plate mill. After reheating at 1473 K (1200 �C) for
20 minutes, the slab was subjected to rough rolling, with
a total reduction ratio of 50 pct, and finish rolling, again
with a total reduction ratio of 50 pct, in the austenite
recrystallization and non-recrystallization regions,
respectively.[23] Specimens of dimensions 11 mm 9 1
mm 9 75 mm were taken from the quarter thickness
section for the subsequent heat treatments. The length
direction was perpendicular to the rolling direction.
Thermal simulations were performed using a thermo-

mechanical simulator. A Pt-10 pct Rh thermocouple was
spotwelded in themiddle along the lengthof the specimens
for recording the temperature. Each specimen was heated
at 5 K/s (5 �C/s) up to a predetermined temperature of
1168 K, 1273 K, 1473 K, or 1623 K (895 �C, 1000 �C,
1200 �C, or 1350 �C), held there for 5 min, and then
continuously cooled at 5 K/s (5 �C/s) down to 773 K
(500 �C) followed by a continuous cooling transformation
(CCT) at 2.5 K/s (2.5 �C/s) to room temperature.

Table I. Chemical Composition of the Experimental Steel (Weight Percent)

C Si Mn P S Cu Ni Cr Mo Al Nb Ti

0.07 0.23 1.06 0.008 0.001 1.25 1.74 0.59 0.485 0.036 0.043 0.019
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The as-quenched samples were cross sectioned, and
the plane coinciding with the thermocouple position was
ground and polished by the conventional technique.
Saturated aqueous picric acid was used to reveal the
austenite grain boundaries at 338 ± 5 K (65 ± 5 �C). A
nital reagent composed of 4 pct nitric acid in denatured
ethanol was used to reveal the transformed microstruc-
tures. The austenite grain size or bainitic/martensitic
packet size was measured as the average value of the two
diameters perpendicular to each other using an optical
microscope. The individual packets were characterized
based on the morphology or growth orientation of
ferrite laths. The transformed microstructures at room
temperature were further observed with a scanning
electron microscope (SEM). Electron backscatter
diffraction (EBSD) analysis (resolution: 0.1 lm) was
performed by employing a field emission SEM equipped
with an EBSD camera. The data were then interpreted
using the HKL technology Channel 5 software. These
samples were also subjected to Vickers hardness testing
using a 10 kg load. A more detailed metallographic
examination was performed on the selected specimens
using a TEM equipped with energy dispersive spec-
troscopy (EDS) attachment. The thin foils for TEM
observations (at 200 kV) were prepared in a twin-jet
electrolytic apparatus using a solution containing
5 vol pct perchloric acid and 95 vol pct ethanol.

For in situ observations on the microstructure evolution
during theCCT, a samplewas sectioned from the plate and
machined into a disk (3.8 mm diameter 9 3 mm height),
mirror polished, and set into a high-purity alumina
crucible (4.5 mm inner diameter 9 5 mm height). The
microstructure during heating was observed with a confo-
cal scanning laser microscope (CSLM).[32] The sample and
crucible were placed into a gold image furnace and heated
at 5 K/s (5 �C/s) to the desired temperatures in high-purity
argon to prevent any oxidation. The microstructural
changes with the temperature and time were observed
and recorded for final analysis.

Standard CVN specimens (10 mm 9 10 mm 9
55 mm) were prepared with the V notch parallel to the
direction of thickness at the position of spot-welded
thermocouple. The impact energy was measured at
room temperature, 253 K, 213 K, 188 K, 168 K, or
77 K (RT, � 20 �C, � 60, �C � 85, �C � 105, �C or
� 196 �C) by employing a 450-J instrumented pendu-
lum impact tester with a tup striker of radius 2 mm. The
load and the absorbed energy pertaining to the displace-
ment curves measured by the impact tester were recorded
for further analysis. The determination of dynamic load
at the yielding point Py will be shown in a subsequent
section on the results of the instrumented Charpy V
impact tests. The derivation of the global dynamic yield
strength rdy from the measured Py was based on Server’s
study.[33] The constraint factor C is defined as

C ¼ 2M=k W� að Þ2 ½1�

where M is bending moment per unit thickness (B), k
the shear yield strength, a the notch depth, W the
specimen width. Assuming the Tresca yield criterion
(rdy = 2k),

rdy ¼ 4M=C W� að Þ2 ½2�

Substituting for the applied three point bending
moment M at the general yield (for a span-to-width
ratio of 4),

rdy ¼ 4PyW=CB W� að Þ2 ½3�

Taking the constrain factor C as 1.336 for the notch
specimen,

rdy ¼ 2:99PyW=B W� að Þ2 ½4�

The fracture surfaces of the failed Charpy V speci-
mens were observed in detail using SEM. The relative
microscopic parameters were measured for analyzing
the micromechanism of the fracture. The fracture
surface may consist of (1) an original notch; (2) a
stretch zone (SZW), which is actually produced by
blunting the original notch root and is characterized by
a smooth formless pattern; (3) an area of ductile fracture
with a fine dimple pattern, in which a fibrous crack
length (SCL) could be measured; and (4) a cleavage
cracking zone (CCZ) that shows several cleavage facets
with river pattern trips on them. The fracture distance Xf

is the distance from the site of cleavage crack initiation
to the blunted notch tip or fibrous crack. The cleav-
age-initiation site was located by tracing back the river
pattern strips to their origins, and Xf was measured. The
SZW, SCL, and CCZ present an integrated cracking
process. The details of the methodology to measure the
SZW, SCL, or Xf have been documented in the
literature.[5,8] To find the cracks retained in the failed
sample, the cross sections perpendicular to both the
fracture surface and the length direction of the V notch
were polished, etched by the nital solution, and exam-
ined under the optical microscope and SEM.

III. RESULTS

A. Prior Austenite Microstructure at Austenitizing
Temperature

Prior austenite grain size (PAGS), which determines
the type of microstructure, packet size, or block size, or
the density of HAGBs, increased as the austenitizing
temperature was increased. At least 110 austenite grain
sizes were measured for each austenitizing condition.
The sizes of the coarsest prior austenite grains or the
mean PAGS varied with the austenitizing temperature,
being 30.7 or 15.8 lm at 1168 K (895 �C), 62.3 or
22.0 lm at 1273 K (1000 �C), and 122.3 or 59.0 lm at
1473 K (1200 �C). A dramatic increase in the mean
grain size to 233.1 lm associated with the coarsest grain
of 533.8 lm was observed when the reheating temper-
ature was increased to 1623 K (1350 �C) (listed in
Table II). Figure 1 shows the original austenite grains
observed in the specimens with the increasing austeni-
tizing temperature.

4920—VOLUME 49A, OCTOBER 2018 METALLURGICAL AND MATERIALS TRANSACTIONS A



B. In situ Observation on Austenite-to-Bainite/
Martensite Transformation

Surface relief is typically associated with the forma-
tion of bainitic/martensitic ferrite during the austen-
ite-to-bainite/martensite transformation. This has been
successfully observed using a high-temperature laser
scanning confocal microscope in previous studies on
low-carbon steels.[34–36] The current study observed the
microstructural evolution in the specimens austenitized
at 1273 K, 1473 K, and 1623 K (1000 �C, 1200 �C, and
1350 �C) by using a similar technique. Figure 2 shows
bainite nucleation and growth in the specimen austen-
itized at 1273 K (1000 �C). Bainitic transformation by
grain-boundary nucleation is observed, and the growth
of bainitic ferrite is inhibited on the opposite side of the
grain boundary, as indicated by the black arrows in
Figures 2(b) and (c). Subsequently, the simultaneous

formation of bainitic ferrite in different orientations is
observed during continuous cooling (Figure 2(d)).
In the specimen austenitized at 1473 K (1200 �C),
bainitic/martensitic ferrite mainly nucleated on the prior
austenite grain boundaries, and the growth was again
inhibited on the opposite boundaries (Figures 3(b)
through (d)). Subsequently, nucleation on the sides of
the newly created ferrite grains was observed; and the
growth of ferrite can also cause impingement between
the grains (Figures 3(e) through (g)). It can be seen that
the circled coarse austenite grain was fragmented,
resulting in a few packets due to the impingement
(Figure 3(h)). In the specimen austenitized at 1623 K
(1350 �C), the austenite grains were much coarser; both
the grain-boundary (indicated by black arrows)
and intragranular nucleation (indicated by white
arrows) transformation mechanisms were observed

Fig. 1—Austenite grains (picric acid solution etching) of the specimen austenitized at (a) 1168 K (895 �C), (b) 1273 K (1000 �C), (c) 1473 K
(1200 �C), and (d) 1623 K (1350 �C).

Table II. Corresponding Parameters at Different Reheating Temperatures (TRH)

TRH K (�C)
Max Size of Prior
Austenite (lm)

Max Size
of Packet (lm)

Fraction
of HAGB

Hardness
(HV)

DBTT
K (�C)

1168 (895) 30.7 29.4 63 305 202 (� 71)
1273 (1000) 62.3 31.6 72 334 179 (� 94)
1473 (1200) 122.3 59.4 72 339 217 (� 56)
1623 (1350) 533.8 201.6 86 333 221 (� 52)
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(Figure 4(b)). Subsequently, ferrites nucleate sympa-
thetically on the surface of the primary ferrite associated
with the impingement events. Based on two-dimensional
observations, therefore, grain-boundary nucleation was
found to be the most common mechanism at the start of
the transformation. The impingement of ferritic laths is
absent when the PAGS is small (Figure 2); however, it
occurs when the austenite grain size becomes larger
(Figures 3 and 4). Furthermore, the current study found
that intragranular nucleation of bainite is stimulated in
completion with the grain-boundary nucleation mecha-
nism when the austenite grains are substantially coars-
ened. It is addressed that some of the observed

intragranular nucleations may involve martensite/bai-
nite that nucleated at the austenite grain boundaries
existing at a certain depth from the specimen surface,
before they grew and appeared at the surface.

C. Resultant Microstructures After Continuous Cooling
Transformation

The change in microstructure with austenitizing
temperature during the transformation was qualitatively
or quantitatively characterized. Figure 5 shows the
optical morphologies in the specimens austenitized at
1168 K, 1273 K, 1473 K, or 1623 K (895 �C, 1000 �C,

Fig. 3—Snapshots of CSLM images showing the microstructural evolution of the specimen austenitized at 1473 K (1200 �C): (a) prior austenite;
(b) through (d) ferrite laths nucleated on austenite grain boundaries and the inhibition of their growth at the opposite grain boundaries; (e)
through (g) parallel ferrite laths nucleated on the sides of a newly created ferrite lath and the inhibition of their growth in the prior austenite
grains due to impingement; and (h) the large prior austenite grain was fragmented by several packets.

Fig. 2—Snapshots of CSLM images showing the microstructural evolution of the specimen austenitized at 1273 K (1000 �C): (a) prior austenite;
(b), (c) ferrite laths nucleated on austenite grain boundaries and the inhibition of their growth at the opposite boundaries; and (d) formation of
lathlike bainite.
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Fig. 5—Morphologies as observed under an optical microscope (after 4 pct nital etching) and measurement of packet size for the specimens
austenitized at (a) 1168 K (895 �C), (b) 1273 K (1000 �C), (c) 1473 K (1200 �C), and (d) 1623 K (1350 �C).

Fig. 4—Snapshots of CSLM images showing the microstructural evolution of the specimen austenitized at 1623 K (1350 �C): (a) austenite
microstructure prior to phase transformation; (b) intragranular nucleation (white arrow) and grain-boundary nucleation (black arrow); (c)
through (f) continuing intragranular nucleation, and impingement of grain-boundary-nucleated ferrite laths; and (g), (h) growth of parallel ferrite
laths nucleated on the sides of a newly formed ferrite lath.
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1200 �C, or 1350 �C), respectively. The method of
measuring packet sizes by using the optical microscope
is also indicated. At least 160 delineated packet sizes
were measured for each austenitizing condition.
Figure 6 shows the decreasing quantity of the MA
constituents as the austenitizing temperature is
increased. The SEM morphologies of the microstruc-
tures are shown in Figure 7. The microstructure in the
specimen austenitized at 1168 K (895 �C) is mainly a

GB–LB mixture, with 3.97 pct of the MA constituents.
The microstructure in the specimen austenitized at
1273 K (1000 �C) mainly comprises LB and refined
MA constituents (1.20 pct) (Figure 6). The microstruc-
ture of the specimen austenitized at 1473 K or 1623 K
(1200 �C or 1350 �C) is dominated by LM+LB. The
maximum packet sizes increased with the increasing
austenitizing temperature, being 29.4, 31.6, 59.4, and
201.6 lm for 1168 K, 1273 K, 1473 K, and 1623 K

Fig. 7—SEM images of the (4 pct nital etched) specimens austenitized at (a) 1168 K (895 �C), (b) 1273 K (1000 �C), (c) 1473 K (1200 �C), and
(d) 1623 K (1350 �C).

Fig. 6—Morphologies as observed under an optical microscope (LePera regent) for the specimens austenitized at (a) 1168 K (895 �C) and (b)
1273 K (1000 �C) showing a white phase corresponding to the MA constituents.
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(895 �C, 1000 �C, 1200 �C, and 1350 �C), respectively
(listed in Table II). The corresponding frequency distri-
butions of the packet sizes in all the conditions are shown
in Figure 8. The variations of both PAGS and the
resultant bainitic/martensitic packet size vs the austen-
itizing temperature are shown in Figure 9. One can see
that the packet size decreases as the PAGS decreases.
The maximum packet sizes of the GB microstructure are
approximately equal to those of the prior austenite
grains. The coarsest packet sizes of the LM microstruc-
ture are approximately 0.38 to 0.49 times those of the
coarsest prior austenite grains (Table III). This is
roughly consistent with the theoretical analysis.[37]

Figure 10 shows the TEM images of the specimens
austenitized at 1168 K, 1273 K, or 1623 K (895 �C,
1000 �C or 1350 �C, respectively). Laths of bainitic

ferrite are the major matrix microstructure in the
specimen austenitized at 1168 K (895 �C) with fine-
grained prior austenite. These laths are associated with
islands of MA (pointed by arrows) that form GB, as
shown in Figure 10(b). Both the laths and the MA
constituents in the specimen austenitized at 1273 K
(1000 �C) are finer than those of the specimen austen-
itized at 1168 K (895 �C) (Figures 10(c) and (d)). In the
specimen austenitized at 1623 K ( �C), which is coarse-
grained, dislocated martensite laths were observed as the
matrix, and some of the laths experienced significant
autotempering during the cooling process, as shown in
Figures 10(e) and (f). A similar autotempering phe-
nomenon was also observed by Thompson et al.[38] in
the study of a HSLA-80 steel during continuous cooling
processes.
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Fig. 8—Bainite (along with some martensite in (c, d)) packets of the specimens austenitized at (a) 1168 K (895 �C), (b) 1273 K (1000 �C), (c)
1473 K (1200 �C), and (d) 1623 K (1350 �C).

Table III. Microparameters for Cleavage Fracture at 77 K (2 196 �C)

TRH K (�C) af (lm) Pf (kN) Py (kN) Pf/Py rdy (MPa) Xf (lm) rf (MPa) epc Tc Qc(rf/rdy) cp (J/m2)

1168 (895) 32.8 10.10 30.54 0.331 1427 68.0 2102 0.014 0.81 1.47 210
1273 (1000) 33.0 16.70 32.49 0.514 1518 295.0 2868 0.004 1.21 1.89 393
1473 (1200) 45.1 7.90 32.00 0.247 1454 50.0 1908 0.004 0.22 1.27 237
1623 (1350) 55.9 6.60 31.50 0.216 1425 80.0 1853 0.001 0.69 1.30 278

af cleavage facet size around the crack-initiation site, rdy dynamic yield strength, rf local cleavage fracture stress, epc fracture strain, TC critical
stress triaxiality, QC critical stress intensification factor, cp effective surface energy, Pf fracture load, and Xf critical distance of cleavage.
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Figure 11 presents the EBSD maps showing the
HAGBs (greater than 15 deg) in the specimens austen-
itized at different temperatures with different PAGSs. It
can be seen that the fraction of HAGBs increases as the
PAGS increases, as shown in Figure 12(a). The majority
of the HAGBs are characterized by misorientations
greater than 35 deg, as shown in Figure 12(b). The
boundaries of prior austenite grains, the boundaries of
the packets, and some interlath boundaries within
packets parallel to each other are characterized by the
high-angle misorientations. The increased fraction of
HAGBs could be attributed to the formation of LM and
LB microstructures, in which the misorientations of the
interlath boundaries typically involve high angles.

D. Charpy V Impact Testing and the Curves
of Load–Energy vs Displacement

Based on the CVN testing at different temperatures,
the DBTT was determined for each austenitizing con-
dition. Figure 13 presents the ductile-to-brittle transi-
tion curves measured under all the conditions. The
DBTT, which is defined as the temperature correspond-
ing to the average value of the upper and lower shelf
energies, was characterized as 202 K, 179 K, 217 K, and
221 K (� 71 �C, � 94 �C, � 56, and � 52 �C) for the
austenitizing at 1168 K, 1273 K, 1473 K, and 1623 K
(895 �C, 1000 �C, 1200 �C, and 1350 �C), respectively.
It indicates that the optimal low-temperature toughness
is not achieved in the specimen austenitized at 1168 K
(895 �C) with the finest prior austenite grains. This is
attributed to the presence of a GB microstructure with
coarse MA constituents. Rather, the toughness is
maximized in the specimen austenitized at 1273 K
(1000 �C) with LB, where the packet sizes are similar
to those of the specimen with GB.

The characteristics of the fractures in the fully ductile
upper-shelf region, transition region, and lower shelf
region are reflected in the curves of the CVN impact
load combined with the impact energy vs hammer
displacement, as shown in Figure 14. At an impact
loading P, a distribution of the principal stress ryy along
the distance to the root of the V notch would be
established if no cracking takes place.[5] In the upper

shelf region, the load P reaches and exceeds the yield
load Py, causing substantial plastic deformation and
work hardening until final ductile rupture. The CVN
energy includes both the crack-initiation energy and
fibrous crack-propagation energy. A crack-initiation
energy of around 50 J can be differentiated from the
curves (Figures 14(a) and (b)). A 191-J crack-propaga-
tion energy can be measured in the specimen tested at
293 K (20 �C), and a 145-J-crack-propagation energy in
the specimen tested at 188 K (� 85 �C). The decreased
propagation energy can be attributed to the decrease in
plasticity as the test temperature is decreased (see the
total displacement for Figures 14(a) and (b)). In the
ductile-to-brittle transition region (Figure 14(c)), P
reaches Py, causing fibrous crack propagation and work
hardening in the early stage, followed by a brittle
cleavage crack; as a result, the total CVN absorbed
energy is reduced. The earlier the cleavage crack is
triggered, the lower is the CVN absorbed energy. In the
lower shelf region, Py and rdy are increased due to the
decrease in test temperature; as a result, the applied
stress ryy reaches the fracture stress rf before the fibrous
crack propagation can take place, which triggers cleav-
age fracture without substantially preceding fibrous
crack propagation, as is the case in the transition region
(Figure 14(d)).

E. Fractographs of the Failed Charpy V Specimens

A fully ductile fracture with a dimple pattern was
observed in the upper shelf region for each processing
condition, as shown in Figure 15. The general mode of
fracture on the upper shelf is ductile, caused by the
extension of the microcracks formed by the primary
voids (the dimples on the fracture surface) that nucleate
and grow until impingement, resulting in coalescence
and final rupture. In the investigated steel, most of the
second-phase particles that initiated the dimples were
identified as CaO, MgO, and CaS. With the decreasing
impact test temperature (Figures 15(a) and (b)) and the
increasing austenitizing temperature (increasing PAGS),
the sizes of the dimples seem to decrease. The plasticity
decreases as the temperature decreases. It also decreases
with the increasing PAGS.[8] The decreases in the
plasticity may lead to differences in the impact energy
in the upper shelf region, shown in Figure 13.
Representative SEM fractographs of the CVN sam-

ples fractured in the ductile-to-brittle transition region
are shown in Figure 16. The fracture surface consists of
ductile (fibrous crack propagation) and brittle fracture
regions. During the impact testing, a width of the SZW
is formed by blunting the tip of the notch, and
subsequently, a length of fibrous crack (SCL) is formed
as a result of significant plastic deformation; brittle
cleavage fracture is finally triggered. The microcrack
parameters measured in the transition region are shown
in Table IV. The ductile-to-brittle transition takes place
in all the specimens between 213 K and 188 K (� 60 to
� 85 �C), except for the sample austenitized at 1273 K
(1000 �C), in which the ductile-to-brittle transition
fractures were observed at 173 K (� 100 �C) or lower.
Here, the total absorbed energy (Et) changes in the order
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Fig. 10—Thin foil TEM images of the specimens austenitized at (a) and (b) 1168 K (895 �C), (c) and (d) 1273 K (1000 �C), and (e) and (f)
1623 K (1350 �C).
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of the width of fibrous crack propagation. The Et during
impact fracture increases as the sum of SZW and SCL
increases.[8,39]

The fractographs of the specimens that failed in the
brittle mode in the lower shelf region are displayed in
Figure 17. A microcrack may be initiated from a
second-phase particle, which then propagates across a

bainite/martensite high-angle packet boundary, leading
to final failure. The origins and pathways of the
microcrack propagation are indicated by yellow arrows.
The feature of the cleavage surface around the crack-ini-
tiation site can be linked with the microstructures under
different conditions, i.e., the size of the cleavage fracture
facet changes in the order consistent with the order of

Fig. 11—EBSD maps of the specimens austenitized at (a) 1168 K (895 �C), (b) 1273 K (1000 �C), (c) 1473 K (1200 �C), and (d) 1623 K
(1350 �C) (the thick lines are the grain boundaries with misorientations greater than 15 deg).
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packet sizes. The coarse tear ridges are of the packet
boundaries. The fine parallel tear ridges within the
cleavage facet can be attributed to the interlath bound-
aries with high misorientations.[6] Although the cleavage
facet sizes corresponding to Figures 17(a) and (b) are
similar to each other, the density of tear ridges in the
former, with GB, is lower than that in the latter, with
LB. The tear ridges made the cleavage facet shown in

Figure 17(b) are uneven compared to that shown in
Figure 17(a). By identifying the crack-initiation site, the
cleavage fracture distance Xf was measured (listed in
Table III).

F. Critical Event for the Cleavage Fracture

The cleavage microcracking process is composed of
(1) crack nucleation, (2) crack propagation across the
particle–grain boundary, and (3) crack propagation
across the grain–grain boundary.[11] It is essential to
identify which one of the above three stages is the
greatest difficulty, i.e., the critical event, in the formation
of a cleavage crack. In low- to medium-strength steels
with ferrite and pearlite, the propagation of a grain-
sized crack into contiguous grains is the critical event for
the cleavage fracture of notched specimens.[5] Figure 18
displays the cracks retained in the specimens with
different microstructures. The retained cracks are con-
strained in a packet, and their further propagation is
inhibited at the packet boundaries. The crack propaga-
tion in the GB grains seemed to be rather straight
(Figure 18(a)), whereas secondary crack propagation
took place in some LB grains (Figure 18(b) through (d)).
The packet boundaries that inhibited further crack
propagation were HAGBs —this was confirmed by
orientation mapping using EBSD, as shown in
Figure 19. The observations in the current study indi-
cate that the critical event for cleavage fracture can be
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Fig. 14—Curves of load and Charpy impact energy (CVN) vs hammer displacement obtained from the instrumented impact tests for the
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(� 196 �C).

-200 -160 -120 -80 -40 0
0

50

100

150

200

250 1168 K 895 oC

1273 K 1000 oC

1473 K 1200 oC

1623 K 1350 oC

A
bs

or
be

d 
En

er
gy

 (J
)

Temperature oC

Fig. 13—Ductile-to-brittle transition curves of the specimens
austenitized at the temperatures indicated.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 49A, OCTOBER 2018—4929



identified as the propagation of the packet-sized crack in
the high-strength steel.

G. Estimated Brittle Fracture Stress rf

The true local cleavage stress rf should be determined
based on a test that results in brittle fracture with
mitigated plastic deformation ahead of the notch. The
microparameters achieved during the instrumented
impact testing at 77 K (� 196 �C) are therefore suit-
able for determining the true rf. The brittle fracture load

Pf prior to general yielding, the load at general yielding
Py, and rdy are given as follows. The values of Pf were
directly measured (Figure 14(d)). The values of Py at
77 K (� 196 �C) were determined by extrapolating the
measured data at higher testing temperatures. Consid-
ering Figure 14 as an example, it is demonstrated how
Py was determined at higher testing temperatures from
each curve of the instrumented Charpy V test. The rdy at
77 K (� 196 �C) was also extrapolated from those of
higher temperatures calculated according to equation 4
(listed in Table III). Using the measured fracture load Pf

and the calculated yield load Py, suitable distribution
curves of the stress, strain, and stress triaxiality ahead of
the notch at 77 K (�196 �C) were calculated using the
finite element method (FEM).
The FEM-based modeling of the Charpy V specimen

was performed using the ABAQUS/Explicit code. A
three-dimensional model with eight-node biquadratic
plane-strain-reduced integration elements (C3D8R) of
the ABAQUS code was used to calculate the normal
stress (ryy) distribution in the Charpy V specimen with a
notch root of 0.25 mm. Six-node linear triangular prism
elements (C3D6) were used for the transition region.
The boundary conditions are similar to the test condi-
tions. For two bottom supporting blocks, the x, y, z
displacements and rotational degrees of freedom
(DOFs) were fixed. For the top loading block, at the
initial step, the 6 DOFs were fixed, but at the loading
analysis step, only the y-displacement DOF was
released. The FEM mesh that was used is given in
Figure 20.

Fig. 15—SEM morphologies showing the fracture surfaces of Charpy V specimens austenitized at (a), (b) 1273 K (1000 �C), (c) 1473 K
(1200 �C), (d) 1623 K (1350 �C) that failed at (a) 293 K (20 �C), (b) 188 K (�85 �C), and (c), (d) 293 K (20 �C).

Fig. 16—SEM morphology showing the fracture surface of a Charpy
V specimen austenitized at 1273 K (1000 �C) that failed at 153 K
(� 120 �C).
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The results of the FEM-based modeling are displayed
in Figure 21. Plotting the fracture distance Xf on the
abscissa and drawing a vertical line at the appropriate Xf

value, the corresponding values of the ordinates on the
curves of stress, strain, and stress triaxiality are deter-
mined as the local cleavage fracture stress rf, fracture
strain epc, and critical stress triaxiality Tc, respectively.
The values of the microparameters are listed in
Table III.

A comparison between rf and the variation in rdy vs
temperature is plotted in Figure 22. The dynamic yield
stress (rdy) changes with temperature. The rf determined
at 77 K (� 196 �C) is also imposed in the figure and is
assumed to be insensitive to temperature, based on
previous studies.[1–3,40] Note that rdy would be intensi-
fied due to the geometric constraints to have the same
meaning as the yield stress rY indicated in the Yoffee
diagram.[1–3] From the measured rf and the size of the
cleavage facet area around the crack-initiation site af,
the effective surface energy cp can be calculated by the
following formula[2,5]:

rf ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

pEcp
�

1� v2
� �

af

r

for a penny� shaped crackð Þ;

½5�

where E is Young’s modulus, 200000 MPa, and v is
Poisson’s ratio, 0.3. The calculated values of cp and af
are also listed in Table III.

The sizes of the cleavage facets change in the order
consistent with the order of packet sizes, as shown in
Figure 9. The packet sizes for the specimens austenitized
at 1168 K and 1273 K (895 �C and 1000 �C) are similar,
being the smallest. It is worth paying attention to the
fact that the cf in the latter is substantially higher than
that in the former. This can be attributed to the
evolution of the microstructure from GB to LB, as
shown in Figures 5 through 7.

IV. DISCUSSION

A. Effect of Austenitizing Temperature
on Microstructural Evolution

TheCCTbehavior andmicrostructural evolution upon
continuous cooling of the test steel austenitized at 1168 K
(895 �C) have been investigated previously.[23] The cur-
rent study extended the research by taking into account
the effect of austenitizing temperature (or austenite grain
size) on the microstructural evolution during the contin-
uous cooling process. The cooling process should be
comparable to that experienced by the core of the plates in
industrial quenching when the thickness of the plates is 80
mmor greater.[23,25] The resultant microstructural factors
changed upon increasing the austenitizing temperature
over a wide range: the growth of prior austenite grains
(Figure 1), reduced fraction ofMA constituents fromGB
to LB/LM (Figures 6 and 7), increase in

Fig. 17—SEM morphology showing the fracture surface near the crack-initiation site of a Charpy V specimen austenitized at (a) 1168 K
(895 �C), (b) 1273 K (1000 �C), (c) 1473 K (1200 �C), and (d) 1623 K (1350 �C); all the samples failed at 77 K (� 196 �C).
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bainitic/martensitic packet size (Figure 9), or increased
density of HAGBs (Figures 11 and 12). During the CCT,
grain-boundary nucleation was observed to be the main
mechanism at the start of the phase transformation. The
coarse austenite grains (austenitizing at 1473 K and
1623 K (1200 �C and 1350 �C)) were fragmented due to
the impingements (Figures 3 and 4). It should be empha-
sized that the HAGBs detected included prior austenite
grain boundaries, packet boundaries, and the interlath
high-angle boundaries in the packets. A packet should be
enclosed by the first two types of boundaries. According
to the observation, the density of the packet boundaries in
the specimen austenitized at 1623 K (1350 �C) should be
much lower than that in the sample austenitized at
1273 K (1000 �C).

The microstructural change from GB to LM is
attributed to the increased hardenability of austenite
as the austenitizing temperature is increased. The

increased hardenability of austenite due to the increase
in austenitizing temperature may be attributed to the
increased dissolution of the alloy elements and microal-
loying precipitates (e.g., Nb(CN)) in austenite. The
increase in PAGS also results in the increased harden-
ability of austenite. This is attributed to the reduced
fraction of austenite grain boundaries in the specimen,
which are believed to be the preferred nucleation sites
during austenite-to-ferrite transformation. Isothermal
austenitization at 1168 K (895 �C) would result in the
complete dissolution of any Cu-containing precipitates
that are present prior to reheating; however, it is
speculated that niobium-carbonitride precipitates would
remain undissolved based on the study of Spanos et al.
on a HSLA-100 steel.[26] Comparing with the case where
the specimen was austenitized at 1168 K (895 �C), the
increased hardenability of the austenite in the specimen
austenitized at 1273 K (1000 �C) can be mainly

Table IV. Microparameters for Fracture in the Ductile-to-Brittle Transition Region

TRH K (�C) Test Temp. K (�C) Et (J) SZW (lm) SCL (lm) SZW+SCL (lm)

1168 (895) 213 (� 60) 199 201 2497 2698
1273 (1000) 173 (� 100) 67 471 872 1343
1473 (1200) 188 (� 85) 35 108 323 431
1273 (1000) 153 (� 120) 65 410 806 1216

Fig. 18—Packet-sized crack retained in the specimen (a) austenitized at 1168 K (895 �C) and fractured at 188 K (� 85 �C), (b) austenitized at
1168 K (895 �C) and fractured at 77 K (� 196 �C), (c) austenitized at 1273 K (1000 �C) and fractured at 77 K (� 196 �C), and (d) austenitized
at 1473 K (1200 �C) and fractured at 77 K (� 196 �C).
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Fig. 19—SEM image of (a) retained cracks and (b) the corresponding EBSD (Euler angle color scheme) mapping for misorientations greater
than 35 deg in the specimen austenitized at 1273 K (1000 �C) and fractured at 77 K (� 196 �C) showing the inhibition of the propagation of the
cleavage by high-angle packet boundaries, rather than the HAGBs in the packets (Color figure online).

Fig. 20—Three-dimensional (3D) mesh arrangement for FEM-based calculation of a notched Charpy V specimen: (a) front view of the 3D
model, (b) side view of the 3D model, and (c) magnified mesh distribution ahead of the notch root.
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attributed to the increased dissolution of the alloy
elements and increased austenite grain size. The tem-
perature for substantial dissolution of the niobium-car-
bonitride precipitates varies with the content of Nb and
thermal history. Shome et al.[41] calculated and con-
firmed that rapid dissolution of the precipitates takes
place above 1441 K (1168 �C) for a simulated welding
thermal cycle with a heat input of 10 kJ/cm and 1419 K
(1146 �C) for 40 kJ/cm for a HSLA-100 steel with 0.029
wt pct Nb. For the thermal cycle employed in the
present study, the temperature for the complete

dissolution of the niobium-carbonitride precipitates of
the investigated steel should be 1397 K (1124 �C),
according to Liu et al.[23,24] The substantial increase in
the hardenability of the specimen austenitized at 1473 K
(1200 �C) and higher can therefore be attributed to (1) a
complete dissolution of the niobium-carbonitride pre-
cipitates, and (2) the substantial coarsening of the
austenite grains, as shown in Figure 1.

B. Microstructural Factors Affecting the Brittle Fracture
Stress rf and Brittle Fracture Behavior

According to the Griffith equation[5], rf is dependent
upon (1) the size of the initial cleavage facet af, and (2)
the effective surface energy cp of the cleavage fracture.
The physical meaning of cp manifests itself as the
resistance to crack propagation both inside the grains
and through the boundaries.[5] Eq. [5] was in turn
modified to the following equation[2,5]:

rf ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

pEcp
�

1� v2
� �

2c

r

½6�

where 2c is the size of a newly initiated crack nucleus.
Based on rf, the values of cp were calculated using the
values of af in the current study. This was different from
the methods reported in the literature. The average unit
crack path (UCP) or packet size (dpacket) was used to
replace 2c in calculating cp in the literature.[2,7,42] The
ratio of UCP to dpacket is approximately 1.2 to 1.5 for
bainitic and martensitic steels.[7] In the current study, the
UCPs of each specimen fractured at 77 K (� 196 �C)
have also been observed. An example is shown in

(a) (b)

(c)
(d)

Fig. 21—Stress, strain, and stress triaxiality distributions ahead of the notch at fracture stress at 77 K (� 196 �C) for the specimens austenitized
at (a) 1168 K (895 �C), (b) 1273 K (1000 �C), (c) 1473 K (1200 �C), and (d) 1623 K (1350 �C). The stress triaxiality T is a single
non-dimensional parameter, which is defined as follows: T = rm/re for a specimen subjected to a triaxial state of stress, r1, r2 and r3, where
rm is the mean or hydrostatic stress,being (r1+r2+r3)/3, and re is the Von Mises equivalent stress (effective stress).

Fig. 22—Dynamic yield stress and identified fracture stress for the
specimens austenitized at 1168 K, 1273 K, 1473 K, and 1623 K
(895 �C, 1000 �C, 1200 �C, and 1350 �C)).
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Figure 23 for the specimen austenitized at 1623 K
(1350 �C). However, the authors believe that the true
cp should be evaluated based on af, which better
represents the real size of the initial crack nucleus.[6,8]

Nevertheless, cp varies with the change in microstruc-
tural factors, which can be attributed to the increase in
austenitizing temperature.

The HAGBs in the packet resist the propagation of
the cracks in different ways, such as deflecting the crack
paths and forming fine tear ridges on the fracture
surfaces. The variation in the density of the fine tear
ridges on the fracture surfaces (Figure 17) is consistent
with the change in the density of the HAGBs detected by
EBSD (Figure 11). The packet boundaries, however,
play decisive roles by inhibiting or significantly deflect-
ing the crack propagation (Figures 18, 19, and 23). The
results of the current study are consistent with an early
study by Naylor[43] that showed that major cleavage
crack deviations occurred only at packet boundaries.
The combined role of packet size and microstructural
change determined the variation in fracture stress as
follows. Although the bainite packet size in the specimen
austenitized at 1168 K (895 �C) is the smallest, the value
of the surface energy cp is also the smallest, due to the
formation of GB with the lowest density of HAGBs. As
a result, the fracture stress identified is not the largest. In
the specimen austenitized at 1273 K (1000 �C), the
bainite packet sizes increase slightly, whereas cp
increases substantially. The fracture stress rf can there-
fore be maximized. In the case of the specimens
austenitized at 1473 K or 1623 K (1200 �C or
1350 �C), the decreased fracture stress is mainly
attributed to the coarsening of the microstructure. The
variations in rf, cp, and rdy are plotted as functions of
austenitizing temperature, as shown in Figure 24.

According to the Yoffee diagram, brittle fracture
occurs when the yield stress rY exceeds the cleavage
fracture stress rf.

[1–3] The DBTT changes from low-to
high values in the order 179 K, 202 K, 217 K, and

221 K (� 94 �C, � 71 �C, � 56 �C, and � 52 �C)
(Table II), for rf values of 2868, 2102, 1908, and
1853 MPa (Table III), respectively. This variation in
DBTT, associated with Figure 22, is in good agreement
with the well-accepted concept indicated in the Yoffee
diagram.[1–3] In the cases of impact loading on the
V-notched specimens, the criterion for triggering a
cleavage crack is expressed as

ryy � rf; ½7�

where ryy is the normal stress ahead of the notch root,
which is intensified from rdy through the equation
ryy = Qrdy. During cleavage cracking, the stress inten-
sification factor Q = ryy/rdy evolves to the critical value
Qc = rf/rdy. The decrease in rf makes the cleavage
fracture to occur more easily and increases the DBTT. It
also causes early termination of the extension of the
fibrous crack and reduces its length, thus decreasing the
toughness in the transition temperature range.[5,8]

V. CONCLUSION

The microstructural evolution and factors affecting
the ductile-to-brittle fracture in V-notched impact spec-
imens of the 690 MPa (high-strength) steel were com-
prehensively investigated and the following conclusions
were drawn:

(1) An increase in austenitizing temperature results in
an increase in prior austenite grain size and its
hardenability. Grain-boundary nucleation is the
main mechanism of phase transformation during
continuous cooling. The coarsened prior austenite
grains are fragmented due to impingement during
the growth of ferrite laths of different orientations
within the austenite grains. The resultant
microstructures evolve from a mixture of GB
and LB to a mixture of LB and LM as the
isothermal austenitizing temperature increases.
Packet size increases in the lath microstructures
as the austenitizing temperature is increased. The
density of HAGBs, on the other hand, also
increases as the austenitizing temperature is

Fig. 23—SEM morphology of the cross-sectional area beneath the
cleavage fracture surface of a Charpy specimen austenitized at
1623 K (1350 �C) and fractured at 77 K (� 196 �C) showing the
crack-propagation path. The unit crack paths are outlined by the
blue dashed lines. A retained crack propagation of which was
deflected (indicated by blue arrows) and prevented by packet
boundaries is also shown (Color figure online).

Fig. 24—Changes in rf, cp, and rdy with austenitizing temperature.
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increased. This is attributed to the formation of
high-misorientation interlath boundaries in the
packets of the coarse-grained specimens
(Figure 11).

(2) The ductile-to-brittle transition temperatures
(DBTTs) of the specimens austenitized at
1168 K, 1273 K, 1473 K, or 1623 K (895 �C,
1000 �C, 1200 �C, or 1350 �C) are 202 K,
179 K, 217 K, and 221 K (� 71 �C, � 94 �C,
� 56 �C, and � 52 �C), respectively. The critical
event for cleavage fracture is identified as the
propagation of the packet-sized crack. The local
fracture stresses rf are determined as 2102, 2868,
1908, and 1853 MPa for the different specimens.
The presence of granular bainite-associated
coarse martensite–austenite (MA) constituents
deteriorates the Charpy impact toughness in the
specimen austenitized at 1168 K (895 �C). The
highest rf or the lowest DBTT is therefore
achieved in the specimen austenitized at 1273 K
(1000 �C) with reduced MA fraction.

(3) The optimal low-temperature toughness is not
achieved in the specimen with the highest frac-
tion of HAGBs and largest packet sizes. This is
attributed to the fact that the density of high-an-
gle packet boundaries is low. The high-angle
packet boundaries are decisive factors in enhanc-
ing rf and decreasing DBTT by preventing the
propagation of the cleavage crack and resulting
in thick ridges on the fracture surface. The
high-angle interlath boundaries in the packets
provide an additional but not decisive resistance
against the crack propagation by deflecting the
crack path or forming fine tear ridges on the
fracture surface.

(4) The results obtained from the current study
indicate that both reduction in MA constituents
and refinement of packet size are prerequisites to
decrease the DBTT of the bainitic/martensitic
steel.
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