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A new metastable Ni-free duplex stainless steel has been designed with superior plasticity by
optimizing austenite stability using thermodynamic calculations of stacking fault energy and
with reference to literature findings. Several characterization methods comprising optical
microscopy, magnetic phase measurements, X-ray diffraction (XRD) and electron backscattered
diffraction were employed to study the plastic deformation behavior and to identify the
operating plasticity mechanisms. The results obtained show that the newly designed duplex alloy
exhibits some extraordinary mechanical properties, including an ultimate tensile strength of
~900 MPa and elongation to fracture of ~94 pct due to the synergistic effects of transforma-
tion-induced plasticity and twinning-induced plasticity. The deformation mechanism of
austenite is complex and includes deformation banding, strain-induced martensite formation,
and deformation-induced twinning, while the ferrite phase mainly deforms by dislocation slip.
Texture analysis indicates that the Copper and Rotated Brass textures in austenite (FCC phase)
and {001}h110i texture in ferrite and martensite (BCC phases) are the main active components
during tensile deformation. The predominance of these components is logically related to the
strain-induced martensite and/or twin formation.

DOI: 10.1007/s11661-017-4122-x
� The Minerals, Metals & Materials Society and ASM International 2017

I. INTRODUCTION

DUPLEX stainless steels (DSSs), which consist of a
mixture of ferrite (BCC-a) and austenite (FCC-c) phases,
combine the advantages of ferritic and austenitic stainless
steels. DSSs possess a higher strength and corrosion
resistance compared with single-phase stainless steels,
particularly when the fractions of ferrite and austenite
are optimized. Conventional DSSs are heavy alloyed and
classically have elemental compositions ranging from 18 to
26 Cr, 3 to 8 Ni, 1 to 5Mn, and 1 to 2Mo (all in wt pct).[1]

Similar to other structural materials, the development
of advanced DSSs is conventionally accomplished by

focusing on alloying so that improved mechanical behav-
ior is achieved while considering the economic aspects.
Accordingly, there have been many attempts to replace
costly elements such as Ni and Mo with N and Mn,
without degrading the corrosion and mechanical proper-
ties. The focus on a combination of Mn and N stems
from the fact that (i) Mn increases the nitrogen (N)
solubility and (ii) N and Mn have a synergistic effect on
enhancing the mechanical properties and controlling the
deformation mechanisms of the austenite constituent.[2–5]

The mechanical behavior of DSSs is influenced by the
state of both austenite and ferrite phases. The ferrite
deformation mechanism mainly involves dislocation slip
owing to a high-stacking fault energy (SFE) and the
presence of many slip systems.[6] It is worthy of note that
in some alloy systems, deformation twins are also
formed in ferrite during plastic strain.[7] Austenite
deformation is more complex than that of ferrite and
the active mechanisms are conventionally characterized
by slip, mechanical twinning (resulting in twinning-in-
duced plasticity, TWIP) and a¢-(BCC) martensite for-
mation (resulting in transformation-induced plasticity,
TRIP).[8–10] These deformation mechanisms give rise to
a strong work hardening effect and potentially to
excellent plasticity, particularly where TRIP and/or
TWIP is deliberately designed to take place over a wide
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range of strain. Decreasing the SFE in the austenite
phase stimulates twinning or strain-induced martensite
(SIM) formation during deformation. When the SFE is
low, perfect {111}h110i lattice dislocations may dissoci-
ate into {111}h112i Shockley partial dislocations and
stacking faults would be formed in between them.
Deformation bands, which arise from the accumulated
formation and motion of such planar defects, can be
formed as a result of the overlapping of stacking faults
on {111} planes of the austenite during deformation.[11]

Depending on the SFE, the deformation bands can be in
the form of e-(HCP) martensite, mechanical twins, or
dense stacking fault bundles. A low-SFE energy favors
the regular overlapping on every second {111} lattice
plane and the formation of e-martensite. The interaction
of various such bands i.e. e-martensite, promotes the
formation of a¢-martensite nucleation. In fact, the
martensitic transformation and consequently TRIP
effect in these materials typically follows the sequence
of c-austenite fi e-martensite fi a¢-martensite.[10–12]

A novel lean Mn-based DSS TRIP steel (Fe-19.9
Cr-0.42Ni-0.16 N-4.79Mn-0.11C-0.46Cu-0.35Si) has
recently been developed by Herrera et al.[13] This alloy
exhibits an ultimate tensile strength (UTS) of 1 GPa and
an elongation to fracture above 60 pct after cold rolling
and annealing treatment at 1423 K (1150 �C)/180 s. The
martensitic transformation sequence (c fi e fi a¢) in
TRIPing phenomena of this grade of steel could highly
enhance the work hardening potential over a wide range
of strain, thereby leading to enhanced ductility.

Choi et al.[14] studied the effect of varying the nitrogen
content, from 0.1 to 0.35wt pct, on TRIP behavior of their
new series ofDSSs. In their experiments, the enhancements
of strength and ductility were attributed to the TRIP effect
in the cold rolled and subsequently annealed material at
1373 K (1100 �C)/5 min. 1 GPa UTS and elongation to
fracture of 60 pct for a steel containing 0.35 wt pct, N are
reported. They have also developed a novel DSS in which
an extended elongation to fracture (above 70 pct) was
achieved by utilizing the TWIP mechanism.[15] Although
the ductility of thisDSSTWIP steel was higher than that of
the TRIP DSS, its UTS was lower.

As previously mentioned, several studies have been
performed on the strain hardening behavior due to
either TRIP or TWIP effects. However, the design of a
new alloy in which TRIP and TWIP simultaneously
make a contribution to enhance the work hardening
potential of an alloy has not been extensively investi-
gated to date. Thus, the purpose of the present study
was to concentrate on optimizing austenite stability so
that TRIP and TWIP can synergistically enhance both
UTS and elongation to fracture of the alloy during
uniaxial tensile deformation. The strategy of designing
the alloy in this work was to replace nickel by
manganese and nitrogen in conventional nickel-chro-
mium DSSs in order to design a new Ni-free DSS with
low alloying cost and superior mechanical properties.
Designing the alloy was performed using SFE analysis
and the relevant findings of previous studies in the
literature. In order to understand the deformation
mechanism(s) of the present alloy, microstructural and

textural characterizations were carried out after different
levels of tensile deformation had been applied.

II. DESIGNING THE ALLOY

It is well understood that the design of a new alloy
with a desirable high strength and high elongation to
fracture, depends significantly on a precise understand-
ing of the strengthening and deformation mechanism(s)
of the alloy. In the case of DSSs, achieving enhanced
mechanical properties is contingent on the deformation
mechanisms of both austenite and ferrite phases. A
comprehensive investigation of the microstructural evo-
lution in DSSs during deformation at room temperature
was performed by Fréchard et al.[16] According to their
findings, the glide of dislocations inside the austenite
grains and the grain orientation characteristics play an
important role in plastic deformation of the austenitic
constituent. For the ferrite phase, two mechanisms were
considered. In the first one, the dislocations pile up in
the austenite grains behind the phase boundaries that
may give rise to local stress concentrations thereby
generating dislocations in ferrite grains. The second
mechanism is recognized to be the shearing of some
ferrite grains because of the accumulated dislocations in
the adjacent austenite grains.[16] While it is believed that
the deformation mechanism in both austenite and ferrite
phases is dislocation glide, the deformation character-
istics may change according to chemical composition
and deformation conditions. Recent studies by other
researchers[2,3,15] reveal that the stability and plasticity
mechanism of austenite can be affected by its chemical
composition so that TRIP and/or TWIP mechanisms
can be induced in the microstructure.
In the present study, a predetermined design strategy

was conducted on a set of alloying elements to obtain
optimum austenite stability. The design of the chemical
composition was based on two concepts. On the one
hand, the austenite should be sufficiently unstable such
that a transformation-induced plasticity mechanism is
initiated under loading. On the other hand, the austenite
should be suitably stable so that TRIP and TWIP
phenomena will occur over a wide range of strain,
particularly at strains where TRIP and TWIP effects
may prevent plastic instabilities.
The new alloy designed in this work uses Mn, C, and

N instead of Ni as austenite stabilizing elements. In this
alloy, Mn is not only a suitable alternative element as an
austenitizing element but also may increase the solubil-
ity of interstitial elements such as C and N, which
further enhances the austenite stability and leads to
additional solid-solution strengthening. Nitrogen in this
grade of steels serves to significantly improve the
corrosion-resistance properties especially the resistance
to localized corrosion. Nitrogen also retards the forma-
tion of detrimental intermetallic phases such as the
sigma phase and delays sensitization.[17]

To obtain a duplex ferritic–austenitic structure, the
chemical compositions of DSSs are generally composed
of more than 18 wt pct Cr (arguably of higher interest,
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between 20 and 22 pct). The amount of Cr in the
designed alloy has been chosen to be around 20 wt pct
to maintain a reasonable fraction of austenite in the
microstructure. Regarding the other key elements, i.e.,
Mn, N and C, it has already been shown that these
elements strongly affect the austenite deformation
mechanisms by influencing the SFE and dislocation
configuration.[18–20] Lee et al.[20] evaluated the correla-
tion between SFE and the deformation mechanism of
the austenitic Fe-18Cr-10Mn steel containing a high
concentration of interstitial elements (C, N). They
calculated the SFE and found that there is a linear
relationship between the measured SFE and the (N+C)
content. They also showed that the deformation mech-
anism changes by increasing the interstitial elements in
the following sequence: (i) deformation-induced marten-
sitic transformation, (ii) a mixture of martensite trans-
formation and twinning, (iii) twinning. It is true that
Lee’s studies generally consider the austenitic stainless
steels, but Choi et al.[2] have applied Lee’s investigations
to clarify the TRIP effect in DSSs. According to
previous findings,[2] the (C+N) content should be
around 0.3 wt pct to activate TRIP effects in the alloy.
The findings of Herrera et al.,[13] Ran et al.,[21] and Choi
et al.[2] on the deformation behavior of DSSs show that
TRIP effects can be successfully activated in DSSs when
the alloy contains from 4 to 6 wt pct Mn. The resulting
SFE of the austenite constituent is low enough to
effectively let the transformation of austenite to marten-
site to occur. Therefore, a higher Mn content should be
used to activate both the TRIP and TWIP phenomena
during deformation. It should be noted that, besides the
TRIP and TWIP mechanisms, solid-solution hardening
effects, particularly solute strengthening by N and Mn,
play a synergistic role in the overall strengthening of the
alloy. Regarding the higher levels of N and Mn contents
in the designed steel in this study, solid-solution
strengthening is more pronounced compared with con-
ventional DSSs. In addition, the absence of Ni in the
chemical composition of the present alloy has reduced
the adverse effects of decreasing N solubility. Indeed, the
substitution of Ni with Mn would increase the solubility
of nitrogen resulting in a larger interstitial solid-solution
hardening effect compared with conventional alloys.

The currently available models, calculate SFE of
austenite in a fully austenitic structure but unfortu-
nately, there is no model to calculate the SFE for
medium Mn steels with a duplex structure. The designed
alloy in the present study is not fully austenitic.
Therefore, it was expected that the SFE calculations
would not lead to precise values but would provide a
reasonable estimate for the SFE level alloys. The
thermodynamic model applied by Curtze et al.[22] was
used to calculate the SFE when designing the alloy.
Based on this model, the austenite SFE value is
extracted from the following equation:

cfcc ¼ 2qDGc!e þ 2rc=e ½1�

where q refers to the density of atoms in the
close-packed plane of {111} (close to the theoretical
density of {111} plane), DGc fi e the molar free energy of

the c fi e phase transformation, and c/e the interfacial
energy between c and e phases. By means of reasonably
accurate values for DGc fi e and rc/e, the austenite SFE
can be estimated. Based on the SFE calculations, the
ideal concentration of Mn was determined to be about
8 wt pct in the newly designed alloy. The calculated SFE
was ~22 mJ/m2 for the austenite constituent, an amount
higher than the corresponding SFE values of other DSSs
in the literature, which showed only a TRIP but not
TWIP effect.[2] The chemical composition of the
designed DSS was 20Cr-8Mn-0.3N-0.02C. The phase
diagram of this steel was constructed using Thermo-Calc
software (Figure 1). The austenite and ferrite fractions
after annealing at 1373 K (1100 �C) were calculated to
be 74 and 26 pct, respectively.

III. EXPERIMENTAL PROCEDURE

A. Materials and Methods

The chemical composition of the designed DSS is
given in Table I. The alloy was prepared using an
induction furnace under nitrogen atmosphere, followed
by the pressure electroslag remelting process. The
remelted ingots with dimensions of 50 mm 9 70 mm 9
700 mm were homogenized at 1373 K (1100 �C) for
120 minutes, hot rolled at temperatures between 1373 K
and 1473 K (1100 �C and 1200 �C) to a final thickness
of 20 mm, and finally solution annealed at 1373 K
(1100 �C) for 30 minutes. The solutionized material was
cut perpendicular to the hot-rolling direction and
machined to workpieces in the form of plates of 5 mm
thickness. The workpieces were cold rolled from 5 to
1 mm thickness (~80 pct area reduction) and annealed
at 1373 K (1100 �C) for 180 seconds; the workpieces
were finally quenched in water. To examine the mechan-
ical properties, flat tensile specimens were machined
parallel to the rolling axis according to the ASTM E8
standard. Interrupted tensile tests to different strain
levels at ambient temperature were carried out using a
universal tensile machine.

Fig. 1—The equilibrium phase diagram of the newly designed DSS
obtained by Thermo-Calc.
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B. Phase Characterization

Crystallographic phase characterization was per-
formed using a Ferritescope (Fischer MP30) and X-ray
diffraction (XRD Philip’s X’Pert Cu-Ka mode). The
XRD scan speed was 3 deg/min, and the voltage and
current were 40 kV and 200 mA, respectively. The
texture measurement was carried out using a Bruker
D8 advanced diffractometer with Cr Ka radiation and a
2D Hi-star detector. Before XRD, the specimens were
electro-polished to remove any possible deformation-in-
duced martensite on the surface. The electrolyte used
was 200 mL HClO4+800 mL ethanol at 30 V. To
observe both the austenite and ferrite grain boundaries
by optical microscopy, specimens were electro-etched in
a 65 pct nitric acid solution at 1 V.

To characterize the microstructure before the tensile
test, electron backscattered diffraction (EBSD) was
performed on an electro-polished sample. EBSD mea-
surements were performed in an FEI Helios Nano-
LabTM 600 equipped with an EDAX-TSL EBSD system
and a Hikari camera. The EBSD measurement was
carried out following a hexagonal grid with an electron
probe current of 5.5 nA at an acceleration voltage of
18 kV, with a step size of 500 nm.

The OIM 6� software suite was used for the analysis
of the acquired EBSD data. Post-acquisition treatment
of the recorded EBSD data included the following
cleaning steps using routines available in the OIM 6�
software. First, the confidence index (CI) of every point
in the map within a recognized grain was assigned to the
highest confidence index CI value found in that grain (a
grain was defined as a region consisting of at least three
connected points with a misorientation of less than
5 deg). Secondly, by so-called grain dilation, a point
with an orientation which does not belong to any grain
is considered to correspond to the same orientation of
the majority of neighboring points. Afterward, all data
points with CI less than 0.1 were disregarded. To
characterize the twin boundaries in FCC, the

P
3

boundaries were studied using the CSL model based
on Brandon’s criteria (i.e. allowing for a deviation of
8.6 deg).[23]

For EBSD analysis, after tensile testing, a part of the
specimen was cut and mechanically ground using SiC
papers, followed by polishing with 3 and 1 lm diamond
pastes at the final stage. The samples were then
vibratory polished using 0.04 lm colloidal silica slurry
for 12 hours. EBSD data were acquired using a Hitachi
SU6600 field emission scanning electron microscope
(FE-SEM), equipped with a Nordlys Nano Oxford
detector. The EBSD measurements were carried out
following a square grid with an acceleration voltage of

20 kV, and a step size of 180 nm. The HKL CHANNEL5
software suite was used for the analysis of the acquired
EBSD data.

IV. RESULTS AND DISCUSSION

A. Stepwise Deformation Characterization

1. Mechanical properties and flow behavior
The deformation characteristics of the newly designed

DSS were analyzed at different stages of plastic defor-
mation. The flow behavior of the newly designed DSS
was compared with a TRIP DSS (the chemical compo-
sition is given in Table I as the reference alloy) to
explain the plasticity mechanisms. The engineering and
true stress–strain curves, and the strain hardening rates
(SHR) (dr/de) of the newly designed and reference
alloy[13] are presented in Figure 2(a) through (c), respec-
tively. As seen in Figure 2(a), the designed duplex alloy
exhibits superior mechanical properties (combination of
UTS~900 MPa and very high elongation to fracture of
94 pct). A comparison of the mechanical properties
between the designed DSS and some advanced high
strength steels is shown in Table II. It can be seen that
the designed alloy has a high yield stress (YS) and UTS
(~900 MPa), and a significantly enhanced total elonga-
tion to fracture (~94 pct). This means the modulus of
toughness (the area under stress–strain curve up to
fracture) is noticeably high in the newly designed DSS.
Since the actual stress–strain curves reported in the
literature are not available to the present authors,
UTS 9 EL is used as a rough estimate of the toughness,
and tabulated in Table II. For the newly designed DSS,
the resultant UTS 9 EL is about 8.3 GPa which is
higher than that of all other advanced high-strength
steels. This means that the designed alloy can be a
suitable candidate for automotive materials where
crash-type deformations and a high amount of absorbed
energy are needed.
Figure 2(b) shows the true stress–strain curves of

experimental DSS and reference TRIP alloy. Both steels
exhibit a sigmoidal shape in their respective true
stress–strain curves (Figure 2(b)); however, it is more
pronounced in the reference alloy. Stage-wise behavior
is typically observed in TRIP assisted steels. Regarding
the strain hardening behavior, the SHR of the newly
designed steel (Figure 2(c)) is generally lower than that
of the reference alloy. The SHR curves of both alloys
display similar behavior in the sense that both curves
show a minimum followed by a subsequent maximum;
these extrema represent the occurrences of TRIP and/or
TWIP phenomena during straining. The SHR curve of

Table I. The Chemical Composition (Wt Pct) of the Newly Designed DSS Alloy

Grade C Cr Mn N Ni Si

DSS 0.02 20.02 8.21 0.32 0.05 0.36
TRIP DSS* 0.11 19.9 4.79 0.16 0.42 0.35

*The DSS designed by Herrera et al.[13].
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the newly designed alloy starts to increase at e = 0.27
and after reaching a maximum at e � 0.55, it gradually
reduces until approaching the fracture strain. The
increase of SHR is related to SIM formation during
plastic deformation. The first inflection point of the
reference alloy[13] occurs at a lower strain level, which is
attributed to the lower stability of the austenite. Hence,
SIM transformation is triggered more easily in the

reference TRIP alloy, and the inflection point appears at
the lower strain level. The metastability of both alloys
will be discussed in thermodynamic terms in the next
section.
In order to make a logical relation between the SHR

and SIM formations, the volume fractions of a¢-marten-
site in the newly designed steel at different levels of strain
are presented in Figure 2(d). As seen from the figure, the
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Fig. 2—(a, b) Engineering and true stress–strain carves, and (c) the variations of strain hardening rates (SHR) of the newly designed steel in
comparison with the reference TRIP DSS one[13]; (d) the volume fraction of a¢-martensite as a function of true strain in the newly designed steel.

Table II. Mechanical Properties of the Newly Designed Duplex Material Compared with Some Advanced High-Strength Steels

Chemical Composition (Wt Pct)

Initial
Microstructure

Before
Deformation

Yield
Strength (YS)

(MPa)

Ultimate
Tensile
Strength

(YS) (MPa)

Elongation
(EL)
(Pct)

EL 9 UTS
(GPa Pct) References

25Mn-3Si-3Al c 260 640 95 6.1 24
20Mn-3Si-3Al c+ e 300 840 80 6.7 24
15Mn-3Si-3Al c+ e+ a 440 920 45 4.1 24
16.5Cr-8Mn-3Ni-2Si-1Cu-0.25N-0.08Ti c 350 700 70 4.9 25
19.9Cr-0.42Ni-0.16N-4.79Mn-0.11C-0.46Cu-0.35Si c+ a 500 1020 65 6.6 13
20Cr-3Mn-2Cu-2Si-2Ni-0.2N c+ a 550 820 70 5.7 15
20Cr-8.2Mn-0.32N c+ a 530 890 94 8.3 present

work
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volume fraction of a¢-martensite increases up to e � 0.55
and then becomes saturated. This strain level, i.e.,
e � 0.55, is close to the strain at which the SHR curve
starts to decrease. This indicates that, after TRIP
saturation, the strain is mostly accommodated by the
remaining austenite and the ferrite; these phases induce
lower strain hardening than TRIP phenomena in the
microstructure, and thus the rate of hardening
decreases.

2. Microstructural evolution
The EBSD analysis of the newly designed DSS before

tensile deformation is presented in Figure 3. The image
quality map superimposed with the phase map in
Figure 3(a), shows the microstructure consists of a
bamboo-like structure of coarse ferrite grains elongated
in the rolling direction and coarse equiaxed austenite
grains. The austenite and ferrite grain sizes were found
to be 5.4 and 15.5 lm, respectively. The orientation map
of austenite and ferrite in Figures 3(b) and (c). shows
clearly the difference between ferrite and austenite grain
size. A twin boundary map of the austenite phase in
Figure 3(d), also reveals that there are many twin
boundaries in austenite, manifested in the low SFE
nature of this constituent.

The corresponding microstructures at different strain
levels are illustrated in the optical micrographs shown in
Figure 4. In the initial stage of deformation

(e = 10 pct) at room temperature, a heterogeneous
distribution of deformation bands is revealed inside
the austenite grains (arrowed in Figure 4(a)); these
bands might be mechanical twins and/or e-martensite
bands. With further deformation up to e = 20 pct
(Figure 4(b)), the density of the deformation bands
increases, and they intersect with each other inside the
austenite grains so that the a¢-martensite can be partially
formed at intersected areas. The SIM phase at inter-
sected areas has been indicated with white arrows. A few
of these deformation bands are identified as e-martensite
using XRD phase analysis (Figure 5). The pattern
obtained from the specimen deformed up to
e = 20 pct indicates the presence of the (101)e reflection
of e-martensite . However, due to the relatively high
background signal of other e-martensite reflections, the
other reflections are not that obvious. Upon increasing
the plastic strain to e = 30 pct (e = 0.26), the densities
of deformation bands, which are partly indexed as
e-martensite (Figure 5), and consequently the areas at
which they intersect, increase in the microstructure
(Figure 4(c)). At this level of deformation, the
a¢-martensite may well nucleate at the deformation
band intersections and in the vicinity of interphase and/
or grain boundaries. This causes the a¢-martensite
fraction to gradually increase with tensile strain. It can
be confirmed by the X-ray patterns (Figure 5), which
exhibit an increase in the relative intensity of BCC (a¢/a)

(a) (b)

(c) (d)

Fig. 3—The EBSD maps of the newly designed DSS after full annealing treatment: (a) IQ map superimposed with phase distribution map; IPF
map superimposed with IQ map of (b) ferrite and (c) austenite; (d) twin boundary map of the austenite constituent.
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to austenite (c) with strain, due to the strain-induced
a¢-martensite formation. These explanations suggest
that the austenite transforms to a¢-martensite through
nucleation at e-martensite intersections and at inter-
phase/grain boundary areas. The former, i.e., the
sequential c fi e fi a¢ transformation, was originally
discussed by Olson and Cohen.[26,27] Their model
explains that superimposed shearing, created by inter-
secting two e-martensite bands, may lead to a total
distortion that shifts the original austenite lattice close
to the final a¢-martensite structure.

In general, the formation of strain-induced a¢-marten-
site gives rise to an upsurge in the SHR curve associated

with a TRIP effect. This effect is directly related to the
volume of already formed a¢-martensite. In the present
case, the SHR curve (Figure 2(c)) does not show an
increase as soon as a¢-martensite starts to form, but
when the volume of a¢-martensite reaches a high level
which overcomes the decreasing contributors of SHR.
In other words, the increase in the SHR value due to
martensite formation is compensated by lower strain
hardening of the ferrite phase at the initial stages of
deformation. Following Figure 2(d), a¢-martensite is
detected upon straining to a relatively low level
(e = 0.15), but the increase in SHR does not occur
until e = 0.3 strain, at which point the volume fraction

e=20% (ε=0.18)e=10% (ε=0.09)

deformation 
bands

e=20% (ε=0.18)

intersection of 
deformation 
bands

formation of SIM 
in intersection of 
deformation bands 

e=30% (ε=0.26)formation of SIM 
in intersection of 
deformation bands 

formation of SIM 
in grain/interphase 
boundaries

e=50% (ε=0.4)

strain induced martensite

e=70% (ε=0.53)

strain 
induced 
martensite

(a) (b)

(c) (d)

(e)

Fig. 4—Optical micrographs of the newly designed alloy cold tensile elongated to (a) e = 10 pct, (b) e = 20 pct, (c) e = 30 pct, (d) e = 50 pct,
and (e) e = 70 pct.
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of a¢-martensite is about 20%. The microstructural
observations shown in Figure 4 and the corresponding
XRD patterns (Figure 5) for specimens strained greater
than e = 30 pct (i.e., e = 50 pct and e = 70 pct)
clearly demonstrate the progress of a¢-martensite for-
mation in the austenite microstructure. However, once
the a¢-martensite reaches a saturation level, around

e = 0.55 (Figure 2(d)), the SHR curve starts to drop due
to the reduction of the a¢-martensite role in strain
hardening behavior as discussed above.
Figure 6 shows the EBSD results of a specimen

strained to e = 30 pct (e = 0.26). The corresponding
phase map of the deformed alloy is given in Figure 6(a).
Since EBSD cannot differentiate effectively between
BCC ferrite and body-centered tetragonal (but near
BCC) martensite, the phase map does not reflect the
presence of martensite. In order to locate the martensite
in the maps, it is necessary to include image quality (IQ)
values for phase separation purposes. For the case of
martensite, this phase contains a higher number of
lattice defects which leads to a lower IQ. Hence, to
differentiate between two BCC and near BCC phases
(i.e. a¢-martensite and ferrite), the phase map has been
superimposed on the IQ map. The a¢-martensite areas,
which are formed inside austenite grains, are indicated
by white arrows. For better clarification, inverse pole
figure (IFP) images of FCC and BCC phases are given in
Figure 6(b, c), respectively. As seen in the figure, the
a¢-martensite has nucleated in the vicinity of grain
boundaries and heavily deformed areas inside the grains.
Unfortunately, the high dislocation density subse-
quently created has led to diffuse patterns, and thus
indexing was difficult. As a result, the deformation
bands that are observed in optical micrographs cannot
be clearly identified in the EBSD maps.
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Fig. 6—(a) the EBSD phase mapping image of experimental DSS after e = 30 pct engineering tensile strain. The corresponding IPF images of
(b) BCC phase (c) FCC phase; the area related to the strain-induced a¢-martensite indicated by white arrows, and (d) FCC twin boundary map.
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Figure 6(d) shows the twin boundary map of austen-
ite. As seen in the figure, besides the presence of
annealing twins (parallel bands arrowed in austenite
grains), some mechanical twins (non-parallel and/or
lenticular-like bands arrowed in austenite grains) can be
characterized in the deformed microstructure. Forma-
tion of mechanical twins and their effects on the
mechanical properties have been addressed in the
literature for FCC metals, especially copper[28,29] and
steel.[30,31] Twin boundaries are effective barriers to
dislocation motion, thus enhancing the mechanical
strength, on the one hand. On the other hand, twin
boundaries can accommodate dislocation stor-
age.[28,32,33] Thus, twins can simultaneously enhance
the strength and ductility.[29,34] This suggests that
deformation-induced twinning and strain-induced
a¢-martensite can synergistically control the strain hard-
ening of the DSS. The formation of mechanical twins
during low and moderate strain levels, i.e., where
a¢-martensite content is not sufficiently high, brings
about work hardening, and suppresses a sudden
decreasing of work hardening rate. Thus, TWIP and
TRIP phenomena have a synergistic effect on the work
hardening behavior of the alloy.

It has been well known that the SFE of austenite
determines its plastic deformation mechanism.[35] The
SFE of the austenite phase in the newly designed DSS,
based on its chemical composition, is calculated to be
22 mJ/m2, which is within the activation range of TRIP/
TWIP mechanisms.[36] However, the SFE value of
austenite can change with deformation. Mahato
et al.[37] investigated the deformation behavior of a
Fe-Mn austenitic steel. They believe that the effective
SFE of austenite increases with strain. This is related to
the strain energy of stacking faults (SFs) per unit area,
which is influenced by the dislocation character and
density. Increasing the SFE value of the austenite phase
during deformation may promote mechanical twin
formation in this constituent.[37] However, in addition
to SFE, short range ordering (SRO) phenomena also
play an important role in controlling the deformation
mechanisms in favor of twin formation.[18,38] As is
reported, increasing the nitrogen content in high-nitro-
gen steels would promote the formation of mechanical
twins through SRO effects. Under such a condition, the
SRO stimulates slip planarity in the microstructure
through a glide plane-softening phenomenon.[39] Behjati
et al.[18] reported that the formation of mechanical twins

30 μm  30 μm  

(c)

(d)

(a) (b)

Fig. 7—KAM maps of the newly designed DSS after e = 30 pct engineering tensile strain for (a) BCC phase, and (b) FCC phase, the corre-
sponding KAM distribution for (c) BCC phase, and (d) FCC phase.
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in a steel with 0.39 wt pct nitrogen could be associated
with dislocation planar glide. Based on Thermo-Calc
computation results, the austenite phase in the newly
designed DSS under the aforementioned annealing
condition consists of 0.43 wt pct nitrogen. The solute
nitrogen may lead to a planar dislocation arrangement,
and this in turn assists in the short-range atomic
ordering between N and transition metals such as Mn
and Cr (i.e., those located at the left of Fe in the Periodic
Table). Therefore, under such conditions, the formation
of mechanical twins would be expected.

To better understand the deformation behavior of each
constituent, the Kernel Average Misorientations (KAM)
of each phase, namely the BCC phase (ferrite and
a¢-martensite) and the FCC austenite phase for the
specimen deformed up to e = 30 pct are illustrated in
Figures 7(a) and (b), respectively. The KAM maps serve
as a measure of the deformation-induced local orientation
gradients inside the grains. The KAM map of the ferrite
phase shows in-grain orientation gradients, which are
related to areas with a high density of dislocations. It also
shows that the highest local misorientation is located at

the ferrite/ferrite and ferrite/austenite interfaces, where
high dislocation densities exist. This suggests that the
ferrite is deformed by a dislocation glide mechanism so
that the dislocation density can be at a high level at grain
and/or interphase boundaries. The area related to
a¢-martensite shows high KAM values due to the presence
of an increased number of defects. The KAM map of
austenite shows a high level of misorientation close to the
deformation band, twin boundaries, and a¢/c and a/c
interfaces. Figures 7(c) and (d) show the KAM distribu-
tion of BCC and FCC phases, respectively. As seen in the
figure, the corresponding KAM related to the peak value
is a little higher for BCC (~0.7) than that for FCC (~0.5) at
this level of strain (e = 30 pct). This is related, on the one
hand, to the a¢-martensite formation with an increased
number of defects and, on the other hand, to the softer
nature of the ferrite phase which accommodates more
strain than austenite in the initial stages of deformation.
All in all, the superior mechanical properties (specif-

ically total elongation of about 94 pct), of the newly
designed DSS compared with the reference steel
(Figure 2) are ascribed firstly, to the TWIP effect which
has not been observed in the reference TIRP DSS and
secondly, to the optimized austenite stability, which is
higher than that of austenite phase in the reference alloy.
The austenite stability can be described in terms of the
chemical driving force of c-austenite-to-a¢-martensite
transformation (DGc fi a¢ (T)). According to Kaufman,[40]

DGc fi a¢ (T) of the ternary solid solution of Fe-Cr-Ni
system can be determined as follows:

DGc!a0 ðTÞðJ mole�1Þ ¼ ð1� XCr � XNiÞð5048:4� 1:01

� 10�2T2 þ 6:46� 10�6T3Þ
þ XNið�15540þ 2:97� 10�3T2

þ 1:64� 10�7T3Þ
þ XCrð1932þ 4:2� TÞ
þ XNið1� XCr � XNiÞ
ð15120þ 2:43Tð1� lnTÞÞ
� 26040XNiXCr

þ XCrð1� XCr � XNiÞ
� ð�11760 þ 3:15TÞ

½2�

where XCr and XNi are the mole fractions of Cr and
Ni, respectively. In order to take into account the
influences of other alloying elements such as C, N,
Mn, Mo, and Si that have strong effects on the driving
force, the Nieq (Ni equivalent) and Creq (Cr equivalent)
were used to calculate DGc fi a¢ based on the following
equations[41]:

Nieq ¼ Niþ 0:31Mnþ 22Cþ 14:4Nþ Cu ½3�

Creq ¼ Crþ 1:4Moþ 1:5Siþ 3Tiþ 2Nb ½4�

The corresponding (�DG cfi a¢) values for the newly
designed DSS and the reference alloy were calculated to
be ~1356 and ~1507 J/mol, respectively. The lower value
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of (�DGc fi a¢) in the newly designed material reveals
that the austenite phase needs a higher mechanical
driving force for the c fi a¢ transformation to occur
dynamically during plastic straining. Indeed, the TRIP
effect in this alloy can be activated at a higher strain
level where strain hardening reserves are usually more
desirable to reach a higher uniform deformation. Under
such conditions, the TRIP effect can effectively postpone
plastic instability and enhance plasticity of the alloy.
Accordingly, the higher total elongation of the newly
designed steel compared with reference is justified.

B. Texture Aspects

1. Pre-deformation texture
The most important texture components and fibers in

the austenite and ferrite are presented in the form of
orientation distribution functions (ODF) in Figure 8. The

ODF maps of macro-texture analysis by means of XRD
and related pole figures of the austenite constituent are
shown in Figures 9(a) and (b). For better clarification,
the volume fractions of the main texture components are
given in Table III. The austenite texture consists mainly
of Goss {011}h100i, S {123}h634i, Copper {112}h111i,
Rotated Brass {011}h211i, Brass Recrystallization
{236}h385i and relatively weaker Cube {001}h100i ori-
entation. As is well established, the first three orientations
are the main components in the cold-deformed FCC
materials.[42,43] Texture development in FCC materials is
related to their SFE levels.[42–48] Here, the formation of a
strong Brass Recrystallization component {236}h385i can
be related to the low SFE of the austenite constituent, i.e.,
Brass Recrystallization texture is a main component
upon annealing low-SFE FCC materials.[47,48]

The other austenite texture components are deforma-
tion orientations specifically S, Copper, Goss, and

Table III. The Volume Fraction of the Predominant Orientations in Pre-deformation and After Tensile Deformation of Austenite
Phase of the Newly Designed DSS

Component

Component Fraction (Pct)

Pre-deformation 30 Pct Engineering Tensile Strain 70 Pct Engineering Tensile Strain

Cube {001}h100i 2.64 3.59 3.95
Goss {011}h100i 3.08 4.4 4.4
Cu {112}h111i 5.9 8.9 11.4
Brass {011}h211i 4.94 6.28 6.48
S{123} h634i 10.93 12.76 13.51
Rotated Cube {001}h011i 1.25 0.81 0.64
Rotated Goss {011}h011i 2.49 1.09 0.78
Rotated Cu {112}h110i 3.49 1.47 1.18
Rotated Brass {011}h111i 6.76 10.25 13.20
Brass Recrystallization {236}h385i 8.73 6.52 5.86
F {111}h112i 3.27 3.8 3.4
E {111}h110i 3.37 1.14 1.12
Copper Twin {552}h115i 3.70 4.90 4.66
Dillamore {4 4 11}h11 11 8i 5.49 7.5 9.2

Fig. 9—The (a) ODF (b) pole figure presentation of FCC-austenite texture in newly designed DSS for pre-deformed specimen.
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Dillamore (which is a first order twin of the Goss
orientation). The retention of deformation texture in
austenite after annealing can be due to factors such as
short annealing time (only 180 seconds) and suppressed
growth selection. Regarding the latter, this can occur as
a result of the low mobility of grain boundaries due to
solute drag effects. The high nitrogen content of this
alloy most likely reduces the grain boundary mobility
during recrystallization of the austenite phase of DSS
and leads to texture retention after annealing. In
addition, the reversion of a¢-martensite (which has been
formed during previous cold rolling) to austenite and
the subsequent recrystallization would influence the
texture of reversed austenite. As well reported previ-
ously, if the reversion transformation (a¢ fi c) occurs
successfully, the austenite phase develops a sharp texture
consisting of Brass {110}h112i, Copper {112}h111i and
S {123}h634i, beside Goss {110}h001i orientations.[49]

Accordingly, the presence of these components is
expected in the austenite phase of the newly designed
material, based on the whole history of treatment. The
other main component in austenite orientation, i.e.
Rotated Brass {110}h111i was also observed under
annealing conditions of single phase austenitic low-SFE
alloys.[50,51] The formation of the Dillamore orientation
(which is a twin order of the Goss{110}h001i orienta-
tion) is also justified by the low-SFE level of austenite in
favor of twinning formation during recrystallization.

The pre-deformation BCC ferrite texture is shown by
the ODF sections (u2 = 0 deg, 45 deg) in Figure 10.
Considering the texture map of the ferrite phase
(Figure 8(b)), the ferrite annealing texture in the newly
designed duplex alloy mainly consists of {001}h110i,

{112}h110i and {111}h110i orientations as well as the
{111}h112i orientation (albeit with a significantly lower
intensity). As shown in Figure 10, the ferrite phase
exhibits the a-fiber texture, the intensity of which
decreases toward the {111}h110i orientation. Although
a-fiber is a predominant fiber in cold-deformed ferritic
steels,[42] the ferrite phase in the present DSS shows
a-fiber texture after annealing. This can be attributed to
the short annealing time i.e. the texture is inherited in
the present condition. Keichel et al.[52] found that
recovery and subsequent recrystallization were respon-
sible for the remaining {001}h110i and {112}h110i
components in the ferrite phase of cold-deformed DSSs.
They also reported that the annealing texture of the
ferrite phase in DSSs strongly resembled the annealing
texture of single phase ferritic steels and did not indicate
any influence by the concurrent second phase i.e.
austenite.[52] Therefore in the present study, remnants
of the {001}h110i, {112}h110i orientations can be
justified in this way. However, in the present case, the
constraint of interphase boundaries between ferrite and
austenite can impede the rotation of ferrite grains during
annealing and help the texture inheritance of ferrite
phase.

2. Tensile deformation texture
The texture analysis of the FCC austenite phase

corresponding to the specimens deformed up to
e = 30 pct and e = 70 pct tensile strain is illustrated
in Figure 11. Figures 11(a) through (d) represent the
ODF maps and related pole figures, respectively. In
addition, the fraction of components is given in
Table III. As seen in the figure, the fractions of Copper,

Fig. 10—The u = 0 deg, 45 deg ODF sections of BCC-ferrite constituent in the newly designed DSS before tensile deformation.
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S, Dillamorem and Rotated Brass orientations are
significantly increased, while the Brass and Goss orien-
tations remain almost constant; however, the fraction of
Brass Recrystallization orientation is significantly
decreased.

The SFE is known to strongly affect the development
of the crystallographic texture during cold deformation
(in the present case room temperature tensile deforma-
tion). High SFE materials at room temperature, which
deform by dislocation slip, develop a Copper or pure
metal texture. Low SFE materials, develop a texture
with a lower intensity on the Copper component and
with higher intensity on the Goss, and Brass compo-
nents.[43,53–55] Due to the low SFE of the austenite phase
in the newly designed steel, the latter components are
expected to be formed in the austenite phase. However,
the intensities of Dillamore and Rotated Brass compo-
nents are increased by deformation, while those of Goss
and Brass components, despite a low SFE, do not
undergo a significant change under strain (Table III).

Although the general tendency of austenite texture
development in low-SFE austenite phase is the forma-
tion of a Brass texture, the texture development in a

metastable austenite phase is also affected by the
strain-induced a¢-martensite transformation.[56] The for-
mation of strain-induced a¢-martensite is expected to
weaken the development of the Brass texture.[56] This
has been explained by the fact that grains with a h100i
axis parallel to the direction of principal stress were
found resistant to martensitic transformation. Clearly,
the Goss orientation {011}h100i conforms to this
criterion while the Brass orientation {011}h211i does
not.[57,58] In addition, the deformation mode, i.e., tensile
and/or compression mode, can affect the texture com-
ponent development during straining. Most of the
literature is focused on the cold-rolled (compression
mode) state, and the direct comparison of texture
components between tensile-deformed material and
compression-deformed one is not correct. Milititsky
et al.[59] reported that the Rotated Brass component
(instead of pure Brass component) developed during
tensile deformation of a set of metastable Ni-free
austenitic stainless steels. Therefore, in the present case,
insignificant change in Brass component with deforma-
tion can be related, on the one hand, to the SIM
transformation resulting from the sluggish texture

Fig. 11—The ODF and poles figure texture presentation of FCC phase for specimens deformed up to (a, b) 30 pct (c, d) tensile 70 pct engineer-
ing strain.
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Fig. 12—The ODF and poles figure texture presentation of BCC phase for specimens deformed up to (a, b) 30 pct (c, d) tensile 70 pct engineer-
ing strain.

Fig. 13—The evolution of (a) a-fiber and (b) c-fiber of BCC phase in the newly designed DSS during tensile deformation.
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development and, on the other hand, to the tensile-de-
formation mode. The presence of a weak Goss compo-
nent in the present work can be interpreted by the
increase in the Dillamore orientation population (which
is the first order of the Goss-twinned orientation)
instead of pure Goss orientation.

The development of the Copper orientation in the
low-SFE austenite phase is not generally expected. The
initial explanation for the formation of this orientation
in such low-SFE material would be deformation local-
ization. It is believed that flow localization in deforma-
tion bands would result in localized adiabatic heating.
This increases the SFE of the austenite constituent
thereby forcing the texture toward the Copper texture
direction.[51] On the other hand, the fact that the
austenite phase has developed a sharp Copper texture
instead of pure Brass may be interpreted by the presence
of deformation bands, specifically twins, in the
microstructure as follows. Plastic deformation is initially
started by dislocation glide. The twins are initially
formed on the {111} plane having the highest resolved
shear stress. This primary twin system would extend
across the grain. Although the twin fractions are not
enough to make a ‘‘twinning volume effect’’ and thus
contribute directly to texture development, the twins
indirectly affect the deformation texture. Multiple slips
by the activation of the conjugate slip system, which
should occur when sufficient geometrical softening has
occurred on the primary slip system due to crystal
rotation, are impeded by the presence of the twins.
Hence, the corresponding slip plane remains parallel to
the twin plane despite multiple-slip conditions. This
‘‘overshooting’’ and/or ‘‘latent textural hardening’’
mechanism, which was first proposed by Leffers[60]

strongly delays the textual transition from the Copper
to the Brass orientation. At lower strains, twins act to
reinforce the Copper texture generated by primary
{111}h110i slip and by suppressing multiple slipping,
i.e., deformation-induced twinning promotes overshoot-
ing. As the slip is limited to planes parallel to the
twinning planes, no large back-stresses can develop.
Under these conditions, the strain hardening is essen-
tially due to a pronounced planar slip caused by the
presence of the initially formed twins. At higher strains,
however, high stresses activate multiple-slip and sec-
ondary twin systems. The initial twins act as strong
barriers to these new deformation systems and large
back-stresses can develop in this stage. Hence, the strain
hardening of the alloy can be dynamically increased
during deformation. Therefore, a good combination of
UTS and elongation to fracture is anticipated.

Figure 12 shows the texture analysis of the BCC
phase (a-ferrite, and a¢-martensite) for the specimens
deformed up to e = 30 pct and e = 70 pct tensile
strains. Figures 12(a) through (d) represent the ODF
maps and related pole figures, respectively. The main
components are {001}h110i, {112}h110i, and {111}h110i
which belong to the a-fiber and c-fiber. A quantitative
comparison of the ODFs is illustrated in Figure 13 by
comparing the intensities along the a-fiber and c-fiber.
The intensities of the {001}h110i and {111}h110i com-
ponents in the a-fiber and c-fiber are increased with the

increasing in strain (Figure 13). These findings are
explained by the fact that the normal deformation
textures in BCC alloys consist of {111}h112i,
{111}h123i, {001}h110i, {112}h110i, and {111}h110i
orientations.[61] The ferritic steels generally develop
a-fiber during deformation.[42] Thus, the strong a-fiber
was found in the ferrite phase of the newly designed
alloy. In this case, a-fiber is developed by deformation;
however, the {001}h110i, {112}h110i, {111}h110i com-
ponents (Figure 13), particularly the former, become
more pronounced as the plastic strain is increased. It
should be mentioned that although the deformation of
the ferrite phase affects the textural development in the
BCC phase, the formation of a¢-martensite with a
preferred orientation would have an important role in
the textural evolution during straining. The findings of
Łuksza et al.[62] indicated that the main texture compo-
nents of SIM were related to the a-fiber = h110i||RD,
c-fiber = h111i||ND and e-fiber = h011i||ND. It was
explained that the main texture component of SIM in
metastable single phase austenitic steels was the
{001}h110i orientation which originated from the Brass
{011}h211i orientation of the parent austenite phase
following the Kurdjumov-Sachs orientation relation-
ship.[63] Although the SIM texture has been investigated
in several research studies, the results to date have been
somehow inconsistent. Kumar et al. reported that the
cold deformation of a 304 L metastable steel exhibited a
notable sharp {001}h110i texture component in the
a¢-martensite constituent.[63] They found that the main
texture component of the a¢-martensite phase obtained
from the ODF of a 50 pct cold-deformed specimen was
{001}h110i together with a weak {112}h110i compo-
nent.[63] Other researchers have reported that the
{111}h112i, {111}h011i and {001}h110i components of
strain-induced a¢-martensite appeared during the initial
stage of deformation while {113}h110i, {112}h110i and
{001}h110i orientations became predominant deforma-
tion progressed.[64] The present authors believe that
prevalence of the {001}h110i and {111}h110i compo-
nents, in particular {001}h110i which has been observed
in aforementioned literature studies, is due to the SIM
transformation. All in all, it is logical to conclude that
the high intensity of the {001}h110i orientation next to
the weaker {112}h110i orientation in the present study is
due to SIM transformation along with ferrite texture
development during deformation.

V. CONCLUSIONS

The microstructural and deformation characteristics
of a newly designed duplex ferritic–austenitic stainless
steel with superior mechanical properties (900 MPa UTS
and >90 pct elongation to fracture) were investigated.
The findings were compared to those reported for a
TRIP DSS. The main conclusions are

1. The microstructural observations showed that the
austenite-deformation mechanism is of a compli-
cated nature which includes deformation banding,
strain-induced martensite formation, and deforma-
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tion twinning; however, the ferrite phase was mainly
deformed by a dislocation glide mechanism.

2. The stepwise deformation analysis of the newly
designed DSS revealed that the improved mechan-
ical properties, especially the enhanced total elon-
gation could be attributed both to TRIPing over a
wide strain range due to the optimized stability of
austenite, and the TWIPing phenomena during
straining.

3. The thermodynamic calculations on the chemical
driving force of austenite-to-a¢-martensite transfor-
mation (DGc fi a¢ (T)) revealed that the lower
DGc fi a¢ (T) value of the newly designed alloy with
respect to the reference TRIP DSS results in a
higher mechanical deriving force toward the
martensitic transformation, and consequently, the
TRIP effect was activated at an increased level of
strain. This resulted in achieving a notably larger
elongation to fracture in the newly designed DSS.

4. The texture analysis of the austenite after tensile
deformation showed the presence of strengthened
Copper and Rotated Brass components along with
nearly constant Goss and Brass components. The
main reason for Rotated Brass orientation devel-
opment instead of pure Brass component was
attributed to deformation mode, i.e., tensile mode
and SIM formation during straining which suppress
the texture development along with pure Brass
component. Furthermore, the intensification of the
Copper component in the FCC austenite phase was
ascribed to the indirect effects of deformation
bands, in particular mechanical twins. Toward that
end, twinning is considered to have a latent textu-
ral-hardening effect and dynamically enhances the
work hardening, thereby increasing strength and
plasticity of the alloy during deformation.

5. The texture analysis of BCC phase indicated the
development of {111}h011i and {001}h110i orienta-
tions together with a weak {112}h110i component.
The intensification of these components, especially
{001}h110i orientation, was attributed to the for-
mation of strain-induced a¢-martensite during plas-
tic straining.
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Mater. Trans. A, 2009, vol. 40, pp. 1826–34.
26. G.B. Olson and M. Cohen: Metall. Trans. A, 1975, vol. 6,

pp. 791–95.
27. G.B. Olson and M. Cohen: J. Less Common Metals, 1972, vol. 28,

pp. 107–18.
28. Z.X. Wu, Y.W. Zhang, and D.J. Srolovitz: Acta Mater., 2009,

vol. 57, pp. 4508–18.
29. Y.-H. Zhao, J.F. Bingert, X.Z. Liao, B.Z. Cui, K. Han, A.V.

Sergueev, and Y.T. Zhu: Adv. Mater., 2006, vol. 18, pp. 2949–53.
30. F.K. Yan, N.R. Tao, F. Archie, I. Gutierrez-Urrutia, D. Raabe,

and K. Lu: Acta Mater., 2014, vol. 81, pp. 487–500.
31. H.T. Wang, N.R. Tao, and K. Lu: Acta Mater., 2012, vol. 60,

pp. 4027–40.
32. M. Sennour, S. Lartigue-Korinek, Y. Champion, and M.J. Hÿtch:
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