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The first part of this study documented the as-aged microstructure of five cast aluminum alloys
namely, 206, 319, 356, A356, and A356+0.5Cu, that are used for manufacturing automotive
cylinder heads (Roy et al. in Metall Mater Trans A, 2016). In the present part, we report the
mechanical response of these alloys after they have been subjected to various levels of thermal
exposure. In addition, the thermophysical properties of these alloys are also reported over a
wide temperature range. The hardness variation due to extended thermal exposure is related to
the evolution of the nano-scale strengthening precipitates for different alloy systems (Al-Cu,
Al-Si-Cu, and Al-Si). The effect of strengthening precipitates (size and number density) on the
mechanical response is most obvious in the as-aged condition, which is quantitatively
demonstrated by implementing a strength model. Significant coarsening of precipitates from
long-term heat treatment removes the strengthening efficiency of the nano-scale precipitates for
all these alloys systems. Thermal conductivity of the alloys evolve in an inverse manner with
precipitate coarsening compared to the strength, and the implications of the same for the
durability of cylinder heads are noted.
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I. INTRODUCTION

IN the first part of this two part publication,[1] a
detailed description of the as-aged microstructure of
several cast aluminum alloys (206, 319, 356, A356, and
A356+0.5Cu) for cylinder head application was pro-
vided. The present part deals with the mechanical and
thermal properties of these alloys under different heat
treatment schedules. Besides their historical role in the
discovery of precipitation and age hardening,[2–4] the
Al-Cu alloys has primarily been studied as a model
system to understand various fundamental characteris-
tics of nano-scale metastable precipitates (Gunier-
Preston Zone or GPI, h¢¢ and h¢). For examples, previous
studies have outlined the structure of these precipitates
and their mechanism of formation using high-resolution
transmission electron microscopy (HRTEM)[5–7] and
also through atom probe tomography.[8–10] Clustering
along with early-stage nucleation phenomena[11] and
various possible orientation relationships with the a-Al
matrix have also been investigated.[12]

Several studies were conducted to determine the
precipitate–matrix interfacial energy[13–15] as well as the
equilibrium shape and thickness of these metastable pre-
cipitates[16–18] and their coarsening behavior with heat
treatment.[19–21] Another useful aspect of the reported
studies on Al-Cu alloys is in the development of strength
models or process models which are effective ways to
quantitatively couple the structural parameters (on
different length scales) to the mechanical response of
precipitate hardened systems.[22–25] As for the Al-Si-Cu
alloys with the same metastable GPI, h¢¢ and h¢ precip-
itates, previous studies have elucidated their aging
kinetics and effect of heat treatment, composition (Mg
addition, Sr modification), grain refinement, etc., on the
aging behavior.[26–29] The strength and process models
have also been developed for Al-Si-Cu alloys.[30]

Limited number of studies when compared to the
nano-scale precipitates, but the effect of micrometer size
ranged intermetallic precipitates for Al-Cu (A206)[31,32]

has also been reported. For the Al-Si-Cu alloys, several
reports are available that describe the effect of various
micro-alloying element additions (Cr, Ti, Zr, V, La, Gd,
etc.),[33–38] aging and heat treatment condition,[38,39]

solidification conditions,[40] major alloying elements
(Fe, Mg, Sr) addition,[38,41,42] etc., on their mechanical
response. Either the alloying additions or the alteration of
heat treatment conditions affect the relevant mechanical
properties through the formation of various intermetallic
compounds or by themodification of eutectic Si particles.
The characteristics of several of the nano-scale

strengthening precipitates (b¢¢ and b¢-MgSi2) have also
been reported for Al-Si alloys.[43] Precipitation sequence
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and structural transformation of these nano-scale pre-
cipitates have been investigated using HRTEM.[44–48]

Composition and early-stage clustering of such precip-
itates were also determined using atom probe tomogra-
phy.[49] Several studies have reported the effect of
solidification,[50] heat treatment conditions,[51] and
alloying (Cu, P, Y, Sr, etc.) [52–55] on the formation of
the coarse intermetallic in these alloys while the subse-
quent effect of such microstructural features on the
mechanical response of castings has also been evalu-
ated.[56] The dissolution of these coarse intermetallic
precipitates and subsequent nano-scale precipitation on
heat treatment was also studied.[57] Finally, aging
kinetics and age hardening behavior of Al-Si-Mg alloys
has been reported in great detail as a function of aging
heat treatment parameters[58,59] and composition, par-
ticularly Mg[60] and Si-content.[61] Similar to the Al-Cu
alloys, the age hardening response of Al-Si-Cu or Al-Si
alloys has also been explored to develop strength models
for rod-shaped b¢-Mg2Si precipitates.

[62–65]

As has been outlined in the first part, the present
study aims to develop a comprehensive evaluation of
five common aluminum cast alloys used for automotive
cylinder heads (206-T6, 319-T7, 356-T6, A356-T6, and
A356+0.5Cu-T6). To the best knowledge of the
authors, there is no comparative study illustrating the
similarities and differences in the aging response of these
cast alloy systems. Also rare is any systematic effort to
report the long-term thermal stability of the strength-
ening precipitates and corresponding contribution
toward the strength of these alloys. These two aspects
form the basis of the present study wherein the
mechanical response of these five alloys is compared
during isothermal aging and isochronal pre-condition-
ing heat treatments. The differences between the alloy
systems (Al-Cu vs Al-Si-Cu vs Al-Si) are then realized by
implementing strength models that help couple the
microstructural features to the corresponding mechan-
ical response. A comparative report of the thermal

properties (specific heat, thermal diffusivity, and con-
ductivity) of these five alloys is also performed in the
present manuscript. Finally, we demonstrate that the
evolution of the precipitates due to sustained elevated
temperature exposure has beneficial effects on thermal
conductivity but detrimental effects on strength. Under-
standing the microstructure-dependent competition
between thermal and mechanical properties is relevant
for developing new alloys with improved elevated
temperature performance.

II. EXPERIMENTAL PROCEDURE

A. Materials and Heat Treatment

The details of the cast alloy compositions and heat
treatment schedule (solution treatment and aging) are
provided in Section II–A of Part I. Also the pre-condi-
tioning treatment of the as-aged alloys was mentioned,
which corresponds to an extended heat treatment at
designated temperatures 473 K (200 �C), 523 K
(250 �C), and 573 K (300 �C) for 200 hours. For the
present part of the study, the heat-treated alloy blanks
were used for various mechanical and thermal charac-
terizations. For the reader’s benefit, the alloy composi-
tions are reproduced as in Table I from Part I (Table I).
In addition, the solution and aging treatment is given in
Table II (originally Table II from Part I) for the five
investigated alloys.

B. Electron Microscopy and Image Analysis for
Nano-structure Characterization

Experimental details on the characterization of
nano-scale precipitates in various alloys (206, 319 and
A356) by (scanning) transmission electron microscope
(STEM) are reported in Section II–C of Part I. This
includes the details about specimen preparation and
imaging conditions.

Table I. Detailed Compositions (in Wt Pct) of Various Alloys (Only the Major Alloying Elements are Mentioned, Minor Elements
in ppm Level Includes Pb, Na, Sr, P, B, Ca etc.)

Alloy-Condition Si Cu Fe Mn Mg Zn Ti Al (Balance)

206 0.17 5 0.15 0.25 0.32 0.005 0.021 93.88
319 8.3 3.17 0.68 0.39 0.34 0.31 0.1 86.62
356 7.21 0.14 0.39 0.25 0.37 0.17 0.19 91.28
A356 7.32 0.01 0.18 0.06 0.4 0.005 0.16 91.87
A356+0.5Cu 7.46 0.44 0.14 0.08 0.34 0.01 0.16 91.37

Table II. Solution Treatment and Subsequent Aging Conditions for Various Alloys

Alloy Temper Designation Solution Treatment Condition Aging Conditions

206 T6 803 K (530 �C) for 5 h 463 K (190 �C) for 5 h
319 T7 763 K (490 �C) for 5 h 513 K (240 �C) for 5 h
356 T6 783 K (510 �C) for 5 h 483 K (210 �C) for 5 h
A356 T6 803 K (530 �C) for 5 h 433 K (160 �C) for 5 h
A356+0.5Cu T6 803 K (530 �C) for 5 h 433 K (160 �C) for 5 h
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Fig. 1—(a) Series of steps followed for image analysis of HAADF-STEM micrographs, (b) measurement scheme for TEM foil thickness (both
shown for 319 alloy) and (c) schematic showing the scheme of mechanical characterization via indention.
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The nano-scale precipitates in Al-Cu (206) and
Al-Si-Cu (319) alloys (plate-shaped h¢¢ or h¢ and Al-Si
(A356) alloy (rod-shaped b¢) were imaged with h001iAl

zone axis for image analysis. This is shown in
Figure 1(a) for the h¢ precipitates in the 319 alloy where
the STEM image is the same as the image originally
shown in Figure 9(b) of Part I. The raw image was first
digitally enhanced for adequate contrast difference
between the precipitate and the a-Al matrix. The image
was then binarized such that only the precipitates
become visible as black features in a white background
of the matrix. Finally, the inbuilt edge detection
algorithm in ImageJ�* was applied to accurately

determine the boundary between the precipitate and
the matrix. The dimensions (length and width) of the
precipitates were determined through a linear intercept
method using several vertical and horizontal lines.
Weighted average and the corresponding error values
were calculated from the cumulative distribution of
these linear intercepts with 95 pct confidence interval.
Number density and area fraction of these precipitates
were determined from the measured count and total
area of imaging.

For strength modeling, it was further needed to
measure the TEM foil thickness along the h001ia-Al zone
axis for the three alloys, for areas used for determination
of the dimensions of the precipitates. TEM foil thick-
nesses were determined using a simple contamination
spot technique, as explained elsewhere.[66] In the exam-
ple shown in Figure 1(b) for the 319 alloy, several trial
carbonaceous contamination spots (labeled 1, 2, 3) were
first created on the TEM foil surface with the electron
beam in a precise h001ia-Al zone axis orientation. The
inset square shows the area for analysis of thickness, in
the second image of Figure 1(b). The smaller dotted
rectangle indicates the area on the Al matrix for the
deposition of a small contamination spot (spots actually
form on both foil surfaces during this process). Precip-
itate particle P is also indicated, to orient the view.
Afterward, the TEM specimen holder was tilted by a
pre-defined angle (h = 17 deg for the present case) with
respect to the x-axis (indicated in Figure). The distance
between two of these spots is now measured (x). From
simple geometrical considerations, the TEM foil thick-
ness (t) in the beam direction can be calculated from the

relation, x
sin h. The same thickness measurement method

was applied to the other two alloys (206 and A356).

C. Aging Curve Determination

The evolution of strengthening precipitates during
isothermal heat treatments and their effect on the
mechanical response for the five cast alloys was deter-
mined through their respective aging curves. The solu-
tion-treated materials were sequentially aged for
different times as per the aging temperatures given in
Table III, and the hardness was measured after each of
these time intervals. The time durations include both
short-term (under-aging) and long-term (over-aging)
heat treatments. Hardness measurement was carried out
using a 10 mm spherical Brinell indentation at a load of
500 kg, and at least, four indentations were performed
on each of the aged specimens.

D. Vickers Hardness Measurement

Mechanical characterization of the as-aged as well as
pre-conditioned alloys were carried out using Vickers
indentation at 5 kg load (HV5) on all the three faces (X,
Y, and Z) at room temperature (Figure 1(b)). In
addition, hardness was also measured on the Z-face in
as-cast condition and after solution treatment. Indenta-
tion surfaces were metallographically polished up to
2500 grit SiC paper, and the indenter was kept in contact
with the specimen surface for 10 seconds. A minimum of
10 indentations were performed to increase statistical
reliability. The average hardness was calculated in SI
units (GPa), and the error is expressed as the standard
deviation of the dataset.

E. Thermophysical Property Measurement

Thermophysical properties of the as-aged as well as
573 K (300 �C) pre-conditioned alloys were measured
using differential scanning calorimetry (DSC), laser flash
diffusivity (LFTD), and dilatometry techniques. The
specific heat capacity of the as-aged alloys was deter-
mined by DSC** using the three-run ratio method as

per ASTM E1269 from room temperature up to 773 K
(500 �C). Disk-shaped specimens having diameter of 6
mm and thickness of 1 mm were heated and cooled in
flowing argon at rates of 20 K/minute (20 �C/minute). A
sapphire disk of the same dimensions was used as the
reference standard. Platinum pans and lids were used for
all runs.
The thermal diffusivity of the alloys was determined by

LFTD� using the method described in ASTM E1461[67]

from 298K to 723 K (25 �C to 450 �C) at an interval of

Table III. Temperature–Time Combinations Used for
Determination of Aging Curves

Alloy Aging Temperature Aging Time

206 463 K (190 �C) 0, 5, 15, and 30 min; 1, 2, 4, 8,
16, 32, 50, 64, and 100 h319 513 K (240 �C)

356 483 K (210 �C)
A356 433 K (160 �C)
A356+
0.5Cu

433 K (160 �C)

*ImageJ� developed by National Institute of Health, USA

**Netzsch DSC 404C, Burlington, MA, USA

�Netzsch LFA 457, Burlington, MA, USA
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25 K (25 �C). Measurements were also taken at 573 K
(300 �C) and 373 K (100 �C) during cooling to investi-
gate irreversible changes that might have occurred
during heating. Disk-shaped specimens originally pre-
pared from the longitudinal (parallel to X-direction as
per Figure 1(b)) and transverse directions (parallel to
Y-direction as per Figure 1(b)) of the cast blanks with
diameter of 12.7 mm and thickness of 3 mm were used
for this purpose. Tests were conducted in flowing argon,
and both faces of the specimens were spray coated with
colloidal graphite to increase emissivity of the surfaces.
The dimensions and mass of the diffusivity specimens
were used to calculate the room temperature density of
the alloys.
Finally, the thermal expansion of the alloys

was determined by horizontal dual push rod differ-
ential dilatometry� using the method described in

ASTM E228 from 293 K (20 �C) to 773 K (500 �C)
at heating and cooling rates of 3K/minute (3 �C/
minute). Measurements were taken on rod-shaped
specimens cut from the longitudinal direction of the
cast blanks having diameter of 4 mm and length of 25
mm. A sapphire reference standard of the same
dimensions was used for all test runs. Tests were
conducted in flowing helium. Each specimen was tested
twice to investigate irreversible changes that might
have occurred during heating.

III. RESULTS AND DISCUSSIONS

A. Microstructure and Nano-structure of the As-aged
Alloys

Microstructure of the five cast alloys in as-aged
condition is discussed in detail in Section III–A of Part I.
The discussion included the description of key
microstructural features in terms of size and morphol-
ogy at various length scales using optical microscopy as
well as SEM and EDS techniques. Similarly, Sec-
tion III–B in Part I contain the details of various
nano-scale precipitates that form in the as-aged alloys.
To facilitate subsequent discussion on mechanical
response and strength modeling, the STEM HAADF
images from some of these alloys (206, 319, and A356)
are presented in Figure 2.

Fig. 2—HAADF-STEM micrographs at lower magnification and in-
sets: high magnification for (a) 206, (b) 319, and (c) A356. For (a)
and (b), h¢¢ and h¢ precipitates appear in bright and a-Al matrix in
dark contrast at the low magnification. At high magnification (with
near atomic resolution), the Cu atoms appear in bright and Al
atoms in darker contrast. For (c), b¢ precipitates appear in darker
contrast at low magnification. The zone axis is h001iAl for all these
micrographs.

b

�Theta Dilatronic IX, Port Washington, NY, USA
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B. Mechanical Characterization

1. Aging curve determination
The aging curves for Al-Cu (206), Al-Si-Cu (319), and

one of the Al-Si (356) alloys display a common trend
wherein the hardness continuously increases up to a
peak value and decreases thereafter with heat treatment
time (Figure 3). The two Al-Si alloys (A356 and
A356+0.5Cu), on the other hand, initially display a
hardness increase that later stabilizes and does not show
any reduction with time. The nano-scale strengthening
precipitates (h¢¢ and h¢) in Al-Cu (206) and Al-Si-Cu
(319) alloys are metastable compared to the equilibrium
h-Al2Cu precipitate, while in case of the Al-Si alloys
(356, A356 and A356+0.5Cu), the precipitates (b¢¢ and
b¢) are also metastable compared to the equilibrium
b-Mg2Si precipitate. The age hardening mechanisms for
these alloys are influenced by the temperature (thermal
activation) and time (kinetic barrier); an appropriate
aging time and temperature combination is usually
intended for optimal mechanical response by designing
the size, number, morphology, and nature of the
interfaces for the nano-scale metastable precipi-
tates.[2,4,68–70] Dislocation–precipitate interaction in the
aging conditions described in this manuscript is due to
either (a) creation of new interfaces because of the
shearing of coherent precipitate (GPI or h¢¢ and b¢¢)[71] or
(b) Orowan looping around semi-coherent precipitate
(h¢ and b¢).[30] Considerable strength increment is
achieved once the precipitates are of appropriate size
and spacing, sufficient in numbers, and with semi-co-
herent interfaces (for Orowan looping) so as to ensure
adequate pinning points at optimal intervals.

For the Al-Cu precipitates in the 206 or 319 alloys,
when the solution-treated alloy is aged, the Cu atoms
initially form a single layer within the a-Al matrix
(GPI-zones) and later transform to one unit cell thick h¢¢
precipitate; both of which are coherent with the a-Al

matrix so that they contribute only through interfacial
strengthening at the beginning of aging; in this process,
increase in the interfacial area occurs due to creation of
new precipitate/a-Al matrix interface as matrix disloca-
tions shear the precipitates.[22] This condition leads to a
measurable hardness increase on aging and is typically
referred to as the under-aged condition. With increasing
time, hardness continuously increases once the precip-
itate transforms from coherent GPI and h¢¢ to semi-co-
herent h¢ where the strength increments come through
Orowan looping.[72] Peak hardness is generally obtained
within the transition region between h¢¢ and h¢ because
of an optimal number density and precipitate spacing
(peak-aged condition). Afterward, the semi-coherent
interfaces of h¢ precipitate provide a driving force for
continued coarsening so that the hardness continuously
decreases with heat treatment time as a result of loss in
number density and increase in precipitate spacing
(over-aged condition).[20,21,73,74] More about the precip-
itate coarsening effect on the strength decrease (relevant
for over-aged conditions) is discussed in Section III–D.
The relative difference in the aging behavior of 206

and 319 with similar strengthening precipitates can be
explained based on the thermodynamics and kinetics of
aging sequence (GPIfi h¢¢fih¢) with heat treatment.
Comparing these two alloys, much higher initial hard-
ness at equivalent time durations for the 319 alloy is
related to the higher aging temperature by 50 K (50 �C)
that accelerates the aging process (early transition of
GPI and h¢¢fih¢).[5] The additional thermal energy also
ensures earlier attainment of peak-aging (1 hour) for 319
and rapid decrease in hardness afterward due to
over-aging and related coarsening of h¢ precipitates.
For the 206 alloy, lower aging temperature not only
produces a delayed transition of GPI and h¢¢fih¢
transformation so as to achieve a longer peak-aging
response (~8 hours) but also ensures slower hardness
decrease due to coarsening of h¢ on over-aging.
In the case of the Al-Si alloys, only the 356 alloy

displays all three regimes of the aging curve (under-age,
peak-age, and over-age), while the other two alloys
(A356 and A356+0.5Cu) reach only the under and
peak-aging regimes within the duration of the experi-
ments. Peak-aging and subsequent over-aging in the
latter two alloys are extremely sluggish as indicated by
the stabilization of hardness after ~8 hours of aging.
These Al-Si alloys with b-Mg2Si strengthening precip-
itate show equivalent thermal response to h-Al2Cu
precipitates (Coherent GPI fi coherent b¢¢ fi semi-co-
herent b¢ fi incoherent equilibrium b-Mg2Si).

[45,75,76]

Relatively higher aging temperature for 356 (by 50 K,
i.e., 50 �C) as opposed to A356 or A356+0.5Cu
ensures faster aging kinetics, much like the 319 alloy
so that peak-aged and over-aged conditions are readily

Fig. 3—Aging curve (Vickers hardness variation with respect to the
heat treatment time) for the alloys determined from sequential
indentation on solution-treated specimens. The heat treatment tem-
peratures are mentioned alongside. Also the condition used for aging
the solution-treated alloy blanks is indicated. UA under-aged, PA
peak-aged, and OA over-aged.

Fig. 4—Vickers hardness (HV5) measured on different surfaces
(X-face, indentation directionkX; Y-face, indentation directionkY
and Z-face, indentation directionkZ) from cast billets of (a) 206, (b)
319, (c) 356, (d) A356, and (e) A356+0.5Cu pre-conditioned for 200
h at various temperatures. (f) Optical images of the micro-indents
from specimens pre-conditioned at 523 K (250 �C), left: 206, middle:
319, and right: A356.

c
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achieved.[62–64,77] For the other two Al-Si alloys, an
aging temperature of 433 K (160 �C) is not adequate to
reach up to the semi-coherent b¢ stage within even 100
hours.

Based on the aging curves, it is concluded that for the
heat treatment conditions employed in the present
study, the alloy 206 is under-aged after 5 hours but
not far from being in the peak-aged condition (T6),
while the alloy 319 certainly exists in over-aged condi-
tion (T7). Furthermore, the alloy 356 is possibly
peak-aged (T6) after 5 hours, while A356 and
A356+0.5Cu alloys are in under-aged conditions.

2. Effect of heat treatment (solution treatment, aging,
and pre-conditioning)

Vickers hardnesses measured from the three surfaces
(X, Y, and Z, Figure 1(b)) are nearly identical for every
individual alloy, after both the aging and pre-condi-
tioning heat treatments (within the error limit) indicat-
ing isotropic mechanical response for all the alloys
(Figures 4(a) through (e)). With increase in pre-condi-
tioning temperature, the hardness drops on all three
surfaces of the cast alloy blanks. The size of the Vickers
indents in Figure 4(f) for various alloys (corner to
corner distance ~200 to 250 lm) can be compared with
the respective microstructural (grain size for 206 and
SDAS or secondary dendrite size for 319, 356, A356,

and A356+0.5Cu, Table IV in Part I) and nano-struc-
tural (strengthening precipitates) features (Table IV); it
is concluded that the hardness indeed represents the
macroscopic mechanical response of the alloys. The
invariance of hardness on different faces can be corre-
lated to the homogeneous micro- and nano-structures
that exist in the blanks after casting. The observation
also provides the rationale to conduct indentation only
from one face (Z-face) of the billets for aging curve
determination in the previous section.
The effect of pre-conditioning heat treatment on the

mechanical response of various alloys is evident from
the results presented in Figure 5. Also, the hardness of
respective alloys in as-cast and solution-treated condi-
tions is included for comparison. The hardness for
as-aged and pre-conditioned materials was averaged out
from the three faces, while for the as-cast and solu-
tion-treated specimens, hardness was measured on the
Z-face alone. The general trend is that the hardness is
initially low after casting, then improves on solution
treatment and reaches a maximum after aging. Long-
term pre-conditioning decreases the hardness from the
as-aged condition; reduction in hardness is drastic up to
523 K (250 �C) but becomes limited with increasing
pre-conditioning temperature up to 573 K (300 �C) for
all the alloys.
Considering that the strength of any of these alloys is

primarily attributed to the nano-scale precipitates (and
also contributed by other microstructural features but
on a much lower scale than the former); the as-cast
hardness is low since no strengthening precipitates have
formed yet, and solid solution strengthening elements
are segregated in the structure. Solution treatment
increases as-cast hardness due to the solid solution
strengthening effect from the major alloying elements
(Cu in 206 and 319; Si and Mg in 356 & A356 and Si,
Mg and Cu in A356+0.5Cu).[78] Aging at an optimized
temperature–time combination finally leads to the
appropriate size, number density, and spacing for
strengthening precipitates that maximize the hardness.
Long-term pre-conditioning at lower temperature

(473K, i.e., 200 �C) significantly coarsens the strength-
ening precipitates and disrupts this optimized
nano-structure, much in the same way as over-aging
does, so much so that the precipitates eventually lose
their strengthening contribution.[20,21,73,74] Again, the
precipitate coarsening effect on the strength decrease is
discussed in Section III–D. At sufficiently higher tem-
perature [523 K (250 �C) or 573 K (300 �C)], coarsening

Table IV. Precipitates Dimensions, Corrections and Strength Increment Obtained from the Strength Modeling Considering G =

25.4 GPa, b = 0.284 nm and m = 0.33

Alloy Precipitate
Average Width

(Measured), dm (nm)

Average
Thickness,
tt (nm)

Corrected
(Actual) Width,

dt (nm)
Number

Density, Nv (nm
�2)

Volume
Fraction, f Ds (MPa)

206 GP-Zone 13.37 0.4 13.5 50.2 9 10�7 0.0003 38.001 58.1
h¢¢ 22.66 1.42 23.1 24.6 9 10�7 0.0015 13.15

32.41 2.5 33.2 7.5 9 10�7 0.0016 6.35
319 h¢ 115.87 6.25 124.87 3.6 9 10�7 0.0275 47.44
A356 b¢ 7.06 (diameter, nm) 7.14 55.3 9 10�5 0.079 54.55

Fig. 5—Average Vickers hardness obtained at different conditions
before and after the heat treatment (PC pre-conditioned). The alloys
were pre-conditioned for 200 h.
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can largely remove the strengthening contributed by the
nano-scale precipitates, and the final mechanical
response is again controlled only by the microstructural
features of the a-Al matrix; in this case, however, with a
much lower contribution from solid solution strength-
ening elements which are captured within the coarsened
strengthening precipitates. This makes the hardness
value of the 523 K (250 �C) or 573 K (300 �C) pre-con-
ditioned specimens even lower than that obtained for
the corresponding hardness values in the solu-
tion-treated or as-cast condition. The adverse effect of
pre-conditioning to the precipitate coarsening can be
realized by comparing the SEM micrographs of pre-con-
ditioned alloys in Figure 6 with the STEM HAADF
micrographs of as-aged alloys in Figure 2. The nano-
scale precipitates that formed after aging the three alloys
(206, 319, and A356) have transformed and significantly

coarsened after pre-conditioning at 573 K (300 �C) so
much, so that these micron-sized precipitates can now be
observed at much lower magnification. Increase in size is
invariably associated with reduction in the number
density and increase in spacing of the precipitates after
pre-conditioning of the alloys.
Now comparing Al-Cu (206) and Al-Si-Cu (319),

as-cast hardness for the two alloys is exactly equal when
no nano-scale strengthening precipitates are present.
Little difference occurs on solution treatment wherein
higher hardness for 206 alloy can be attributed to the
additional Cu in the composition (5 wt pct in 206 vs
3.17 wt pct in 319, Table I).[78] Significant hardness
difference between 206 and 319 alloys in the as-aged
condition is expected considering the alloy 206 is
peak-aged (T6), while the alloy 319 is over-aged (T7)
as per their respective aging curves (Figure 3).[72]

Fig. 6—SEM micrographs (SE mode) showing the microstructures of (a) 206, (b) 319, (c) 356, (d) A356, and (e) A356+0.5Cu after pre-condi-
tioning for 200 h at 573 K (300 �C).
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Fig. 7—Width (left) and thickness (right) distribution of the nano-scale strengthening precipitates (as measured from the image analysis of
HAADF-STEM micrographs) for (a) 319 (h¢) and (c) 206 (GPI and h¢¢); for A356 with b¢ only diameter distribution is shown in (b).
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Hardness improvement on aging (relative to the solu-
tionized condition) is in fact marginal for the 319 alloy
(~3.5 pct) but significant for the 206 alloy (~18.5 pct).
This observation is consistent with the STEM observa-
tions on these alloys in the as-aged condition; the alloy
206 contains GPI and h¢¢ precipitates with very fine size
and spacing and high number density, whereas
nano-structure for 319 is characterized by h¢ precipitates
with comparatively larger size and spacing and relatively

low number density (Figures 2(a) and (b)). The drop in
hardness due to pre-conditioning at 473 K (200 �C) is
lower for 319 (~12 pct) compared to that for 206 (~19.5
pct). Pre-conditioning at 473 K (200 �C) causes trans-
formation of the GPI and h¢¢ precipitates to h¢ and leads
to rapid hardness drop for 206 alloy. The effect on alloy
319 is lesser since it is already over-aged at 513 K
(240 �C) and contains coarse h¢ precipitates. Further
pre-conditioning at 523 K (250 �C, ~29 pct drop in
hardness for 206 and 24 pct for 319 compared to 473K,
i.e., 200 �C values) and 573 K (300 �C, ~20 pct drop in
hardness for both 206 and 319 compared to 523K, i.e.,
250 �C values) leads to an equivalent decrease in
hardness for both these alloys.
The three Al-Si alloys (356, A356, and A356+0.5Cu)

possess nearly equivalent hardness values in the as-cast
condition (~0.55 GPa). After solution treatment, the
hardness is exactly comparable for 356 and A356 (~0.8

Fig. 9—Effect of change in (a) number density and (b) aspect ratio
on the predicted CRSS increment as calculated for the 319 alloy
(considering Orowan looping as per Eq. [3]) keeping all other
parameters constant.

Fig. 8—HAADF-STEM micrographs for 206 alloy showing the state
of h¢¢ precipitate, (a) as single unit cell with thickness ~1 nm and (b)
as two and inset: multiple unit cell ensemble with thickness
>2.5 nm. For (a) and (b), zone axis = h001iAl; for (b) inset, zone
axis = h110iAl.
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GPa) because of their similar composition but slightly
higher for A356+0.5Cu (~0.85 GPa) due to the
presence of additional Cu (0.44 wt pct) contributing
to solid solution strengthening.[78] The hardness also
differs after aging; A356+0.5Cu (~1.1 GPa) has a
higher hardness compared to the other two alloys (~1.0
GPa). This difference is expected as A356+0.5Cu is
nearly peak-aged, while 356 is over-aged as per the
aging curves shown in Figure 3. Compared to the other
two Al-Si alloys, for A356+0.5Cu, the drop in hard-
ness is gradual on pre-conditioning and indicates
increased thermal stability of the strengthening precip-
itates (b¢). This is attributed to the additional Cu in the
composition; Cu is known to enhance the stability of
needle-shaped b¢ phase on aging when added in
appropriate concentrations (~0.4 wt pct).[75] Cu also
delays the coarsening of Q¢-phase by segregating at the
Q¢/a-Al interfaces and helps maintain a fine dispersion
of disordered L¢-phase .

C. Strength Modeling

The hardness for the Al-Cu alloy (206) in the as-aged
condition is higher than the Al-Si-Cu alloy (319)
containing similar Al-Cu nano-scale precipitates (GPI
and h¢¢ vs h¢); the difference being as significant as ~17
pct. Also, the strength of the Al-Si alloys (e.g., A356) is
less (~17.5 pct) than that of the Al-Si-Cu alloy (319)
even though both of them are characterized by coarse
and over-aged strengthening precipitates (h¢ vs b¢).
These differences can be better explained by imple-
menting a strength model that was developed on the

basis of size, number density, and aspect ratio of the
nano-scale strengthening precipitates.[2] In the present
context, strength modeling is carried for as-aged 206
(GPI and h¢¢), 319 (h¢), and A356 (b¢) alloys in
accordance with the STEM observations and corre-
sponding image analysis. Previous observations suggest
that Orowan looping is the only precipitate–dislocation
interaction mechanism for semi-coherent and shear
resistant strengthening precipitates like h¢ in 319 or b¢
in A356 alloys.[22,30,64,79–81]

The basic governing equation for strength increment
via Orowan mechanism in case of plate-shaped h¢
precipitate is given by the following[22]:
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and that for the rod-shaped b¢ precipitates, it is given
as:
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Table V. Specific Heat Capacity, Thermal Diffusivity, and Thermal Conductivity of As-aged Alloys

T, K (�C)

Specific Heat Capacity (J/g �C) Thermal Diffusivity (mm2/s) Thermal Conductivity (W/m K)

356 A356 A356+0.5Cu 319 206 356 A356 A356+0.5Cu 319 206 356 A356 A356+0.5Cu 319 206

298 (25) 0.90 0.90 0.89 0.86 0.89 65.8 68.2 64.9 59.4 61.6 159 163 155 141 151
323 (50) 0.92 0.92 0.91 0.88 0.91 66.2 68.3 65.7 59.6 62.4 162 168 160 145 156
348 (75) 0.93 0.94 0.93 0.90 0.92 66.2 68.4 66.0 59.9 63.3 165 171 163 149 161
373 (100) 0.95 0.95 0.94 0.91 0.94 66.4 68.6 66.2 60.0 63.9 168 175 166 151 165
398 (125) 0.96 0.96 0.95 0.92 0.95 66.4 68.6 66.2 60.1 64.5 170 177 168 153 169
423 (150) 0.97 0.97 0.96 0.93 0.96 66.3 68.7 66.3 60.2 64.9 172 179 169 155 171
448 (175) 0.97 0.98 0.96 0.94 0.96 66.3 68.7 66.3 60.2 65.3 172 181 171 156 174
473 (200) 0.98 0.99 0.98 0.94 0.97 66.2 68.8 66.5 60.1 65.5 173 184 174 157 176
498 (225) 0.98 1.00 1.00 0.95 0.98 66.0 69.0 66.9 60.1 66.1 174 184 178 158 179
523 (250) 1.00 1.02 1.01 0.97 0.98 66.0 70.1 67.6 60.1 67.0 176 190 183 160 182
548 (275) 1.01 1.04 1.03 0.99 0.99 66.2 70.9 68.1 60.4 67.5 179 195 188 164 184
573 (300) 1.03 1.05 1.05 1.00 1.00 66.5 71.2 68.6 61.0 68.3 183 199 192 169 189
598 (325) 1.04 1.07 1.07 1.02 1.02 66.4 71.1 68.6 60.9 69.1 185 201 195 171 194
623 (350) 1.05 1.08 1.08 1.04 1.04 66.0 70.6 67.8 60.5 69.2 186 203 196 173 198
648 (375) 1.07 1.10 1.10 1.06 1.05 65.3 69.6 67.3 59.6 68.7 187 203 198 173 200
673 (400) 1.08 1.11 1.12 1.07 1.07 64.4 68.5 66.4 58.5 67.7 187 202 198 173 201
698 (425) 1.10 1.13 1.14 1.09 1.09 63.4 67.1 65.3 57.2 66.6 187 201 198 172 200
723 (450) 1.12 1.16 1.15 1.11 1.11 62.2 65.5 63.9 55.5 65.6 187 203 196 170 200

Density* @ 25 K (25 �C) (g/cm3)

356 A356 A356+Cu 319 206

2.68 2.66 2.68 2.76 2.76

*Density calculated from mass and dimensions of diffusivity specimens.
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where Ds is the increment in critical resolved shear
stress (CRSS); dt and tt are the effective width and
thickness of plate-shaped h¢ precipitate, respectively; r
is the effective diameter of rod-shaped b¢ precipitates;
and f is the volume fraction of precipitates. The values

for G, shear modulus of a-Al matrix = 25.4 GPa; ~b,
burgers vector for 1

2 h110iAl dislocations on {111}Al slip
plane = 0.284 nm and m, Poison’s ratio = 0.33 for
FCC metals are obtained from References 82 through
84. Two important assumptions are made about the h¢
precipitates while developing Eq. [1], (a) they grow
with a habit plane parallel to {001}Al and (b) they are
arranged on a triangular array in the {111}Al slip
plane.[22] The assumption for the b¢-precipitates is that
h100iAl is the preferred growth direction with circular
cross section so that only the diameter (r) is considered
important in Eq. [2].[22] In case of the h¢ precipitates,
an improvement to Eq. [1] can be made by assuming a
random distribution of plate-shaped h¢ precipitates.
The modified equation as per Reference 79 considering

f ¼ Nvpd2t tt
Asdt

, where Nv is the number density of the pre-

cipitates, and As is the total area in the STEM
micrograph:

Ds ¼ Gb
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For the coherent GPI or h¢¢ precipitates in 206,
strength increment occurs through the creation of newer
interfaces due to dislocation–precipitate interaction and
not by Orowan looping.[71] The effective relation that
describes such interfacial strengthening for these shear-
able plate-shaped precipitates is given by[22]:
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where dt and tt are the effective width and thickness of
GPI or h¢¢ precipitates, respectively; ci is the interfacial
energy and dislocation line tension, C is expressed as:

C ¼ Gb2

2p ln
ffiffiffiffiffiffi

d2t
2b2f

q

; ci for GPI or h¢¢ precipitates can be

considered equivalent to the interfacial energy of the
coherent interfaces of h¢ precipitates (ci = 0.21 J/m2)
since the h¢ precipitates actually forms out of the
coherent interfaces (broad faces) of h¢¢ precipi-
tates.[14,43] An additional issue for the 206 alloy is to
develop the summation law for overall strength incre-
ment (Ds) from the individual contribution due to GPI
or h¢¢ precipitates [(Ds)GPI and ðDsh00 Þ], given by[85]

Dsð Þq¼ ðDsÞGPI

� �qþ ðDsÞh00
� �q ½5�

where the exponent q defines the order of superposition
of various strengthening contributions in the addition
law and usually varies between 1 (no overlapping) to 2
(complete overlapping).[86] It is further important to
consider several stereological issues ONLY for GPI, h¢¢
and h¢ precipitates while calculating the microstructural

input parameters (width, thickness, and number density)
because of their plate-shaped morphology and preferred
habit plane and growth direction. These input param-
eters are measured experimentally from image analysis
of the STEM micrographs as explained in Section II–B.
The measured mean width of the precipitate dm

(average linear intercept), is to be corrected for the finite
thickness of the TEM foil in the direction of the
beam.[23,79] The importance of this correction is realized
because of the fact that the thin foil actually causes a
projection of the precipitates contained within the 3D
observation volume. This may cause a truncation
problem in size measurement of the precipitates since
they are characterized with a large aspect ratio. The
average width/diameter for the precipitates (GPI, h¢¢, h¢,
and b¢) in that case are often comparable to the foil
thickness and truncation occurs at the upper or lower
foil surface. The foil thickness along the h001ia-Al zone
axis was measured to be 247 nm for 319, 260 nm for 206,
and 129 nm for A356 alloys following the methods
described in Section II–B (Figure 1(b)).
Assuming a disk shape in 3D for simplicity, which is a

reasonable assumption at least for h¢¢ and h¢, the true
diameter, dt is related to the mean diameter dm by the

relation: dm ¼ tþp
4dt

tþdt

	 


dt where pdt
4 is the mean planar

diameter of the precipitate plates and t is the foil
thickness in the beam direction. Solving the quadratic
equation provides the following:

dt ¼
2ðdm � tÞ � 2
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Two additional issues need to be considered for the
accurate calculation of the microstructural input param-
eters for GPI, h¢¢ and h¢ precipitates: (a) measurement of
precipitate thickness and (b) calculation of precipitate
number density. The thickness measurement is difficult
from low-magnification STEM images since most of the
precipitates are hardly a few pixels thick, and this
introduces a large scatter in the measured dataset. Again,
use of low-magnification STEM images is unavoidable
due to the statistical reliability of the size measurement in
the first place. This imposes a challenge for actual
strength prediction, as the error associated with an
incorrect precipitate thickness measurement is usually
large. A corrective measure suggested in Reference 30 is
to determine a correction factor by comparing the
thickness measurement for the same precipitate from
high-magnification STEM images (Figure 2(a) inset) to
that from low-magnification STEM images (Figure 2(a)).
This correction factor is then to be used for accurate and
statistically significant thickness measurement from
low-magnification STEM micrographs. The correction
factor is calculated to be ~0.5 for 206 and 319 alloys.
The next issue is to calculate the number density of

GPI, h¢¢ and h¢ precipitates with {001}Al habit plane. As
has been explained in Section III–C of Part I, only two
variants are usually observed with adequate contrast in
the STEM images with h001iAl zone axis. This third
invisible variant should nonetheless occupy a different
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fraction of the unit microstructural area compared to
the other two visible variants on the {001}Al planes
under observation. Thus, the effective number of pre-
cipitates within any given microstructural area is not
equal to simply three times the number of any one kind
of variant. If the number of the two visible precipitate
variants (N1 and N2) is known, then the number of
precipitate in the third (unseen) dimension can be
estimated as [23,79]

N3 ¼
N1 þN2

2
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where As is the total area in the STEM micrograph.
The total number of precipitates then becomes:

NT ¼ N1 þN2
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and the number density,

Nv ¼
NT

ASðtþ dtÞ
: ½9�

In case of the alloy A356, because of the assumption
of circular cross section for rod-shaped b¢ precipitates
with h100iAl growth direction, NO stereological correc-
tion is required from STEM micrographs with h001iAl

zone axis, neither for the measured diameter nor for the
number density or volume fraction.[87] The measured
precipitate diameter is, however, corrected for the finite
TEM foil thickness (129 nm).

Table IV summarizes the size, number density, and
volume fraction of the strengthening precipitates in the
three alloys considered (206, 319, and A356). These
measurements are based on the weighted average of the
distributions of the linear intercepts (number fraction vs
corresponding dimension) from the image analysis of
the STEM micrographs (Figure 7). In case of the alloy
319 with h¢ precipitates, both the width and thickness
distributions are unimodal and can be fitted with
log-normal functions with adequate reliability
(Figure 7(a)). The calculation of weighted average is
also straightforward and represents unique values for
width and thickness. Similarly, the alloy A356 with b¢
precipitates represents unimodal log-normal distribution
of precipitate diameters that can be used for average
diameter calculation without ambiguity (Figure 7(b)).

The alloy 206 represents unimodal log-normal width
distribution for the strengthening precipitates but the
thickness distribution is certainly multimodal
(Figure 7(c)). Important to note that this alloy contains
two different forms of the strengthening precipitate (GPI
with single Cu layer and h¢¢). A careful comparison of
the STEM micrographs with the thickness distribution
suggests that the GPI precipitates are usually<1 nm in
thickness, whereas h¢¢ forms with various thickness
(either 1 to 2.25 nm or>2.5 nm). Here lies an apparent
discrepancy as per the structural identity of h¢¢ precip-
itates are concerned. Theoretically, being one unit cell
thick and containing three atomic layers of Al and two
layers of Cu in h001i direction (as also evident from

Figure 8(a)), the thickness of h¢¢ should be <1 nm
(~0.79 nm as per Reference 43). In that context,
measured h¢¢ thickness of ~1 to 2 nm seems justified
considering the error involved in image analysis; how-
ever, h¢¢ thickness>2.5 nm is certainly an overestimation
and likely to be a misinterpretation of the measured
dataset. A careful scrutiny of the STEM micrographs
again revealed that such h¢¢ precipitates of thickness
>2.5 nm are, in most occasions, an ensemble of multiple
h¢¢ precipitates (Figure 8(b)). From the strength model-
ing point, it seems rational to consider such ensemble of
h¢¢ precipitates being a separate entity with specific size
and number density that also participate in strength
increment via interfacial strengthening. The measured
dataset for 206 alloy is therefore divided between GPI
and h¢¢ (comprising of single and multiple unit cells) as
per this size ranges and the corresponding average
width, thickness, number density, and volume fraction
was calculated separately (Table IV).
Table IV summarizes the CRSS increment for these

alloys using Eqs. [1] to [4]. For the alloy 206, a linear
summation (q = 1) is used in Eq. [5] assuming that the
contribution from GPI and h¢¢ do not overlap. This
assumption seems reasonable considering that both
types of precipitates contribute through only interfacial
strengthening.[86] The increase in CRSS due to various
precipitates in these alloys thus varies in the order
Dsð Þ206> Dsð ÞA356> Dsð Þ319 (Table IV). This calculated
order of CRSS increment somewhat deviates from the
experimentally obtained hardness variation between
these three alloys in as-aged condition, i.e.,
(Hv)206> (Hv)319> (Hv)A356 (Figure 5). It is important
to note that several microstructural factors (e.g., solid
solution strengthening, coarse intermetallics, grain size
or SDAS, etc.) other than the nano-scale precipitates
contribute to the overall mechanical response of these
alloy systems.[30] This is why a one-to-one comparison
of CRSS increment and Vickers’s hardness is not
attempted here.
Between the alloys 206 and 319 with similar Al-Cu-

type strengthening precipitates, the CRSS increment is
higher for the former alloy (206 with interfacial
strengthening, Ds = 58.12 MPa) compared to the later
alloy (319 with Orowan looping Ds = 47.44 MPa).
Also, out of the two different forms of the precipitates,
GPI causes much higher contribution ((Ds)GPI = 38.4
MPa) to the CRSS increment than the h¢¢ phase
(ðDsÞh00 =19.73MPa) in 206 alloy. The primary reasoning
for such high level of strengthening achieved from much
finer GPI precipitates is their high number density that
increases effective pinning points for the dislocations.
It is also interesting that although the number density

of the h¢ precipitates in 319 alloy (3.6 9 10�7 nm�2) is
an order of magnitude smaller than the h¢¢ precipitates in
206 alloy (32.42 9 10�7 nm�2), the former precipitates
still render much higher increment in CRSS compared
to that from the later. This is simply because, as also
appears from Eqs. [1] to [4], the CRSS increment is a
synergistic effect of width, thickness, and number
density of the strengthening precipitates that collectively
decides the extent of Orowan looping (319 or A356) or

2556—VOLUME 48A, MAY 2017 METALLURGICAL AND MATERIALS TRANSACTIONS A



interfacial strengthening (206).[2] Individual h¢¢ precipi-
tates are less effective for dislocation–precipitate inter-
action via interfacial strengthening because of their
smaller width and thickness even when the occurrence of
such interactions is more probable for this precipitate.
Then again, CRSS increment for the alloy A356 with b¢
precipitates is higher (Ds = 53.75 MPa) than that of the
alloy 319 with h¢ precipitates even though the former
precipitates are much finer than the later and both of
them obtain strength increments by an Orowan looping
mechanism. The difference again lies in the number
density; b¢ precipitates with nearly four orders of
magnitude higher number density on the slip plane than
the h¢ precipitates can have a significant influence on the
dislocation motion.

D. Effect of Precipitate Coarsening on the Mechanical
Behavior

The effect of coarsening of the nano-scale precipitates
on the mechanical properties of the three alloys (206,
319, and A356) can be best realized during the aging
(over-aged condition, Figure 3) or pre-conditioning
(Figure 5) heat treatments. In either case, precipitate
coarsening occurs on prolonged heat treatment and
results in a significant decrease in room temperature
hardness. To explain this further on the basis of the
strength models, one needs to check the parameters in
Eq. [3] (Orowan looping for 319 with), Eq. [2] (Orowan
looping for A356 with b¢), or Eq. [4] (interfacial
strengthening for 206 with h¢¢ or GPI) that are to be
affected by precipitate coarsening. Also important to
consider is how such changes in precipitate parameters
ultimately affects the CRSS increment (Ds) for these
alloys.

The coarsening on heat treatment (over-aging or
pre-conditioning) causes: (i) a decrease in the number
density of the precipitates (Nv) and (ii) an increase in the
width, dt; thickness, tt (for h¢, h¢¢ or GPI); or radius, r
(for b¢) of these precipitates in Eqs. [1] to [4]. Due to the
second factor, effectively, the aspect ratio of the
disk-shaped h¢, h¢¢, or GPI precipitates decreases on

coarsening.[79] It is important to note that these param-
eters (Nv, dt and tt or r) are interrelated in the sense that
it is not possible to alter any one of them independent of
the others. For example, any increase in size (width,
thickness or radius) or reduction in aspect ratio will
invariably cause a reduction in the number density and
vice-versa.[30] Both the decrease of Nv, being in the
numerator, or increase of dt, tt or r in the denominator
(in Eqs. [2] to [4]) will result in the reduction of Ds.
Phenomenologically, this means that the pinning points
are farther apart and the dislocation–precipitate inter-
actions are diminished as a result of coarsening. Overall,
the strength increment from the precipitates is less
effective, and the alloy strength decreases on over-aging
or pre-conditioning.
To further elucidate the effect of the precipitate

coarsening on the strength properties, Figure 9(a) shows
the predicted change in Ds with the number density of
the h¢ precipitates in case of 319 alloy. The calculations
are made by assuming the rest of the precipitate
parameters remain constant in Eq. [3]. Ds decreases
monotonically with the reduction in number density and
reduced to almost half when the number density comes
down to half of the initial value. The effect of change in
precipitate size can be better understood if the CRSS
increment in Eq. [3] is expressed in terms of the aspect
ratio rather than individually considering precipitate
width and thickness. Assuming that h¢ precipitates are
thin circular disk,[79] the CRSS increment can be written
in a modified form as
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Figure 9(b) then suggests that when the aspect ratio of
the h¢ precipitates decreases, the calculated strength
increment (Ds) also decreases for the same number
density. Figures 9(a) and (b) indicate that the reduction
in Ds with aspect ratio is smaller compared to the
corresponding reduction of CRSS with number density.
In summary, it is stated that the hardness reduction due
to over-aging or pre-conditioning is a superimposition
of the two effects considered namely, reduction in
number density and aspect ratio of the strengthening
precipitates.

E. Thermophysical Property Characterization

The specific heat capacity curves measured from the
DSC analysis for the candidate Al-Cu (206), Al-Si-Cu
(319), and Al-Si (356) alloys in as-aged condition display
both endothermic and exothermic peaks. For simplicity,
only the relevant curve for 356 alloy is shown in
Figure 10. These peaks are possibly caused by the
enthalpy associated with coarsening or dissolution

Fig. 10—Specific heat capacity, Cp, as a function of temperature for
a representative Al-Si (356) alloy in as-aged condition during heating
and cooling. The dotted black line and corresponding black arrows
indicate the linear interpolation to estimate steady state, Cp values
for calculation of thermal conductivity.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 48A, MAY 2017—2557



reactions occurring in this temperature range.[88] The
steady state specific heat capacity, Cp, for these alloys is
determined from the linear interpolation of the corre-
sponding DSC curves through the region of precipitate
reactions (indicated in Figure 10). These Cp values are
summarized in Table V.
Next, Figure 11(a) represents the thermal diffusivity

at room temperature for the five alloys. No difference in
diffusivity is noted for the two test directions, longitu-
dinal and transverse, for any of alloys. This directional
invariance supports complete homogeneity of
microstructure for these alloys (discussed in Sec-
tion III–A in Part I) as well as nano-structure (which
is also reflected in their mechanical response from
various planes of the alloy blanks, Figure 4) after
casting, aging, or pre-conditioning. The Al-Si alloys
(356, A356, and A356+0.5Cu) show slightly higher
thermal diffusivity than either Al-Cu (206) or Al-Si-Cu
(319) alloys in the as-aged condition (Figure 11(a)). This
difference is surprising given that the number density of
nano-scale precipitates in Al-Cu (GPI or h¢¢ in 206) or
Al-Si-Cu (h¢ in 319) alloys is much lower than the Al-Si
(b¢ in A356) alloys (Table IV). This should in effect
decrease the number density of phonon scattering
centers for the two former alloys.[89] This discrepancy
is possibly related to the plate-shaped morphology of
the GPI, h¢¢ or h¢ precipitates which are more effective in
phonon scattering compared to the rod-shaped cylin-
drical precipitates in Al-Si alloys.[90–92] This may also
happen due to the additional phonon scattering caused
by the point defects from the mass difference between
the aluminum matrix atoms and the copper solid
solution atoms.[93] This additional aluminum/copper
mass effect of phonon scattering is much larger than that
for aluminum/silicon and, therefore, could also lower
the thermal diffusivity of the Al-Cu and Al-Cu-Si
alloys.[94]

The 573 K (300 �C) pre-conditioning has increased
the diffusivity of all alloys although the changes are not
appreciable for the alloy 319. This again supports the
nano-scale precipitate (GPI or h¢¢ in 206, h¢ in 319 and b¢
in A356)—phonon scattering correlation as described
previously. Coarsening of these precipitates on pre-con-
ditioning reduces the number density of the nano-scale
precipitates so that the scattering centers also become
fewer and the thermal diffusivity increases for all the
alloys.[91] The nano-scale h¢ precipitates in alloy 319
undergo lesser coarsening, relatively, on pre-condition-
ing since this alloy was already over-aged to T7

Fig. 11—(a) Room temperature thermal diffusivity of the cast alloys
in the longitudinal and transverse directions for as-aged condition
and after the 573 K (300 �C) pre-conditioning; (b) variation in ther-
mal diffusivity of the as-aged alloys as a function of temperature (re-
sults during cooling at 573K, i.e., 300 �C and 373K, i.e., 100 �C are
also shown); (c) comparison of variation in thermal diffusivity with
temperature for three representative alloys (206, 319, and A356) in
as-aged condition and after the 573K, i.e., 300 �C pre-conditioning;
(d) variation in the thermal conductivity of the as-aged alloys as a
function of temperature.

b
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condition and, therefore, the thermal diffusivity of 319
alloy was the least affected as a result of pre-condition-
ing among all the alloys considered.

Figure 11(b) shows the thermal diffusivity variation
as a function of temperature for all the alloys in as-aged
condition (corresponding values are given in Table V).
Only results for the longitudinal specimens are presented
since no statistically significant difference was noted
between the two specimen orientations. The Al-Si (356)
and Al-Si-Cu (319) alloys show small increases in
diffusivity with temperature up to the 498 K to 548 K
(225 �C to 275 �C), rapid increase up to ~623 K
(350 �C), and decrease afterward till the maximum
temperature (723 K, i.e., 450 �C). The Al-Cu (206) alloy,
however, has a different behavior; diffusivity initially
increases at a faster rate than the rest of the alloys, goes
through a maximum at ~623 K (350 �C), and decreases
afterward.

This difference between the alloy systems is again
possibly caused by the relative size and number density
of the nano-scale precipitates.[88,94] Both 356 and 319
alloys exist in over-aged condition with relatively
coarser b¢or h¢ precipitates. The temperature increase
therefore affects the nano-structure to a lesser extent for
them, and the number of scattering centers is also
affected marginally on heating up to ~523 K (250 �C).
Coarsening proceeds at a faster rate at temperatures
‡523 K (250 �C), and as a result, diffusivity undergoes a
peak value for these two alloys. This variation in
diffusivity with temperature for the two alloys (356 and
319) can be correlated with their hardness variation
during pre-conditioning in Figure 5; a stiff drop in
hardness occurs between 473 K (200 �C) and 523 K
(250 �C) suggesting change in the nano-structure. The
precipitates may dissolve at even higher temperatures
(near the solvus) when diffusivity also begins to decrease
due to the additional point defects from increasing Cu in
solid solution with the Al matrix.[93]

For the alloy 206 which is under-aged at the begin-
ning, similar changes in diffusivity occur with increasing
temperature. This increase in diffusivity with tempera-
ture is, however, much higher and sharper unlike 319 or
356. The continued coarsening and/or phase transfor-
mation (GPI fi h¢¢ fi h¢ fi h) of the nano-scale precip-
itates results in rapid loss in the number of scattering
centers and a simultaneous increase in thermal diffusiv-
ity with increasing temperature. Higher diffusivity val-
ues are measured at 573 K (300 �C) and 373 K (100 �C)
during cooling for all the as-aged alloys suggesting
irreversible changes upon heating to 723 K (450 �C).

After 573 K (300 �C) pre-conditioning, the micro-
and nano-structure of all the alloys stabilize, and no
further change is expected on heating. This is also
evident from Figure 5; not much drop in hardness
occurs for the alloys between 523 K (250 �C) and 573 K
(300 �C) pre-conditioning. For pre-conditioned alloys
(206, 319, and A356 alloy for example, Figure 11(c)), the
thermal diffusivity variations with temperature are
similar during heating and cooling for any single alloy.
The thermal diffusivity variation for the pre-conditioned
alloys, in fact, nearly overlaps with the corresponding
curves for the as-aged alloys measured during cooling.

The combined effect of specific heat and thermal
diffusivity variation with temperature is realized from
the thermal conductivity variation of the as-aged alloys,
which is expressed as

j ¼ aCpq ½11�

where Cp is the specific heat capacity; a is the thermal
diffusivity; q is the density of the alloys; and j is the
thermal conductivity. Thermal conductivity is important
for cylinder heads since it determines (a) heat transfer
during casting and service for these complex shapes and
(b) dimensional stability of the finished parts through-
out the heat treatment schedule.[95] The variation in
thermal conductivity of the as-aged alloys as a function
of temperature is presented in Figure 11(d). Diffusivity
and density values were not corrected for dimensional
changes caused by thermal expansion. These effects of
thermal expansion on diffusivity and density partially
cancel out, and the resulting error in thermal conduc-
tivity is small with respect to the overall uncertainty of
the measurement (~7 pct).
The Al-Si-Cu alloy (319) exhibits the lowest and A356

the highest thermal conductivity over the entire tempera-
ture range. The thermal conductivity of the alloy 206 varies
inamannernearly identical to the alloyA356+0.5Cuatall
temperatures. The alloy 356 initially shows the same
variation as 206 or A356+0.5Cu but deviates to a reduced
thermal conductivity after ~473 K (200 �C). This is
expected since both specific heat and thermal diffusivity
vary in the same order, i.e., (Cp)319< (Cp)206< (Cp)A356/

356/A356+0.5Cu and (a)319< (a)206< (a)A356/356/A356+0.5Cu

for lower part of the temperature range (Table V). Also,
(Cp)206 � (Cp)356/A356+0.5Cu and (a)206 � (a)356/A356+0.5Cu

so that thermal conductivity of these three alloys (206, 356,
and A356+0.5Cu) are nearly same in the higher temper-
ature range.

F. Implications for Cylinder Heads

The alloys described here are candidates for cylinder
head application in automobile engines. The cylinder
head is among the most thermally sensitive components
of an engine. Temperature rise can lead to crack
formation if strength is below the developed thermal
stresses. An effective way to manage thermal stresses is
to efficiently dissipate heat through higher thermal
conductivity alloys. As discussed, mechanical strength
and thermal conductivity display opposing trends
toward coarsening of precipitates at elevated tempera-
ture; the strength decreases but thermal conductivity
increases with precipitate coarsening. In order to
develop new alloys with microstructures that lead to
improved performance of cylinder heads, an effective
compromise between thermal and mechanical properties
needs to be achieved.

IV. SUMMARY AND CONCLUSIONS

In the present study, candidate cast aluminum alloys
(206, 319, 356, A356, and A356+0.5Cu) for engine
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cylinder heads were studied for mechanical and ther-
mophysical property variation with heat treatment.
The following are the salient conclusions of this
investigation:

� The Al-Si alloys achieved peak-aged condition (T6)
after 5 hours of heat treatment at their respective
aging temperature. The higher aging temperature of
513 K (240 �C) for 319 leads to an over-aged
condition (T7), while the alloy 206 exists in under-
aged condition although not far from peak-aged T6
condition after 5 hours aging at 463 K (190 �C).

� In as-aged condition, the alloy 206 shows the
highest, the alloy 319 intermediate, and three Al-Si
alloys, the lowest hardness at room temperature.
Size, number density, and other characteristics of the
nano-scale precipitates formed during the aging
treatment were found to determine the hardness/
strength variation with alloy chemistry.

� Prolonged heat treatment causes a drastic drop in
the mechanical response (hardness) for all the alloys
due to significant coarsening of the strengthening
precipitates. The alloy 319 is least affected as it is
over-aged and 206 the most since it is under-aged to
begin with.

� Strength modeling quantitatively confirms the effect
of the size, number density, interface coherency, etc.,
of nano-scale precipitates on determining the
strength of the investigated alloys.

� Coherent GPI and h¢¢ precipitates being quite small
in size are effective for strength increment in as-aged
206 by interfacial strengthening due to their high
number density.

� The semi-coherent h¢ precipitates in as-aged 319
contribute to the strength increment by Orowan
looping, although not to the extent compared to the
206 alloy due to the coarse size and much lower
number density.

� The semi-coherent b¢ precipitates also improve
strength of the A356 alloy in as-aged condition by
Orowan looping; their contribution supersedes that
from the h¢ precipitates in 319 because of the high
number density and fine size.

� Coarsening of nano-scale precipitates on over-aging
or pre-conditioning significantly decreases their
contribution to the CRSS increment of the alloys,
which can be realized considering a corresponding
decrease in number density or precipitate aspect
ratio in the strength modeling equations.

� Thermal conductivity of the alloys, in contrast to
their strength, increases when precipitates coarsen at
elevated temperature or on pre-conditioning.

� The alloy 206 with finer GPI and h¢¢ precipitates
shows moderate thermal diffusivity due to high
number density of phonon scattering centers and
also possibly due to the mass difference between Al
and Cu atoms. Thermal properties are inferior for
the 319 alloy with coarse precipitates that are
effective scattering centers while Al-Si alloys have
high number density of b¢ precipitates that are not as
effective scattering centers because of their rod-
shaped morphology.

� Alloys with microstructures that can lead to an
effective compromise between thermal and mechan-
ical properties will lead to the highest performance
cylinder heads.
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60. H. Möller, G. Govender, and W.E. Stumpf: Int. J. Cast Metals

Res.,, 2007, vol. 20, pp. 340–46.
61. D.K. Dwivedi, R. Sharma, and A. Kumar: Int. J. Cast Metals

Res.,, 2006, vol. 19, pp. 275–82.
62. S. Esmaeili, X. Wang, D.J. Lloyd, and W.J. Poole: Metall. Mater.

Trans. A, 2003, vol. 34, pp. 751–63.
63. A.K. Gupta, D.J. Lloyd, and S.A. Court: Mater. Sci. Eng. A,

2001, vol. 316, pp. 11–17.
64. O.R. Myhr, Ø. Grong, and S.J. Andersen: Acta Material., 2001,

vol. 49, pp. 65–75.
65. P.A. Rometsch and G.B. Schaffer: Mater. Sci. Eng. A, 2002,

vol. 325, pp. 424–34.
66. W.A. Knox: Ultramicroscopy, 1976, vol. 1, pp. 175–80.
67. S.E. Landwehr, G.E. Hilmas, W.G. Fahrenholtz, I.G. Talmy, and

H. Wang: Mater. Chem. Phys., 2009, vol. 115, pp. 690–95.
68. N.F. Mott and F.R.N. Nabarro: Proc. Phys. Soc., 1940, vol. 52,

p. 86.
69. W. Kasprzak, F. Czerwinski, M. Niewczas, and D.L. Chen: J.

Mater. Eng. Perform., 2015, vol. 24, pp. 1365–78.
70. L. Ding, Z. Jia, Y. Liu, Y. Weng, and Q. Liu: J. Alloys Compd.,

2016, vol. 688A, pp. 362–67.
71. V.M.J. Sharma, K.S. Kumar, B.N. Rao, and S.D. Pathak: Metall.

Mater. Trans. A, 2009, vol. 40, pp. 3186–95.
72. M.E. Fine: Metall. Trans. A, 1975, vol. 6, pp. 625–30.
73. C. Booth-Morrison, D.C. Dunand, and D.N. Seidman: Acta

Material., 2011, vol. 59, pp. 7029–42.
74. C.B. Fuller, D.N. Seidman, and D.C. Dunand: Acta Material.,

2003, vol. 51, pp. 4803–14.
75. M. Murayama, K. Hono, W.F. Miao, and D.E. Laughlin: Metall.

Mater. Trans. AA, 2001, vol. 32, pp. 239–46.
76. M. Murayama and K. Hono: Acta Materialia, 1999, vol. 47,

pp. 1537–48.
77. S. Esmaeili, D.J. Lloyd, and W.J. Poole: Acta Materialia, 2003,

vol. 51, pp. 3467–81.
78. Ø. Ryen, B. Holmedal, O. Nijs, E. Nes, E. Sjölander, and H.-E.
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