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The dependence of Portevin–Le Châtelier (PLC) effect on the c¢ precipitates of the Nimonic 263
alloy in different microstructural conditions has been studied by analyzing the parameters of the
tensile curves and the deformation mechanisms. It is shown that the c¢ precipitates with different
sizes, edge-to-edge interprecipitate distance, and areal number density are obtained by altering
the aging time. It is demonstrated that when the mean size of the c¢ precipitates is less than
28 nm (aging less than 25 hours), the deformation mechanisms are dominated by APB-coupled
a/2h101i dislocations shearing the small c¢ precipitates and the slip bands continuously cutting
the c and c¢ phases. When the c¢ size is between 28 and 45 nm (aging time between 25 and 50
hours), the deformation mechanism is controlled by the APB-coupled a/2h101i dislocations
shearing the small c¢ precipitates, the a/6h112i Shockley partial dislocation continuously
shearing the c and c¢ phases combined with matrix dislocations by-passing the c¢ precipitates; If
the c¢ size over 45 nm (aging time more than 50 hours), Orowan by-passing becomes the main
deformation mechanism. Moreover, with increasing the aging time, the critical plastic strain for
the onset of the PLC effect increases and reaches a maximum after aging for 50 hours, and then
gradually decreases. At last, the dependence of critical plastic strain on the deformation
mechanisms is well explained by the elementary incremental strain (c). The precipitation process
of the c¢ phase can directly influence the PLC effect by changing the interactions among solutes
atoms, mobile dislocations, and forest dislocations.
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I. INTRODUCTION

THE Portevin–Le Châtelier (PLC) effect is com-
monly observed in many alloys during plastic deforma-
tion within a certain regime of temperature and strain
rate, and it exhibits temporally as continuous serrated
yielding in stress–strain curves and spatially as repeated
propagation of strain localizations.[1–4] This phe-
nomenon is generally considered to be a plastic insta-
bility associated with dynamic strain aging (DSA),[5–9]

i.e., dynamic pinning and unpinning interactions
between mobile dislocations and diffusing solute atoms.

According to the DSA theory, the concentration and
diffusion rates of solute atoms combined with density
and velocity of mobile dislocations jointly determine the
degree of the PLC effect. The bulk diffusion rate of
solute atoms is normally much lower than the velocity of
mobile dislocations, so the mobile dislocations cannot
be pinned effectively if only the bulk diffusion mecha-
nism of solute atoms is considered. Thus, the vacancy
aided bulk diffusion mechanism was proposed by
Cottrell.[1] However, this theory cannot explain the

alloy system with interstitial atoms, because the diffu-
sion process of interstitial atoms is not necessary by
means of vacancy. In view of the discontinuity of the
dislocation movement, McCormick et al.[2] and Beukel
et al.[3] proposed a model (MC model) to explain the
DSA theory, i.e., the surrounding solute atoms may
segregate to the mobile dislocations by bulk diffusion
which have been partially prevented by the obstacles,
such as forest dislocations and precipitates. The MC
model introduces a parameter tw which is defined as the
waiting time of the mobile dislocations at the obstacles,
and therefore correlates the mobile dislocations, solute
atoms, and forest dislocations together.
Hereto, the micromechanisms of DSA are further

clearly expressed. Mulford and Kocks[5] proposed
another model, termed as M–K model, to further
describe DSA, which has been acknowledged by the
following researchers.[6,7] The M–K theory held that
solute atoms segregate to the forest dislocations, and
then drain by pipe diffusion from the forest dislocations
to the mobile dislocations which are obstructed by the
forest dislocations and temporarily stop moving. Obvi-
ously, both models are consistent in the interaction
between the forest dislocations and the mobile disloca-
tions, and the very limited difference between MC model
and M–K model is about the solute atoms diffusion
modes. In other words, both models considered that the
interactions among solute atoms, forest dislocations,
and mobile dislocations are the requirements of DSA. In
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the previous work, other influencing factors for the PLC
effect, such as activation energy,[10] activation
enthalpy,[11] stacking fault energy (SFE),[12] have been
studied. Consequently, we wonder whether or not the
precipitates could also act as the obstacle to the mobile
dislocations and make the PLC effect more pronounced.

Previous study shows that the critical plastic strain of
Al alloy is larger as compared with solution-annealed Al
alloy,[13] and the PLC effect even completely disappears
in some other alloys after long-term aging,[14] whereas
the stress drop increases with increasing the aging time.

Until now, an accepted interpretation about this
phenomenon has not been achieved. Some researchers
hold that the aging process facilitates the precipitation
and therefore leads to the lower solute atom concentra-
tion in the matrix, which increases the critical plastic
strain and retards the PLC effect,[13,14] whereas other
researchers hold that the weakened PLC effect stems
from the fact that the moving of the mobile dislocations
is prevented by the precipitates.[15,16] The latter research-
ers add that the PLC effect is caused by the process of
dislocations cutting the precipitates.[15,16] However,
Chemlı́k et al.[17] found that the PLC effect cannot
occur if the deformation process is only controlled by
dislocation cutting precipitates, and the interaction
between solute atoms and dislocations is a necessary
condition for the PLC effect. Based on the analyses
abovementioned, the relationships between precipitates
and the PLC effect need to be further clarified.

As a main strengthening phase in Ni-base superalloys,
the c¢ precipitates possess some special characteristics,
such as dissolve into the c matrix at high temperature,
and reprecipitate and embed in the c matrix uniformly
and coherently at relatively low temperature. Most
importantly, structure and composition of the c¢ precip-
itates are not changed in the temperature range of PLC
effect normally occurring. On the other hand, the c¢
precipitates are of vital important role in plastic
deformation. For example, when the c¢ precipitates is
less than a specific critical size, the deformation mech-
anism is normally dominated by the dislocation cutting
the c¢ precipitate, whereas the deformation process
transforms to Orowan by-passing mechanism when the
size of c¢ precipitate is larger than a critical value.[18–22]

In the present work, Nimonic 263 Ni-base superalloy is
selected and the c¢ precipitate with various sizes and
volume fractions will be fabricated first through altering
the aging treatment.[17] Then the research focus will be
given the correlation between the PLC effect and the
deformation mechanism influenced by the c¢ precipitate,
and therefore the role of the c¢ precipitate in PLC effect
is predicted to be clarified.

II. EXPERIMENTAL PROCEDURE

The nominal chemical composition (wt pct) of
Nimonic 263 alloy used in this investigation is listed in
Table I. Ingots were prepared by vacuum induction
melting (VIM). After 1473 K (1200 �C)/10 h homoge-
nization, the ingots were hot forged at 1373 K (1100 �C)
to 30 mm (diam.) bar, and then cut to small bars of 7

mm in diameter and 55 mm in length. The small bars
were solution-annealed at 1423 K (1150 �C) for 1.5
hours, and then quenched to room temperature to
suppress the precipitation of the c¢ phase. Finally, the
small bars were aged at 1073 K (800 �C) for different
times (0.15, 0.5, 2, 10, 25, 50, 100, 300, and 500 hours).
Tensile test specimens with a gage section of 20 mm in
length and 3 mm in diameter were machined from the
aged alloys. The tensile tests were conducted under a
constant strain rate of 4 9 10�4 s�1 at 773 K (500 �C) in
air using the INSTRON 5582 mechanical testing
machine. Here, at least two tensile specimens under
per aging condition were tested, and the tensile behavior
of Nimonic 263 alloy under every specific aging condi-
tion was well repeated.
In order to measure the variation of the mean radius

�rðtÞ, mean edge-to-edge interprecipitate distance �L, areal
number density Ns, and volume fraction Vf of the c¢
precipitates with the aging time, the thin foils for
transmission electron microscopy (TEM) were prepared
by mechanical polishing and twin-jet polishing in a
mixture of 10 pct perchloric acid and 90 pct alcohol (v/
v). The microstructural configurations of the aged
Nimonic 263 alloy were examined using JEM 2100
TEM operated at 200 kV. Under every aging condition,
at least three areas were collected. The measurement and
statistics of the �rðtÞ, �L, Ns, and Vf of the c¢ precipitates
were conducted using the Gatan DigitalMicrograph
software. Herein, the effect of the thin film thickness on
the volume fraction was neglected, and thus the volume
fraction was approximately equal to the area percent-
age. After the tensile tests, the thin foils for TEM
observation were cut 5 mm apart from the fracture
surface and polished using the methods as abovemen-
tioned. The deformation microstructures were examined
using a Tecnai T20 TEM operated at 200 kV.

III. RESULTS

A. Microstructural Evolution Under Different Aging
Times

Figure 1 shows the microstructures of Nimonic 263
alloy aged at 1073 K (800 �C) for different times.
Clearly, no c¢ precipitates are observed in the c matrix
even at high magnifications after aging at 1073 K (800
�C) for short time, e.g., 0.15 hour, as shown in
Figure 1(a). Prolonging the aging time, spherical c¢
precipitates with a diameter of 12 nm are observed (2
hours), as shown in Figure 1(b). With further increasing
the aging time, the size and quantity of the c¢ phase are
changed, whereas the c¢ precipitates remain in a spher-
ical shape, as shown in Figures 1(c) and (d). The
measurement and statistics of the �rðtÞ, �L; and Ns of
the c¢ precipitates as a function of the aging time (over 2
hours) are plotted in Figure 2. Notably, the c¢ precip-
itates cannot be identified when the aging time is less
than 2 hours. Clearly, the mean radius �rðtÞ of the c¢
precipitates linearly increases with increasing the aging

time, and corresponds to the basic �r / t1=3 kinetics of
the Lifshitz–Slyozov–Wagner (LSW) theory.[23,24]

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 47A, DECEMBER 2016—5995



Moreover, the areal number density Ns significantly
decreases with increasing the aging time, whereas the
mean edge-to-edge interprecipitate distance �L remark-
ably increases with increasing the aging time. The
variation trends as abovementioned indicate that the
microstructural evolution is mainly dominated by the c¢
precipitate growing and coarsening after aging 2 hours.
Furthermore, the volume fraction of the c¢ precipitates
rapidly increases to ~14 pct and obtains a maximum
volume fraction of ~17 pct (in the thermodynamic
equilibrium condition) after aging for 2 and 50 hours,
respectively. Further prolonging the aging time, the
solute atoms diffuse from the small c¢ precipitates to
large c¢ precipitates leading to the disappearance of the
former and the coarsening of the latter, and the volume
fraction of the c¢ precipitates basically remains
constant.

B. Tensile Behavior-PLC Effect

Figure 3 shows the true tensile stress–strain curves of
the Nimonic 263 alloy with different aging times tested
at 773 K (500 �C) with a constant rate of 4 9 10�4 s�1.
In order to clearly show the details of the tensile curves,
they are elaborately upward or downward translated.
Under the current tensile conditions, the PLC effect
occurs both in solution-annealed and aging alloys
(Figure 3(a)). The serration type changes rapidly from
Type B (in solid solution) to Type C with increasing the
aging time, as shown in Figure 3(b). The following
characteristics are observed from the partial enlarged
view of all tensile curves (Figure 3(b)): (i) the stress drop
frequency gradually decreases with increasing the aging
time, and then increases again when the aging time is
over 50 hours; (ii) the critical plastic strain for onset of
serrations in solid solution is larger than that under

Table I. Nominal Chemical Composition (Wt Pct) of Nimonic 263 Alloy

Alloy Co Cr Mo Ti Al Fe C Mn Si Ni

Nimonic 263 20 20 5.8 2.1 0.45 0.7 0.06 0.5 0.4 bal

Fig. 1—TEM micrographs of Nimonic 263 alloy aged at 1073 K (800 �C) for 0.15 h (a), 2 h (b); 50 h (c), and 500 h (d).
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aging conditions; (iii) the critical plastic strain increases
with increasing the aging time and then gradually
decreases after reaching the maximum which is obtained
after aging for 50 hours, as shown in Figure 4. Notably,
the elastic deformation part is removed from the critical
strain (in Figure 4).

Fig. 3—True stress–strain curves (a) and partial magnification of the
onset of PLC effect in (b) of Nimonic 263 alloy with different aging
times after tensile tests at 773 K (500 �C) with a constant strain rate
of 4 9 10�4 s�1.

Fig. 2—Variation of the mean radius �rðtÞ, mean edge-to-edge inter-
precipitate distance �L; and areal number density Ns of the c¢ precipi-
tates with the aging time.

Fig. 4—Variation of critical plastic strain for the onset of the PLC
effect with the aging time.
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The statistical distributions of the stress drop magni-
tude as a function of the aging time are shown in
Figure 5. The stress drop in solution-annealed Nimonic
263 alloy (Figure 5(a), 0 hour) shows a transitory stage
from the power-law function to the single peak statis-
tical function, and this distribution is corresponding to
the serrations of Type B. After aging heat treatment, the
stress drop distribution changes to the single peak
statistical function with a variation in one side of the
peak, i.e., the number of the stress drop on the left of the

peak gradually decreases. A symmetrical distribution is
observed after aging for 10 hours, as shown in
Figure 5(c). Within aging for 0 to 50 hours
(Figure 5(a) through (c)), the peak of statistical stress
drop distribution gradually moves to the high stress
drop side with increasing the aging time (the stress
increasing from ~20 to ~30 MPa), whereas it moves to
the low stress drop side again with further increasing the
aging time (over 50 hours). This situation is clearly
reflected by the variation of mean stress drop (Dr) with

Fig. 5—Statistical histogram of stress drop after different aging times (a–e) and variation of the mean stress drop with the aging time (f).
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the aging time, as shown in Figure 5(f). The variation
trend of mean stress drop with aging time is similar to
the critical plastic strain shown in Figure 4. The mean
stress drop remarkably increases with increasing the
aging time and then gradually decreases after reaching a
maximum which is obtained after aging for 50 hours
(Figure 5(f)).

Notably, two important parameters which cannot be
neglected are the waiting time (tw) of mobile dislocations
at the obstacles which could be interpreted as the time
period from being obstructed to breaking away from the
obstacles, and the free-flying time (tf) of mobile dislo-
cations after overcoming the obstacles. Here, the tw
corresponds to the time period from the valley to the
next peak on the stress–time (strain) curves, and the tf
corresponds to the time period from the peak to the next
valley, as shown in Figure 6(a). The strain change leads
to the variation of the density of mobile dislocations and
forest dislocations, and therefore the change of tw and tf.
The variations of the mean waiting time (Dtw) and mean
free-flying time (Dtf) in the entire strain range are
calculated, as shown in Figure 6(b). The variation of the
mean waiting time with the aging time is similar with
that of the critical plastic strain (Figure 4) and the mean
stress drop (Figure 5(f)), and all of them reach the
maximum after aging for 50 hour. Clearly, the variation
of mean waiting time with the aging time is consistent
with the density of the stress drop, and low frequency of
the stress drop indicates the mobile dislocations need
longer waiting time before the obstacles. However, the
variation of mean free-flying time is not significant and
fluctuates up and down at ~0.2 seconds.

C. Deformation Mechanisms

Figure 7 shows the microstructural configurations of
the tensile-tested Nimonic 263 alloy both in solution-an-
nealed condition and in aged condition. Clearly, no c¢
precipitates are observed in Nimonic 263 alloy when the
aging time is less than 0.5 hour which is consistent with
the observation in Figure 1. Typical microstructural
configurations of the low SFE are observed in Figure 7.
The low SFE makes it difficult for dislocations to slip in
planes different from the plane containing their Burgers
vector. Nevertheless, a three-dimensional distribution of
dislocations is still observed in Figure 7(a). The a/2h101i
matrix dislocations of different slip systems are activated
during the tensile deformation. These dislocations react
and tangle with each other during slipping in the c solid
solution. Actually, the deformation microstructure of
the Nimonic 263 alloy under solid solution state is
relatively homogeneous and no significant deformation
localization is observed. However, with increasing the
aging time, a number of dislocation arrays with different
pile-up directions are observed (Figure 7(b)), indicating
the distribution of dislocations is strictly two-dimen-
sional or planar. Notably, the deformation localization
becomes significant and the SBs are gradually evolved,
as shown in Figure 7(b). After aging for 10 h, a large
amount of small c¢ precipitates are observed
(Figure 7(c)). However, the tensile deformation mecha-
nisms are still dominated by the formation of SBs,

revealing the small c¢ precipitates are sheared by the
APB-coupled pairs of a/2h101i type dislocations (APB:
Anti-phase domain boundary).
Further increasing the aging time, the a/6h112i

Shockley partial dislocation continuously shearing the
c and c¢ phases (leaving continuous stacking faults (SFs)
in c and c¢ phases[25]) in some areas are observed (not
shown here), indicating aging for 25 hours is a defor-
mation mechanism transition time range from APB-cou-
pled dislocations shearing to Shockley partial
dislocation shearing. Undoubtedly, the a/6h112i Shock-
ley partial dislocation shearing becomes an important
deformation mechanism after aging for 50 hours
(Figure 7(d)). Interestingly, Orowan by-passing mecha-
nism occurs after aging for 50 hours, and the leaving
dislocation loops around the c¢ precipitates are
observed, as marked by arrows in Figure 7(d). In order
to clearly show dislocation by-passing process, a TEM
specimen near the threaded portion (with a small

Fig. 6—Illustration of the waiting time (tw) and the free-flying time
(tf) in the tensile stress–time (strain) curve of Nimonic 263 alloy (a);
Variation of the mean waiting time and the mean free-flying time of
mobile dislocations spends at the obstacles before and after breaking
away from them with the aging time (b).
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deformation) was examined. Orowan by-passing process
is frequently observed in some regions where the
edge-to-edge interprecipitate distance is large, indicating

the deformation mechanisms change from the APB-cou-
pled a/2h101i dislocations shearing to the a/6h112i
Shockley partial dislocation shearing and a/2h101i
matrix dislocation by-passing the c¢ precipitates, as
shown in Figure 7(e). However, the APB-coupled pairs
of a/2h101i type dislocations shearing still cannot be
neglected. Therefore, the deformation mechanism after
aging for 50 hours is a mixed mechanism. After aging
for 500 hours, the deformation mechanisms are domi-
nated by the dislocation by-passing mechanism (the c¢
precipitates are surrounded by dislocation loops), and
the deformation becomes more homogenous, as shown
in Figure 7(f).
The dependence of the deformationmechanisms on the

mean radius of c¢ and the yield stress is summarized in
Figure 8. Notably, the c¢ precipitates’ size change caused
by different aging times leads to obvious difference of the
yield stress. Therefore, in the work reported in this
manuscript the relationship between the mean c¢ radius
and the main deformation mechanisms is considered. As
abovementioned, the deformation mechanisms gradually
change after aging for 25 and 50 hours, respectively, and

Fig. 7—Microstructural configurations of the Nimonic 263 alloy after tensile tests at 773 K (500 �C) and 4 9 10�4 s�1 after aging for 0 h (a), 0.5
h (b), 10 h (c), 50 h (d, e), and 500 h (f).

Fig. 8—The effect of the c¢ precipitate mean radius on the deforma-
tion mechanism and the yield stress.
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this change is attributed to the variation of the c¢ size. In
the aged Nimonic 263 alloy with the c¢ precipitate mean
radius of less than 28 nm (corresponding to the aging time
less than 25 hours), the deformation mechanisms are
dominated by dislocations slipping in the c matrix,
APB-coupled a/2h101i dislocations shearing the small c¢
precipitates and the SBs continuously cutting the c and c¢
phases. When the c¢ size is between 28 to 45 nm
(corresponding to the aging time between 25~50 hours),
the deformation mechanism is controlled by the
APB-coupled pairs of a/2h101i type dislocations shearing
c¢ precipitates, the Shockley partial dislocation continu-
ously shearing the c and c¢ phases together with matrix
dislocations by-passing the c¢ precipitates. When the c¢
size is over 45 nm (corresponding to the aging time more
than 50 hours), the deformation mechanism is mainly
controlled by Orowan by-passing process. Obviously, the
changes of deformation mechanism must be correlated
with the PLC effect. The detailed analyses will be
conducted in the following sections.

IV. DISCUSSION

A. The Dependence of PLC Effect on the c¢ Precipitates
According to the variation of PLC characteristic

parameters including the critical plastic strain
(Figure 4), the mean stress drop (Figure 5(f)), and the
mean waiting time (Figure 6(b)) as a function of the
aging time, the microstructural evolution and deforma-
tion mechanism changing show significant impact on the
PLC effect. After a comprehensive comparison of the
tensile curves (Figure 3) and corresponding deformation
microstructures (Figure 7), we could find that the PLC
effect occurs in Nimonic 263 alloy regardless of whether
the deformation mechanism is manipulated by disloca-
tion of the shearing or the by-passing of the c¢
precipitates. Therefore, a conclusion can be drawn that
the dislocation shearing mechanism is not the require-
ment for the PLC effect occurring.

As analyzed in ‘‘Section III–C’’, when the deformation
mechanism transforms from APB-coupled a/2h101i dis-
location shearing to the mixed form (Shockley partial
dislocation continuously cutting the c and c¢ phases
combined with matrix dislocations by-passing the c¢
precipitates), the yield strength remarkably increases
(Figure 8). However, the yield strength drops dramati-
cally when the deformation mechanism transforms to
Orowan by-passing from the mixed deformation mech-
anism. These variations indicate that the hindering effects
of the obstacles for mobile dislocations strengthen ini-
tially and then weaken gradually during the deformation
mechanism transformation. Clearly, two aspects are
directly reflected by these hindering effects, i.e., (i) the
mean waiting time of mobile dislocations at the obstacles
and (ii) the mean stress drop. The variations of the mean
waiting time and mean stress drop are consistent with the
change of the hindering effects of c¢ precipitates to the
mobile dislocations. It is considered that the mobile
dislocations move in an intermittent mode, i.e., disloca-
tions may be obstructed by obstacles and they will move

rapidly between adjacent obstacles. When the movement
of the mobile dislocations is impeded by the c¢ precipi-
tates, the loading stress must be high enough for the
mobile dislocations to overcome this obstacle by shearing
or by-passing mechanism. Here, the time of mobile
dislocations impeded by the c¢ precipitates is considered
to be the waiting time (tw) of mobile dislocations at the
obstacles. Notably, the waiting time (tw) of mobile
dislocations is closely related to the volume fraction, size,
and edge-to-edge interprecipitate distance of the c¢
precipitates. Therefore, when the hindering effects caused
by the c¢ precipitates are the most significant, the
corresponding waiting time (tw) reaches the maximum
(the mean size of c¢ precipitates is about 45 nm). The
solutes rapidly gather at the arrested dislocations by
preferred pipe diffusion (some researchers believe that this
occurs via other types of diffusion[26,27]) simultaneously.
Because of the longest waiting time, the concentration of
the solutes clustered at the mobile dislocations is very
high, and the mobile dislocations are effectively pinned.
With the aid of applied stress, the pinned dislocations
escape from the solute by a thermal activation process.
The collective and synchronous unpinning in a local area
brings about a maximum mean stress drop after aging 50
hours. Therefore, a conclusion is drawn from the varia-
tion of the mean waiting time and the mean stress drop
that the c¢ precipitates only retard the movement of the
mobile dislocations. After overcoming the c¢ precipitates
by shearing or by-passing and escaping from the solute
atmospheres by the thermal activation process, these
pinned mobile dislocations continually move forward.

B. The Relationships Between Critical Plastic Strain and
Deformation Mechanisms

For the second phase strengthened alloys, it is
generally considered that the formation mechanisms of
the PLC effect agree well with the M–K model,[5] i.e., the
PLC effect results from the interactions between the
mobile dislocations and the solute atoms gathering at
the forest dislocations. The density of mobile disloca-
tions is reduced, and the waiting time at the forest
dislocations is increased due to the hindering effect of
the c¢ precipitates. The factors which cause the decrease
of the mobile dislocation density are as follows: (i) the
hindering effects of the second phase and grain bound-
ary to the mobile dislocations, (ii) the mutual annihila-
tion of the mobile dislocations with opposite Burgers
vector, and (iii) the mobile dislocations move to the
crystal surface. Clearly, for the c¢ phase strengthened
Nimonic 263 alloy, the hindering effects of the c¢
precipitates are responsible for the decreasing of the
mobile dislocation density. Herein, aging for 50 hours
(the mean size of the c¢ precipitates is about 45 nm) is
considered as a critical state. Aging less than 50 hours,
with the volume fraction and size of the c¢ precipitates
increasing, the deformation mechanisms gradually
change from APB-coupled a/2h101i dislocations shear-
ing to Shockley partial dislocation continuously shear-
ing, and the hindering effects of the c¢ precipitates are
gradually strengthened. Therefore, the density of the
mobile dislocations which can overcome the solute atom
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pinning effects decreases with increasing the aging time.
Although the volume fraction of the c¢ precipitates
remains the same after aging for more than 50 hours, the
number density and the size of the c¢ precipitates
decreases and increases (Figure 2), respectively. Conse-
quently, the density of mobile dislocations which can
overcome the solute atom pinning slightly increases
again. Notably, it is difficult to quantitatively express
the change of the mobile dislocation density using a
mathematical model because of the difference in defor-
mation mechanisms. However, the correlations between
the microdeformation mechanisms and macro-PLC
effect are well explained by the Kubin–Estrin model.[28]

Herein, the Kubin–Estrin model is also used to explain
the dependence of the critical strain on the aging time. It
is considered that the negative strain rate sensitivity
(nSRS) is the requirement for the PLC effect occur-
ring.[28–30] The total strain rate sensitivity, S, is given by
[28]

S ¼ S0 þ Saging ¼ S0 �
2

3
r0 tw=s0ð Þ2=3exp½� tw=s0ð Þ2=3 �:

½1�

Here, S0 generally is a variable quantity and propor-
tional to stress and strain, however, for the sake of
simplicity, S0 will be considered constant. Saging is the
contribution of DSA to the total S. r0 is the maximum
increase in stress which is produced by the aging
mechanism and s0 is the relaxation time associated with
diffusion which depends on the binding energy between
a solute atom and a dislocation, on the diffusion
coefficient of solute atoms and on solute concentration.

The critical condition for the PLC effect occurring is S
< 0, and we can obtain

X expð�XÞ>a ½2�

where a ¼ 3
2 ðS0=r0Þ and X ¼ ðtw=s0Þ2=3 ¼ ðX=ZÞ2=3,

with Z ¼ _es0 and thus, X ¼ _etw. Here, X is the elemen-
tary incremental strain and _e is the strain rate.
Depending on the value of a, Eq. [2] defines two solu-
tions, X1 and X2 (X2 > X > X1). Therefore, the
requirement for nSRS is given as[28]

s0X
3=2
1 <tw<s0X

3=2
2 ; ½3�

where the waiting time is given by

tw ¼ q�1=2
f qmb

_e
½4�

Here, b is the Burgers vector, and qm and qf are the
densities of mobile and forest dislocations, respectively.
Consequently, a variation of the elementary incremen-
tal strain (X) with the strain at different aging times is
expressed as follows:

X ¼ _etw ¼ bqmq
�1=2
f : ½5�

According to Eq. [5], Eq. [3] is transformed to

s0 _eX
3=2
1 <X<s0 _eX

3=2
2 ½6�

As a consequence, two critical values, X1 ¼ s0 _eX
3=2
1

and a, for the PLC effect that occurs are obtained. In
other words, only when X lies in the interval of [X1, X2],
the PLC effect occurs, as shown in Figure 9.
With increasing the aging time, the density of mobile

dislocations decreases, and the curve of the elementary
incremental strain (X) versus the strain (e) moves towards
to the bottom right. Therefore, the requirement X = X1

should to be satisfied if the PLC effect occurs. Clearly, the
critical strain increases (e4> e3> e2> e1) with increasing
the aging time (within 50 hours).Here, the strains e1, e2, e3,
and e4 shown in Figure 9 are corresponding to the critical
strain after aging for 2, 10, 25, and 50 hours, respectively
(these critical strains consistent with that in Figure 4).
When the aging time is over 50 hours, the main deforma-
tion mechanisms gradually change from dislocation
shearing to dislocation by-passing the c¢ precipitates.
The density of the mobile dislocations is related to the
interprecipitate distance. When the interprecipitate dis-
tance increases with increasing the aging time, the mobile
dislocations can by-pass the c¢ precipitates more easily
and its density increases again. Thus, the curves of X
versus emove towards to the top left, and thus the critical
plastic strain for the onset of the PLC effect gradually
decreases again (e5< e2< e3< e4).
Clearly, the relationships between the critical plastic

strain and deformation mechanisms are well established
by Eq. [1]. In fact, the viewpoint of effects of precipitates
on the density of mobile dislocations leading to inverse
PLC effect has been proposed in the previous work.[31]

However, no good evidence has been provided in the
past decades. Herein, although the deformation mech-
anisms of inverse PLC effect at high temperatures or low
strain rates are not examined, the critical plastic strain
as a function of the aging time can indirectly prove that
the inverse PLC effect relates to the decreasing of the
mobile dislocation density.
The results of present investigation show that dislo-

cation shearing and by-passing deformation mecha-
nisms are important but not the essential reasons of the
PLC effect. The interactions among solutes atoms,
mobile dislocations, and forest dislocations are the

Fig. 9—Schematic illustration of the strain dependence of the critical
strains with increasing the aging time for Nimonic 263 alloy. Strains
e1, e2, e3, e4, and e5 are corresponding to the critical strain after
aging for 2, 10, 25, 50, and 500 h, respectively (these critical strains
consistent with that in Fig 4).
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essential reasons for the onset of PLC effect. However,
the precipitation process of the c¢ phase can directly
influence the PLC effect by changing the abovemen-
tioned interactions.

V. CONCLUSIONS

In this work, the dependence of PLC effect on the c¢
precipitates of the Nimonic 263 alloy with different aging
times has been studied by analyzing the parameters of the
tensile curves and the deformation mechanisms. The
following conclusions can be drawn from this work:

(1) The c¢ precipitates with different sizes,
edge-to-edge interprecipitate distance, and areal
number density are obtained by altering the aging
time. The c¢ precipitates cannot be observed when
the Nimonic 263 alloy is aged less than 2 hours.

(2) When the mean size of the c¢ precipitates is less
than 28 nm (aging less than 25 hours), the
deformation mechanisms are dominated by
APB-coupled a/2h101i dislocations shearing the
small c¢ precipitates and the SBs continuously
cutting the c and c¢ phases. When the c¢ size is
between 28 and 45 nm (aging time between 25 and
50 hours), the deformation mechanism is con-
trolled by the APB-coupled pairs of a/2h101i type
dislocations shearing c¢ precipitates, the a/6h112i
Shockley partial dislocation continuously shear-
ing the c and c¢ phases combined with matrix
dislocations by-passing the c¢ precipitates. When
the c¢ size is over 45 nm (aging time more than 50
hours), Orowan by-passing becomes the main
deformation mechanism.

(3) The critical plastic strain for the onset of the PLC
effect shows an increasing tendency with increas-
ing the aging time, and then gradually decreases
after reaching the maximum. The dependence of
the mean stress drop and waiting time on the
aging time shows an extremely similar tendency
with that of the critical plastic strain.

(4) The dependence of the critical plastic strain on the
deformation mechanisms is well explained by the
elementary incremental strain (X). The disloca-
tion shearing and by-passing deformation mech-
anisms are important but not the essential reasons
of the PLC effect. The precipitation process of the
c¢ phase can directly influence the PLC effect by
changing the interactions among solutes atoms,
mobile dislocations, and forest dislocations.
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