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Electromagnetic and electrostatic levitation are applied to containerless undercool and solidify
metallic melts. A large undercooling range becomes accessible with the extra benefit that the freely
suspended drop is accessible directly for in situ observation. The short-range order in undercooled
melts is investigated by combining levitation with elastic neutron scattering and X-ray scattering
using synchrotron radiation. Muon Spin Rotation (lSR) experiments show magnetic ordering in
deeply undercooled Co80Pd20 alloys. The onset of magnetic ordering stimulates nucleation. Re-
sults on nucleation undercooling of zirconium are presented showing the limit of maximum
undercoolability set by the onset of homogeneous nucleation. Metastable phase diagrams are
determined by applying energy-dispersive X-ray diffraction of Ni-V alloys with varying concen-
tration. Nucleation is followed by crystal growth. Rapid dendrite growth velocity is measured on
levitation-processed samples as a function of undercooling DT by using high-speed video camera
technique. Solute trapping in dilute solid solutions and disorder trapping in intermetallic com-
pounds are experimentally verified.Measurements of glass-formingCu-Zr alloy show amaximum
in theV(DT) relation that is indicative for diffusion-controlled growth. The influence of convection
ondendrite growthofAl50Ni50 is shownby comparativemeasurements of dendrite growthvelocity
on Earth and in reduced gravity. Eventually, faceting of a rough interface by convection is pre-
sented as observed on Ni2B alloys.
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I. INTRODUCTION

METALLIC materials are prepared from the liquid
state as their parent phase. To date, efforts are directed
toward virtual material design with computer-assisted
modeling. Computational materials science from the
liquid state requires detailed knowledge of the physical
mechanisms involved in the solidification process. In
particular, these are crystal nucleation and crystal
growth. Both of these processes are driven by an
undercooling of the liquid below its equilibrium melting
temperature to develop conditions where a driving force
for the formation of supercritical nuclei and the advance-
ment of a solidification front is created. This gives access
to non-equilibrium solidification pathways, which can
form metastable solids, which may differ in their physical
and chemical properties from their stable counterparts.

Detailed modeling of solidification, far away from
thermodynamic equilibrium, requires that the solidifica-
tion process has to be investigated in every detail.
In order to achieve the state of an undercooledmelt, it is

advantageous to remove heterogeneous nucleation sites
which otherwise limit the undercoolability. To achieve the
state of a deeply undercooled melt, heterogeneous nucle-
ation has to be reduced as far as possible. There are
different experimental techniques to realize such condi-
tions. Turnbull used the method of volume separation of
heterogeneous sites by sample subdivision into many
small particles in order to isolate the heterogeneousmotes
in a few particles.[1] Later on, this technique has been
refinedbyPerepezkoby subdividing themacroscopicmelt
in an inert carrier fluid that may act as an agent removing
heterogeneous motes on the surface of the small droplets
as well.[2] Even undercooling of macroscopic melts in a
fluxing agent can be used to achieve very large under-
coolings up to the glass transition temperature as demon-
strated by Kui, Greer, and Turnbull. They were able to
produce the first bulkmetallic glass of a Pd40Ni40P20 alloy
by embedding the metallic melt in slice of cm into a B2O3

fluxing agent.[3] In fact these measurements were later on
confirmed and this technique was used to study the
transformation kinetics of this alloy as a function of
undercooling and cooling rate.[4]

Containerless processing is an efficient experimental
tool that provides freely suspended droplets in size of
several millimeters.[5] In such, the most dominant
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heterogeneous nucleation process, involving interaction
with container walls, is completely avoided. Electro-
magnetic[6] and electrostatic levitation techniques[7,8]

have been developed for containerless undercooling
and solidification of molten metals and alloys. A freely
suspended drop gives the extra benefit to directly
observe the solidification process by combining the
levitation technique with proper diagnostic means.[9,10]

Short-range ordering in undercooled metallic melts as
precursor of crystal nucleation has been investigated by
using neutron diffraction[11] and synchrotron radia-
tion[12] on containerless undercooled melts.[13] In partic-
ular containerless processing under ultra-high vacuum
condition is favorable to achieve large undercoolings
from which the interfacial energy between crystal
nucleus and undercooled melt may be inferred. Rapid
growth of dendrites is observed on levitation under-
cooled melts by using video camera techniques charac-
terized by high spatial and temporal resolution.[14]

During crystallization of a melt the heat of crystalliza-
tion is released that leads to a temperature rise during
the initial solidification. In case of containerless pro-
cessing, heat is transferred by heat radiation and
additionally by heat conduction in an environmental
gas if the sample is processed in an inert noble gas
atmosphere [e.g., in electromagnetic levitation (EML)].
If the sample is undercooled prior to solidification, the
initial crystallization process is very rapid. As a conse-
quence, the undercooled melt serves as a heat sink. This
leads to a temperature rise during the initial crystalliza-
tion of the sample known as recalescence.

By analyzing measured temperature–time profiles and
measurements of the dendrite growth velocity as a
function of undercooling, non-equilibrium effects like
solute trapping and disorder trapping are investigated on
solid solutions and intermetallic compounds, respectively.
Dendrite growth is controlled by heat and mass redistri-
bution. Thus, any transport process stimulated externally
by natural convection and/or forced convection due to
stirring effects of alternating electromagnetic fields in
EML experiments may cause serious influence on the
solidification process. To understand this effect and to
develop a quantitative description of crystallization in the
presence of forced convection comparative experiments
on Earth and in reduced gravity are of great help. Under
the special conditions of reduced gravity, for instance in
Space, the forces needed to compensate disturbing
accelerations are about three orders of magnitude smaller
than the forces needed to compensate the gravitational
force for levitation experiments on Earth. In a cooper-
ative effort by the European Space Agency (ESA) and the
German Space Center—Space Management (DLR), a
facility for EML was constructed and was accommodated
on board the International Space Station (ISS) in July
2014. International research teams prepared experiments
using the EML multiuser facility for investigations on
undercooled metallic melts in Space.[15]

The present article aims to give an overview of the
present state of investigations in containerless under-
cooled melts and its solidification initiated by the
nucleation process and completed by subsequent crystal
growth. In case of undercooled melts of pure metals,

alloys of solid solutions, and intermetallic compounds,
crystal growth is occurring as dendritic crystallization.

II. EXPERIMENTAL DETAILS

Samples were prepared from alloy constituents, all of
purity of 4N5. The constituents of the alloys are
pre-melted in an arc furnace under high purity argon
gas (6N). The samples were placed in the ultra-high
vacuum chambers of electromagnetic and/or electro-
static levitators. The temperature is measured by
pyrometers with an absolute accuracy of ±5 K. Samples
in diameter of 7 mm are processed by EML. The
application of EML is limited since levitation force and
inductive heating is coupled. In order to cool the liquid
sample, forced convection by helium gas is used. In the
electrostatic levitator, samples of diameter 2 mm are
processed under ultra-high vacuum conditions
(�10�8 mbar). Levitation and heating is decoupled in
contrast to the electromagnetic levitator. A high-speed
video camera (Photron VKT) was applied (frame rate
up to 50,000 pictures per second) to measure the rapid
dendrite growth velocity as a function of undercooling.
The measurements of dendrite growth in undercooled
melts of Al50Ni50 and Ni2B alloys in reduced gravity
were conducted using the TEMPUS facility[16] during
parabolic flight campaigns. Neutron scattering experi-
ments were performed at the Institut Laue Langevin,
Grenoble (France), X-ray diffraction experiments at the
Advanced Photon Source, Chicago (USA), energy-dis-
persive X-ray diffraction at the European Synchrotron
Radiation Facility Grenoble (France) and at DESY
Hamburg, and Muon Spin Rotation experiments at the
Paul Scherrer Institute Villigen (Switzerland).

III. RESULTS AND DISCUSSIONS

A. Structural Short-Range Order

The structure factor of undercooled melts of pure
metals as Ni, Fe, Zr,[11] and Co[17] was measured in the
stable regime and below TL at undercoolings up to
140 K (140 �C) for Fe and even to 290 K (17 �C) for Ni
and Zr. This corresponds to high relative undercoolings
(DT/TL = (TL � T)/TL) especially in the case of Ni
(17 pct). Such a large temperature range should allow
one to evidence significantly the structural changes
occurring in the liquid S(q). For example, Figure 1
shows the measured structure factor at a temperature of
T = 1453 K (1180 �C) (solid circles) that is 276 K
(276 �C) below the melting temperature. A shoulder
on the right-hand side of the second oscillation is
observed. This shoulder is characteristic of a particular
short-range order (SRO). Such a feature has been
identified as a signature of icosahedral short-range
order (ISRO) from the theoretical work of Sachdev
and Nelson[18] and was recently evidenced in quasicrys-
tal-forming alloy melts.[19] This feature becomes more
pronounced as T is lowered and undercooling is
increased. Interatomic distances and coordination
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numbers are quantitative parameters of SRO obtained
from the corresponding pair correlation functions g(R).
The nearest neighbor distance, R1, remains essentially
unchanged, while the second neighbor distance, R2,
slightly decreases with decreasing T. The nearest neigh-
bor coordination number, Z � 12 is obtained by the
area under the first maximum of 4pqR2g (q denotes the
mass density). It was determined by integration over the
whole area between first and second minima limiting this
first oscillation. The Z values (Z � 12) obtained are
characteristic of several types of densely packed SRO,
e.g., icosahedral, fcc, and hcp.

For analysis of the measured structure factor an
approach was used to simulate the structure factor S(Q)
for large Q values. It is based on the assumption that
aggregates of specific structure are present which do not
interact with each other. It implies that there are only
three free fit parameters to discriminate between the
different geometries of aggregates: bcc, fcc, hcp, icosa-
hedral, and dodecahedral. The simulation method is
outlined in detail in Reference 19. The parameters of the
simulation are the shortest mean distance, hroi, of atoms
contained in a cluster, its mean thermal variation, dr,
that determines the Debye–Waller factor, exp(�hdri2i),
and the concentration, X, of cluster atoms in the liquid.
The mean thermal variations of the other intra-cluster
distances, hrii, are estimated by hdri2i = hdro2ri2/ro2i. The
parameters are adjusted such that a good fit of the
experimentally determined S(Q) is obtained especially at
high Q values. The large Q part of S(Q) is determined by
the SRO only as far as the contribution of larger
distances is damped by thermal motions.

The results of simulations for liquid Ni in the
undercooled regime at T = 1435 K (1162 �C) for dif-
ferently structured aggregates are presented in Figure 1.
For a SRO of bcc- and hcp-like structure, it is not
possible to achieve a reasonable fit of the measured
S(Q). The best fit is obtained for icosahedral-like SRO.
In particular, the assumption of ISRO can better
reproduce the large oscillation at about 55 Å and the

presence of the characteristic shoulder as an asymmetry
on the right-hand side of this oscillation.
We have been dealing up to here with isolated 13

atom aggregates, but we may wonder about the nature
of SRO at larger distances. A simulation based on a
larger cluster, the dodecahedron, was performed. The
dodecahedron is an aggregate of higher order consisting
of 33 atoms, which can be constructed from the icosa-
hedron by placing atoms densely on all its 20 triangular
faces. When comparing the results obtained for the two
clusters with icosahedral symmetry, it is obvious that the
assumption of dodecahedral aggregates leads to a better
description of the measured S(q). This may indicate that
a SRO order consisting of larger polytetrahedral aggre-
gates (such as dodecahedra) dominates in the under-
cooled liquid.
The fivefold symmetry of the ISRO is not compatible

with the translational symmetry of crystals as they
solidify from pure metals. The dissimilarity between
SRO in the liquid and the solid may lead to a large
interfacial energy, and thus to a large activation energy
to form supercritical nuclei. In his early work, Frank has
used this argument to explain the large undercool-
ings,[20] which have been experimentally observed by
application of the volume separation of heterogeneous
nucleation sites[21] and later on by levitation tech-
niques.[6] On the other hand, if SRO order is similar in
liquid and solid, the activation energy for nucleation
should be small, and as a consequence undercoolings
will be limited and smaller than for pure metals.
Quasicrystal-forming alloys represent a class of solids,

which lack long-range translational symmetry of a
crystal but show long-range orientational order. The
maximum undercoolability of quasicrystal-forming al-
loys of different degrees of fivefold symmetry has been
investigated by levitation experiments. It was found that
the higher the degree of fivefold symmetry, the smaller
was the undercoolability of the respective alloys.[22]

From this, it is concluded that such alloys will show
fivefold SRO in the state of an undercooled melt.
Figure 2 shows, as an example, the partial Bhatia–

Thornton structure factor SNN of the quasicrystal-form-
ing Al13(Co,Fe)4 alloy in the undercooled liquid state
measured by elastic neutron scattering. The analysis of
the experimental data leads to the conclusion, that, in
fact, this alloy shows a topological SRO of fivefold
symmetry quite similar to the pure metals.[23] Conse-
quently, the maximum relative undercoolings DTR =
TL � TN/TL (TL liquidus and TN nucleation tempera-
ture) of these alloys are by a factor of two smaller than
the relative undercoolings of metals.
The situation again changes if glass-forming alloys are

studied. Glass formation requires the avoidance of
crystal nucleation. It was argued in the literature that
the preference of ISRO in the undercooled liquid may
favour the glass-forming ability of such alloys.[24] In fact
a series of Zr-based amorphous metals show the primary
formation of a fivefold symmetric icosahedral i-phase
upon crystallization.[25–27] However, concerning icosa-
hedral short-range order in the liquid state of Zr-based
glass-forming alloys, there is some controversy in
the literature. X-ray scattering experiments using

Fig. 1—Structure factor S(q) measured by elastic neutron scattering
on levitation undercooled Ni sample at a temperature T = 1435 K
(1162 �C), that corresponds to an undercooling of 286 K (286 �C).
Circles represent experimental data, lines give the results of simula-
tions assuming bcc, fcc, icosahedral, and dodecahedral short-range
order, respectively (Color figure online).
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high-energy synchrotron radiation on Zr80Pt20 alloys
undercooled by electrostatic levitation reveal a struc-
tural factor S(q) that shows a pre-peak and a second
peak with a shoulder.[28]

Figure 3 shows the partial structure factor SNN of a
PdZr2 sample undercooled by 250 K (250 �C). At such a
deep undercooling the asymmetry of the second peak is
most pronounced. To further analyze the results of the
scattering experiments the structure factor SNN was com-
puted assuming fcc/hcp (green line), bcc (red line), and
icosahedral structure (blue line). As is obvious from
Figure 3 no single structure is able to reproduce the
experimentally determined structure factor (black solid
line). Therefore, one concludes that the liquid consists of a
variety of local structural aggregates. This leads to a
frustration effect such that the undercooled melt has no
definite pathway in a certain crystalline structure and
eventually freezes into the amorphous state. This is quite
analogous to spin glasses where ferromagnetic and antifer-
romagnetic interaction competes with each other and the
spin system freezes into a magnetically disordered state.[29]

B. Crystal Nucleation

It is well known that metallic melts can be under-
cooled considerably below their respective melting
temperatures. By applying containerless processing
technologies, heterogeneous nucleation on container
walls is completely avoided. If the melt is processed
under ultra-high vacuum conditions, contamination of
the freely suspended drops can be excluded. The
question arises whether under such conditions the
maximum degree of undercoolability is achieved as
given by the onset of homogeneous nucleation. In
contrast to extrinsic heterogeneous nucleation, homo-
geneous nucleation is an intrinsic process that exclu-
sively depends on physical properties of the material
investigated.[5] To further elaborate this issue, we have
investigated the nucleation undercooling statistics of
pure Zr processed both by electromagnetic (EML) and
electrostatic (ESL) levitation.[30]

Figure 4 shows the distribution functions of under-
coolings measured in the electromagnetic levitator (left)
and the electrostatic levitator (right). To analyze the
experimental results, we refer to a statistical model
developed by Skripov.[31] According to nucleation the-
ory,[7] the activation energy DG* for the formation of a
nucleus of critical size is given as follows:

DG� ¼ 16

3
p

r3

DG2
V

fð#Þ; ½1�

where r the solid–liquid interfacial energy,
DGV = GL � GS the difference of Gibbs free energy
per unit volume of liquid GL and solid GS, and f(0)
the catalytic potency factor for heterogeneous nucle-
ation with 0 the wetting angle of the nucleus formed
onto a substrate. For pure metals, the driving force for
nucleation DGV can be approximated by
DGV = DSf 9 DT 9 Vm

�1 with DSf = DHf 9 TmDSf,
and DHf the enthalpy of fusion and Vm the molar vol-
ume.[32] The solid–liquid interfacial energy is given by
the negentropic model:[33]

r ¼ a � DSf � T
NAV2

m

� �1=3 ; ½2�

where NA Avogadro’s number and a = 0.70 for
bcc-structured solid b-Zr that primarily nucleates in
the undercooled melt. The steady state nucleation rate,
ISS, is computed as follows:[34]

ISS ¼ KVexp �DG�

kBT

� �
¼ KVexp �CT2

DT2

� �
½3�

with

KV ¼ kBTNo

3a3ogðTÞ
;C ¼ 16pDSfa3fð#Þ

3kBNA
; ½4�

where g(T) the temperature dependent viscosity, ao a
typical interatomic spacing, kB Boltzmann’s constant,
and No the number of potential nucleation sites. For

Fig. 2—Structure factor S(q) measured on quasicrystal-forming alloy
Al13(Fe,Co)4 in liquid state. The symbols represent the experimental
data, whereas the lines give the results of simulations assuming bcc, fcc,
icosahedral, and dodecahedral SRO, respectively (Color figure online).

Fig. 3—Structure factor S(q) of liquid Zr2Pd measured at an under-
cooling of 250 K (black dots), compared with computed structure
factors assuming icosahedral aggregates (blue line), fcc/hcp aggre-
gates (green line), and bcc aggregates (red line) (Color figure online).
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homogeneous nucleation, KV in Eq. [4] is in the order of
magnitude of KV � 1039=m3s because each atom in the
melt can act as a potential nucleation site, No = NA/Vm

and the impingement frequency of atoms to the nucleus
is assumed to be in the order of the Debye frequency
�1013/second. In case of heterogeneous nucleation, only
atoms at the catalyzing substrate can act as nucleation
site. Therefore, No and hence KV is drastically reduced
as compared with homogeneous nucleation.

Nucleation is a stochastic process of rare and inde-
pendent events. Therefore, the Poisson distribution is
applied to determine KV and C of Eq. [3] from the
distribution function of the measured undercoolings.
Under non-isothermal conditions (cooling rate T _6¼0),
the probability x for one nucleation event in a sample of
volume V (Nn = NoV) within the temperature interval
T and T and Tþ dT is given as follows:

x 1;Tþ dTð Þ ¼ dT
VISSðTÞ

_T
�� �� exp �

Z T

Tm

VISSðTÞ
_T

dT

� �
: ½5�

From Eqs. [3–5], the cumulative distribution function
F(T) is determined:[35]

F Tð Þ ¼ 1� exp �V

_T

Z T

Tm

KVexp
CT2

DT2

� �
dT

� �
: ½6�

In the present investigations, the temperatures are
close to Tm. These temperatures are far away from the
glass transition temperature Tg � 0.3 Tm of pure metals.
Therefore, the temperature dependence of the exponen-
tial function containing the activation energy DG*(T) is
much more dominant compared to that of the prefactor
of the nucleation rate that is depending on viscosity
g(T). The temperature dependence of g(T) is weak close
to Tm but steeply rises if T is approaching Tg. If the
temperature dependence of the prefactor is neglected,
Eqs. [5] and [6] are simplified as follows:

F Tð Þ ¼ 1� exp � VKV

_Td � DG�

kBT

	 

=dT

exp
CT2

DT2

� �
dT

2

4

3

5: ½7�

According to Eq. [7], a plot of ln(�ln(1 � F(T))) vs
T2/DT2 gives a linear relation from which the slope C,
and the intercept b are inferred:

b ¼ ln
VKV

_Td � DG2

kBT

	 

=dT

2

4

3

5 ½8�

with

d � DG�

kBT

	 


dT
¼ 2C

TDTþ T2

DT3
: ½9�

KV and a 9 f(0)1/3 are deduced from C and b. The
average relative undercoolings, DT=Tm, the half width
of the distribution functions x, and the parameters C
and b are inferred from the nucleation undercooling
analysis.
The functions x 1;Tþ dTð Þ are plotted in Figure 4

(solid lines) together with the experimentally determined
distribution functions of measured undercoolings (bars).
For a direct comparison of both distribution functions
measured by EML and ESL, the data have to be
normalized with respect to sample size and cooling
rate.[30] The activation energy DG� ESLð Þ ¼ 75kBT and
the prefactor KV(ESL) = 8 9 1042 m�3s�1 as inferred
from the ESL experiments are much larger than the
corresponding values obtained from EML experiments,
DG� EMLð Þ ¼ 42kBT and the prefactor
KV(EML) = 8 9 1025 m�3s�1 as inferred from the
EML experiments, respectively. In particular, the pref-
actor KV (ESL) � 1042 m�3 s�1 is very large in magni-
tude comparable to a prediction of homogeneous
nucleation theory.[36] If we assume that the maximum
undercooling achieved by ESL experiments is approach-
ing the limit of maximum undercooling as set by
homogeneous nucleation, a lower limit of the dimen-
sionless interfacial energy a is estimated from the

measurements for bcc-structured Zr as a
ffiffiffiffiffiffiffiffiffi
f #ð Þ3

p
¼ 0:61.

This value is larger than predictions by density func-
tional theory, a = 0.32,[37] and MD simulations,
a = 0.48.[38] Apparently these models lead to an under-
estimation of the interfacial energy. The only model in
agreement with the present investigations is the negen-
tropic model, developed by Spaepen that predicts a
value a = 0.70 for bcc-structured nuclei.[33] Later on,
Spaepen developed an extended model for the interfa-
cial energy that does take into account also the
enthalpic term besides the entropic contribution.[39]

Investigations of bcc vs fcc nucleation in Fe-Ni alloys[40]

and Fe-Ni-Cr steel alloys[41] and in particular under-
cooling nucleation investigations on stable and meta-
stable quasicrystalline phases[42] leads to the conclusion
that the enthalpic contribution to the interfacial energy
is small compared to the entropic term.

Fig. 4—Probability distributions functions of undercoolings mea-
sured in 100 experiment cycles on pure Zr in the electromagnetic
(left) and the electrostatic levitator (right). The solid lines give the
probability distributions function as computed according to a statis-
tical analysis of nucleation undercooling.
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Similar investigations of nucleation undercooling
were performed for Co-Pd alloys. At large Co concen-
trations the deeply undercooled melt shows magnetic
ordering in the liquid state. This is indicated by
attractive interaction between deeply undercooled
Co80Pd20 alloy and an external strong CoSm magnet,[43]

measurements of the magnetic susceptibility[44] and
muon spin relaxation measurements[45] on the same
alloy. More recent investigations on pure liquid Co
processed by the melt fluxing technique in a strong
external magnetic field undercooled to 339 K (339 �C)
that is only 35 K (35 �C) above the Curie temperature of
solid Co. These measurements show the surprising result
that the magnetization of the liquid is larger than the
magnetization of the solid at the same temperature.[46]

Since the mass density of solid Co is larger than the mass
density of liquid Co, one would expect a smaller
magnetization of the melt since the interatomic distance
is larger and thus, the magnetic interaction should be
smaller. However, the situation may be different if the
short-range order of undercooled Co melt is considered.
Similar as for pure Ni (cf. Figure 1), also undercooled
Co melt shows a pronounced icosahedral short-range
order.[47] This means that locally there are atomic
arrangements of icosahedral-like aggregates of higher
density since an icosahedron is the densest packing of
sphere-like elements. Hence, the deeply undercooled Co
melt can be considered as a liquid containing icosahe-
dral clusters of high local magnetization randomly
distributed in the liquid environment. That is through-
out comparable to the ferrofluid systems which consist
of ferromagnetic particles dispersed in a non-magnetic
carrier fluid.[48] As a consequence, so-called Rosensweig
instabilities are observed for the deeply undercooled Co
melt in an external magnetic field,[46] which are other-
wise only known for the ferrofluids.[49] These instabil-
ities are the result of the balance between free surface
tension and the local magnetization and form spikes of
the liquid.

Figure 5 shows the phase diagram of the completely
miscible Co-Pd alloy with the respective Curie temper-
atures (upper part) and the prefactors KV as determined
by investigations of the nucleation undercooling statis-
tics (lower part) as a function of the concentration.[50]

The maximum nucleation undercoolings (full circles) are
also plotted in the diagram. It can be easily recognized
that the measured maximum nucleation undercooling
meets the Curie temperature at a concentration of
75 at pct cobalt. At higher Co concentrations, the
nucleation undercooling temperature follows the curve
of the Curie temperature. From these results, it is
concluded that the onset of magnetic ordering may
stimulate crystal nucleation.[51] An explanation for this
behavior comes from an estimation of the magnetic
contribution to the Gibb’s fee energy of Co-Pd alloys.[52]

C. Dendrite Growth

1. Sharp interface theory
Crystal growth in undercooled melts leads to heating

up the solid–liquid interface due to the release of the
heat of crystallization. As a consequence, a negative

temperature gradient will be established in front of the
interface since the undercooled melt acts as a heat sink.
This will destabilize the initially planar interface. In
alloys, a concentration gradient will be built up in
addition. Due to limited solubility of the solute in the
solid phase, compared to the liquid phase, solute will
pile up in front of the interface. The resulting concen-
tration gradient will reinforce, in addition to the
negative temperature gradient, the instability of the
solidification front. Eventually, the morphological
destabilization of an initially planar interface will lead
to dendrite growth. Dendrites consist of the main stem
and side branches, which grow into the melt.
An extended model of sharp interface theory is

applied to describe the growth dynamics of dendrites
as a function of undercooling.[53,54] Accordingly, the
total undercooling measured in the experiment is
expressed as the sum of various contributions:

DT ¼ DTt þ DTr þ DTn þ DTk þ DTc ½10�

with DTt the thermal undercooling, DTr the curvature
undercooling, DTn the undercooling due to the shift of
the equilibrium slope of the liquidus mE to its
non-equilibrium value mV, DTk the kinetic undercooling,

Fig. 5—(a) Co-rich side of the Co-Pd phase diagram. The liquidus
(TL) and solidus (TS) temperatures as well as the Curie temperatures
Tc
S of solid samples are taken from ref.[50] The closed and open dots

show undercoolings obtained by levitation and fluxing experiments.
The diamonds represents undercooling of very small particles (50 lg)
of Co75Pd25 in a duran flux.[8] The solid line labeled f(0) correspond
to the prediction of nucleation theory assuming a catalytic potency
factor of f(0) = 0.34. In the regime X> 75 at pctCo, the nucleation
temperature TN coincides with the Curie temperature TC. (b) The
prefactor KV of the nucleation rate as determined by investigations
of the nucleation undercooling statistics, it increases by several
orders of magnitude if TN = TC

[50] (Color figure online).
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and DTc the constitutional undercooling, respectively.
The thermal undercooling DTt = Ti � T¥ with Ti the
temperature at the tip of the dendrite and T¥ the tem-
perature of the undercooled melt far from the interface
is expressed as follows:

DTt ¼ DThypIv Petð Þ ¼ DHf

Cl
p

Iv Petð Þ; ½11�

where DThyp is the hypercooling, DHf the heat of fu-
sion, Cp

l the specific heat of the liquid, Iv(Pet) = Pet
exp(Pet) E1 is the Ivantsov function for heat diffusion
with Pet = (VR)/2a the thermal Peclet number, V the
velocity of the tip of the dendrite, R the radius of cur-
vature at the tip of the dendrite, and a the thermal dif-
fusivity. E1 denotes the first exponential integral
function. Due to the strong curvature of the dendrite
tip, a reduction of the melting temperature, due to the
Gibbs–Thomson effect, has to be taken into account
by the curvature undercooling DTr = TL � Ti with TL

the liquidus temperature and Ti the temperature at the
tip:

DTr ¼ 2C 1� 15eScos4hð Þ=R; ½12�

where C = r/DSf (r is interface energy, DSf the entro-
py of fusion) is the capillary constant (Gibbs–Thom-
son parameter), es is the parameter of anisotropy of
the interface energy, and h is the angle between the
normal to the interface and the direction of growth
along the growth-axis. DTn takes into account the
change of liquidus line, due to deviations from equilib-
rium at large dendrite growth velocities, and is ex-
pressed as follows:

DTn ¼ mE �mVð Þco; ½13�

mE is the slope of liquidus line of the equilibrium phase
diagram and mV is the slope of the liquidus line in the
kinetic phase diagram at nominal composition co.

The kinetic undercooling DTk is given as follows:

DTk ¼
V

l
; l ¼ lo 1� eKcos4hð Þ; ½14�

where l is the kinetic growth coefficient for growth of
the dendrite tip, and eK is the parameter of anisotropy
for the growth kinetics[55] and is determined by atomic
simulations.[56] The kinetic undercooling is controlled
by the atomic attachment kinetics at the solid–liquid
interface that can differ essentially for specific atomic
bonding conditions and structural peculiarities. In
non-congruently melting alloys, chemical mass trans-
port by segregation has to be considered. The constitu-
tional undercooling in alloys with solidification
interval is given by the following equation:

DTc ¼ mVco k Vð Þ � 1ð ÞIvðPecÞ= 1� 1� kðVÞð ÞIvðPec½ �;
½15�

where Pec = (VR)/2D is the Péclet number of mass
diffusion with D the diffusion coefficient, Iv(Pec) = Pec
exp(Pec) E1 the Ivantsov function for mass diffusion,
and k(V) the velocity-dependent partition coefficient.
Under the conditions of rapid solidification, for the

range of growth velocity V<VD (where VD is the
maximum diffusive speed of atoms in the bulk liquid),
the liquidus slope is described as follows:[57]

mV ¼ mE

1�kE
1�kVþ ln

kV
kE

� �
þ 1�kVð Þ2 V

VD

� 

; V<VD

mV ¼mElnkE
kE�1

; V�VD;

½16�

where kE is the partition coefficient of the equilibrium
phase diagram. The solute partitioning as a function
of growth velocity is described by the non-equilibrium
partition coefficient kV, which becomes dependent on
the growth velocity V for the case of rapid solidifica-
tion[58]:

kV ¼
1�V2=V2

D

� �
kE þ ð1� kEÞCo½ � þV=VDi

1�V2=V2
D þV=VDi

; V<VD

kV ¼ 1; V� VD

½17�

with VDi the interface diffusion velocity obtained by
dividing the diffusion coefficient in the solid–liquid
interface by the thickness of the interface. The diffusion
coefficient in the interface is smaller compared with the
bulk diffusion coefficient.[59]

2. Stability analysis
Equation [12] describes the relation of undercooling in

terms of the Péclet numbers, i.e., as a function of the
product V 9 R. For unique determination of the growth
velocity V and tip radius R as a function of undercool-
ing, DT one needs a second equation for the tip radius R,
which comes from stability analysis:

R ¼ C
ro

DHf

Cl
p

Petnt PeTð Þ þ 2mVco kV � 1ð Þ
1� 1� kVð ÞIv Pecð ÞPecnc

" #�1

;

½18�

where nt and nc are the stability functions depending
on the thermal and the chemical Péclet number. They
are given as follows:

nT PeTð Þ ¼ 1

1þ a1e1=2PeTð Þ2
;

nC PeCð Þ ¼ 1

1þ a2e1=2PeCð Þ2
;

and are defined by the stiffness e = 15ec for a crystal
with cubic symmetry and with the anisotropy ec of the
interface energy. The parameters ro, a1, and a2 are
obtained by fitting to experimental data, or from an
asymptotic analysis as described in Reference 60.
Since we are dealing with solidification of electro-

magnetically levitated drops, forced convection, induced
by the strong alternating electromagnetic fields needed
to levitate the drop, has to be taken into account.
Accordingly, the thermal undercooling DTt = Ti � T¥
is expressed as follows:[61]
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DTt ¼ DThypPetexp Pet þ Peft
� �

�
Z 1

1

q�1exp �qPet þ ln q� qð ÞPeft
� �

;
½19�

where PeT
f = UoR/(2a) is the flow thermal Péclet num-

ber, with Uo the velocity of the uniformly forced flow
far from the dendrite tip. We estimate the fluid flow
velocity from the energy balance between the electro-
magnetic field, the gravitational field, and the viscous
dissipation:

Uo ¼
2

.
.gRoð Þ þ

B2
o 1� exp 2 Ro

d

� �� �

8p
þ .g2

2d2

" #

; ½20�

where g is the modulus of vector of the gravity
acceleration, q is the mass density, g is the dynamic
viscosity of the liquid phase, d is the skin depth, Ro is the
radius of the sample, and Bo is the time-averaged value
of the magnetic field inside the levitation coil. Using
typical parameters of a metallic system and regarding
the boundary conditions of EML experiments, typical
fluid flow velocities in liquid metallic drops are deter-
mined, ranging in the order of magnitude of several
tenths of centimeters per second. This is in agreement
with magnetohydrodynamic simulations and experimen-
tal observations.[62]

In case of forced convection inside the melt, the
stability parameter r* becomes dependent on the fluid
flow velocity Uo. It is given as follows:

r� ¼ roe
7=4
c � 1þ v Reð Þ UoC

aDThyp

� �
; ½21�

where ro is a constant; Re = UoR/m is the Reynolds
number. The function v(Re) can be found in Reference
63. For computation of the stability parameter, r* we
choose the results of phase-field modeling[64] with roe7/4
c/r* = 1.675 for the 3D upstream fluid flow imposed on
the scale of a freely growing dendrite. Thus, from the
two main Eqs. [6] and [14], the velocity V and the tip
radius R of the dendrite can be calculated as a function
of the initial undercooling DT.

Pure metals show in general very large dendrite
growth velocities which can range up to 100 m/s at
large undercoolings DT � 300 K (300 �C).[6] Dendrite
growth in pure metals is controlled, exclusively, by heat
transport and atomic attachment kinetics at the
solid–liquid interface. The curvature undercooling can
be neglected since a thermal dendrite has a large
curvature radius at its tip compared to alloys. This is
caused by the fact that the thermal diffusivity is by
orders of magnitude higher than the mass diffusion
coefficient in alloys. As a consequence, the total under-
cooling of a pure metal can be approximated by the sum
of thermal and kinetic undercooling, DT � DTt+DTk.
At small undercoolings, the thermal undercooling dom-
inates, while at large undercoolings, the kinetic under-
cooling of the interface becomes dominant. Concerning
the interface undercooling, different cases can be distin-
guished.

According to Coriell and Turnbull, atomic attach-
ment kinetics at the solid–liquid interface of pure metals

should be collision limited.[65] This means that the
atomic vibration frequency, which is in the order of the
Debye frequency (1013 Hz) in the liquid phase, shall give
the limiting factor of atomic attachment kinetics and,
therefore, the speed of sound will be the upper limit of
growth velocity. Assuming collision-limited growth, the
kinetic growth coefficient should be l = 2.77 m/s/K for
pure Ni. Otherwise, atomic simulations of atomic
attachment kinetics in pure metals suggest that ther-
mally driven Brownian motion sets the upper limit of
atomic attachment kinetics. In this case, the kinetic
growth coefficient should be smaller by a factor of 5 to 6,
thus, l = 0.5 m/s/K.[66]

In the case of diffusion-limited atomic attachment
kinetics, the kinetic growth coefficient should be even
orders of magnitude smaller compared with colli-
sion-limited growth since the relaxation frequency for
atomic diffusion is much less than the Debye frequency.
Diffusion-limited growth is observed in intermetallic
compounds with superlattice crystal structure. In this
case, atoms have to sort themselves out to find the
proper lattice place. For this process, at least short--
range diffusion is necessary. Diffusion-limited growth
has been reported first for FeSi and for CoSi equiatomic
intermetallic compounds.[67] Assuming diffusion-con-
trolled attachment kinetics in pure Ni, a kinetic growth
coefficient of l = 0.0069 m/s/K is estimated. For com-
parison, atomic simulation of kinetic growth coefficients
is given, for growth in 100 direction, l100 = 0.36 m/s/K
for pure Ni and l100 = 0.015 m/s/K for the equiatomic
intermetallic compound AlNi, respectively.[68] These
values are not directly comparable with the figures given
above, but reveal, qualitatively, the decrease of the
kinetic growth coefficient for collision-limited growth of
pure Ni and diffusion-controlled growth for the con-
gruently melting intermetallic compound AlNi.

3. Pure nickel: thermal and kinetic undercooling
Figure 6 exhibits measurements of dendrite growth

velocity, V, as a function of undercooling, DT, of pure
Ni. The open circles represent results of measurements
using the capacity proximity sensor (CPS),[69] the open
diamonds give results of measurements using a high--
speed camera (HSC).[14] Both sets of these experiments
are performed under terrestrial conditions. In addition,
the full squares exhibit results of measurements in
reduced gravity using the TEMPUS facility and the
HSC.[70] These results scatter much less compared with
the measurements under terrestrial conditions. Obvi-
ously, the measured values are significantly smaller in
comparison with the CPS data measured under terres-
trial conditions. This difference is attributed to the
strong convection in electromagnetically levitated melts,
which leads to an increase of the growth velocity. The
lines represent results of calculations of the dendrite
growth velocity within the sharp interface model. The
dashed line corresponds to collision-limited growth, the
dotted line to thermally controlled growth, the
dash-dotted line to diffusion-limited growth, and the
solid line is a fit through the high accuracy data obtained
in reduced gravity with negligible convection. The
kinetic growth coefficient is used as fit parameter and
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yields a value close to the computed value assuming
collision-limited growth. From these comparative inves-
tigations, it is concluded that the assumption of colli-
sion-limited growth leads to a good description of
dendrite growth in undercooled nickel.

For the analysis of the data, only measured growth
velocity data at undercoolings less than 200 K (200 �C)
have been taken into consideration. At this undercool-
ing, a break in the temperature dependence is occurring
whose origin is not yet clarified.

4. Dilute Ni-Zr alloy: solute trapping
In alloys, chemical segregation plays an important

role in microstructure evolution. This is because the
solubility of the solute in the solvent is less in the solid
state compared with the liquid state. As a consequence,
solute will pile up in front of the solid–liquid interface
during solidification under near equilibrium conditions.
Only part of the solute can be dissolved in the solid
phase with a concentration that is given by the equilib-
rium phase diagram. However, if the velocity of the
growing dendrite is increased and is approaching the
atomic diffusive speed, the solute will be trapped in the
solid phase with a concentration that is beyond chemical
equilibrium. If the growth velocity is exceeding the
atomic diffusive speed, the fast growing dendrite stem
will trap all solute and partitionless solidification occurs.

Solute trapping during rapid dendrite growth of
undercooled melts has been demonstrated in previous
investigations of both completely miscible solid solu-
tions, such as Cu-Ni,[71] and alloys with complex phase
diagrams in the region of dilute concentration, such as
Ni99B1 alloy.[72] This has been further supported by
equivalent investigations on the dilute Ni99Zr1 alloy in
which the dendrite growth velocity has been measured

as a function of undercooling using the CPS. The
diffusion coefficient, as one of the most important
parameter in modeling dendrite growth, was indepen-
dently determined by laser surface re-solidification
experiments in combination with Rutherford backscat-
tering experiments.[73]

Figure 7 shows the dendrite growth velocity as a
function of undercooling measured on Ni99Zr1, both by
the Photo Diode Sensor technique (open symbols) and a
HSC (closed symbols), respectively. The solid line
represents results of dendrite growth modeling within
the sharp interface theory.[74] The results found using
the Photo Diode Sensor technique and the HSC system
are matching. Due to methodical and technical improve-
ments, the HSC measurements have lower experimental
scatter.
The experimental data on solidification of the Ni99Zr1

alloy cover a wide range of undercoolings up to
DT = 271 K and of dendrite growth velocities up to
V = 37.5 m/s. They clearly exhibit an abrupt change in
the solidification mechanism at a fixed critical under-
cooling DT*, at which the dendrite tip velocity is equal
to the solute diffusion speed in bulk liquid, V = VD.
The sharp interface model of dendritic growth is used to
interpret the experimental results. The model attempts
to describe are as follows:

(i) diffusion-limited growth of dendrites (i.e., growth
of ‘‘solutal’’ dendrites at low undercoolings);

(ii) diffusion-limited and thermally controlled growth
of dendrites (i.e., growth of ‘‘solutal’’ and ‘‘ther-
mal’’ dendrites in the intermediate range of under-
coolings); and (iii) purely thermally controlled
dendritic solidification at higher undercoolings.
The description of dendritic growth over the whole
range of undercooling is made possible by intro-
ducing both deviations from local equilibrium at

Fig. 6—Dendrite growth velocity V as a function of undercooling
DT, measured for pure Ni,[69] using a Capacity Proximity Sensor,
CPS (open circles),[69] a HSC (HSC) in terrestrial experiments (open
diamonds)[14] and a HSC in reduced gravity experiments using the
TEMPUS facility during parabolic flight campaigns (full squares).[70]

The lines give the predictions of dendrite growth theory assuming
collision-limited growth (dashed), thermally limited growth (dotted),
and diffusion-limited growth (dash-dotted). The solid line gives a fit
through the results obtained from microgravity experiments in which
forced convection is neglected.

Fig. 7—Theoretical predictions (solid line) of the dendrite growth
velocity V vs the undercooling DT in comparison with (i) measure-
ments using the Photo Diode technique (open squares) and with (ii)
measurements using a High-Speed Camera system (solid circles) for
the dilute Ni99Zr1 alloy. At a critical point DT(V = VD) =
DT* = 198 K, a transition from solutal and thermal growth to
purely thermally controlled growth occurs and diffusion-less solidifi-
cation begins to proceed at DT(V ‡ VD) ‡ DT*.
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the interface, as well as in the solute diffusion
field. Both contributions play an important role in
high solidification velocities.

It can be seen fromFigure 7 that sharp interface theory
reasonably predicts three regimes for dendritic solidifica-
tion in agreement with the experimental data. The first
regime is described by the low-velocity branch predicted
for chemical diffusion-limited growth. The second regime
is transitive, and is characterized by growth of both
solutal and thermal dendrites. The third regime occurs at
higher undercoolings, consistent with DT(V) ‡ DT*(VD).
This regime begins with an abrupt change in the kinetic
curve atDT = DT*, which can be explained by the end of
the transition from solutal and thermal dendrites to
thermal dendrites and the onset of diffusion-less dendritic
growth. The first region ends at an undercooling of about
DT � 90 K. The second region covers the undercooling
range 90 K<DT< 198 K, while the third region starts
at DT � 198 K.

An analogous effect to solute trapping, disorder
trapping[55] occurs during rapid crystallization of under-
cooled melts of intermetallics with superlattice structure.
In such systems, crystal growth is very sluggish at small
undercoolings.[44] The atomic attachment of atoms from
the liquid to the solid needs short-range atomic diffu-
sion, as atoms have to sort themselves out to find their
proper lattice place in the superlattice structure. If
undercooling increases the non-equilibrium effect of
disorder trapping leads to the solidification of a
metastable disordered structure.

5. Intermetallic compound Al50Ni50: disorder trapping
Measurements of the dendrite growth velocity of

intermetallic phases exhibit a steep rise in the growth
velocity vs undercooling relation at a critical undercool-
ing DT*. This change of the dendrite growth kinetics has
been attributed to a transition from ordered to disor-
dered growth of superlattice structures.[75–77] However,
for Ni50Al50 diffraction experiments on the as-solidified
samples at ambient temperatures failed to prove a
disordered superlattice structure.[76] This result was
explained by transformations of primary solidified
disordered structures to stable ordered phases during
the post-recalescence and the post-solidification period.
It was shown that metastable disordered phases trans-
form to the ordered state on a rather short time scale.[78]

Transmission electron microscopy on rapidly solidified
Ni-Al intermetallic alloys reveal antiphase domains,
which indicate the occurrence of disorder trapping
during crystallization of drop-tube processed melts[79]

and rapid laser surface re-solidification of Ni-Al inter-
metallic phases.[80] During pulsed laser melting studies
on Ni3Al, a disordered fcc phase has been quenched in,
although an ordered L12 phase is stable up to the
melting temperature, providing indications of disorder
trapping during non-equilibrium solidification.[81] Nev-
ertheless, these studies provide no direct experimental
link between the occurrence of disorder trapping and the
growth velocity-undercooling relationship.

Figure 8 shows the results of measurements of den-
drite growth velocity as a function of undercooling for

the intermetallic Ni50Al50 alloy. The measured growth
velocities continuously increase with undercooling. If
the undercooling exceeds a value of DT* � 255 K, a
steep rise of V is observed. The intermetallic Ni50Al50
alloy melts congruently. Hence, mass transport by mass
redistribution and, consequently, constitutional effects
can be neglected, therefore, the constitutional under-
cooling DTc � 0. Due to the large curvature radius of
thermal dendrites, the curvature undercooling can be
equally neglected. Therefore, the thermal undercooling
and the kinetic undercooling control the dendrite
growth kinetics of the intermetallic Al50Ni50 compound.
The results of the measured dendrite growth velocities

are analyzed within the sharp interface model. In
addition to the system of equations given by this model,
the non-equilibrium effect of disorder trapping has to be
introduced in this concept. In order to do so, we
combine the sharp interface theory with a model of
disorder trapping, as developed by Boettinger and
Aziz[82] that has been extended by Assadi and Greer.[83]

This approach bases on the thermodynamic description
in which the Gibbs free energy of the liquid, GL, is
expressed by a regular solution model and that of the
solid intermetallic phase, GS, is expressed as a function
of the order parameter, g. g is defined by the difference
of the fractions of atoms located in the correct and the
wrong places within the superlattice of the ordered B2

Fig. 8—Top: Dendrite growth velocity V as a function of undercool-
ing DT measured by use of a high-speed video camera (full circles)
and computed by applying the sharp interface model, with (solid
line) and without (dashed-dotted line), taking into account small
constitutional effects due to the shift of the congruent melting point
in the kinetic phase diagram. If any constitutional contributions are
neglected, the temperature characteristics of V(DT) does not change
with the exception that the sharp increase of V sets in at a critical
undercooling, being about 25 K (25 �C) smaller (dashed-dotted line).
Bottom: The order parameter g is shown as a function of undercool-
ing as inferred from the analysis of the experimental results.
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structure. The link between non-equilibrium thermody-
namics and crystal growth is established by three kinetic
equations. One of these equations is the growth equa-
tion by Wilson and Frenkel:

V ¼ V0 1� exp
�DGLS

kBT

� �
; ½22�

where DGLS = GL � GS. The solidification of the con-
gruently melting intermetallic phase of Ni50Al50 requires
no long-range diffusion. Collision-limited growth for the
atomic attachment kinetics of atoms from the liquid to
the solid is assumed so that the kinetic prefactor V0 is
approximated to be the velocity of sound VS. For
sorting of the atoms on the different sublattices,
however, diffusion within the solid–liquid interface is
required, which is governed by the speed of interface
diffusion VDI and by diffusion in the bulk liquid, VD,
which are two to three orders of magnitude smaller than
VS. The balance of the mass fluxes to the different
sublattices of the more or less ordered solid phase during
crystal growth defines two other kinetic equations.[77,82]

Apart from thermodynamic and kinetic parameters, the
equation system depends on five variables. These are the
temperature of the solid–liquid interface Ti, the compo-
sition of the solid, cs, and of the liquid phase, cl, the
order parameter g, and the growth velocity V. For a
given V and at a fixed nominal composition of the
liquid, cl, the other three variables, cs, Ti, and g can be
determined by numerically solving the equation system.
Hence, the model provides a description for the velocity
dependence of the order parameter g(V). Moreover, by
linking cl, cs, and Ti, it allows for calculating a
metastable phase diagram in which the liquidus tem-
perature line depends on the velocity V, thus, TL(V).
From this kinetic phase diagram, the kinetic undercool-
ing DTK (difference between local equilibrium liquidus
and velocity-dependent liquidus temperature), kV and
mV are directly inferred. More details of the computa-
tions are given in Reference 84.

The results of the computations of dendrite growth
velocity as a function of undercooling are given in the
upper part of Figure 8 (solid line). It is evident that the
predictions of the extended sharp interface model are in
reasonable agreement with the experimental results over
the entire range of undercooling accessible by applica-
tion of the EML technique.

At large undercoolings, the model reproduces the
sharp increase of V at DT*. Small constitutional effects
by the slight shift of the congruent melting point in the
kinetic phase diagram are taken into account in the
present calculations. If these constitutional effects are
neglected, the critical undercooling at which V steeply
rises is slightly shifted to lower undercoolings (cf.
dashed-dotted line in Figure 8). The variation of the
order parameter g with undercooling as predicted by the
model of disorder trapping[82] is shown in the lower part
of Figure 8. The order parameter continuously de-
creases with increasing undercooling and drops sud-
denly to zero at an undercooling at which disorder
trapping sets in as indicated by the sharp increase of
dendrite growth velocity in the upper part of Figure 8.

Even for small velocities, the order parameter is con-
siderably smaller than 1 because some degree of disorder
is favorable at elevated temperatures due to the entropic
term in the Gibbs free energy.

6. Intermetallic compound Al50Ni50: influence of con-
vection
So far, experiments of dendrite growth velocities have

been presented which give evidence for various effects of
non-equilibrium solidification at large dendrite growth
velocities. At moderate and small growth velocities,
there will be an influence of convection in heat and mass
transport that controls the dendrite growth kinetics. In
EML experiments, strong stirring of the melt leads to
forced convection. The fluid flow velocity U estimated
for such experiments are ranging up to 0.6 m/s. There-
fore, one expects an influence of forced convection in the
dendrite growth velocity range V £ U.[85]

Al50Ni50 was chosen for the investigations on growth
kinetics under the conditions of forced convection on
Earth and reduced convection in reduced gravity.[86]

This alloy melts congruently and forms an intermetallic
B2 b-phase under equilibrium conditions. Crystalliza-
tion of ordered superlattice structures requires short--
range atomic diffusion at the solid–liquid interface. This
leads to sluggish growth dynamics, at least as small and
intermediate undercoolings (V: 0.1 to 0.5 m/s).[67] These
growth velocities are directly comparable to the speed of
fluid flow in levitated metallic melts. Fluid flow motion
inside the liquid drop changes the growth dynamics.
This effect, however, will be reduced if the liquid

drops are processed in a reduced gravity environment
since electromagnetically induced convection and natu-
ral convection are much less pronounced. Figure 9
shows the results of measurements of dendrite growth
velocity as a function of undercooling for Al50Ni50 alloy,
both under terrestrial conditions (circles) and in reduced
gravity (diamonds). All growth velocities measured in
reduced gravity are significantly smaller than those
determined under terrestrial conditions. At growth
velocities exceeding the fluid flow velocity
V>U � 0.6 m/s, data of dendrite growth velocity from
terrestrial and from reduced gravity experiments coin-
cide. The results of sharp interface modeling neglecting
the influence of fluid flow are depicted in Figure 9 (solid
line). It describes the experimental results obtained in
reduced gravity. The sharp interface model regarding
convection describes the experimental results obtained
under terrestrial conditions if a fluid flow velocity, of
U � 1.2 m/s, is assumed (cf. dashed line in Figure 9). At
growth velocities V> 0.6 m/s, the computed relation of
V = f(DT), without and with convection, converge to
one line since, in this region, the dynamics of solidifi-
cation is mainly limited by thermal diffusivity.
Convection does not only influence the dendrite

growth kinetics but also affects microstructure evolu-
tion. A particular interesting finding is observed in
measurements of the dendrite growth velocity as a
function of undercooling of intermetallic Ni2B alloy.
This alloy system is characterized by a dimensionless
entropy of fusion DSf/R � 2 (DSf is entropy of fusion, R
is gas constant). According to Jackson’s rule, such a
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value of the reduced entropy of fusion is ranging
between DSf/R = 1 and DSf/R = 3. DSf/R = 1 is
known for metallic systems of more or less isotropic
bonding. These systems show a rough interface on the
atomic scale and dendritic microstructures on a meso-
scopic scale. On the other hand, DSf/R = 3 is known for
systems with strong anisotropic bonding as present in
covalent systems. These systems show a smooth interface
on an atomic scale and facetted microstructures on a
mesoscopic scale. Similar as in other intermetallic sys-
tems, growth kinetics is sluggish. Therefore, one would
expect that convection affects both the growth kinetics
and microstructure evolution. We have investigated the
solidification of undercooled melt of Ni2B alloy under
different conditions of convection. Different techniques
were applied to measure the dendrite growth kinetics as a
function of undercooling all of them creating various
levels of convection. These are EML on Earth (forced
convection), EML in reduced gravity (reduced forced
convection), melt fluxing technique (natural convection),
melt fluxing in a strong external magnetic field (reduced
natural convection), and electrostatic levitation on small
samples (almost no convection).[87]

7. Intermetallic compound Ni2B: different levels of
convection

The Ni2B dendrite growth velocity along the {111}
normal directions as a function of undercooling mea-
sured under different convective flow conditions is
presented in Figure 10. The error bars result from
uncertainties in the fitting procedure, e.g., from samples
not being perfectly spherical and/or partially hidden by
the levitation coil in EML. The growth velocities
measured up to DTmax = 272 K are well below 1 m/s
and are thus comparable with or even less than the
expected fluid flow velocities present in 1g EML. The
growth velocity V(DT) is found to increase monotoni-
cally. As can be seen from Figure 10, for undercoolings
40 K<DT< 150 K, the growth velocity increases with

the fluid flow velocity. The lowest growth velocities are
obtained by ESL, followed by the MF and lg EML,
whereas the highest values are obtained by 1g EML.
Indeed, as soon as convection may play a not negligible
role in solidification kinetics, we observed increasing
dendrite growth velocity. This is in close agreement with
the predicted order of the flow velocities in the various
experiment techniques. In the presence of an external
static magnetic field of 1.2 Tesla, the growth velocities
obtained by MF are slightly shifted to lower values,
which, within the limit of accuracy, overlap with the
ESL values. Deviations may be due to the influence of
residual flow that is not completely stabilized by the
magnetic field. Interestingly, the results obtained by lg
EML are quite close to the velocities measured under the
condition of natural convention in MF.
For DT< 40 K as well as DT ‡ 150 K, the data

coincide within the uncertainty of the measurements.
This is physically reasonable since, on the one hand, the
growth velocity must vanish for DT = 0 K and, on the
other hand, the influence of convection is likely to
become less pronounced in the high-velocity region. The
difference in the growth velocities in the medium
undercooling range is due to an apparent change in
the slope of the 1g EML V(DT) data measured under the
condition of forced convection. This results in a
significant gap of roughly 60 pct at DT � 100 K
between the ESL and 1g EML data of growth velocities,
which may be attributed to an enhanced heat and mass
transfer due to electromagnetically induced convection.
For the further analysis, we apply the sharp interface

model taking into account heat transport by convection
similar as in case of the Al50Ni50 alloy. But surprisingly,
this does not lead to a reproduction of the experimental
results. Also taking into account the small shifts in the
concentration from the stoichiometric composition of
Ni2B alloy which may occur during the processing the
samples at high temperatures due to evaporation is not
satisfactory.
Growth in Ni2B is predominantly governed by the

kinetic contribution to the total undercooling. The
kinetic undercooling is governed by atomic attachment
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Fig. 9—Dendrite growth velocity of B2 bphase of Al50Ni50 alloy as a
function of undercooling measured under terrestrial conditions (cir-
cles) and in reduced gravity (diamonds). The solid line represents the
prediction of dendrite growth theory without convection and the da-
shed line with convection. U denotes the speed of fluid flow inside
an electromagnetically levitated droplet as estimated by magnetohy-
drodynamic simulations[85].

Fig. 10—Dendrite growth velocities as a function of undercooling of
Ni2B alloy for various fluid flow velocities: ESL: u = 0.00 m/s,
MF+B: u = 0.01 m/s, MF: u = 0.05 m/s, lg EML: u = 0.18 m/s,
and 1g EML: u = 0.25 m/s (Color figure online).
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kinetics at the solid–liquid interface. It depends very
much on the interface morphology. In general, it can be
categorized either as atomically smooth (faceted) or
atomically diffuse (rough). In the first case, the solid–liq-
uid interface is thin, in the order of one atomic layer,
while in the second case the interface is rather diffuse
over several atomic layers. According to Jackson, the
atomic arrangement at the interface depends mainly on
the entropy of fusion DSf.

[88] If the dimensionless
entropy DSf/RG< 2 (RG is gas constant), then a rough
interface will be favored, while for DSf/RG> 2 a smooth
interface will be preferentially formed.[89] Pure metals
are often characterized by DSf � RG and are predicted
to have a rough interface. However, many intermetallic
compounds show high entropy of fusion due to strong
chemical bonding and, consequently, a smooth faceted
interface will be formed. Faceted interfaces have inher-
ently a low accommodation factor f< 1 in contrast to
f = 1 for metals. This means not each atomic jump
from the liquid to the solid will be successful. In such a
case, the interface undercooling as given in Eq. [10] can
be written as follows:[90]

DTk ¼
V

l

� �n

; ½23�

where the kinetic exponent n is determined from
experiments. The 1g EML results can be reproduced
much more accurately by setting n< 1. For pure faceted

spiral growth, n = 0.5.[91] It is found that the increase in
growth velocity, as observed in 1g EML, is only partly
due to the influence of electromagnetically driven flow
on the thermal and solute concentration fields in front of
the solid–liquid interface but can be mainly attributed to
the substantial change in growth kinetics caused by a
convection induced transition from dendrites to more
faceted solidification structures, shown in Table I.
This change is supported by investigating the

microstructures of samples solidified upon undercooling
in ESL and EML. Figure 11(b) displays the microstruc-
ture of a sample solidified under the condition of no
convection (ESL), while Figure 10b gives the structure

Table I. Best Fit Parameters Used to Calculate the Ni2B
Growth Velocities as Shown in Fig. 10

Parameters
Value

Stability
Parameter r*

Fluid Flow
Velocity u (m/s)

Kinetic
Exponent n

1g EML 5.0 9 10�5 0.25 0.85
lg EML 7.0 9 10�5 0.18 0.93
MF 9.0 9 10�5 0.05 0.98
MF+B 1.0 9 10�4 0.01 1.00
ESL 1.0 9 10�4 0.00 1.00

The kinetic growth coefficient l is obtained for f 9 vs = 4.25 m/s.

Fig. 11—(a) Dendritic structure of a sample solidified without convection (ESL). Growth direction is perpendicular to {111}. (b) Structure of a
sample solidified with forced convection (EML). Growth direction is along [001].

Fig. 12—Top: The structure of the Ni2B—rod-like morphology
solidified under the conditions of forced convection (EML); bottom:
hopper crystals found in Bi (left)[94] and PbTe, (right)[93].

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 46A, NOVEMBER 2015—4933



of a sample solidified under the conditions of forced
convection (EML).[92] Samples processed in ESL exhibit
the regular dendritic pattern. In contrast, the smooth
structure of samples processed in EML shows a tran-
sition to irregular rod-shaped structures. This change is
not associated with a change of crystallographic phase
as proven by EBSD. Apparently, the internal structure
resembles the well-known morphology of so-called
Hopper crystals, which are rarely found for metallic
materials but are often observed in non-metallic sys-
tems. The structure found in Ni2B processed in EML
under the conditions of forced convection is compared
to Bi and PbTe hopper crystals in Figure 12.

A hopper crystal, also termed ‘‘skeleton’’ of a crystal,
is usually formed due to a disparity of growth rates, i.e.,
the crystal edges are growing more rapidly than the
crystal faces. This is a typical example of faceted growth
on a more local level.[94] Hopper crystals have been
reported for non-metallic forsterite (Mg2SiO4)

[95] and
PbS single crystals.[96] Faceted growth is expected in
systems of high entropy of fusion DSf, as e.g., in Bi, DSf

= 2.4 RG. This is larger than DSf = 2 RG as in the
present case of Ni2B. Obviously, forced convection
induces faceting of the solid–liquid interface in systems,
which show otherwise the growth of a rough solid–liq-
uid interface of metallic systems.

IV. CONCLUSIONS

Containerless processing by electromagnetic and elec-
trostatic levitation has been applied to investigate
topological and magnetic order in undercooled metallic
melts. Crystal nucleation and rapid dendrite growth in
undercooled melts of pure zirconium and pure nickel,
and various binary metallic alloys have been studied.
Very large undercoolings were achieved. A statistical
analysis of the distribution function of maximum
undercoolings in electrostatic levitation experiments
hints to the onset of homogeneous nucleation in
undercooled Zr-melts. From the homogeneous nucle-
ation rate calculated within classical nucleation theory, a
lower limit of the solid–liquid interfacial energy was
deduced. This value indicates that results by density
functional theory and molecular dynamics simulations
may lead to an underestimation of the solid–liquid
interfacial energies.

Dendrite growth kinetics was studied in detail at very
large undercoolings. Non-equilibrium effects have been
detected by measurements of the dendrite growth
velocity as a function of undercooling. In dilute Ni99Zr1
alloy, a critical undercooling was identified at which a
transition from chemically to pure thermally controlled
growth is observed. As evidenced by neutron auto-ra-
diography investigations on a similar dilute alloy,
Ni99B1, it was demonstrated that this transition is
accompanied by complete partitionless solidification
leading to a metastable supersaturated solution. A
similar phenomenon, disorder trapping was studied by
undercooling experiments on the intermetallic com-
pound Al50Ni50. By measurements of the dendrite
growth velocity of the equiatomic Al50Ni50 alloy at very

large undercoolings, a transition from ordered to
disordered growth of the B2 b-phase was identified. In
case of solid solutions, solute trapping was identified to
set in at a critical undercooling. Analogous to solute
trapping, disorder trapping in intermetallic compounds
is evidenced at a critical undercooling at which the
dendrite growth velocity steeply rises similar as in case
of solute trapping in solid solutions.
Comparative experiments on Earth, and in reduced

gravity, of measurements of dendrite growth in under-
cooled Al50Ni50 clearly reveal the importance of forced
convection on growth dynamics, which has to be taken
into account to predict growth dynamics in undercooled
melts. By taking into account a velocity-dependent order
parameter, dendrite growth theory was extended such
that it describes quantitatively the dendrite growth
velocity over the entire undercooling range accessible
by containerless processing and reproducing the transi-
tion from ordered to disordered growth. This leads to
the solidification of a metastable disordered superlattice
structure of the intermetallic compound. Finally, inves-
tigations of both dendrite growth kinetics and
microstructure evolution on the intermetallic compound
Ni2B give evidence that forced convection leads to a
transition from dendrite-like growth to facetted growth.
All of these investigations prove containerless pro-

cessing to be a powerful experimental tool to investigate
phenomena of solidification, which are far away from
equilibrium. They lead to various solid metastable
materials. Hence, undercooling is an efficient parameter
to control phase selection during solidification.
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