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This investigation is aimed at revealing the deformation behavior of a b-Ti alloy, namely Ti-
15V-3Cr-3Sn-3Al, under various aged conditions with an emphasis on correlating the work
hardening characteristics of the alloy with its corresponding microstructure. The alloy was cast,
forged, hot rolled, solution treated, and aged differently to generate microstructures with
varying amounts and morphologies of a- and b-phases. While microstructural characterization
was carried out using scanning and transmission electron microscopy (TEM), tensile tests were
conducted to study the work hardening behavior of the alloy. One may infer from the results
that the strength of the alloy deteriorates, while the elongation to failure improves with an
increase in the aging temperature. The strength of the alloy depends strongly on the amount of
a- and the inter-a-spacing. The work hardening behavior of the alloy aged at temperatures
below 808 K (535 �C) is markedly different than those aged at higher temperatures. This
characteristic behavior has been explained using the deformation signatures in the a-phase
revealed by TEM examinations. A stress gradient-based model and a dislocation evolution-type
model are found to satisfactorily describe the strength and the work hardening behavior of the
alloy aged under different conditions.
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I. INTRODUCTION

ONE of the commonly used b-Ti alloys, Ti-15V-3Cr-
3Sn-3Al (Ti-15-3), has been developed for sheet metal
products in various aerospace structural applications,
including environmental control system ducts and air-
frame brackets.[1,2] The alloy can be heat treated differently
to achieve various combinations of strength and fracture
toughness for these structural applications. Further, this
alloy possesses excellent fabricability and is amenable to
the forming of complex parts at room temperature.[2] A
considerable amount of work has been done on the
microstructural development of the alloy by employing
different heat treatments and thermo-mechanical process-
ing to improve its mechanical properties. For example,
Ivashin et al.[3] have studied the effect of direct aging, cold
rolling prior to aging and two–step aging treatment on this
alloy and have reported a range of yield strength values
from 975 to 1730 MPa. The effect of cold rolling prior to
aging[4–6] and the influence of duplex aging on the tensile
properties[5,7] of the alloy have also been studied by several
other researchers. The effect of varying solutionizing
temperatures for this alloy was reported by Okada
et al.[7] and Fujii and Suzuki;[8] Ma and Wang,[9] and

Okada et al.[10] have varied the aging temperature, while
Kawabe and Munaki[11] have varied the b-grain size, each
in order to study the associated effect of that changes in
these parameters on the tensile properties. Quiang et al.[12]

have examined the influence of severely deformed b-grains
to nanoscale on the aging behavior and the corresponding
tensile properties of the alloy. It can be inferred from the
earlier literature that though several attempts have been
made in the past to correlate tensile properties with
microstructure, there is still considerable lack of informa-
tion or understanding related to the correlation of the
deformation mechanism with the microstructure in this
class of alloys. The aim of this report is to examine the
inherent operative deformationmechanism from the study
of work hardening behavior in relation to the microstruc-
ture of an aged b-Ti alloy.
In this investigation, Ti-15-3 alloy is suitably heat

treated to understand the effect of aging temperature on
the distribution of a and thereby its effect on the
mechanical behavior of the alloy. A major emphasis of
the work is to gain a better understanding on the
mechanism of work hardening behavior of the alloy aged
at different temperatures and to correlate these with the
corresponding microstructural and sub-structural features.

II. EXPERIMENTAL PROCEDURE

Ti-15V-3Cr-3Al-3Sn alloy was melted using consum-
able vacuum arc melting. Vanadium was added as a V-Al
master alloy, while the other elements were added in pure
elemental form. Melting was carried out in a water-cooled
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copper crucible under a vacuum of 10�3 mbar. Initially,
primary ingots of 10 kg were prepared which were welded
and were further re-melted to have a secondary ingot of
20 kg. The skin and the defective portion of the final ingot
were discarded. The chemical composition of the alloy is
shown in Table I. The ingot was hot forged at 1323 K
(1050 �C) followed by hot rolling at 1223 K (950 �C).
Specimen blanks from the rolled alloywere solution treated
(ST) at 1173 K (900 �C) for 1 hour, followed by water
quenching. These specimenswere subsequently aged (STA)
at 773 K, 808 K, 823 K, and 873 K (500 �C, 535 �C,
550 �C, and 600 �C) for 8 hours, followed by air-cooling.
These aged specimens are represented as SA500, SA535,
SA550, and SA600 in accordance with their respective
aging temperatures.Quantificationof agedmicrostructures
was carried out theoretically using Thermo-Calc� software
and experimentally by an image processing software,
Image tool 3.0. Ultrasonic shear and longitudinal phase
velocities were measured in a pulse echo mode using a
200 MHz pulser receiver (Olympus NDT Panametrics
PR5900) with 5 and 10 MHz transducers, respectively.

The XRD experiments were carried out using a
Philips PW1830 X-ray generator and XRD patterns of
the samples were recorded using a step size of 0.015 deg
(2h) and a counting time of 3 s/step. Standard metallo-
graphic techniques were used for preparing the samples
followed by microstructural characterization using a
Quanta 400 (FEI) environmental scanning electron
microscope. Orientation image mapping was carried
out using a Zeiss SEM (Supra 55) attached with an
EBSD detector (Oxford) and the corresponding analysis
was performed using ‘hkl’ software. Local orientation
mapping was carried out using EBSD for sub-grain
angles below 5 deg to locate deformed regions in a map.
Transmission electron microscopy characterization was
carried out using a Tecnai 20T G2 (FEI) TEM. Foils for
TEM investigations were thinned mechanically down to
100 lm followed by electro-polishing. Some parts of the
specimens for TEM were also prepared by ion milling.

Tensile properties of the alloy were determined in both
the solution-treated as well as in solution-treated plus
differently aged conditions.Roomtemperature tensile tests
were performed in a screw driven Instronmachine (model:
5500R) at a nominal strain rate of 6.66 9 10�4 s�1 using
cylindrical specimens of 5-mm gage diameter and 25-mm
gage length. In each heat-treated condition, three tensile
tests were carried out and the average values of the tensile
properties obtained from these tests are reported.

III. RESULTS

A. Microstructure

The alloy was solution treated and aged at different
temperatures above 773 K (500 �C). The SEM micro-

graphs of the SA500, SA535, SA550, and SA600
specimens are shown in Figure 1. The microstructures
in this figure show a two-phase a–b structure in which
the a-phase is directly nucleated from the metastable b-
phase. The coarsening of the a-precipitates in the
microstructures is observed with increase in aging
temperatures. It is noted from the SEM images that in
addition to change in the size of a, its volume fraction
also varies with aging temperature. The volume fraction
of a-phase as a function of temperature was theoretically
calculated for the temperature range of 473 K to 973 K
(200 �C to 700 �C) using Thermo-Calc� software (Fig-
ure 2). The results from these calculations reveal that the
volume percentage of a increases up to around 623 K
(350 �C) and thereafter it decreases with an increase in
aging temperature. The volume fraction of the a-phase
for the specimens within the investigated aging tem-
perature range, i.e., 773 K to 873 K (500 �C to 600 �C),
decreases with aging temperature and the corresponding
volume fraction values are summarized in Table II. The
observed size of the a-phase is quite fine, but still an
attempt was made to measure the volume fraction of
this phase from the SEM images using image tool
software. The measured percentages of the a-phase are
listed in Table II. The results for the volume fraction of
the a-phase estimated from quantitative microscopy also
depict that it decreases with an increase in aging
temperature for the investigated temperature range,
similar to the theoretical results obtained by Ther-
moCalc calculations. A significant difference in the
volume fraction values of a-phase is noticed between the
theoretical and experimental estimates. This difference
can be attributed to two primary reasons: (i) theoretical
calculation assumes equilibrium condition for the esti-
mation of the volume fraction of a-phase, which is not
true in the experimental case and (ii) the image tool
software in experimental estimation could not detect all
the a due to its fineness.
X-ray diffraction results for the alloy in the solution-

treated and the various solution-treated plus aged
conditions are shown in Figure 3. While the solution-
treated alloy exhibits only peaks associated with the b-
phase, the samples in the aged conditions show peaks of
both a-precipitates and b-phase. The ratios between the
intensities of (0002) a-peak [I(0002)a] and (110) b-peak
[I(110)b] in the X-ray diffraction traces of the differently
aged specimens have been determined and are shown in
Table II. It is noted that the ratio decreases with an
increase in the aging temperature, which is consistent
with the reduction in the volume fraction of the a-phase
at higher aging temperatures. The width of the a-peaks
is also found to decrease with an increase in the aging
temperature.
TEM analyses were carried out on samples of all the

heat treatment conditions investigated. Bright field

Table I. Chemical Composition of the Investigated Alloy (in Weight Percent)

Alloy Al Cr Sn V C O N H Ti

Ti-15-3 3.45 3.12 2.84 15.14 0.014 0.12 0.003 0.01 bal.
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images after aging at temperatures 773 K and 873 K
(500 �C and 600 �C) (Figures 4(a) and (b)), respectively,
show that the a-precipitates are coarser at higher aging

temperature. The size of these precipitates in the
specimens aged between 773 K and 873 K (500 �C and
600 �C), estimated using image tool software from the
respective TEM images, are listed in Table II. The
average inter-a-spacing in the selected alloys was esti-
mated by considering at least 200 a-laths (aligned as well
as randomly oriented) using a number of SEM and
TEM BF images and is shown in Table II. The results in
Table II show that with a reduction in size and a higher
volume fraction of a, the inter-a-spacing decreases for
the specimens aged at lower temperatures.

B. Tensile Properties

Tensile properties of the alloys in solution-treated and
solution-treated plus aged conditions are shown in
Figure 5 and in Table III. The elastic modulus value
of the solution-treated alloy with a single-phase struc-
ture (b) is considerably lower than that of the alloy in
the aged conditions. The higher elastic modulus values
of the aged specimens are due to the presence of the a-
phase; the a-phase possesses higher modulus value than
the b-phase.[13] The results in Table III also reveal that
the modulus values of the aged specimens decrease with
an increase in the aging temperature, as the volume
fraction of the a-phase is greater at lower aging

Fig. 1—SEM micrographs of aged specimens (a) SA500, (b) SA535, (c) SA550, and (d) SA600 showing the presence of a- (darker contrast) and
b-phases (brighter contrast). These exhibit coarsening of a-phase at higher temperature.

Fig. 2—Variation of volume fraction of a-phase as a function of
temperature estimated using Thermo-Calc� software. Experimentally
measured values of a-phase from quantitative microscopy are also
shown as discrete filled up points.
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temperatures (Figure 2). It may be mentioned at this
stage that the elastic modulus of the alloy in all the
different heat-treated conditions has also been investi-
gated using an ultrasonic method. The elastic modulus
values estimated using the stress–strain curves are within
6 pct of their corresponding magnitudes measured by
the ultrasonic technique. The yield and tensile strength
of the alloy increase after aging as compared to the
solution-treated condition; aging beyond 773 K
(500 �C) leads to a decrease in strength values. The
values of yield strength of the aged alloy have been
examined with regard to the inter-a-phase spacing in
Figure 6.

The percentage elongation to failure was observed to
decrease considerably after aging at 773 K (500 �C) with
respect to the solution-treated condition (Figure 5).
However, some improvement in elongation is observed
for specimens heat treated at higher aging temperatures
beyond 773 K (500 �C). Fractographs of the failed
tensile specimens aged at 773 K (500 �C) (SA500) and
873 K (600 �C) (SA600) are shown in Figures 7(a) and
(b), respectively. While the fractograph of SA500 sample
shows fine dimples along with some flat featureless
regions or facets, relatively uniform and coarser dimples
with higher volume fraction are noticed in the frac-
tograph for the SA600 sample. A longitudinal section of
the failed tensile specimen for the alloy aged at 873 K

(600 �C) shows the generation of a crack along a grain
boundary (Figure 8(a)) and void nucleation at an a�b
interface (Figure 8(b)). Deformation behavior was also
examined using TEM. Dislocation pile up in the b-phase
located around the a-phase and deformation of the a-
phase in SA500 and SA600 specimens are shown in
Figures 9(a) and (b), respectively. Local orientation
maps of EBSD images of failed tensile specimens of
SA500 and SA600 alloys showing dislocation accumu-
lations around a-phases are revealed in Figures 10((a)
and (b)), respectively. The higher density of geometri-
cally necessary dislocations (GNDs) in the SA500
specimen with respect to the SA600 specimen suggests
that deformation is confined mostly near the fine a-
particles, which are numerous in the SA500 specimen
than the SA600 sample.
The calculated true stress values are plotted against

the corresponding true plastic strain values in Figure 11
for all the aged conditions. The logarithmic plots of true
stress against true plastic strain are shown in Figure 12.
These log–log plots (Figure 12) show linear relation-
ships between true stress and true plastic strain values at
lower aging temperatures (SA500 and SA535), while a
deviation from linearity is seen at higher aging tem-
peratures (SA550 and SA600) suggesting a double-slope
behavior. True stress-true plastic strain plots of the aged
alloys were examined by fitting to the following expres-
sions[14]:

(i) Hollomon’s equation: r ¼ Ken

(ii) Double Hollomon-type equation: r ¼ K1en1þ
K2en2;

(iii) Ludwingson equation: r ¼ K1en1 þ expðK2 þ n2eÞ.
The fitting of the expressions to the experimental data

has been carried out using the Origin software. The
values of n and k obtained from the log–log plots in
Figure 12 were used to set the initial values of the
parameters in the above expressions for the purpose of
fitting. The values of the square of correlation coefficient
(r2 values) for the different types of fitting are shown in
Table IV. Plots of work hardening rate (dr/dep) against
true stress and true plastic strain are shown inFigures 13(a)
and (b), respectively. The results in Figure 13(b) reveal that
the initial work hardening rate of the SA500 specimen is
higher than that of specimens aged at comparatively higher
temperatures. Logarithmic plots of work hardening
rate against true stress (Figure 14) are also made using
the Crussard–Jaoul (C–J) and modified Crussard–
Jaoul (mC–J) analysis[15,16] to study the different

Fig. 3—X-ray diffraction pattern shows peaks of only b-phase in the
solution-treated specimen and peaks of both a- and b-phases in the
aged specimens.

Table II. Volume Fraction, Size, and Inter-Particle Spacing of a-Phase in the Aged Alloys

Sample

Volume Fraction of a

Avg. a Size (nm) Avg. Inter-a-Spacing (nm)Ia(0002)/Ib(110) Image Tool (Percent) Thermo Calc (Percent)

SA500 0.24 45 ± 4 68.9 68 ± 20 160 ± 51
SA535 0.23 42 ± 3 62.7 90 ± 30 240 ± 69
SA550 0.22 37 ± 3 59.9 130 ± 60 290 ± 101
SA600 0.14 32 ± 4 49.3 195 ± 55 340 ± 115
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stages of work hardening. The work hardening
mechanisms in differently heat-treated alloys are
discussed by correlating these with the corresponding
microstructures.

IV. DISCUSSION

A. Tensile Properties

An increase in both yield and tensile strength is
observed in the solution-treated alloys aged at 773 K
(500 �C) or above. This is due to the presence of fine a in
b-matrix resulting in a large number of a–b interfaces
that act as obstacles to dislocation motion.[17] With
increase in aging temperature from 773 K to 873 K
(500 �C to 600 �C), decrease in volume fraction of the
a–b interfaces due to coarsening of a (Figures 1 and 4)
and reduction in volume fraction of a-phase (Figure 2;
Table II) results in decrease in strength. This is well
supported by the fact that the plot of yield strength
against inverse square root of inter-a-spacing (Figure 6)
shows increase in strength with decrease in inter-

Fig. 4—Typical bright field images of (a) SA500 and (b) SA600 specimens showing a-laths (bright contrast) in b-matrix (darker contrast). The a-
precipitates are coarser at higher aging temperature.

Fig. 5—Variation of yield strength (YS), ultimate tensile strength
(UTS), and percentage elongation (pct Elong) with aging tem-
perature. The tensile properties of the solution-treated specimen are
also shown.

Fig. 6—Plot of yield strength of the aged specimens against inverse
square root of inter-a-spacing showing deviation from linearity at
smaller inter-a-spacing.

Table III. Tensile Properties of the Solution Treated and
Aged Alloy

Sample
YS

(MPa)
UTS
(MPa)

(Perncet)
Strain

Elastic
Modulus
(GPa)

ST 746 ± 8 751 ± 8 26.9 ± 2 84 ± 1
SA500 1308 ± 7 1397 ± 1 4.1 ± 1 115 ± 2
SA535 1171 ± 24 1258 ± 12 4.4 ± 1 112 ± 3
SA550 1055 ± 12 1158 ± 5 6.6 ± 2 112 ± 0
SA600 845 ± 4 942 ± 7 7.8 ± 2 103 ± 6
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a-spacing. This result shows that inter-particle (in this
case fine a) spacing plays significant role in strengthen-
ing of these aged alloys.

The relationship between yield strength and inverse
square root of inter-a-spacing (Figure 6) is not perfectly
linear; it deviates from linearity at smaller inter-a-
spacing. Therefore, the dependence of yield strength on
inter-a-spacing could not be expressed by a Hall–Petch
relationship:

r ¼ ro þ kk�1=2; ½1�

where r is yield stress, ro is lattice resistance of the matrix,
k is inter-a-spacing, and k is interface strengthening
parameter. Further, even if a straight line is drawn forcibly
through the experimental points, this relationship results
in a negative value of ro which does not have any physical
significance and obviously indicates the inapplicability of
Hall–Petch relationship between r and k.

Deviation of the relationship between yield strength
and inverse square root of inter-a-spacing (Figure 6)
from linearity has invoked us to examine the present
result with an alternative model, proposed by Meyers–
Ashworth (MA)[18] illustrating the relationship between
yield strength and grain size (d). This model, which
spans over a large range of grain size, shows d�1/2

dependence in relatively coarse grains and d�1 depen-
dence in the fine grain range. The increase in yield stress
with decreasing grain size is attributed to the formation
of work-hardened layers around grain boundary (micro-
yielding) due to incompatibility stresses arising from
elastic modulus anisotropy. In the present study, the
microstructure comprises of a-and b-phases having
different elastic moduli. Therefore, the presence of
incompatibility stress at the a–b interfaces due to an
elastic modulus mismatch cannot be ignored. Finer a-
platelets and finer inter-a-spacing in the alloy aged at
773 K (500 �C) as compared to those aged at higher

Fig. 7—Fractographs showing (a) fine dimples along with some flat featureless regions in SA500 specimen and (b) relatively uniform and coarser
dimples with lesser extent of flat regions in SA600 specimen.

Fig. 8—Typical SEM images of longitudinal section of a failed tensile specimen depicting (a) crack along grain boundary and (b) void nucleation
at the a–b interfaces.
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temperatures would thus result in a higher contribution
from the work-hardened layer, which is considered to
explain the higher yield strength observed in the SA500
condition. Therefore, the yield strength dependence on
microstructure in the aged conditions can be described
by this model. The relationship between yield strength
and inverse square root of inter-a-spacing moves toward
steady state at finer inter-a-spacing following MA
model. Further, the presence of dislocations in the
vicinity of a–b interfaces (Figures 9 and 10) points
toward the strong possibility that Meyers–Ashworth
relationship describes the tensile behavior of the aged b-
alloy.

B. Work Hardening

True stress-true plastic strain plots of the aged alloys
do not follow Hollomon’s equation, especially at higher
aging temperatures (Table IV). But, when these are

plotted following the double Hollomon-type equation or
the Ludwingson equation, the fit appears to be better, as
indicated by improved r2 values listed in Table IV.
Although these equations result in better curve fitting,
the fitting parameters lack any physical significance.
Additionally, these cannot be correlated with the mi-
crostructure.[19]

The inappropriateness of describing the work hard-
ening behavior by Hollomon or Ludwingson equations
leads us to examine the investigated results using C–J
and mC–J propositions. The motivation for this analysis
originates from the results given in Figure 13(a), where
multiple deformation stages are indicated. The C–J
analysis and mC–J involve by the logarithmic plots of
work hardening rates against true plastic strain and true
stress values, respectively, and these are usually consid-
ered to reveal the different stages of deformation. The
results obtained by C–J and mC–J analysis are illus-
trated in Figures 14(a) and (b), respectively. A change in

Fig. 9—Typical TEM BF images showing dislocation pile up around a-phase in (a) SA500 and (b) SA600 specimens. The latter specimen also
exhibit signature of deformation in a-phase.

Fig. 10—Local orientation maps of EBSD images of failed tensile specimens of (a) SA500 and (b) SA600 alloy showing strain or dislocation ac-
cumulations (green color) in b-phase (blue color) located primarily around a-phase laths (black color).
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slope in these plots (Figure 14) indicates a change in
deformation behavior. The linear regions in the logarith-
mic plots (Figure 14(b)) revealing different stages of
deformation have been marked in relation to the plots of

work hardening rates against true stress in Figure 13(a).
It must be stated a priori here that the conventional
stage-I or II hardening, which are typically observed in
single crystals, are not seen here.[20] Results in Figure 14
show regimes of transition from stage II to III and stage-
III behavior. A distinct change in the slope (marked as
IIIa and IIIb) during stage-III indicates a change in
deformation behavior for samples aged at higher tem-
peratures, while those aged at lower temperatures do not
show such a change.
The volume fraction of a is considerably high, almost

comparable to that of the b-phase, in the alloy aged at
lower temperatures. Additionally, a-particles are con-
siderably finer at lower aging temperatures. In the frame
work of Meyer–Ashworth model (Section IV–A) and
due to assumption of equi-stress conditions, the applied
stress initially creates a work-hardened layer in the b-
matrix in the immediate vicinity of a–b interface. With
increasing stress, the b-phase starts deforming and the
presence of this work-hardened layer prevents any slip
transfer from b to a. Deformation in the b-phase in the
narrow regions between the fine a-particles and almost
no deformation in the a-phase result in further strain
incompatibility at the a–b interface; this is well cor-
roborated by the EBSD strain maps (Figures 10(a) and
(b)). Therefore, the assumption of the equi-stress con-
dition is well supported by the presence of strain
gradient at the a–b interface (Figure 10) and in-
significant deformation of the a-phase (Figure 9(a)) in
SA500 specimens. With continued plastic deformation
and a severe strain gradient across a–b interface, void
nucleation is expected to occur at a–b interface that
subsequently leads to failure by a void coalescence
mechanism. Thus, continued deformation in the b-
matrix results in the single-slope deformation behavior
of low-temperature aged specimens (Figure 14(b)).
On the other hand, at higher aging temperatures, the

size of the a-precipitates is coarser and the inter-a-
spacing is larger because of the decreasing volume
fraction of a. Therefore, in this case, the initial defor-
mation of the alloy is similar to that of the single-phase
b that deforms by slip bands and cell formation. Because
of the larger slip length (increase in a-spacing), high
stress concentration at the tip of pile up leads to slip
transfer across the a–b interface at higher strain. Thus,
a-phase deformation plays a role in the latter stage of
deformation, which possibly results in the observed
change of the slope in work hardening plot (stage-IIIb in
Figure 14(b)). This is further confirmed by the presence
of dislocations in the a-phase (Figure 9). The transition
or change over in the slope occurs at around 1.4 pct true

Table IV. Values of Square of Correlation Coefficient (r2 Values) for Different Types of Fitting

Sample

r2 Value Associated with Fitting of Different Expressions

Hollomon Ludwigson Double Hollomon Type

SA500 0.9988 0.99998 0.99999
SA535 0.99867 0.99989 0.99966
SA550 0.99902 0.99999 0.99999
SA600 0.99066 0.99997 0.99998

Fig. 11—True stress vs true plastic strain plots for the investigated
aged specimens. The fitting of these curves by Ludwingson expres-
sion is also shown.

Fig. 12—Logarithmic plots of true stress against true plastic strain
for the aged specimens showing nearly linear variation at lower ag-
ing temperatures (SA500 and SA535) and double-slope behavior at
higher aging temperatures (SA550 and SA600).
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plastic strain (Figure 14(a)) and after this transition the
deformed a-phase particles result in increased work
hardening which is clearly seen in the specimens aged at
higher temperature. Finally, at higher strain just before
necking the work hardening rate starts to drop rapidly,
which is clearly seen for SA600 specimen in Fig-
ures 14((a) and (b)). This is attributed to void nucleation
and subsequent cracking at prior b-boundaries, which
leads to a rapid rate of dislocation annihilation.

The presence of a continuous layer of a at prior b-
boundaries (Figure 8(b)) leads to a deterioration in the
elongation to failure value of the aged samples.
Maximum elongation of about 8 pct is observed in the
alloy aged at 873 K (600 �C) as opposed to 27 pct in the
single-phase solution-treated alloy. The deterioration in
the mechanical properties of a b-Ti alloy because of the
presence of continuous a is very well known[21] and the
intergranular failure in the fractograph (Figure 7) is
consistent with this hypothesis.

The initial work hardening of the specimens aged at
lower temperatures (SA500 and SA535) is higher than

those aged at higher temperatures, SA550 and SA600,
(Figures 11 and 13(b)). The local orientation maps in
Figures 10((a) and (b)) show more geometrically neces-
sary dislocations (GNDs) in the SA500 sample after
failure and it is considered that these GNDs are also
present in higher number in SA500 sample during early
stage of plastic flow. These GNDs act as dislocation
sources and result in increased number of dislocation
interactions causing considerable initial work hardening
in this alloy. Considering plate-shaped a-phase, Ash-
by’s[22] equation for plate-like particles is used for the
estimation of flow stress of the polycrystalline aged
alloys:

r ¼ ro þ kM3=2Gðbe=kÞ1=2: ½2�

In the above equation, ro is the frictional stress which
is considered as the yield strength of the solution-treated
alloy, k is a dimensionless constant, M is the average
Taylor’s factor, G is the shear modulus of the alloy, b is

Fig. 13—Plots of work hardening rate (h) against (a) true stress (r)
and (b) true plastic strain (ep) for all the aged specimens. Regions of
stage-III deformation are marked in (a).

Fig. 14—Logarithmic plots of work hardening rate (h) against (a)
true plastic strain (ep) and (b) true stress (r) for the aged specimens.
The arrow in (a) indicates the strain beyond which SA550 and
SA600 specimens show higher work hardening rate than SA500 and
SA535 specimens.
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the Burgers vector of the operating dislocations in the b-
matrix phase, k is the average spacing between two a-
laths. The flow stress values of the aged alloys are
estimated using Eq. [2] by considering k = 0.3,
M = 3,[23] b = 0.28 nm, and the values of k are taken
from Table II; value of the Burgers vector of disloca-
tion, a/2 1�11

� �
is estimated from TEM results. These

estimated flow stress values for the SA500 and SA600
samples are examined against strain along with the
experimental values in a plot of normalized effective
stress, (r � ro)/G, against strain (e) as shown in
Figure 15(a). It can be seen that the theoretical estimates
are higher than the experimental values, in which ro is
considered as the yield stress of the materials. This
discrepancy can be attributed to the assumed values of k
and M and with the error associated with the estimated
value of k used in the Eq. [2]. Initially, the value of M
was varied for better fitting between the estimated and
the experiential values. It was observed that the initial
parts of the estimated (obtained from Eq. [2]) (r � ro)/
G vs strain (e) curves fitted well with the experimental

results for M = 1.62, as shown in Figure 15(a). This
value of M appears to be significantly lower than that
commonly considered for BCC materials. Manipulation
of the estimated plots can also be done with variation in
the value of k or combined variations of both M and k.
But for the convenience of discussion in a simplified
manner, the current analysis is limited to only the
variation of M. As Eq. [2] considers only the work
hardening component (not recovery), the estimated
curve for SA500 condition (with M = 1.62) starts
deviating from the experimental curve (Figure 15(a)) at
higher strain. But, this deviation is less for the SA600
condition, as compared to that in the SA500 condition,
which implies that moderate hardening may still exist in
the later stages in the sample aged at 873 K (600 �C).
This hardening stage, marked as Stage-IIIb, can be
observed for SA550 and SA600 specimens (Figure 14a)
as discussed earlier.
The work hardening due to interaction of dislocations

and increase in dislocation density is balanced by
dynamic recovery or annihilation of dislocations, which
is discussed here in terms of the Kocks–Mecking (KM)
model.[20] The KM model interprets the net evolution of
dislocation density (q) with true plastic strain (ep) for
polycrystalline material as

dq
deP

¼ Mðk1q1=2 � k2qÞ; ½3�

where the first term inside the parenthesis is associated
with dislocation storage, which is linked with mean
free path or spacing of dislocations, and the latter
term is correlated with dynamic recovery, while k1 and
k2 are corresponding constants. Integration of the
Eq. [3][23] represents the dislocation density as

q1=2 ¼ k1
k2

1� 1� k2
k1

q1=2o

� �
expð�k2Me=2Þ

� �
; ½4�

where qo is the initial dislocation density in the unde-
formed material. Substitution of Eq. [4] in the Taylor’s
equation[23] relating macroscopic flow stress with dislo-
cation density:

r� ro ¼ kMGbq1=2 ½5�

results in

ðr� roÞ ¼ kMGb
k1
k2

1� 1� k2
k1

q1=2o

� �
expð�k2Me=2Þ

� �
:

½6�

Differentiation of Eq. [5] with Eq. [3] yields

dr
deP

¼ ho � bðr� roÞ; ½7�

where ho = (kM2Gbk1)/2 and b = (Mk2)/2. Equa-
tion [7] represents Stage-III[24] behavior of work hard-
ening phenomenon in polycrystalline materials and
indicates linear decrease of work hardening rate with
flow stress. The parameter ho is considered as an

Fig. 15—(a) Plots of (r � ro)/G against strain (ep) for SA500 and
SA600 specimens together with their predicted values by Ashby’s
model. (b) Variation of (r � ro)/G against strain (ep) for SA500 and
SA600 specimens together with their predicted values by Kocks–
Mecking and Estrin–Mecking models. The influence of the magni-
tude of the Taylor’s factor (M) is also illustrated in (a).
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athermal hardening term and b is related to dynamic
recovery. The intercept of the linear Stage-III region
with the ordinate axis in hð¼ dr=depÞ vs (r �ro) plot
gives ho, the initial work hardening rate and the slope of
the linear portion corresponds to the value of b. The
values of ho and b were evaluated from the plots of
h(= dr/dep) vs (r � ro) for all the specimens in the
differently aged conditions and these are listed in
Table V. The results in Table V indicate that for the
same stage, i.e., Stage-IIIa for the SA500 and SA535
specimens and Stage-IIIb for SA550 and SA600 sam-
ples, values of both ho and b decrease with an increase in
aging temperature. With these values of ho and b, values
of k1 and k2 were calculated using Eq. [7] for all the aged
conditions. With these values of k1 and k2, the magni-
tude of the term (1 � k2qo

1/2/k1) in Eq. [6] has been
considered as unity, as for qo ~ 107 cm�2 k2qo

1/2/k1 tends
toward zero. The theoretical values of (r � ro)/G
(estimated using Eq. [6]) considering k = 0.3 and
b = 0.28 nm are plotted against strain together with
the experimental results for the alloy aged at 773 K and
873 K (500 �C and 600 �C) (Figure 15(b)).

The predicated values of (r � ro)/G estimated using
Eq. [6] are in good agreement with the experimental
ones at higher strain for Stage-III for the SA500
specimen and for the Stage-IIIb for SA600 sample when
M is considered as 1.62. This observation together with
the earlier one, in which M = 1.62, satisfactorily
describes the stresses calculated using Eq. [2], leads to
infer that consideration of M as 1.62 appears reason-
able. However, the magnitude of Taylor’s factor (M) as
1.62 is difficult to justify scientifically for BCC materials.
It may be considered that the magnitude of Taylor’s
factor (usually 3.0) in Eqs. [2] and [6] could have a
multiplier (~0.54), which makes the present estimate of
M as 1.62; the physical meaning of the multiplier needs
to be examined in a future investigation. Equation [6]
predicts early saturation of the stresses as indicated in
the Stage-IIIa for the SA600 specimen (Figure 15(b)).
Thus, Eq. [6] involving dislocation–dislocation interac-
tion does not satisfactorily describe Stage-III over the
entire stress region. This might be due to the fact that
the dependence of dislocation mean free path on
dislocation density is not followed because of closely
spaced second-phase a-particles. Estrin–Mecking[25]

considered the mean free path as constant for particle-
strengthened or fine-grained material; the mean free
path for these microstructures is considered as the
particle spacing or the fine grain size. In the present
study, the dislocation mean free path can be described

by the inter-a-spacing and net evolution of dislocations
can be expressed as

dq
deP

¼ M
1

bL
� k2q

� �
; ½8�

where L is mean free path of a dislocation, which
equates to the spacing (k) between the a-phases.
The inter-a-spacing/cell size is either finer (in the

SA500 specimen) or of the same order to that of
dislocation mean free path for dislocation–dislocation
interaction in the investigated aged conditions and hence
Eq. [8] should be applicable for all these specimens.
One can note the major difference between K–M (in

which the dislocation mean free path is inversely
proportional to q1/2) and E–M model (in which dislo-
cation mean free path is constant) is related to the fact
that the plot of h(r � ry) against (r � ry) passes
through origin in the former, whereas it cuts the
ordinate with some significant value for the latter.
Figure 16 reveals that h(r � ry) vs (r � ry) plot for the
SA500 sample (with smaller inter-a-spacing) yields
considerable intercept, whereas the plot for the SA600
specimen (with relatively larger inter-a-spacing) shows a
negligible intercept. These intercepts are inversely pro-
portional to the particle spacing as proposed by the
E–M model.[25]

Further, integration of the Estrin–Mecking expression
[Eq. [8]) and subsequent substitution in Eq. [5] results in

Table V. Values of the Parameters ho and b for all the Aged Specimens

Sample

ho (MPa) b

Stage-IIIa Stage-IIIb Stage-IIIa Stage-IIIb

SA500 12,981 84.1
SA535 11,816 76.6
SA550 21,284 9942 209 56.1
SA600 12,687 6029 156.6 34.4

ho, Athermal hardening coefficient and b, dynamic recovery term in Kocks–Mecking expression.

Fig. 16—Plots of h(r � ro) vs (r � ro) for SA500 and SA600 speci-
mens.
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ðr� roÞ ¼ kMGb
1

bk2L
f1� expð�k2MeÞg

�

þqo expð�k2MeÞ
i1=2

;

½9�

where the parameters are similar to those stated earlier.
The last term of Eq. [9], i.e., qoexp(�k2Me), can be
neglected following the same reason given for qo in
Eq. [6]. The values of the k2 for the aged conditions are
determined from the slope of linear Stage-III regions as
illustrated in Figure 16. Considering the values of L as
inter-a-spacing (Table II), estimated values of (r � ro)/
G from Eq. [9] are plotted in Figure 15(b) with the
experimental results. The predicted values with
M = 1.62 agree well with the experimental results for
the alloy aged at both 773 K and 873 K (500 �C and
600 �C). This implies that for a finer microstructure in
the presence of second-phase particles, the Estrin–
Mecking model in Eq. [8] better describes the work
hardening than the KM model in Eq. [3]. But, it should
be kept in mind that the observed deformation of the a-
phase in the latter stages of SA600 sample is not
considered here for describing the E–M model for this
aged condition.

V. CONCLUSIONS

1. Theoretical calculations of the volume fraction of a-
phase in Ti-15-3 alloy using ThermoCalc software
indicate a decrease in content with an increase in
aging temperature from 773 K to 873 K (500 �C to
600 �C). Quantitative microscopy and XRD results
support the above trend. The discrepancy in the es-
timated volume fraction of the a-phase determined
by theoretical and experimental approaches is at-
tributed to the consideration of equilibrium in theo-
retical calculation and its absence in the generated
microstructure.

2. The strength and elastic modulus of the alloy dete-
riorated and the ductility improved at higher aging
temperatures based on the size of the a and the ex-
tent of the a–b interface; at a higher aging tem-
perature, the coarsening of a occurs with a
concomitant decrease in the inter-a-spacing.

3. The yield strength of the aged alloys increases with
a decrease in the inter-a-spacing. The dependency
of yield strength on inter-a-spacing can be qualita-
tively described by the Meyer–Ashworth relation-
ship.

4. The specimens aged at higher temperature reveal a
change in the deformation behavior due to the de-
formation of a at higher plastic strains, but alloys
aged at low temperatures do not indicate such de-
formation in the a-phase. It is considered that the
deformation is governed significantly by the charac-
teristics of inter-a-spacing.

5. Analyses of the work hardening behavior of the in-
vestigated alloy indicate that for a fine two-phase

a–b structure the Estrin–Mecking model better de-
scribes the deformation behavior than that by the
Kocks–Mecking model.
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