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Al-Si-Mg-based secondary cast alloys are attractive candidates for thin-walled high-pressure die
castings for applications in the transport industry. The present study investigates the effect of
manganese additions at high cooling rates on microstructure, mechanical properties, and on the
dominating fracture mechanisms of alloy AlSi10Mg with an elevated iron concentration. Sys-
tematic variations of the Mn content from 0.20 to 0.85 wt pct at a constant Fe content of
0.55 wt pct illustrate the key changes in type, phase fraction, and shape of the Fe-containing
intermetallic phases, and the corresponding influence on the alloy’s ductility. For high-pressure
die casting (HPDC), an optimal range of the Mn content between 0.40 and 0.60 wt pct,
equivalent to a Mn/Fe ratio of approximately 1, has been identified. At these Mn and Fe
contents, the high cooling rates obtained in HPDC result in the formation of fine and homo-
geneously distributed a-Al15(Fe,Mn)3Si2 phase, and crack initiation is transferred from AlFeSi
intermetallics to eutectic silicon. The study interprets the microstructure–property relationship
in the light of thermodynamic calculations which reveal a significant increase in undercooling of
the a-Al15(Fe,Mn)3Si2 phase with increased Mn content. It concludes that the interdependence
of the well-defined Mn/Fe ratio and the high cooling rate in HPDC can generate superior
ductility in secondary AlSi10Mg cast alloys.
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I. INTRODUCTION

THE majority of common high-pressure die casting
(HPDC) alloys used in the transport industry are based
on the aluminum-silicon-magnesium system due to its
excellent casting abilities.[1–3] As high ductility is abso-
lutely mandatory for the implementation of aluminum
in structural casting components, the alloy systems used
today are produced from primary aluminum to keep
impurities as low as possible and ensure good deforma-
bility. Several primary aluminum alloys have been
developed for that purpose (e.g., Table I).

All the listed ductile alloys share the fact that their
iron content is strictly limited to avoid the formation of
undesired intermetallic phases, especially of the plate-
shaped b-Al5FeSi phase, whose detrimental effect on the

mechanical properties of Al-Si alloys is well known and
has been described extensively.[1–8] In contrast, usual
secondary HPDC alloys possess iron contents of 1 to
2 wt pct, making them easy recyclable from different
alloy families, but at the expense of an extremely poor
deformability. While secondary aluminum alloys are
beneficial for practical, economical, and ‘carbon-foot-
print’ points of view, their increased iron content is still
the key obstacle to a widespread use in casting appli-
cations which require high ductility. Accordingly, var-
ious means and methods to prevent b-phase formation
have been discussed in the literature.[1–6] This prevention
can be achieved either by influencing the solidification
process[3,7,8] or by adding so called ‘iron correctors’ such
as Mn, Cr, and Co, which replace the b-phase by the
favored polyhedral-shaped a-Al15(Fe,Mn)3Si2-phase.

[1–6]

For large-scale industrial usage, the Fe correction with
Mn is accepted as the preferred economical solution due
to its easy and uncritical implementation, and its
relatively low price compared to other potential correc-
tor elements. In addition, manganese helps to prevent
die soldering during processing.
When typical secondary alloys with iron contents

>1 wt pct are tried to be corrected with manganese, a
new problem arises due to the so called sludge forma-
tion, meaning large intermetallic particles which may
form at early stages in the casting process and influence
the mechanical properties crucially.[2,5–9] Therefore,
secondary Al-Si-Mg alloys generally do not reach the
ductility of primary Al-Si-Mg alloys due to the effect of
Fe, even if present as favorable a-Al15(Fe,Mn)3Si2-
phase. Many investigations have sought a better
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understanding of the quantity of Mn necessary to fully
tie a specific amount of Fe into the a-phase, and how
much Mn and Fe are tolerable when sludge formation
should be avoided. However, almost all of these studies
have been carried out on samples produced on a
laboratory scale and/or using gravity mold casting.[4–
6,10,11] Only little work has been done to comprehend
how the much higher solidification rate in HPDC
processes affects the formation of the Fe bearing phases
and which ratio of Fe to Mn should be chosen to
maintain high ductility even in alloys containing
increased Fe content. Recently Ji et al.[12] published
their investigations on how varied Fe and Mn concen-
trations affect the phase formation and the mechanical
properties of Al-Mg-Si alloys in HPDC. However, their
findings for the Al-Mg-Si alloy family[12] cannot be
directly related to Al-Si-Mg alloys, because they differ in
their solidification sequence and microstructure. The
same applies to the patent application of Lumley et al.,
who determined Mn/Fe ratios for Al-Si-Cu alloys.[13]

The objective of the present study was to fill the gap
between iron-free primary alloys and strongly iron-
containing (>1 wt pct) secondary alloys by investigating
the intermediate window and to develop an alloy system
with the recycling skills of secondary and the mechanical
abilities of primary aluminum alloys. An iron content of
0.55 wt pct was selected, providing the opportunity to
use secondary aluminum, i.e., Al of low purity, with its
advantage of reduced costs and attractive ecological
footprint. However, the mechanical properties must be
retained. Thus, the ambition of our study was to
evaluate an optimal chemical Mn content for AlSi10Mg
(with 0.55 wt pct Fe) for use in HPDC processing, and
specifically to (i) clarify the effect of Mn on the type,
fraction, and shape of the dominant AlFe(Mn)Si inter-
metallics; (ii) generate a better understanding of crack
initiation under tensile loading; and (iii) evaluate the
mechanical properties, with special emphasis on ductil-
ity, where we aim to sustain the excellent deformation
behavior of primary Al-Si-Mg alloys, i.e., an elongation
to fracture of>10 pct.

II. EXPERIMENTAL

The alloy design was guided by the following targets:
(i) good castability, ensured by a high Si content of
about 10 wt pct; (ii) high Fe content of 0.55 wt pct,
enabling the use of high Al-scrap fractions; and (iii)
systematic variation of the Mn content in order to cover
a broad range of intermetallic AlFe(Mn)Si emergence,
from b-phase at low-Mn content to sludge formation at

very high Mn additions. Even if the overarching
problems of sludge formation are mainly related to
reduced tool life and machinability, its effect on micro-
structure and mechanical properties is also of particular
interest. Sludge is known to occur at a critical concen-
tration of Fe, Mn, and Cr. It can be estimated by a
critical segregation factor (SFcrit � 1.8), with
SF = Fe+2Mn+3Cr (in wt pct).[4,9,14,15] The Fe
content of 0.55 wt pct makes it possible to choose
different amounts of Mn without exceeding the critical
SF limit. Thermodynamic calculations in equilibrium
and non-equilibrium conditions have been carried out
using Pandat software[16] to evaluate the amount of a-
and b-phase at different Mn concentrations. The results
of the simulations for AlSi10.5Mg0.4Fe0.55-Mn are
shown in Figure 1, together with the corresponding
segregation factors.
Four different alloys A-D were chosen with increasing

Mn content (0.2, 0.4, 0.6, and 0.85 wt pct, respectively)
including the transition from the a- plus b-phase field to
the solely a-phase area (Table II). According to the
thermodynamic modeling, the two low-Mn alloys A and
B should form the detrimental b-phase, whereas alloy D
is assumed to show the appearance of large sludge
a-particles (SF> 1.8). The composition of alloy C is
designed just in between so that neither b-phase nor
sludge should appear.
The selected chemical compositionswere cast into sheets

of 3-mm thickness, 60-mm width, and 220-mm length,

Fig. 1—Phase fraction of a-Al15(Fe,Mn)3Si2- and b-Al5FeSi-phase in
alloy AlSi10.5Mg0.4Fe0.55-Mn at 773 K (500 �C), calculated for
equilibrium condition. The gray area depicts the prediction of sludge
formation (SF>1.8).

Table I. Conventional Primary Casting Alloys with High Ductility Based on the Aluminum-Silicon-Magnesium System (Element

Content in Weight Percent)

Alloy Si Mg Fe Mn Cu Ti Sr

Silafont 36 Rheinfelden 9.5 to 11.5 0.1 to 0.5 0.15 max 0.5 to 0.8 0.03 max 0.15 max 0.01 to 0.02
Aural 2 Magna 10 to 11 0.1 to 0.6 0.15 to 0.20 0.45 to 0.55 — 0.04 to 0.08 0.01 to 0.016
A367 Mercury Castings 8.5 to 9.5 0.3 to 0.5 0.25 max 0.25 to 0.35 0.25 max — 0.05 to 0.07
A368 Mercury Castings 8.5 to 9.5 0.1 to 0.3 0.25 max 0.25 to 0.35 0.25 max — 0.05 to 0.07
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using a 400 t vacuum-assisted die casting machine. The
desired compositions were achieved by alloying commer-
cial pure aluminum 99.8. The melt temperature during
castingwas 983 K (710 �C), and themoldwasheatedbyoil
circulation to approximately 393 K (120 �C). The micro-
structure of the alloys was characterized using a Zeiss
Crossbeam 1540EsB scanning electron microscope (SEM)
equipped with energy dispersive X-ray spectroscopy
(EDS) and focused ion beam (FIB). Samples of
10 9 10 9 3 mm3 were cut from the middle of the casting
sheet and polished for microstructural characterization.
Good contrast for the intermetallic phases was obtained
using a quadrant back scattering detector (QBSD). EDS
analysis was carried out using an acceleration voltage of
20 kV. Characterization of the distribution, size, and
fraction of intermetallic particles was performed with
Matlab Software and ImageJ. Ten random SEM pictures
(5009)were evaluated for eachalloy. FIB cutswere carried
out very close to the fracture region of tensile test
specimens. By avoiding the conventional polishing route,
it was assured that no preparation artifacts remained on
the surface, and by taking SEM pictures directly after FIB
milling, the sample could be examined in an evacuated
environment without exposure to atmosphere. The images
afterFIBmillingwere takenwith a secondary electron (SE)
and in-lens detector (IL), as the QBSD detector could not
be used in combination with the FIB gun. Mechanical
properties were determined in tensile tests according to
DIN EN ISO 6892 using a Zwick &Roell Z020 tensile test
machine with a 20 kN load cell and TestExpert software.
Flat tensile samples with 10 9 3 mm2 cross section were
cut from the sheets after undergoing T7 tempering,
including solution heat treatment at 733 K (460 �C) for
1 hour, water quenching, and annealing at 493 K (220 �C)
for 2 hours.The testswere performed at room temperature
at a strain rate of 0.008/s and an extensometer gage length
of 30 mm. For each alloy, nine tensile specimens were
tested, and average values for the yield strength, ultimate
tensile strength, uniform elongation, and elongation to
fracture were calculated. Differential scanning calorimetry
(DSC) was performed on a Mettler Toledo DSC 1 using
cooling rates of 5, 10, 50, and 100 K/min for flat specimens
of 22 mg. Measurements were conducted between 973 K
and 573 K (700 �C and 300 �C) in alumina pans with an
empty pan on the reference platform and employing an
argon gas flow of 30 mL/min. An additional setup was
deployed to realize the extremely high cooling rates
occurring in HPDC, in which about 4 g of alloy material
was poured by means of a levitation system into a copper
mold equipped with a thermocouple with data capture of
1 kHz, resulting in cooling rates of approximately
2.5 9 104 K/min.

III. RESULTS

A. Microstructure

Figure 2 shows the microstructure of each of the four
alloys in the middle of the casting sheet and illustrates
the effect of an increasing Mn content. It is obvious that
the undesired platelet-shaped b-phase (which appears in
needle shape in 2D) is only detectable in alloy A, with
the lowest Mn content of 0.2 wt pct. When the Mn
content is increased to 0.4 wt pct (alloy B), the b-phase
has completely disappeared but is replaced by small
polyhedral particles that were analyzed with EDS as the
a-Al15(Fe,Mn)3Si2 phase (Table III). A further increase
in Mn produces a remarkable refinement of these
primary intermetallic particles (alloy C), whereas alloy
D, with the highest Mn concentration, shows the
occurrence of large a-particles that are attributed to
sludge formation during casting (Figure 1).
The phase fraction of intermetallic compounds increases

with the addition of Mn and corresponds well to thermo-
dynamic calculations (Figure 3(a)). However, raising the
Mn content does result not only in a higher phase fraction
of the a-phase but also in an obvious change in its size
(Figure 3(b)). The median of the minimum feret diameter
of the particles in alloy B, with 0.4 pct Mn (2.25 lm), is
reduced by one-third through an increase to 0.6 pctMn in
alloy C, and a further slight decrease in diameter is
observed for alloy D. For Figure 3(b), only phases up to a
maximum area of 25 lm2 have been evaluated to avoid
falsification due to very large sludge particles in alloy D.
Note that the distribution of the cumulative frequency is
quite similar for alloys C and D but deviates remarkably
for alloy B. Further details of the diameter distribution are
given in Table IV. Because alloy A shows only little
primarya-phase,no statisticallymeaningfulmeasurements
could be carried out.
In addition to the clearly visible primary a- and

b-phases, some fine intermetallic phases (IMP) can be seen
in Figure 2. Their size is very small, making it impossible
to detect their accurate chemical compositions using
SEM/EDS. According to thermodynamic calculations, it
may be assumed that they are formed during the eutectic
reaction and are primarily of type p-Al8FeMg3Si6.

B. Mechanical Properties

Figure 4 shows the tensile test results for the alloys in
T7 temper. The yield strength of the four alloys is in the
range of 150 MPa and is not significantly affected by the
different Mn contents, just like the ultimate tensile
strength, which scatters around 225 MPa. However, a

Table II. Chemical Composition Measured by Spectral Analysis, Segregation Factor (SF), and Expected Iron-Containing Phases

of the Investigated Alloys (Element Content in Weight Percent)

Alloy Si Mg Fe Mn SF Phases (Calculated)

A 10.54 0.41 0.55 0.20 0.95 Al15(FeMn)3Si2+Al5FeSi
B 10.62 0.42 0.55 0.41 1.37 Al15(FeMn)3Si2+Al5FeSi
C 10.34 0.40 0.55 0.62 1.79 Al15(FeMn)3Si2
D 10.46 0.41 0.52 0.85 2.22 Al15(FeMn)3Si2 (sludge)

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 46A, MARCH 2015—1037



significant influence can be seen on the uniform elonga-
tion and the elongation to fracture. The alloy modifica-
tions B and C exhibit an elongation to fracture of about
12 pct, which is considerably higher than that of alloys A
and D; they also show an increase in uniform elongation.
The stress–strain curves are similar in shape, indicating
that the alloys have the same yield strength and UTS and
therefore identical strain-hardening behavior, which is
confirmed by a strain-hardening exponent between 0.18
and 0.19 for all investigated alloys. However, while the
uniform elongation is only slightly changed, it clearly
turns out that the elongation to fracture is significantly
different between the four alloys.

C. Fracture Behavior

To investigate the effect of intermetallic particles of
different shape and size on mechanical behavior, and in

particular on the fracture mechanism, a SEM study,
which also deploys a FIB as a sample preparation tool,
was carried out. Based on the microstructural observa-
tions presented in Figure 2, three of the four alloys were
chosen for FIB investigations, namely A, B, and D.
Because alloy C shows a morphology, which although
more refined, is comparable to that of alloy B, and
similar mechanical properties, no significant difference
in the fracture mechanisms of these two alloys was
expected. Using a FIB, some microns of the sample
surface perpendicular to the fracture surface were
removed to open the view inside the material (Figure 5).
Afterward, the exposed surface was examined directly
inside the vacuum chamber.
Figure 6 shows two SEM pictures of the microstruc-

ture close to the fracture zone for each of the three
observed alloys. A dual consideration is essential to gain
a comprehensive view of the complete microstructure,
with the in-lens detector (IL) highlighting the eutectic Si
particles and the secondary electron detector (SE)
monitoring the a- and b-phases. The first letter of the
image designation indicates the investigated alloy, while
the following notation refers to the detector used. The
images show a section near to the fracture surface (white
rectangle in Figure 5).
From Figure 6 A-SE, it is obvious that the b-Al5FeSi

phase, in white, exhibits needle/platelet-like morphology
as described above. The Si particles, shown black in
A-IL, were spheroidized during heat treatment and are
therefore globular shaped. For alloy A, it is apparent
that most of the microcrack and cavity formation can be

Table III. Theoretical and Measured Chemical Compositions
of a-Al15(Fe,Mn)3Si2 and b-Al5FeSi, Measurements by EDS

Phase

Element Concentration (at. pct)

Al Si Mn Fe

a-Al15(Fe,Mn)3Si2
Theoretically 75.0 10.0 R(Mn+Fe) 15.0
Measured 75.8 12.2 8.4 3.6

b-Al5FeSi
Theoretically 71.4 14.3 — 14.3
Measured 70.7 20.8 1.8 6.7

Fig. 2—Iron- and manganese-containing phases of the four investigated alloys (A-D; see Table II). The transition from platelet-shaped to globu-
lar phases between alloys A and B and the occurrence of large a-phase (sludge) in alloy D are evident.
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attributed to the fracture of the b-platelets (white
arrows). While microcrack formation takes place via
fragmentation of b-platelets oriented roughly parallel to
the loading direction, which is from top to bottom in all
images, decohesion at the b-phase/matrix interface can
be observed at the b-platelets oriented roughly perpen-
dicular to the loading direction. Only few microcracks
emerge at the spheroidized eutectic Si particles (marked
by arrows in Figure 6 as examples). When the b-

platelets are transformed into globular a-Al15(Fe,Mn)3
Si2 phase by adding Mn as in alloy B (and C), crack
initiation takes place at Si particles and only few
intermetallic a-Al15(Fe,Mn)3Si2 phases act as failure
initiation sites (Figure 6, B-IL and B-SE). Again, two
different mechanisms are apparent: cracking of the Si
particles and particle/matrix decohesion (marked by
arrows in Figure 6). Obviously, the predominant dam-
age mechanism can be related to the eutectic Si particles
and not the Fe-containing intermetallic phases. Thus,
the influence of the latter is of minor importance. When
the weighted sum of Fe and Mn is increased over the

Table IV. Median Diameter d50 and 95 Pct Confidence

Interval (d2.5 and d97.5) of the a-Al15(Fe,Mn)3Si2 Particles

Alloy

Median
Diameter
d50 (lm)

Confidence Interval 95 Pct

Lower
Limit

d2.5 (lm)

Upper
Limit

d97.5 (lm)

A — — —
B 2.25 0.7 5.2
C 1.54 0.6 3.5
D 1.24 0.7 4.1

Fig. 3—(a) Phase fraction and (b) cumulative size frequency of the
minimum feret diameter of the a-particles (excluding sludge). The in-
set shows the median of the minimum feret diameter for alloys B, C,
and D.

Fig. 4—(a) Yield strength (YS) and ultimate tensile strength (UTS);
(b) uniform elongation and elongation to fracture in T7 condition;
(c) representative stress–strain curves of the four alloys (particular
symbols have been added for reasons of distinction).
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postulated limit of the segregation factor (SF> 1.8) and
large primary intermetallic particles are formed in the
casting parts, as in alloy D, the dominating crack
initiation site switches back to Fe-containing interme-
tallic phases, but only to the large sludge particles

(marked by arrows in Figure 6). Similar to the situation
in alloy B, the small globular a-Al15(Fe,Mn)3Si2 parti-
cles do not act as crack initiators, but few small voids
also formed close to spheroidized Si particles. Image
D-SE clearly shows that the large sludge particles tend
to crack in multiple ways during tensile loading,
resulting in the formation of huge cavities in between.

IV. DISCUSSION

A. Influence of Mn Content on the Microstructure
in HPDC

As expected from thermodynamic modeling
(Figure 1), the intermetallic phases occurring in the
investigated alloys (Figure 2) depend essentially on the
ratio and cumulative amount of Fe and Mn. While alloy
A features the undesired platelet-shaped b-Al5FeSi
phase, alloy B and C exhibit the favored a-Al15(-
Fe,Mn)3Si2 phase that forms in polyhedral morphology.
In alloy D, the fine dispersed a-phase is also present, but
some large a-particles (sludge) have also formed during
the casting process. While it can be assumed that the
small primary b- and a-phases solidify in the die, the
sludge particles are supposed to already emerge in the
shot sleeve when the hot melt is poured into the cold
casting chamber of the HPDC machine. Similar obser-
vations on the formation of Fe- and Mn-containing

Fig. 5—FIB sample preparation and imaging of the fracture behav-
ior. The white rectangle displays the investigated sample area (see
Fig. 6).

Fig. 6—FIB cross section near the fracture surface of alloys A, B, and D. Images were taken with an in-lens detector (IL) and a secondary elec-
tron detector (SE). Arrows indicate the main cavity formation sites.
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intermetallics in aluminum alloys have been reported in
References 4, 12, 15. Nevertheless, it is worth noting
that the critical segregation factor is temperature depen-
dent, and thus, SFcrit is influenced by the casting
temperature and the thermal conditions in the shot
sleeve. However, the processing conditions are well
reflected by SFcrit = 1.8 in our case.

While the increase in the Mn content from alloys A to
B generates a considerable change in the primary
intermetallic phase from b to a, further addition of
Mn (alloys B to C) results in significant refinement of the
a-particles (Figures 2 and 3(b)). However, an additional
increase from 0.6 to 0.85 pct for alloy D does only
slightly change the a-particle diameter if large sludge
particles (>25 lm2) are excluded. To understand these
microstructural changes, it is helpful to consider the
solidification sequence of the investigated alloys, shown
in Figure 7(a) using alloy B as an example. It is obvious
that the first phase to precipitate from the melt is the a-
Al15(Fe,Mn)3Si2 phase at approximately 887 K
(614 �C). The second phase which solidifies is FCC
aluminum at about 862 K (589 �C), while all other
phases set only during the eutectic transformation,
which starts at 846 K (573 �C). The amount of a-

intermetallics increases with increasing Mn content, as
shown in Figure 7(b).
As shown in Figure 7(b), not only does the phase

fraction of a-Al15(FeMn)3Si2 increase with increasing
Mn concentration but its liquidus temperature is also
shifted to higher values. Raising the Mn content from
0.2 to 0.8 wt pct leads to a shift of the a-liquidus of
more than 40 K. Let us therefore assume hypothetically
that, for otherwise identical cooling conditions (high
cooling rates in HPDC), the undercooling of the a-
Al15(FeMn)3Si2 phase inside the die is increased by the
magnitude of the shift of its solvus temperature. This
would enlarge the undercooling by about 15 K when the
Mn content is increased from 0.4 wt pct (alloy B) to
0.6 wt pct (alloy C), and produce a higher nucleation
rate, which in turn may explain the observed micro-
structural refinement.[17] The reason for the minimal
further refinement at an Mn content of 0.85 wt pct
(alloy D) can be explained by the formation of the
ultralarge a-sludge particles in the shot sleeve. When
part of the Fe and Mn content is already consumed
inside the shot sleeve, the concentration of these
elements in the melt that enters the die is reduced, and
the melt composition and the undercooling of the a-
phase are expected to be close to the range of alloy C.
Very recently Ji et al.[12] investigated the effect of

different Fe concentrations on phase formation in
AlMg6.2Si2.2Mn0.54 processed via HPDC. A quanti-
tative re-examination of their published microstructures
with ImageJ indicates a similar effect. At their lowest Fe
content (0.21 wt pct), the a-AlFeMnSi phase appears as
globular particles, and an increase in the iron level to
0.62 wt pct generates a reduction of their minimum feret
diameter from 0.84 lm to approximately 0.46 lm; see
Figure 8(a). These findings agree with the results pre-
sented in Figure 3(b). A further increase of Fe to
1.24 wt pct results in the occurrence of large sludge
particles which grow bigger and more numerous at the
highest Fe concentration of 1.86 wt pct. If the large
sludge particles are excluded, as in the evaluation made
for Figure 3(b), the average particle size stays constant
for an Fe content above a certain limit, similar to what is
reported here for the AlSi10Fe0.5 alloy with different
Mn concentrations. Thus, the observed phenomenon
seems to occur generally and not only for a specific
alloy.
The hypothetical assumption of an increased und-

ercooling of the a-phase can also be applied to the
AlMg6.2Si2.2Mn0.54 alloy system. Thermodynamic
calculations show clearly that an increase in the Fe
content from 0.21 to 1.24 wt pct accompanies a shift of
the a-liquidus from 901 K to 940 K (628 �C to 667 �C)
(Figure 8(b)). A further increase to 1.86 wt pct Fe no
longer changes the liquidus temperature but leads to a
decline in the a-phase fraction, which can be explained
by the limited Mn and Si content of the alloy and the
consequential formation of Al13Fe4.

[12] These results
perfectly match the observations made in our
AlSi10.5Mg0.4Fe0.55 system.
The presented hypothesis of higher undercooling with

increased liquidus temperature of the a-phase implies
that a-Al15(Fe,Mn)3Si2 does not solidify as the first

Fig. 7—(a) Solidification of alloy B in non-equilibrium conditions
according to Scheil (particular symbols have been added for reasons
of distinction). (b) Solidification of the a-Al15(Fe,Mn)3Si2 phase for
the investigated alloys A-D.
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phase from the melt, as indicated by the thermodynamic
modeling, because then a coarsening of the intermetallic
particles with increasing Mn content would be expected.
A refinement due to higher Mn content only seems
reasonable if cooling is so fast that the intermetallic
phases solidify only when FCC aluminum solidification
begins, with its associated release of heat of fusion. This
sequence would generate the proposed increase in the
undercooling and nucleation rate. To support this
assumption, different thermo-analyses were carried
out. Figure 9(a) shows the temperature difference (DT)
between the onset of the a-Al15(Fe,Mn)3Si2 peak and the
FCC aluminum peak for different cooling rates and
alloys B and C measured by DSC. In order to illustrate
the thermal effects of different cooling rates on a-
Al15(Fe,Mn)3Si2 and FCC-Al solidification, the results
of DSC measurements performed at cooling rates of 10,
50, and 100 K/min are exemplarily shown for alloy C
(0.6 wt pct Mn) in Figure 9(b).

It is apparent that for both alloys, the difference
between the onset temperatures of a-Al15(FeMn)3Si2
and FCC aluminum decreases as the cooling rate

increases. For the alloy B with 0.4 wt pct Mn, a cooling
rate of 100 K/min is already sufficient to shift the
temperature of a-phase formation to the FCC aluminum

Fig. 8—(a) Cumulative frequency and median of the minimum feret
diameter of a-AlFeMnSi particles (excluding sludge), and (b) ther-
modynamic calculations of a-fraction (according to Scheil) as a func-
tion of the Fe content in alloy AlMg6.2Si2.2Mn0.54 (particle size
data evaluated from images presented in Ref.[15]).

Fig. 9—(a) Temperature difference DT between the onset tempera-
tures of a-Al15(FeMn)3Si2 and FCC aluminum for alloys B and C
measured by DSC for low to medium cooling rates. (b) Displace-
ment of the temperature difference DT for different cooling rates
exemplarily shown for alloy C. (c) Temperature–time progression for
fast cooling (~2.5 9 104 K/min) by levitation casting of alloy C with
0.6 wt pct Mn.
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solidification temperature. For 0.6 wt pct Mn, the initial
equilibrium difference is twice the value of 0.4 wt pct
Mn, and the maximum in cooling rate performable in
DSC of 100 K/min is not enough to shift the a-
Al15(FeMn)3Si2 onset together with the onset of FCC
aluminum, but the trend toward lower values is obvious.
Because the solidification rate in HPDC is in the range of
>104 K/min for thin-walled castings,[18] an entire clos-
ing of the gap between a-Al15(FeMn)3Si2 and FCC
aluminum solidification can be assumed. Similar obser-
vations were made by Belmares-Perales et al.[19] They
investigated AlSi7.3Cu3.5 alloys and report that b-
AlFeSi precipitation approaches the solidification onset
of eutectic Al-Si when the cooling rate is increased.
Figure 9(c) also shows the temperature–time progres-
sion for alloy C for very high cooling rate (2.5 9 104

K/min) in the levitation setup, and no thermal effect of
a-Al15(FeMn)3Si2 formation is detected.

B. Influence of the Microstructure on Fracture
Mechanisms and Ductility

The described changes in the microstructure based on
the different Mn levels are compatible with the obser-
vations from the tensile tests. The yield strength and
ultimate tensile strength levels are not influenced by Mn
additions since they only affect the Fe-containing
intermetallic phases and not the alloy’s matrix. b-
Al5FeSi and a-Al15(Fe,Mn)3Si2 do not act as hardening
phases because of their large average distance and low
volume content.[20] Figure 4(b), however, discloses a
considerable effect of the intermetallic phases on frac-
ture elongation. Alloys A and D reach fracture elonga-
tions of about 8 pct and are significantly less ductile
than alloys B and C with roughly 12 pct (Figure 4).

While the shape of the stress–strain curves is almost
identical for all alloys until the ultimate tensile strength
is reached and the uniform elongation is only slightly
enhanced in alloys B and C, major differences appear
after the samples have undergone necking and triaxial
loading is induced. Even if the variance is relatively high
and the error bars might overlap, the maximum elon-
gation values which show the real materiaĺs potential are
remarkably higher in alloys B and C. The scattering is
also quite typical for casting applications where several
internal defects can arise during processing and
solidification.
As expected, neither the platelet-shaped b phase nor

the large a-sludge particles are beneficial for ductility. At
increasing Mn content, a decisive change in fracture
initiation takes place, which was revealed by the FIB/
SEM study on fractured tensile samples (Figure 6).
Schematic drawings of the principal crack initiation sites
are shown in Figure 10.
In an alloy with insufficient low-Mn content (i.e.,

alloy A), the platelet-shaped b-Al5FeSi phase acts as the
main crack initiation site. b-phases oriented in the
loading direction break into several fragments and voids
are formed in between, whereas at b-phases perpendic-
ular to the loading direction, microcracks are formed by
decohesion of the b-phase/matrix interface.[21] Only
sporadic microcrack formation can be attributed to
cleavage of eutectic Si particles or Si particle/matrix
decohesion. However, this mechanism becomes predom-
inant for an alloy with an optimal Mn content (alloys B
and C). The a-Al15(FeMn)3Si2 phase is of comparable
size and morphology to the Si particles but appears in
considerably smaller numbers, and its effect on crack
formation becomes minor. No change in the fracture
mechanism takes place when the Mn content is

Fig. 10—Principal crack initiation in alloys with low, optimal, and high Mn content. The red arrows mark the loading direction: microcracks
and cavities are depicted in black, silicon particles in gray, and iron/manganese intermetallics in white (Color figure online).
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increased and the intermetallic phases become even
more finely dispersed (alloy C) until the Mn content
exceeds the limit for sludge formation at exaggerated
high Mn content (alloy D). The FIB images (Figure 6)
illustrate clearly that huge cavities are formed via
multiple cracking of the sludge particles, which in turn
causes reduced ductility.[3] Only if both the b-phase and
the sludge particles are avoided and the intermetallic
phases are kept small through the high cooling rates in
HPDC, can crack initiation be transferred to the eutectic
silicon particles and high ductility be ensured. Seifeddine
et al.[22] showed that the prevention of the b-phase via
Mn is also possible in permanent die casting. However,
they observed a declining elongation to fracture with
increasing Mn content because the b-phase is avoided at
the expense of the formation of large a-particles which
also possess a high cracking susceptibility. Fractograph-
ic analyses illustrated that for low Fe and Mn concen-
trations, eutectic Si particles control the fracture
process,[3,23] but as soon as large intermetallic phases
appear they become predominant. Seifeddine et al.[22]

concluded that in addition to chemical composition,
cooling rate has a substantial influence on phase
formation and fracture behavior. Higher cooling rates
weaken the negative effect of Mn on the elongation to
fracture by reducing the size of the a-phases and transfer
the crack initiation from the Fe-containing phases to the
Si particles. Assuming a persistent trend, the high
cooling rates achieved by HPDC in the present study
should definitely favor the Si particles as main crack
initiation sites. Wang et al.[24,25] observed simultaneous
cracking of Si particles and Fe-containing phases in
AlSi7 alloys with low Fe content. They evaluated
particle size, particle aspect ratio, and the extent of
particle clustering as main factors determining particle
cracking. It has also to be considered that the dispersion
of the intermetallic phases crucially affects the growth
and propagation of microcracks, as it was shown by
Cáceres and Taylor.[26] In Reference 22, it is stated that
hardness and elastic moduli of Si particles, b-Al5FeSi
and a-Al15(Fe,Mn)3Si2, are comparable. It is therefore
supposed that the brittleness of the a- and b-phases is
similar to that of silicon particles. Hence, it can be said
that for equal size and aspect ratio of eutectic Si and a-
phase, as in alloy B, the particle clustering is much more
pronounced for Si than for a-Al15(Fe,Mn)3Si2, and
therefore, cracking should occur in Si particles. Alloy C
shows an increased clustering of the a-phase, but this is
accompanied by a reduction in their size, which is
probably the reason why Si particles are still more
critical.

The microstructural observations together with the
mechanical tests have shown that if high ductility is
required, an increased Fe concentration must be cor-
rected with an accurate balanced amount of Mn to
avoid detrimental b-plates on the one hand and large a-
particles on the other. Only when the chemical compo-
sition of these elements is chosen precisely in a narrow
window leading to a full and optimized compensation of
Fe, the challenging requirements on the mechanical
properties and deformation behavior can be met. The
most promising Mn concentration for neutralizing

0.55 wt pct Fe in AlSi10Mg HPDC alloys is in the
range of 0.4–0.6 wt pct. Therefore, the requested Mn/Fe
ratio should be 0.7 to 1.1. Because it has been shown
that high Mn content refines the intermetallic micro-
structure, we suggest applying a simplified ratio of 1 for
optimal iron correction. This suggested ratio differs
notably from the values usually discussed in the litera-
ture. According to Cao et al.,[10] the Mn content should
not be less than half of the Fe content, to assure
neutralization. Ji et al.[12] also report that an Mn/Fe
ratio of 0.5 is sufficient to avoid the formation of the b-
phase in the class of Al-Mg-Si alloys processed in
HPDC, and Shabestari[4] found Fe platelets in alloys
with high Fe content only when Mn was<0.2 wt pct. In
contrast, Seifeddine et al.[22] recommend a Mn/Fe ratio
>2 for total avoidance of Fe-rich platelets. Taylor[27]

indicates that the common Mn/Fe ratio of 0.5 may not
always be sufficient to neutralize existing Fe content,
and also claims that, if ductility is considered, a critical
Fe content in Al-Si alloys is given by Fecrit = 0.075
Si � 0.05 [wt pct]. For our alloys with 10.5 wt pct Si,
the critical content would be Fecrit = 0.74 wt pct.
Although Fe concentrations higher than 0.55 wt pct
have not been studied in this work, the application of
the balanced proportion (Mn/Fe � 1) would lead to a
Mn content of 0.7 wt pct and result in a segregation
factor of 2.1, which is clearly above the postulated limit
of 1.8[9,15] confirmed for HPDC-AlSi10Mg alloys (Fig-
ure 3). Consequently, the formation of large particles
would have the above-mentioned negative implications
for mechanical properties. Lumley et al.[13] claim in their
patent application that Mn/Fe = 0.625 to 2.5 provides
enhanced fracture resistance in Al-Si-Cu alloys. The
lower limit is in good agreement with our proposed ratio
for Al-Si-Mg alloys, while the upper limit seems not
reasonable for secondary based alloys. Unfortunately,
microstructural changes in their suggested wide ratio,
especially concerning intermetallic phases, have not been
worked out.
The divergence in the assessment of the optimal Mn/

Fe ratio is certainly a consequence of processing via
HPDC at high cooling rates; most other studies have
used processing routes more easily available in the
laboratory, but which exhibit significantly lower cooling
rates.[4–6,10,11,22,25]

V. CONCLUSIONS

In summary, it has been shown that iron-containing
secondary near-eutectic AlSi10Mg cast alloys achieve
high ductility through the accurate adjustment of the
occurring intermetallic phases and the high cooling rate
present in high-pressure die casting.

1. Fracture mechanisms were shown to depend on the
chemical composition and fracture initiation to take
place at elongated b-phases, eutectic silicon parti-
cles, or large a-sludge particles.

2. An Mn/Fe ratio of 1 is recommended to create
‘uncritical’ fine dispersed polygonal a-Al15(Fe,Mn)3Si2
particles in HPDC and thereby maintain fracture
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initiation at the eutectic silicon particles (as in pri-
mary casting alloys) to produce superior ductility.

3. The size of a-Al15(Fe,Mn)3Si2 particles can be de-
creased by enhanced Mn addition, which increases
their liquidus temperatures and generates an in-
creased undercooling and higher nucleation rate for
the phase, provided that high cooling rates as in
HPDC are applied.

4. The Mn content cannot be extended arbitrarily but
is capped by sludge formation at high Mn concen-
trations; this agrees with the common segregation
factor criterion, SFcrit � 1.8 for typical HPDC pro-
cessing temperatures.

5. An unexpectedly good combination of yield
strength (150 MPa) and ductility (fracture elonga-
tion >10 pct) was reached for a class of secondary
cast alloys which also exhibit excellent castability
and sustainability. These alloys are very promising
candidates for complex-shaped, thin-walled castings
in the transport industry.
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