Phase Equilibria, Microstructure, and High-Temperature
Strength of TiC-Added Mo-Si-B Alloys
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TiC was added to Mo-Si-B alloys using a conventional Ar arc-melting technique, and the phase
equilibria, microstructure evolution, and high-temperature strength at 1673 K (1400 °C) were
investigated. The primary phase changed to Mo solid solution (Mog), M0sSiB, (T5), or TiC
depending on the composition. Following the primary phase solidification, a Moy + TiC,
Moy + T,, or Moy + T> + TiC + Mo,C eutectic reaction took place as the secondary solidi-
fication step. In some alloys, Moy + T, + TiC and Mog + T> + Mo,C eutectic reactions were
present as higher-order solidification steps. After annealing at 2073 K (1800 °C) for 24 hours,
Mo, T5, TiC, and Mo,C coexisted stably with microstructural coarsening. The coarsening rate
was much faster in an alloy with no TiC dispersion, suggesting that TiC has a strong pinning
effect on the grain boundary and interface migration. Compression tests conducted at 1673 K
(1400 °C) revealed strength properties of almost all the alloys that were better than those of the
Mo-Hf-C alloy (MHC). Alloy densities were 9 g/cm® or less, which is lighter than pure Mo and
MHC (210 g/cm®) and competitive with Ni-base superalloys. TiC-added Mo-Si-B alloys are

promising candidates for ultrahigh-temperature materials beyond Ni-base superalloys.
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I. INTRODUCTION

DEMANDS for energy efficiency improvements in
heat engines such as gas turbines and jet engines have
prompted calls for ultrahigh-temperature materials
available above the operating temperature of Ni-base
superalloys. The leading candidates for this purpose are
Mo-Si-B alloys consisting of Mo solid solution (Mog)
and MosSiB, (T,) because of their high melting point,
excellent high-temperature (creep) strength, and moder-
ate oxidation resistance in the ultrahigh-temperature
range.!' 'Y However, the low fracture toughness is a
drawback, but this can be improved by optimal control
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of the microstructure and Moy volume fraction.'> The
high density is also problematic for structural applica-
tions: For example, in turbine rotors, an increase in the
weight results in an increase in the centrifugal force,
which shortens the creep lifetime of the material. The
density of Ni-base superalloys ranges from 8.6 to 9.2
g/em’'® and the density of T, is of a similar value:
approximately 8.9 g/cm?.*®! However, in the case that
T, is incorporated with Moy (a density of approxi-
mately 10.2 g/em®!'”), it is unavoidable that the density
of a Mo-Si-B alloy becomes higher than that of Ni-base
superalloys. Furthermore, the introduction of a large
amount of Moy, into T, results in a lowering of the creep
strength in the ultrahigh-temperature region.!'!:'?

It is well known that Mo and TiC have a eutectic
reaction.["® The eutectic point is at about Mo-23TiC
(at. pct) at 2448 K (2175 °C), and the two solid phases
stably coexist below the eutectic temperature without
any phase transformation. As shown in Figure 1, each
phase is soluble in another one at a certain amount,
resulting in solid-solution hardening in both phases.!'”’
This leads to the expectation that TiC may equilibrate
with not only Mo but also other phases in the Mo-Si-B
system such as MosSi and T,. Since the melting point
and density of TiC are approximately 3433 K
(3160 °C)"! and 4.93 g/em? Y respectively, TiC may
be beneficial for improving the microstructural stability
and reducing the weight of Mo-Si-B alloys if it can
coexist with the constituent phases. However, to date,
there have been no studies on the phase equilibrium or
stability of Mo-Si-B alloys with TiC.

The purpose of this study, therefore, is to investigate
the phase equilibria of TiC-added Mo-Si-B alloys.
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Fig. 1—TiC-Mo pseudo-binary phase diagram.'®!

Solidification pathways and phase equilibria at 2073 K
(1800 °C) were determined in the compositional range
of 65 or 70 at. pct Mo, 1.7 to 6.7 at. pct Si, 3.3 to 13.3 at.
pct B, 7.5to 15.0 or 5.0 to 12.5 at. pct Ti, and 7.5 to 15.0
or 5.0 to 12.5 at. pct C in the Mo-Ti-Si-C-B five-element
system. Furthermore, compression tests were carried out
for the heat-treated alloys at 1673 K (1400 °C). The
high-temperature strength of the TiC-added Mo-Si-B
alloys is discussed in terms of the microstructure and
volume fraction of the constituent phases.

II. MATERIALS AND PROCEDURES

Eight TiC-added Mo-Si-B alloys, divided into two
series, were prepared by a conventional arc-melting
technique in Ar atmosphere. In series A, the Mo
concentration was fixed at 65 at. pct, and while keeping
the Si:B ratio at 1:2, the TiC concentration was varied
from 15.0 at. pct (Ay), i.e., 15.0 at. pct Ti and 15.0 at. pct
C, to 12.5 at. pct (A»), 10.0 at. pct (A3), and 7.5 at. pct
(A4). In series B, the Mo concentration was constant at
70 at. pct. Keeping the Si:B ratio at 1:2 in the same
manner as those alloys in series A, the TiC concentra-
tion was varied from 12.5 at. pct (B;) to 10.0 at. pct (B»),
7.5 at. pct (B3), and 5 at. pct (By). These weighed
compositions are tabulated in Table I and also
expressed schematically in the Mo-MosSiB,-TiC pseu-
do-ternary triangle shown in Figure 2. Button ingots of
approximately 15 g in weight were cast by melting
together pure Mo (99.99 wt. pct), Si (99.9999 wt. pct), B
(99.95 wt. pct), and cold-pressed TiC powder (99 wt.
pct, 2 to 5 um in diameter). Each alloy ingot was flipped
and remelted 5 times to insure maximum compositional
homogeneity. Prior to each melting, the furnace was
evacuated and filled several times with high-purity Ar
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Table I. Weighed Compositions of the TiC-Added Mo-Si-B
Alloys

Composition (at. pct)

Mo Si B Ti C
Ay 65.0 1.7 33 15.0 15.0
Aj 65.0 33 6.7 12.5 12.5
A, 65.0 5.0 10.0 10.0 10.0
Ay 65.0 6.7 133 7.5 7.5
B, 70.0 1.7 33 12.5 12.5
B, 70.0 3.3 6.7 10.0 10.0
B; 70.0 5.0 10.0 7.5 7.5
B, 70.0 6.7 13.3 5.0 5.0

Mo 10 20 30
MosSiB2 (at%)

Fig. 2—Compositional variation of the series A and B alloys in a
Mo-MosSiB,-TiC pseudo-ternary triangle.

gas, and a pure Ti ingot was melted before every melting
to remove residual O, and N, gases. There was little
difference (<0.1 wt. pct loss) in the alloy weight before
and after melting.

Heat treatment was carried out for all ingots at
2073 K (1800 °C) for 24 hours also in Ar atmosphere.
Constituent phases were identified by X-ray diffractom-
etry (XRD; Bruker D8 Advance) using Cu Ku radiation.
Microstructures were observed by scanning electron
microscopy (SEM; JEOL JSM-6500F and Philips
XL-30FEG) via back-scattered electron (BSE) images
and by transmission electron microscopy (TEM; JEOL
JEM-2100). Thin foils for the TEM observation were
prepared by a focused ion beam (FIB) technique (JEOL
JIB-4600F) using a Ga ion beam at 30 kV. Semi-
quantitative composition analyses of the constituent
phases were performed by energy dispersive X-ray
spectroscopy (EDX) in both SEM and TEM. The alloy
densities were measured at room temperature using
Archimedes’ principle. Compression specimens with a
size of about 2 x 2 x 4 mm® were cut from the center of
the ingots after heat treatment by electro-discharge
machining (EDM), and tests were conducted at 1673 K
(1400 °C) in a vacuum of better than 10> Pa using an
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Instron 8862 machine equipped with a vacuum furnace
and W-mesh heaters. The actuator speed was constant
at 0.05 mm/min corresponding to an initial strain rate of
2 x 107*s7!. For each test, the specimen was sand-
wiched between SiC plates, 15 x 15 x 5 mm in size, to
reduce the stress concentration at the surfaces of the W
push rods. For a comparison of the density and high-
temperature strength, an as-received alloy of Mo-(1.0-
1.3 wt. pct)Hf-(0.05 to 0.12 wt. pct)C (MHC) produced
by Plansee SE was employed in this study.

III. RESULTS

A. As-Cast Microstructures

Figure 3 shows the XRD profiles of the as-cast series
A and B samples. In this study, ideal X-ray intensities
were not obtained since bulk samples were used for
XRD. Qualitatively speaking, as shown in Figure 3(a),
the Moy, and TiC peaks of alloy A; are relatively strong
and there are low-intensity peaks of T,. With increasing
Si and B content keeping the Si-to-B ratio to 1/2 and
decreasing TiC content in alloys A; to A4, the T peaks
increased in intensity. In A3 and A4, the Mo,C peaks are
distinct, suggesting that the volume fraction of Mo,C
somehow increased with an increase in the Si and B and
a decrease in the TiC content. In contrast, the TiC peaks
are extremely weak in alloy Ay, suggesting that the
volume fraction of TiC drastically decreased in the alloy.
For the series B alloys, the peaks of the four phases, i.e.,
Mo, T», TiC, and Mo-C, are also detected as shown in
Figure 3(b). In a similar manner to the results seen for
series A, the TiC peaks became weaker and those of T,
and Mo,C became stronger with increasing Si and B and
deceasing TiC content. These results indicate that the
constituent phases of both the series A and B alloys are
Mo, T», TiC, and Mo»C and that their volume fraction
varies depending on the relative Si and B and TiC
contents.

As-cast microstructures of the series A alloys are
shown in Figure 4, and as expected from the XRD
profiles, the as-cast microstructure changes with com-
position. In alloy A; (Figure 4(a)), almost the whole
area is composed of primary TiC and a Moy + TiC
eutectic as the secondary phase where fine and elongated
TiC (black phase) is embedded in the Moy (White
phase). Between the primary TiC and Moy + TiC
eutectic areas, there are two more eutectics: Moy, +
T, + TiC and Moy + T, + Mo,C. (The constituent
phases were characterized by TEM-EDX as described
later in addition to XRD and SEM-EDX.) The fine
microstructure of these eutectics is on the submicrom-
eter scale and the volume fractions are much smaller
than that of the primary TiC and secondary Moy + TiC
eutectic. This is reason for the low intensity of the Mo,C
peaks in the XRD profile of alloy A;. The volume
fractions of the primary TiC and secondary Moy + TiC
eutectic in alloy A, are smaller than those in A; as shown
in Figure 4(b). Between the primary TiC and Mog +
TiC eutectic areas, there are fragments of T, in addition
to the Moy + T, + TiC and Moy + T, + Mo,C eutectics,
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Fig. 3—XRD profiles of the as-cast TiC-added Mo-Si-B alloys. (a)
Series A alloys. (b) Series B alloys.

which suggest that T, is the tertiary phase to be
solidified from liquid. In alloy A,, the microstructure
fineness of the Moy + T» + Mo,C eutectic is on the
micrometer scale, which is coarser than that of the
Moy + T, + TiC eutectic, which is still on the submi-
crometer scale. In alloy A; (Figure 4(c)), the volume
fractions of the primary TiC and secondary Moy, + TiC
eutectic are considerably smaller than those in A; and
A,, and colony structures consisting of the Mog +
T, + TiC and Moy + T, + Mo,C eutectics are
observed, with fragments of the tertiary T, between
the primary and secondary eutectic areas. The colony
boundaries are formed from the Moy + T, + Mo,C
eutectic, while the colony interiors consist of the
Moy + T, + TiC eutectic. The microstructure fineness
of the colony boundaries is on the micrometer scale,

METALLURGICAL AND MATERIALS TRANSACTIONS A



Fig. 4—BSE images of the as-cast microstructures of the series A alloys. (a) Ay, (b) As, (¢) Az, and (d) Ay.

similar to the case in A,, and coarser than the
submicrometer-scale colony interiors. The microstruc-
ture of alloy A4 is considerably different from the others
as shown in Figure 4(d). The primary phase of A4 is T,
and there are colony structures between the elongated
T, dendrites. However, neither the colony interiors nor
boundaries are composed of the Moy + T, + TiC
eutectic or the Moy + T» + Mo0,C eutectic, but of a
Moy + T, + TiC + Mo,C four-phase ecutectic. The
absence of the primary TiC and Moy + TiC eutectic
induces a significant decrease in the TiC volume, which
is consistent with the low-intensity TiC peaks in the
XRD profile of Ay.

As-cast microstructures of the series B alloys are
shown in Figure 5. The primary phase in alloy B; is
Moy, which has a dendritic shape as shown in
Figure 5(a), and a large volume of the secondary
Moy + TiC eutectic is also present. Between the
primary Moy and secondary Moy + TiC eutectic, there
are fine eutectic areas consisting of the Moy + T, + TiC
and Moy + T> + Mo,C ecutectics with a microstructure
fineness on the submicrometer scale. In alloy B,
(Figure 5(b)), the primary Moy became coarser and
globular. The secondary Moy + TiC, tertiary T,, and
Mo + T, + TiC and Moy + T, + Mo,C eutectics are
between the primary Mog. The volume fraction of the
secondary Moy + TiC appears to decrease in compar-
ison with that in B, suggesting that the composition of
B, is located further inside the primary Mo area and
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away from the Moy + TiC eutectic line. The dendritic
primary phase of Moy is also present in alloy Bs;, as
shown in Figure 5(c), but the Moy + TiC eutectic has
completely disappeared. The areas between the primary
Moy are entirely composed of the colony-structured
Mo + T, + TiC + Mo,C four-phase eutectic in a sim-
ilar manner to that observed in A,, where the micro-
structure fineness was also on the submicrometer scale.
Furthermore, in alloy B, (Figure 5(d)), the primary
Moy, completely disappeared, but there are still some
fragments of T,, suggesting that this is the primary
phase of B4. However, the volume fraction of the T is
very small, and almost all areas are composed of a
slightly coarser Moy + T, eutectic and a finer Moy +
T, + Mo,C cutectic. The presence of TiC in B4 was not
confirmed by SEM.

To confirm the phase constitutions of the eutectics
and that the microstructure fineness is on the submi-
crometer scale, the Moy + T, + TiC and Moy + T, +
TiC + Mo,C eutectics were observed and characterized
by TEM. An example TEM micrograph of the Mog +
T, + TiC eutectic in the interior of a colony in Aj is
shown in Figure 6(a). Diffraction patterns and EDX
spectra taken from the locations indicated by the
symbols in the bright-field image were analyzed as
shown in Figure 6(b) through (d). The results confirm
that the colony interior is composed of Moy, T,, and
TiC in the form of a Moy + T, + TiC three-phase
eutectic. Figure 7(a) shows a TEM micrograph of the
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Fig. 6—(a) Bright-field transmission electron micrograph of a colony interior of alloy Aj;. Diffraction patterns from the (b) [111] direction of
Moy, (c) [100] direction of T,, and (d) [001] direction of TiC.
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Fig. 7—(a) Bright-field transmission electron micrograph of a colony interior of alloy B;. Diffraction patterns from the (b) [100] direction of
Mo, (¢) 351 direction of T», (d) [100] direction of TiC, and (e) [432] direction of Mo,C.

Moy + T, + TiC + Mo,C in the interior of a colony in
Bs. Diffraction patterns (Figures 7(b) and (c)) and EDX
spectra again confirm that the colony interior is com-
posed of Moy, T», TiC and Mo,C.

B. Microstructures After Heat Treatment
at 2073 K (1800 °C) for 24 hours

During the heat treatment at 2073 K (1800 °C) for
24 hours, the microstructure changed in all the alloys
and coarsening took place particularly in the Moy +
T, + TiC, Moy + T, + Mo,C, and Moy + T, +
TiC + Mo,C ecutectic areas. In alloy A; (Figure 8(a)),
the primary TiC remains almost the same size and
shape, but the TiC in the Moy + TiC eutectic areas is
spheroidized. The sample is almost entirely composed of
Mo and TiC two-phase areas, with equiaxed T,
distributed between the two-phase areas. Very little
Mo,C was observed in the annealed A,. In the annealed
A,, the volume fraction of the Moy, and TiC two-phase
areas is smaller than that in A, in a similar manner to
the as-cast microstructure, and irregularly shaped T> fills
the space between the two-phase areas as shown in
Figure 8(b). As a result, the volume fraction of T, in A,
is higher than that in A;. In the annealed As, the volume
fraction of the Moy and TiC two-phase area is
considerably small, and dendritic-shaped areas consist-
ing of T, and Mo,C surrounded by Moy, are remarkably
developed (Figure 8(c)). Small precipitates are found in
the relatively coarse and dendritic-shaped T, areas.
Careful observation demonstrates that some areas where
the T, and TiC are homogeneously distributed in a Mog
matrix are also widely developed between the dendritic-
shaped areas. The constitutional phases in the
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dendritic-shaped areas are Moy, T>, and Mo,C, while
those in the Moy, matrix are Moy, T, and TiC. These
constitutional phases suggest that the dendritic-shaped
areas developed from the colony boundaries and that
the Moy matrix areas developed from the colony
interiors seen in the as-cast microstructure. The micro-
structure fineness of the dendritic-shaped areas is in the
order of several micrometers and that of the Moy, matrix
areas is in the micrometer scale. This means that these
areas underwent a tenfold increase in the coarseness
during heat treatment. In the annealed A4 (Figure 8(d)),
the dendritic primary T, remains with little change in the
shape or size and contains a large amount of small
precipitates. The equiaxed Moy + T, + TiC + Mo,C
four-phase areas are uniformly evolved on the microm-
eter scale between the primary T, dendrites, also
indicating an almost tenfold increase in the microstruc-
ture fineness of the Mo + T, + TiC + Mo,C eutectic
during heat treatment. It is worth noting that TiC exists
within or at the interfaces with Moy, but that it is scarce
in the T, and Mo,C in the homogenous microstructure
areas. Moy may play a role in the nucleation and/or
growth of TiC in the system.

In the annealed B; and B, alloys (Figures 9(a) and
(b)), the primary Mo, retains its shape and size, and the
TiC is spheroidized. T, is predominantly developed
between the Moy, and TiC areas. The primary Moy, and
relatively coarse T, contain fine precipitates. The pres-
ence of Mo,C in B; and B, was not confirmed by SEM.
In the annealed Bs, microstructure coarsening occurred
in the Moy + T, + TiC + Mo,C eutectic areas as
shown in Figure 9(c). Again, TiC exists within or at
the interfaces with Moy, but is scarce in the T, and
Mo,C. It should be noted that the boundaries of the
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Fig. 8—BSE images of the microstructures of the series A alloys after heat treatment at 2073 K (1800 °C) for 24 h. (a) Ay, (b) As, (¢) As, and

(d) As.

primary Moy, areas appear to be preferentially pinned
by TiC particles. TiC may prevent interfacial boundary
migration and improve the microstructure stability in
the alloys. Indeed, the microstructural evolution and
coarsening developed drastically in alloy B4, which has
no TiC, as shown in Figure 9(d). In the alloy, equiaxed
Moy, T», and Mo,C are homogeneously distributed on
a 10-um scale.

Figure 10(a) shows the interior of a coarse and
dendritic T, area in the annealed A; (Figure 8(c)). As
mentioned above, the primary or tertiary solidified
coarse T, contains a large amount of small precipitates.
As shown in Figure 10(a), these precipitates consist of
Moy, TiC, and Mo,C. This evidence indicates that the
as-cast T, contains an amount of supersaturated Mo, Ti,
and C. It is interesting that Moy and TiC combine even
within T,. Figure 10(b) shows the interior of a primary
Moy, area in the annealed B; alloy (Figure 9(c)): Plate-
like TiC precipitates within the primary Moy can be
seen. This indicates that the as-cast primary Mog
contains an amount of supersaturated Ti and C. No
other phases such as Mo,B, MoB, Mo3Si, or MosSis
were observed as precipitates.

The volume fractions of the constituent phases in the
series A and B alloys were measured from an image
analysis of the BSE contrast obtained after the heat
treatment. The results are shown in Figure 11. The
volume fraction data of T, and Mo,C are combined in
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this figure because it was difficult to separate these two
phases in the SEM-BSE images due to their weak
contrast difference. In the series A alloys, the volume
fractions of Mo, and TiC decrease and that of
T, + Mo,C increases as the composition changes from
that of A; to A4, as shown in Figure 11(a). The Moy
volume fractions in the series A alloys are relatively high
in spite of the TiC primary. A; has a Moy volume
fraction of over 60 pct, A, of over 50 pct, and Az of
approximately 46 pct. In contrast, the Moy volume
fractions in the series B are not as high despite the Mog
primary, as shown in Figure 11(b). There is a tendency
for the volume fraction of T, + Mo,C to increase with
decreasing volume fraction of TiC in both the series A
and B alloys.

C. Compressive Strength at 1673 K (1400 °C)

Stress—strain curves obtained from compression tests
at 1673 K (1400 °C) are shown in Figure 12. For
comparison, the stress—strain curve of MHC obtained
under the same conditions is also shown. As shown in
Figure 12(a), alloy A; began to yield at around
200 MPa, followed by work hardening, and transferred
to almost constant flow behavior at a plastic strain of
around 4 pct. The 0.2 pct proof stress was approxi-
mately 350 MPa. The onset stresses of yielding
were almost the same for the other series A alloys.

METALLURGICAL AND MATERIALS TRANSACTIONS A
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The work-hardening rate gradually increased as the
composition changed from alloy A; to Ay The stress—
strain curves place the ultimate compressive strength
(UCS) at around a 3 to 4 pct plastic strain for alloys A,
to A4. Consequently, the UCS increased as the compo-
sition changed from that of A; to A4 and was extremely
high, over 1 GPa, for A,. The flow stresses of A, and A;
decreased gradually, while that of A4 decreased rapidly
after the UCS. The MHC alloy also showed an onset
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stress of yielding at around 200 MPa. However, the
0.2 pct proof stress and constant flow stress are 300 and
350 MPa, respectively, which are much lower than the
series A alloys.

For the series B alloys, as shown in Figure 12(b), the
onset stress of yielding depends on the alloy composi-
tion, and as a result, the 0.2 pct proof stress also varies
among the alloys. The onset stress of yielding and
0.2 pct proof stress of By are almost the same as those of
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Fig. 11—Volume fractions of Moy, T, + Mo,C, and TiC measured
by image analysis for (@) series A alloys and (b) series B alloys.

the MHC, but those of B, are lower than those of the
MHC. The onset stress of yielding and 0.2 pct proof
stress of B; and By are higher than those of B; and the
MHC. The stress—strain curves show that B; and B,
transferred to constant flow behavior after work hard-
ening. In contrast, those of By and B4 show that the
UCS is followed by flow stress-lowering behavior. While
B,, B,, and B; had constant flow stresses or UCSs at
around a 3 to 4 pct plastic strain, a drop in the flow
stress occurred for less than 1 pct plastic strain in By.
The densities of the series A and B alloys after the
heat treatment are shown in Figure 13 and compared
with those of pure Ni, pure Mo,”” T,.®l MHC, and
some representative Ni-base single-crystal (SX) superal-
loys.'") The series A and B alloys have densities of
approximately 8.70 to 9.01 g/cm?®, which are comparable
to that of monolithic T,, 8.86 g/cm®, and within the
Ni-base superalloy density range. Therefore, the addition
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Fig. 12—Nominal stress vs. plastic strain curves obtained by com-
pression tests at 1673 K (1400 °C) and a strain rate of 2 x 1074 7L
(a) Series A and (b) series B alloys with MHC.

of TiC brings about the formation of Mog/T,/TiC/
Mo,C in the Mo-Si-B alloys and works to lower the
density to that of Ni-base superalloys. The 0.2 pct proof
stresses and UCSs obtained from Figure 12 are con-
verted into specific values by dividing by the density
data: The values are shown in Figure 14. Almost all the
0.2 pct proof stresses except that of B2 are in excess of
the MHC value, and all the UCSs (or constant flow
stresses) are higher than that of the MHC. For the series
A alloys, the UCS increased monotonically as the
composition changed from that of alloy A; to A4. The
UCS of A, is about twice as high as the constant flow
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Fig. 13—Densities of the series A and B alloys measured using
Archimedes’ princi%)le at room temperature, compared with those of
pure Ni, pure Mo, T, MHC, and some representative Ni-base
single-crystal (SX) superalloys.['®]
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Fig. 14—Specific 0.2 pct proof stress and ultimate compressive
strength of the series A and B alloys.

stress of the MHC, and those of A; and A, are three and
four times larger, respectively. The UCSs of the series B
alloys varied with their 0.2 pct proof stresses, and the
UCS of By is relatively low compared with that of Bj
because of the premature drop in the flow stress.
Figure 15 shows an SEM-BSE micrograph of alloy A4
after deformation. As can be seen, microcracking
occurred within the T, phase, but not in any other
phases. This microcracking within the T to a greater or
lesser extent was also observed in the other alloys, which
suggests that microcracking is responsible for the flow

METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 15—BSE image of the microstructure of alloy A4 after a com-
pression test at 1673 K (1400 °C).

stress-lowering behavior. In other words, TiC and Mo,C
exhibited good deformability at a temperature of
1673 K (1400 °C) and a strain rate of 2 x 107%s™'.
The volume fraction of T, + Mo,C in alloy Ay is the
highest and followed by that in B, (Figure 11). It is
expected from these results that the volume fraction of
T, is higher in alloys A4 and By, and this is a reasonable
expectation from the compositional variation shown in
Figure 2. Furthermore, alloy A4 has coarse and den-
dritic T, since the T, is the primary phase. Therefore, the
drastic drop in the flow stress of both A, and By
observed in Figure 12 is considered to be caused by
microcracking of the T, phase.

IV. DISCUSSION

In the TiC-added Mo-Si-B alloys, the four phases, i.e.,
Moy, T, TiC, and Mo,C, are crystallized out during
solidification. The primary phases of Ay, A,, and Aj
were TiC, and T, crystallization was observed in alloys
A, and Aj. It has been reported that the melting point of
T, is about 2473 K (2200 °C) near or at the stoichiom-
etric composition, while it is siFniﬁcantly lower for
nonstoichiometric compositions.™” As shown in
Figure 10(c), the crystallized T, contained a large
amount of supersaturated Moy, Ti, and C, suggesting
that the melting point of the T, crystallized out in alloys
A, and Aj is lower than 2473 K (2200 °C) and also
lower than the reaction temperature of 2448 K
(2175 °C) for the Mog + TiC eutectic (Figure 1).!'8
Thus, the secondary phase of alloys A;, A,, and Aj
would be the Mog + TiC eutectic, and the tertiary phase
of A, and A; would be T,. Alloy Az has colony
structures of Moy + T, + TiC and Moy + T, + Mo,C.
Since the colony interiors consist of Mog + T, + TiC
and the colony boundaries of Moy + T, + Mo,C, the
eutectic reaction of Moy + T, + TiC would be followed
by the reaction of Moy + T> + Mo0,C. For Ay, it is clear
that the primary and secondary phases are T, and the
Moy + T, + TiC + Mo,C eutectic, respectively. The
primary phase of By, B,, and B3 is Mog. Based on the
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same argument, the secondary phase of B; and B, is the
Mo, + TiC eutectic, the tertiary phase of B, is T, followed
by the Moy + T, + TiC and Moy + T> + Mo,C eutec-
tics. The secondary phase of Bz is simply the Moy +
T, + TiC + Mo,C eutectic. In By, the primary phase was
determined to be T,, although its volume fraction was
noted to be very small. It is not clear in the present study if
the reaction temperature of the Moy + T, eutectic or the
Moy, + T> + Mo,C eutectic is higher. However, since the
Moy + T> + Mo,C eutectic had colony structures and
the colony boundaries were coarser than the colony
interiors, it is suggested that solidification was completed
at the Moy + T> + Mo,C colony boundaries. Hence, for
By, the secondary phase is considered to be the Moy + T»
eutectic and the tertiary phase to be the Moy + T, +
Mo,C eutectic. Thus, the solidification pathways of the
series A and B alloys can be summarized as follows:

Alloy A;: TiC (primary) —» Moy + TiC eutectic
(secondary) — Moy + T, + TiC eutectic (ter-
tiary) = Mog + T, + Mo,C eutectic (quaternary).
Alloys A, and Aj;: TiC (primary) — Mog + TiC
eutectic  (secondary) — T2  (tertiary) —» Mo +
T, + TiC  eutectic (quaternary) —» Moy + T, +
Mo,C eutectic (quinary).

Alloy Ay T, (primary) -» Moy + T, + TiC +
Mo,C eutectic (secondary).

Alloy B;: Moy (primary) — Mog + TiC eutectic
(secondary) — Moy + T, + TiC eutectic (ter-
tiary) — Mog + T, + Mo,C eutectic (quaternary).
Alloy B,: Moy (primary) — Mo + TiC eutectic
(secondary) — T2 (tertiary) — Mog + T, + TiC eu-
tectic (quaternary) — Moy + T, + Mo,C eutectic
(quinary).

Alloy Bs: Moy (primary) — Mo + T, + TiC +
Mo,C eutectic (secondary).

Alloy B4: T, (primary) — Moy + T, eutectic (sec-
ondary) —» Moy + T, + Mo,C eutectic (tertiary).

The densities of the Mo-Si-B alloys were largely reduced
by the addition of TiC. For example, if By did not
contain any Ti and C and assuming that Moy, was pure
Mo and T, had the stoichiometric composition, the
volume fraction of By (Mogs: 36 pct, Ty: 64 pct in this
case) shown in Figure 11(b) would give a density of
9.35 g/em®. Furthermore, if the volume fraction of Mo
was higher than that of By, the density value would
become higher than 9.35 g/cm’. Interestingly, the densi-
ties of all the alloys examined in this study were lower
than 9.01 g/cm?. In particular, the densities of A; and A,
are 8.80 and 8.70 g/cm®, respectively, but the Mo
volume fraction is about 61 pct in A; and 56 pct in As.
Alloy A; has a Mog volume fraction of about 46 pct and
a density of 8.78 g/cm®. It should be noted that the
densities of A, A,, and Aj are lower than those of the
series B alloys, whereas the Moy, volume fractions are
higher than those of the series B alloys except for that of
B». The low density values would be attained by not only
the incorporation of the light phase TiC but also the
phase equilibrium of TiC with other phases accompany-
ing a concentration of Ti solutes in Mog, and T,.['%217>3
Therefore, the addition of TiC is effective for enhancing
the Mo volume fraction and reducing the density of the
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Mo-Si-B alloys. Kruzic et al'” pointed out that the
fracture toughness of the Mo-Si-B alloys improves with
an increase in the Mog, volume fraction and reaches 12 to
13 MPa(m)"/? at room temperature for a Moy, volume
fraction of around 50 pct. The TiC addition may balance
the fracture toughness and density.

The compressive strength of the TiC-added Mo-Si-B
alloys appears to be mainly affected by the volume fraction
of T, + Mo,C. Although the deformation behavior of the
Mo, C phase is still unclear, it showed good deformability
at 1673 K (1400 °C), as seen in Figure 15. However, the
plastic deformation of the T, phase was poor under the
present test conditions: Significant microcracking led to
the observed flow stress-lowering behavior. These results
strongly suggest that T, has a more dominant effect than
Mo,C on the compressive strength of the TiC-added
Mo-Si-B alloys. For the series A alloys, the UCS increased
monotonically as the composition changed from that of
A to Ay, whereas the 0.2 pct proof stress did not vary
between the alloys. The variation in the UCS of the series
A alloys simply corresponds to the change in the volume
fraction of T, + Mo,C. In contrast, the yielding behavior
of the alloys is strongly related to the yielding and work-
hardening behavior of Moy, which are affected by not
only the volume fraction but also the size, morphology,
and distribution of the Moy phase. For the series B alloys,
the increase and decrease of the UCS almost corresponded
to the behavior of the 0.2 pct proof stress. Furthermore,
these variations were quite similar to those of the volume
fraction of T, + Mo,C and the inverse volume fraction of
Mog,. Therefore, the variation in the 0.2 pct proof stress
and UCS of the series B alloys corresponds to the change
in the volume fractions of Moy and T, + Mo,C. The
volume fraction of TiC in the series B alloys simply
decreases as the composition changes from that of B; to B4
and appears not to have a large influence on the compres-
sive strength. However, as mentioned in the discussion
concerning Figures 9(c) and (d), TiC appears to prevent
interfacial boundary migration and improve the micro-
structure stability of the alloys. This effect may be
advantageous for improving the high-temperature creep
strength. Further works will be required to clarify the
high-temperature creep strength and its deformation
mechanism for the TiC-added Mo-Si-B alloys. The TiC
completely decomposed during solidification in the alloy
B, as seen in Figure 5(d), and it is clear that considerable
amounts of decomposed C form Mo,C, while a large
amount of the decomposed Ti probably dissolves into the
Moy and T, phases.'®*'"2) The dissolved Ti should
harden both by solid-solution hardening. However, the
effect of the dissolved Ti on the high-temperature strength
has not yet been revealed. Further studies on the parti-
tioning behavior of Ti and C and the effect of solid-
solution hardening by Ti and C on the fracture toughness
and high-temperature creep strength are also required for
TiC-added Mo-Si-B alloys.

V. CONCLUSIONS

In this study, various amounts of TiC were added into
Mo-rich Mo-Si-B alloys, and the phase equilibria,
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microstructures, and high-temperature compressive
strength of the alloys were investigated. Several kinds
of eutectic reactions during solidification were identified,
such as Moy + TiC, Moy + T,, Moy + T, + TiC,
Moy + T, + Mo,C, and Moy, + T, + TiC + Mo,C, as
well as the crystallization of Moy, T,, or TiC as the
primary or tertiary phase. The Moy, T», TiC, and Mo,C
phases were stably equilibrated even after the heat
treatment at 2073 K (1800 °C) for 24 hours. The micro-
structure evolution and coarsening of the alloys without
TiC crystallization developed through the heat treat-
ment, and thus the TiC is considered to prevent
interfacial boundary migration and improve the micro-
structure stability of the alloys. The TiC-added Mo-Si-B
alloys have densities of 8.70 to 9.01 g/cm®, which are
within the range of Ni-base superalloys, indicating that
TiC addition is very effective for reducing the weight of
the Mo-Si-B alloys. The stress—strain curves obtained at
1673 K (1400 °C) and 2 x 10~* s~ ! revealed the con-
stant flow stress or UCS followed by flow stress-
lowering behavior after yielding and work hardening.
The 0.2 pct proof stress and constant flow stress or UCS
changed with changes in the composition and are likely
to mainly depend on the volume fraction of the Mo
and T, phases. The UCS was shown to increase when
the alloys have a high volume fraction of T, + Mo,C,
and the maximum value exceeded 1 GPa (124 MPa/
(g/cm?)). However, the alloys exhibited a decrease in the
flow stress after the UCS due to microcracking within
T.
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