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The distribution and morphology of b-Mg17Al12 intermetallic phase in resistance spot-welded
AZ80 Mg alloy were investigated by means of optical microscopy, scanning electron micro-
scopy, and X-ray diffraction. The influence of intermetallic phase on mechanical strength was
studied by tensile shear testing and fractography. The results showed that continuous networks
of b-Mg17Al12 formed along grain boundaries in both the nugget and heat-affected zone of the
spot-welded AZ80 Mg alloy. Those continuous grain-boundary b-Mg17Al12 networks acted as
effective crack propagation paths, which had negative effects on the weld strength. Post-weld
solution heat treatment effectively reduced the amount of b-Mg17Al12 and broke the grain-
boundary intermetallic networks in both the nugget and heat-affected zone. This significantly
increased the weld strength of AZ80 Mg alloy and changed the fracture mode from nugget pull-
out in the as-welded condition to through-thickness after heat treatment.
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I. INTRODUCTION

MAGNESIUM alloys have recently been drawing
great interest for transportation applications because of
their high strength-to-weight ratio. The Mg-Al-Zn
alloys known as AZ series are among the most popular
Mg alloys. The microstructure and mechanical proper-
ties of fusion-welded AZ alloys have been the subject of
several recent studies.[1–9] In a nonequilibrium solidifi-
cation process such as welding, solid solution a-Mg
dendrites are formed, depleted in Al (hexagonal-close
packed structure) pushing the remaining Al to the
interdendritic regions. The solidification is completed by
the formation of b-Mg17Al12 (A12 structure) phase in
the interdendritic regions because of a eutectic reac-
tion.[1–4] Meanwhile, in the heat-affected zone (HAZ),
grain-boundary (GB) liquation often results in the
formation of b- Mg17Al12 intermetallic phase.[1–4]

It has been suggested that the intragranular precipi-
tation of plate-like b-Mg17Al12 on the basal plane of
hexagonal-close packed a-Mg matrix slightly increased
the strength of the AZ alloys. However, the capability of
the intergranular b- Mg17Al12 to increase the strength of
bulk Mg materials has been reported to be insignif-
icant.[10–13] In addition, the continuous networks of

b-Mg17Al12 along the GBS greatly reduce the ductility
and the fracture toughness of cast Mg-Al alloys.[11,14–17]

Heat treatment above the solvus temperature of the Mg-
Al binary phase diagram was reported to dissolve the
b-Mg17Al12 phases into the a-Mg matrix leading to a
decrease in the strength, but increase in the ductility and
fracture toughness.[7,14,15] However, complete dissolu-
tion of intergranular b- Mg17Al12 requires a very long
time for the heat treatment of the cast Mg-Al alloys
above the solvus temperature (e.g., 693 K (420 �C) for
5 hours[15] and 686 K (413 �C) for 24 hours[17]), which is
not an energy-efficient practice. The objectives of the
current study are to study the microstructural features
of AZ80 magnesium alloy resistance spot welds in the
as-welded condition and to examine the effects of partial
dissolution of the b-Mg17Al12 in the fusion zone and
HAZ on the mechanical properties of the welds.

II. EXPERIMENTAL PROCEDURE

The material used in the current study was 2-mm-
thick commercial-grade hot-rolled sheets of AZ80 (7.7
wt pct Al, 0.7 wt pct Zn, 0.2 wt pct Mn). Rectangular
specimens of 100 mm 9 25 mm were prepared with the
rolling direction (RD) aligned along the longer side
according to AWS-D17.2 (see Figure 1(a)). The surfaces
of the sheets were chemically cleaned, using a solution of
2.5 g chromic oxide and 100 mL distilled water before
welding. Resistance spot welding was performed using a
mid-frequency DC resistance spot-welding machine.
The optimized welding parameters 26 kA welding cur-
rent, 8 cycles welding time, and 4 kN welding force were
selected based on the maximum strength of the weld
nugget and prevention of expulsion during the welding
process.[5] Post-weld heat treatment was performed
above the solvus temperature of Mg-8 wt pct Al alloy
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at 673 K (400 �C) for 0.5 hours followed by cooling in
the air. Microstructures of the weld samples were
examined by optical microscopy (OM) and scanning
electron microscopy (SEM) after etching with a solution
made 4.2 g picric acid, 10 mL acetic acid, 70 mL
ethanol, and 10 mL water. A LEO 1550 scanning
microscope equipped with a microanalysis system by
energy-dispersive spectroscopy (EDS) was used. X-ray
diffraction analysis was performed using Rigaku AFC-8
diffractometer with Cu-Ka X-ray generated by 50-kV
acceleration voltage and 40 mA current. The micro-
hardness profiles of the welds were measured on the
cross sections using a HMV-2000 Vickers micro-
hardness apparatus. Testing was performed with 100 g
force and a holding time of 15 seconds. Three tensile
shear specimens each were prepared for the as-welded
and the heat-treated conditions, to evaluate the mechan-
ical properties (Figure 1(a)). The fracture surfaces of the
tensile shear samples were afterward studied by SEM.
To study the crack propagation path, the tensile testing
was stopped immediately after the maximum load was
reached (see Figure 1(b)). The crack-bearing specimens
were afterward examined by the OM and SEM to
investigate the location and the causes of crack forma-
tion. The fracture surfaces of the tensile-tested sample
were further analyzed by SEM.

III. RESULTS

A. Microstructural Characterization across the Weld
Zones

The base metal microstructure of the AZ80Mg alloy is
shown in Figure 2. Fine spherical particles (white) were
distributed both within the grains and along the GBs,
which according to the EDS results were enriched with Al
and identified as b-Mg17Al12 phase (see composition of P1
in Table I). Apparently, the eutectic b- Mg17Al12 precip-
itates were formed during the sheet metal casting and hot-
rolling processes because of the presence of Al in excess of
its solid solubility limits in the a-Mg matrix.[18]

Figures 3(a) and (b) shows the typical microstructure
of the fusion zone (nugget). In the as-welded condition,
the b-Mg17Al12 particles (the white phase in Figure 3(b))
were observed to be mainly distributed along the
interdendritic regions in the form of continuous net-
works. During solidification, the b-Mg17Al12 phase was
formed because of the eutectic reaction.
Figures 3(c) and (d) illustrate the microstructure of

the HAZ. The large particles observed at the fusion
boundary (P4 in Figure 3(c)) were enriched in Al and
Mn (Table I) and identified as Al8Mn5. Such particles
have been characterized and reported in a previous
study on resistance spot weld of AZ31 alloy.[5] In the
HAZ, the distribution and morphology of b-Mg17Al12
phase were changed from evenly distributed fine spher-
ical particles in the base metal to continuous networks
along the GBs (see P5 in Figure 3(d)). The composition
of all the highlighted particles in Figure 3 was analyzed
using EDS, and the results are listed in Table I.

Fig. 1—(a) Scheme of RSW specimens. (b) Scheme of the tensile
shear test procedure for assessment of the crack location.

Fig. 2—SEM microstructure of the as-received AZ80 alloy base me-
tal; the EDS analysis results for the highlighted particle are shown in
Table I.

Table I. EDS Analysis Results for the Highlighted Particles

Shown in Figs. 2 and 3

Element P1 P2 P3 P4 P5

Mg (at. pct) 63.6 64.3 67.3 — 68.4
Al (at. pct) 35.2 34.2 31.4 37.2 30.8
Zn (at. pct) 1.2 1.5 1.3 — 0.8
Mn (at. pct) — — — 62.8 —
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As illustrated by the SEM images of Figure 4, the
selected heat treatment partially dissolved the interden-
dritic b-Mg17Al12 phase into the a-Mg matrix in both
the HAZ and weld nugget. In the HAZ, the continuous
networks of b-Mg17Al12 at the GBs were disrupted
and changed to irregular shaped b-Mg17Al12 (see
Figure 4(d)). The average grain in the HAZ of the
as-welded samples obtained by the linear intercept
method was measured to be 9.2 lm. However, the
HAZ average grain size increased to 78.8 lm in the
heat-treated samples. In both HAZ and nugget, the sub-
micron-sized particles were clearly visible inside the
grains. These intragranular particles are believed to be
the those pre-existing in the as-welded condition, which
did not dissolve into the a-Mg matrix.
X-ray diffraction (XRD) spectra in Figure 5 further

confirmed the effect of heat treatment on the dissolution
of b-Mg17Al12. The XRD results showed the presence of
b-Mg17Al12 intermetallic compound in both the fusion
zone and the HAZ. After heat treatment, the b-
Mg17Al12 peak intensity of both the fusion zone and
the HAZ almost disappeared.

B. Mechanical and Fracture Properties

Table II lists the tensile shear strengths and the
fracture modes of the weld nugget in the as-welded
and the heat-treated conditions. The strength of the as-
welded AZ80 was lower than that of the post-weld heat-
treated AZ80. The selected heat treatment increased the
strength of the welds by 34 pct. The fracture mode of the
AZ80 weld also changed from the nugget pullout of
Figure 6(a) to through-thickness failure of Figure 6(b)
after the post-weld heat treatment.
To further study the effects of heat treatment on the

failure mode and the crack propagation path of AZ80,
peak-hold tensile tests as illustrated in Figure 1(b) were
conducted. Figure 7(a) shows the typical crack propa-
gation path of an as-welded sample. The crack first
initiated from the sharp slit between the two overlapping
sheets, then propagated along the fusion line and finally
transversed through the HAZ and base metal (see
Figure 7(a)). The SEM image of Figure 7(b) shows that
the crack path is along the GBs decorated with
b-Mg17Al12 intermetallic. As indicated by the black
and white arrows in Figures 7(c) and (d), secondary
microcracks close to the primary crack region were also
observed. The black arrows point to microcracks which
occurred inside or traversed through the b-Mg17Al12
intermetallic, while the white arrows point to micro-
cracks at the b-Mg17Al12/a-Mg interface.
For the post-weld heat-treated sample, the crack

propagated on a different path as illustrated in
Figure 8(a). After initiation, the crack propagated along
the HAZ/base metal (BM) regions and far away from
the fusion boundary. The b-Mg17Al12 intermetallic was
not observed along the crack paths of the post-weld
heat-treated sample (see Figure 8(b)). In addition, high
concentrations of twinning were also observed around
the crack edges, suggesting that twin deformation of a-
Mg matrix was activated after the heat treatment.

Fig. 3—Typical SEM images of the as-welded microstructure: (a)
Microstructure of the fusion zone. (b) High-magnification image
from the interdendritic regions. (c) Microstructure of HAZ. (d)
Grain boundary particles in HAZ; the EDS analysis results for the
highlighted particles are shown in Table I.
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Figure 9 shows the microhardness profiles across the
nugget region from the base metal to the fusion zone in
both the as-welded and the post-weld heat-treated
conditions. A relatively uniform hardness distribution
was detected in the BM, HAZ, and fusion zone (FZ). It
was also observed that the hardness of FZ, HAZ, and
BM decreased after the heat treatment. Grain growth
and partial dissolution of the hard b-Mg17Al12 phase
after the post-weld heat treatment may have caused the
decrease in the hardness.
Figure 10 shows the fracture surface of a tensile

specimen in the as-welded condition. Based on the
fracture morphology, the fracture surface can be
divided into three sections as illustrated in Figure 10(a).
Figures 10(b) and (c) shows the low-magnification SEM
images of these three sections while Figures 10(d) and

Fig. 5—XRD spectra from (a) Fusion zone. (b) Heat-affected zone.

Table II. Shear Force and Fracture Mode of the Spot Weld
Nugget Samples in the As-Welded and Heat Treated Condi-

tions

Strength (kN) Failure Mode

As-Welded Heat Treated As-Welded Heat Treated

4.92 ± 0.53 6.63 ± 0.16 nugget pull-out through-thickness

Fig. 4—Typical SEM images of the post-weld heat-treated micro-
structures: (a) SEM microstructure of fusion zone. (b) Grain bound-
ary particles in fusion zone. (c) SEM microstructure of HAZ. (d)
Grain boundary particles in HAZ.
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(e) shows high-magnification images of Sections I and
II, respectively.

The Section I was located at the FZ/HAZ interface
and appeared to have a dendritic structure (Fig-
ure 10(d)), which indicates that very weak joining (or
no joining) occurred at the faying surface close to the
notch of the nugget. Located in the HAZ, Section II
appeared to exhibit cleavage-like steps as shown in low
magnification image of Figure 10(b). Close analysis of
the fracture surface in Section II revealed a high density
of microvoids (Figure 10(e)). In Table III, the EDS
analysis results, obtained from the fracture surface of
Section II, indicated the presence of b-Mg17Al12 parti-
cles near the microvoids (P2, P3, and P5). Finally,
Section III was the final fracture through the BM, which
showed a shear fracture due to over loading. This
fracture was associated with the presence of randomly
distributed microscopic cracks (Figure 10(c)).

Figure 11 illustrates the fracture surface of the post-
weld heat-treated sample. The fracture morphologies
were different from those of the as-welded sample.
Similar to the previous case, the fracture surface of the
post-weld heat-treated sample could be divided into
three sections as shown in Figure 11(b), and their
locations are schematically illustrated in Figure 11(a).
Along the FZ/HAZ interface, the dimple-like morphol-
ogy fracture surface of the Section I, shown in Fig-
ure 11(c), suggests good weld strength. This dimple-like
morphology fracture surface was not observed in the
Section I of the as-welded sample. The Section II was
mostly related to the through-thickness fracture in the
HAZ/BM region. The high-magnification SEM image in

Fig. 6—Illustration of fracture modes: (a) Nugget-pullout fracture
for the as-welded sample. (b) Through-thickness fracture after the
post-weld heat treatment.

Fig. 7—(a) Typical crack propagation path in the as-welded condition.
(b) Microstructure near the crack region for the as-welded sample. (c)
Area A at higher magnification. (d) Area B at higher magnification.
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Figure 11(d) shows a ductile fracture surface, which is
similar to the fracture surface of the as-received AZ80
solution heat treated at 673 K (400 �C) for ½ hr in
Figure 11(e). No evidence of Al-rich intermetallic was
detected on the fracture surface of post-weld heat-

treated sample. Section III showed the same morphol-
ogy as found in the as-welded sample for the Section III.

IV. DISCUSSION

During the resistance spot welding, the HAZ of the
AZ80 spot weld was quickly heated up to greater than
the solvus temperature because of the fast heating rate.
However, the pre-existing b-Mg17Al12 particles at the
GBs of the base metal (Figure 2) did not have enough
time to dissolve into the a-Mg matrix since their
dissolution is controlled by the time–temperature-
dependent solid-state diffusion mechanism. On further
heating the material in HAZ up to the eutectic temper-
ature (TE), the remaining b-Mg17Al12 reacted with the
surrounding a-Mg matrix and formed the eutectic (CE)
liquid film at the GBs (Figure 3(d)). This is also known
as GB liquation, a phenomenon that has been observed
previously in the HAZ of Al alloys.[19,20] During cooling,
the liquid at the GBs formed a continuous network of
b-Mg17Al12 phase by eutectic reaction.
From fracture mechanics, the sharp slit between the

two overlapping metal sheets surrounding a spot weld
nugget is an intrinsic three-dimensional crack, which
results in a high concentrated local stress.[21–23] Conse-
quently, the crack, presumably, had already been
initiated before the tensile shear test, and the resistance
to crack propagation controlled the tensile shear
strength of the spot weld.
Previous studies have shown that the formation of b-

Mg17Al12 as continuous networks along the GBs or
interdendritic region decreases the toughness and duc-
tility of the as-cast structures.[11,15] As discussed earlier,
in AZ80 spot welds, continuous networks of b-Mg17Al12
phase formed along the GBs of the HAZ. These
continuous GB b-Mg17Al12 networks created a preferred
path for propagation of the pre-existing crack during the
tensile shear test. On the other hand, the interdendritic
b-Mg17Al12 network inside the fusion zone (Figures 3(a)
and (b)) was considered to be a tortuous crack path
because of the dendritic nature of this area, which
offered more resistance to crack propagation. Also,
cracks could grow more easily through the brittle
intermetallic-bearing GBs of large grains in the HAZ
(Figure 3(d)).
In terms of the as-welded microstructure near the

crack region (see Figures 7(c) and (d)), the crack could
easily propagate by coalescing microvoids/cracks, which
were formed by two distinctive mechanisms:

A. Intrinsic Fracture of Intermetallics

As indicated by black arrows in Figures 7(c) and (d),
the intermetallics were ideal sites for crack initiation and
propagation. When the Mg-Al intermetallic compound
grew too thick, it became significantly brittle. A similar
phenomenon has previously been observed in Mg-to-Al
dissimilar welds.[24,25] The presence of a hard brittle
second phase in the GBs of soft solute-depleted matrix
was reported to deteriorate the mechanical properties in
HAZ.[10] Under tensile loading, the depleted matrix

Fig. 8—(a) Typical crack propagation path in the post-weld heat-
treated sample. (b) Cross-sectional microstructure near the crack re-
gion for the post-weld heat-treated sample.

Fig. 9—Microhardness profile across the weld nugget.
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simply yielded without much resistance, while the
second intermetallic phase fractured.[19]

B. Detachment of Matrix and Particle at the Interface

Aluminum has been reported as an efficient solid-
solution-strengthening alloying element in a-Mg micro-
structure.[9] The formation of GB b-Mg17Al12 in the
HAZ of AZ80 depleted the surrounding regions of
solute and hence softened the material.[9] Therefore, the
Al-depleted regions as shown by the white arrows in
Figures 7(c) and (d) were suitable places for microvoid
formation during the tensile shear test. Crack initiation
in the b-Mg17Al12/a-Mg interface was previously
reported in different cast structures such as tensile-
tested AZ91 alloy,[11] forged homogenized AZ80 al-
loy[26], and vibration-failed AZ31.[27] The nucleation of
a microscopic void/crack around second-phase particles
occured during the tensile shear testing when the
internal stresses exceeded the adhesive strength of the
particle/matrix interface. When this critical stress value
was reached, void/crack nucleation was favored to
occur. The b-Mg17Al12 particles were detected near the
microvoids on the fracture surface of the as-welded
sample shown in Figure 10(e).
From the above mechanisms, microvoids/cracks

could either initiate within the brittle Mg-Al interme-
tallics, or first initiate in the Al-depleted region and then
traverse through the Mg-Al intermetallics. The resis-
tance-to-crack propagation in a material consisting of a
ductile matrix and brittle secondary-phase particles is
severely weakened by the coalescence of microvoids/
cracks.[28] As a consequence, the as-welded condition
offers little resistance to crack propagation, and thus a
low tensile shear strength.
In the current study, continuous HAZ GB b-

Mg17Al12 networks had severe adverse effects on the
weld strength. In the as-welded condition, the crack
propagated either along the Mg17Al12/a-Mg interface or
through the brittle fracture of the Mg17Al12 particles.
Facing little or no lattice resistance, twinning did not
appear near the crack region (Figure 7(a)). On the
contrary, the absence of continuous GB b-Mg17Al12
networks in the solution-heat-treated material caused a

Table III. EDS Analysis Results for the Particles Shown in
Fig. 10(e)

Particles 1 2 3 4 5

Mg (at. pct) 84.6 83.5 82.5 81.5 77.6
Al (at. pct) 15.4 16.5 17.5 18.5 22.4

Fig. 10—Fracture surface of the spot weld sample in the as-welded
condition: (a) Scheme of the fracture location showing three sec-
tions. (b) Fracture surface in Sects. I and II. (c) Fracture surface in
Sects. II and III. (d) High-magnification image of fracture surface in
Sect. I. (e) High-magnification image of fracture surface in Sect. II.

b

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 44A, AUGUST 2013—3753



significant change in fracture behavior. In the latter case,
crack propagation was associated with extensive energy-
consuming twinning near the crack tip (see Figure 8(b)).
Thus, in the absence of GB b-Mg17Al12, the lattice
structure resisted against crack propagation by undergo-
ing significant twinning before fracture. The formation of
twins along the crack tip was previously reported in the
tensile testing of the heat-treated AZ cast alloys.[14,29]

Solution-heat treatment dissolved a high fraction of
the GB b-Mg17Al12 phase and therefore caused an
increased level of solid-solution strengthening. Although
solution treatment also induced considerable grain
growth in the both HAZ and BM, softening due to
the Hall–Petch effect appeared to be small or partially
compensated by solid-solution strengthening. Such
behavior may be attributed to twinning-modified Hall–
Petch effect[30] and potential twin-induced hardening.[31]

The prevalence of twinning mechanism in the HAZ of
the solution-treated sample is supported by the obser-
vation reported in Figure 8(b), as well as the well-
established reports on the dominance of twinning
deformation mechanism in coarse-grained magne-
sium.[30–32] The enhanced twinning mechanism, due to
grain growth, is able to accommodate strain during
plastic deformation and thus improve ductility.[33] It is
worth mentioning that tensile test of the as-received and
the heat-treated (673 K for 0.5 hours) AZ80 BM has
also been carried out along the rolling direction. It has
been found that the elongation to failure increased from
8 pct in the as-received condition to 25 pct in the heat-
treated condition. Such improvement in the ductility of
the coarse-grained microstructure can be considered as
the resistance-to-crack propagation during tensile shear
testing of the heat-treated weld samples.
The evolution of texture characteristics as a result of

welding and/or post-weld heat treatment has not been
investigated as part of the current study. It is generally
understood that AZ-type alloys take up a strong basal
texture during conventional hot-and cold-deformation
processes, and weakening this texture improves ductil-
ity.[34] It has also been reported that static recrystalli-
zation of a hot-rolled AZ31 alloy upon subsequent
annealing at 573 K occurred in 90 seconds, and further
annealing for 4 minutes led to a significant reduction in
the maximum intensity of basal texture. However, the
extension of annealing for longer times (i.e., ‡10 min-
utes) resulted in the reversal of basal texture weaken-
ing.[35] Grain coarsening and abnormal grain growth
were reported to occur concurrent by the texture
reversal during annealing of the hot-rolled AZ31
alloy.[35] Considering the reported similarities in texture
evolution of AZ80 and AZ31 alloys,[36–38] the prolonged
heat treatment at 673 K (400 �C), and the observed

Fig. 11—Fracture surface of the spot weld region in the heat-treated
condition: (a) Scheme of the fracture location. (b) Fracture surface
in Sects. I, II, and III. (c) High-magnification image of fracture sur-
face in Sect. I. (d) High-magnification image of fracture surface in
Sect. II. (e) Fracture surface in the AZ80 base metal in heat-treated
condition.

b
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significant grain growth in the heat-treated sample, it is
expected that texture improvement due to the current
post-weld heat treatment is insignificant, if at all.

The b-Mg17Al12 particles on the fracture surface of
the as-welded sample (see Figure 10(e)) indicated that
those particles were responsible for the microvoid
nucleation during the tensile shear test. It was previously
reported that the b-Mg17Al12 brittle particles nucleated
microvoids and microcracks in tensile testing because of
stress concentration.[39–41] The lack of microvoids on the
fracture surface of the heat-treated tensile shear samples
indicated a change in the fracture mode. Fracture
appearance became more similar to ductile fracture
observed in the BM (Figure 11(e)). Similar observations
of fracture surface made in AZ31 alloy suggested a good
ductility, as well.[42,43] The fracture morphology of the
post-weld heat-treated sample in Figure 11(d) was
coarser than that of the solution heat treated BM of
Figure 11(e), which was consistent with the larger grain
size of the heat-treated HAZ/BM microstructure com-
pared with the as-received BM. In other words, after
heat treatment, the AZ80 spot welds showed a more
ductile fracture surface and the Al-rich intermetallic
compounds were no longer seen on the fracture surfaces.

V. CONCLUSIONS

The major conclusions of this study can be summa-
rized as follows:

1. After resistance spot welding, the morphology and
distribution of b-Mg17Al12 in AZ80 alloy changed
from the uniformly distributed fine spherical parti-
cles to continuous networks along grain boundaries
in both the weld nugget and HAZ.

2. The peak-hold tensile shear test showed that the
continuous grain boundary b-Mg17Al12 intermetallic
networks provided effective crack propagation paths
which had negative effects on the weld strength.

3. A short post-weld solution heat treatment did not
completely dissolve the HAZ grain-boundary inter-
metallics, but effectively broke the network and
eliminated the suitable crack propagation path dur-
ing tensile shear testing.

4. After the partial solution heat treatment, the weld
strength increased by 34 pct because of the disappear-
ance of grain-boundary b-Mg17Al12 networks. A high
density of twinning was observed in the post-weld
heat-treated sample, and the fracture mode changed
from nugget pull-out to through-thickness failure.
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