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A detailed microstructural analysis was performed on a difficult-to-weld nickel-base superalloy,
IN 738, subjected to linear friction welding and Gleeble thermomechanical simulation, to
understand the microstructural changes induced in the material. Correlations between the
microstructures of the welded and simulated materials revealed that, in contrast to a general
assumption of linear friction welding being an exclusively solid-state joining process, inter-
granular liquation, caused by nonequilibrium phase reaction(s), occurred during joining.
However, despite a significant occurrence of liquation in the alloy, no heat-affected zone (HAZ)
cracking was observed. The study showed that the manufacturing of crack-free welds by linear
friction welding is not due to preclusion of grain boundary liquation, as has been commonly
assumed and reported. Instead, resistance to cracking can be related to the counter-crack-
formation effect of the imposed compressive stress during linear friction welding and strain-
induced rapid solidification. Moreover, adequate understanding of the microstructure of the
joint requires proper consideration of the concepts of nonequilibrium liquation reaction and
strain-induced rapid solidification, which are carefully elucidated in this work.
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I. INTRODUCTION

INCONEL 738 is a c¢ strengthened nickel-base super-
alloy used in the production of hot-section components
in aero and land-based gas turbine applications due to
its excellent high-temperature strength and remarkable
corrosion resistance. Fabrication and repair of service-
damaged turbine components often involve various
joining methods. Welding has proven to be an econom-
ical way of fabricating components and repairing
turbine parts. Unfortunately, IN 738, like other precip-
itation-hardened nickel-base superalloys that contain a
substantial amount of Al and Ti, is very difficult to weld
due to its high susceptibility to heat-affected zone
(HAZ) cracking during conventional fusion welding
processes and strain age cracking during postweld heat
treatment.[1–3] The cause of this cracking, which is
usually intergranular in nature, was attributed to the
liquation of various phases in the alloy, subsequent
wetting of the grain boundaries by the liquid, and
decohesion along one of the solid-liquid interfaces due
to on-cooling tensile stresses.[2–4] In order to avoid
liquation and liquation cracking in superalloys, the
state-of-the-art trend in joining difficult-to-weld struc-
tural materials involves the use of solid-state joining

techniques. Friction welding is regarded as a solid-state
joining process that has great potential in the aerospace
industry for the joining of superalloys, especially for the
fabrication of blade-disk assemblies and the repair of
aero-engine components.[5–8] The process has produced
successful joints in some structural alloys, and current
research efforts are now being directed toward its
application for the fabrication and repair of turbine
components made of nickel-base superalloys. This
present work was initiated in order to investigate the
weldability of the difficult-to-weld IN 738 superalloy by
linear friction welding, which is a variant of the friction
welding processes, and to analyze the microstructural
changes induced in the alloy by the welding process. The
results are presented and discussed in this article.

II. EXPERIMENTAL

Cast IN 738 with a nominal composition of (wt pct)
0.11C, 15.84Cr, 8.5Co, 2.48W, 1.88Mo, 0.92Nb, 0.07Fe,
3.46Al, 3.47Ti, 1.69Ta, 0.04Zr, 0.010B, and balance
nickel was received in the form of plates having
dimensions of 240 mm 9 60 mm 9 15 mm. Welding
test coupons of dimensions 12.8 mm 9 11.1 mm 9
17.7 mm were machined from these plates and were
given the standard solution heat treatment (SHT) at
1393 K (1120 �C) for 2 hours, followed by air cooling.
Linear friction welding of the specimens was performed
by using a Linear FrictionWelding Process Development
System at the Aerospace Manufacturing Technology
Centre of the Institute for Aerospace Research, National
ResearchCouncil ofCanada.The frequency and amplitude
of oscillation during welding were 100 Hz and 2 mm,
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respectively. The forging phase of the process was
performed under a pressure of 90 MPa. The axial
shortening, after a total welding time of 21.6 seconds,
was about 1.63 mm. In order to study and decouple the
effect of the nonequilibrium thermal cycle and imposed
compressive stress during joining, physical simulation of
the linear friction welding process was performed by
using the Gleeble 1500-D thermomechanical simulation
system (Dynamic System Inc., Poestenkill, NY). The
Gleeble simulations were performed at a fast heating rate
of 150 �C/s to temperatures ranging from 1373 K to
1523 K (1100 �C to 1250 �C) for different holding times,
followed by air cooling. Specimens simulated to study the
effect of thermal cycle alone, without imposed stress, were
heated to the peak temperatures and held for specific
holding times ranging from 0.5 to 20.5 seconds before air
cooling. Specimens used to study the coupled effect of
thermal cycle and imposed compressive stresses were
heated to the peak temperatures, while the holding times
and the percent length reductions at the peak temperatures
were varied. Welded and Gleeble-simulated specimens
were sectioned, prepared by standard metallographic
techniques for microstructural examination, and etched
electrolytically in 12 mL H3PO4+40 mL HNO3+48
mLH2SO4 solution at 6 V for 5 seconds.Microstructures
of the welded and Gleeble-simulated specimens were
examined and analyzed by a Zeiss Axiovert 25 inverted
reflected-light optical microscope (Carl Zeiss, Jena,
Germany) equipped with a Clemex vision 3.0 image
analyzer (Clemex Technologies Inc., Longueuil, Canada)
and a JEOL* JSM 5900 scanning electron microscope

(SEM) equipped with an Oxford (Oxford Instruments,
Oxfordshire, UK) ultrathin window energy-dispersive
spectrometer and Inca analyzing software. The character
and distribution of grain boundaries across the weld joint
were examined by carrying out electron backscatter
diffraction (EBSD) based orientation imaging micro-
scopy (OIM)** scans, with the OIM equipment attached

to the JEOL JSM-5900 SEM. Special grain boundaries
(3 £ R £ 29) were characterized based on the coincident
site lattice model. The microhardness profile across the
weld was determined by using a Buehler microhardness
tester with a load of 300 g.

III. RESULTS AND DISCUSSION

A. Microstructure of the Preweld SHT Material

An SEM micrograph of preweld SHT material is
presented in Figure 1, showing a bimodal distribution of
the strengthening c¢ precipitates consisting of regular
coarse primary c¢ precipitates with sizes ranging
from about 0.4 to 0.8 lm and fine spherical secondary

c¢ precipitates about 0.1-lm diameter. The solidification
products that formed during casting,[2,3] namely, MC
carbides and c-c¢ eutectic, were found to have persisted
in the SHT material. Figure 1 shows MC carbides and c-
c¢ eutectic, with the inset showing both the primary and
secondary c¢ precipitates. This type of constituents’
distribution in SHT IN 738 was also observed by other
researchers.[4] Significant changes in this preweld micro-
structure were found to occur during linear friction
welding, which will be discussed in Section III–B.

B. General Microstructure of the Welded Specimen

Microscopic examination of linear friction welded IN
738 showed a sound and crack-free joint, as illustrated
by the SEM micrograph presented in Figure 2. An
overview of the welded joint revealed three different
microstructural regions, which are illustrated in the
optical micrograph of Figure 3. The weld zone (region
1), which formed at the interface between the two work
pieces and extended to about 300 lm into the material

Fig. 1—SEM micrograph of solution-heat-treated IN 738 showing
primary and secondary c¢ precipitates, MC carbides, and c-c¢
eutectic.

Fig. 2—SEM micrographs showing a crack-free linear friction joint
in IN 738.

*JEOL is a trademark of Japan Electron Optics Ltd., Tokyo.

**OIM is a trademark of TexSEM Laboratories, Inc., Provo, UT.
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on either side of the joint, showed microstructural
characteristics considerably different from that of the
SHT specimen (Figure 1) due to the thermomechanical
processing that occurred during linear friction welding.
SEM analysis of this region (Figure 2) revealed that c¢
precipitates, including c-c¢ eutectic, completely dissolved
during linear friction welding, while MC carbides
survived to the weld line. Another microstructural
characteristic was the occurrence of recrystallization
within the weld zone of the linear friction welded IN
738. This microstructural feature along the weld line was
previously observed in different Ni-based superalloys
welded by frictional processes.[5,9,10] It was suggested
that the recrystallization occurs dynamically due to the
thermomechanical conditions imposed during friction
welding, namely, the combination of high strain and
strain rates at elevated temperatures. Figure 4 shows an
optical micrograph of the recrystallized microstructure
observed in the weld zone of IN 738. In particular, the
maximum amount of plastic deformation would have

occurred in the weld zone, which resulted in the
formation of fine fully recrystallized grains. Traversing
away from the weld line, the microstructure increasingly
exhibited regions of deformed or partially recrystallized
grains, such that beyond 300 lm the recrystallization
was localized along prior grain boundaries. Overall, the
observed marked changes in the microstructural char-
acteristics (precipitates, carbides, and grain size) are
related to the steep gradients in the temperature and
deformation conditions within the weld zone.
The thermomechanically affected zone (TMAZ),

region 2 in Figure 3, which is between 300 and 600 lm
from the weld line, also exhibited a complete dissolution
of the c¢ precipitates and c¢-c¢ eutectic, while the MC
carbides remained. That is, the coarse and secondary c¢
precipitates that were present in the preweld SHT IN
738 dissolved completely in both the weld zone and the
TMAZ (600 lm from the weld line on either side of
the joint). The main microstructural difference between
the weld zone and the TMAZ is related to the
recrystallization characteristics, in that fully recrystal-
lized grains formed in the weld zone, while recrystalli-
zation in the TMAZ was localized to prior grain
boundaries. In the HAZ, region 3 of Figure 3, second-
ary c¢ precipitates that were produced by the preweld
SHT dissolved completely, while the primary c¢ precip-
itates dissolved partially, as revealed by the SEM
micrograph of Figure 5. Region 3 differs from regions
1 and 2, in that only a partial dissolution of the coarse
primary c¢ precipitate was observed, which can be
related to the temperature gradient that existed across
the linear friction welded joint. No recrystallization was
observed in the HAZ.
A significant microstructural change that is not

usually reported to occur in linear friction welded
materials is grain boundary liquation. Nevertheless, in
this present study, intergranular and intragranular
liquation were observed to have occurred in linear
friction welded IN 738. Figure 6(a) is an SEM micro-
graph of the TMAZ showing evidence of grain bound-
ary liquation in the welded material. Evidence of
intragranular liquation is also provided by the SEM
micrograph of Figure 6(b), which revealed the presence

Fig. 3—Optical micrograph showing an overview of three regions
characterizing the joint microstructure, namely, regions 1, 2, and 3,
which correspond to the weld zone, the TMAZ, and the HAZ,
respectively.

Fig. 4—Optical micrograph showing recrystallization across the weld
joint. Fig. 5—SEM micrograph of HAZ.
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of resolidified fine c¢-c¢ eutectic products that formed
from residual liquid during weld cooling. Evidence of
intergranular or intragranular liquation was not found
in the weld zone. The weld zone appeared essentially free
from resolidified products and other microstructural
features that indicate prior occurrence of liquation
reaction. It is common knowledge that a temperature
gradient exists across the linear friction welded joint with
the highest temperatures existing in the weld zone. The
temperature decreases with distance away from the weld
line, into the TMAZ and the HAZ, and subsequently into
the basematerial. The existence of a temperature gradient
across the joint suggests that indications of liquation
should be more evident in the weld zone in comparison to
the TMAZ,which, however, was not the case. Apart from
the effect of temperature on the microstructural changes
that occurred in the welded material, another variable
that was found to play a significant role in the observed
microstructural development in this present work was the
externally imposed compressive stress. Physical simula-
tion of the welding process, using a Gleeble simulator,
provided further insight into microstructural develop-
ments during linear friction welding of IN 738, as will be
discussed subsequently.

C. Gamma Prime (c¢) Precipitate Dissolution Behavior

Microstructural observations in this work suggest
that a principal transformation that significantly influ-
enced the microstructural response of IN 738 to the
linear friction welding process, as has been generally
recognized in other c¢ strengthened nickel-based super-
alloys during friction joining,[10–13] is the dissolution of
the strengthening c¢ phase. In addition, c¢ dissolution is
generally used in theoretical models as an important
parameter to predict maximum temperatures that dif-
ferent weld regions experience during friction weld-
ing.[12,14] However, there are two salient factors that are
generally neglected in the application of these models,
which, conceivably, could significantly affect the accu-
racy of the temperature predictions. First, an exclusive
solid-state dissolution of c¢ precipitates is normally
assumed, which may cease to hold if the particles survive

to temperatures where they could eutectically react with
the surrounding matrix to produce a liquid phase.
Second, a possible influence of the considerable magni-
tude of compressive stress, that induces compressive
strain in the material being welded, on the degree of
particle dissolution is not usually considered. These two
factors are elucidated in Sections III–C–1 and III–C–2.

1. Nonequilibrium dissolution of c¢ precipitates during
rapid thermal cycle
The dissolution of c¢ particles under an extremely slow

heating rate, corresponding to an equilibrium condition,
is expected to occur as the solubilities of their constit-
uent elements in the matrix increase with increasing
temperature such that the last remaining c¢ particles will
dissolve completely, by solid-state dissolution, at the
equilibrium solvus temperature of the particles. How-
ever, the rapid thermal cycle usually experienced during
friction welding departs significantly from equilibrium,
with heating rates of the order of 473 K to 573 K
(200 �C to 300 �C) per second and higher,[12] depending
on the distance from the weld interface. It is known that
the temperature of complete dissolution of second-phase
particles increases with increasing heating rate and the
extent of departure also depends on initial particle
size.[12,15,16] Therefore, depending upon the initial par-
ticle size and heating rate, limited integrated time
available for homogenization by the diffusion process
during continuous heating can cause c¢ precipitate
particles in nickel-based superalloys to persist to tem-
peratures well above their equilibrium solvus tempera-
ture. The c¢ precipitates were generally reported to
undergo solid-state dissolution during friction weld-
ing.[12] However, the survival of c¢ precipitates to
temperatures above their equilibrium solvus tempera-
ture, which occurs due to the rapid heating conditions
during the contact phase of linear friction welding,[17]

can lead to a nonequilibrium eutectic-type reaction
between the precipitates and the c-matrix to produce a
metastable liquid through constitutional liquation phe-
nomenon proposed by Pepe and Savage.[18] There exists
a range of temperatures in c¢ precipitation-hardened
nickel-based alloys within which c¢-c¢ eutectic reaction

Fig. 6—SEM micrographs of the TMAZ showing (a) intergranular and (b) intragranular liquation.
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occurs, and the persistence of c¢ particles to this
temperature range during continuous heating could
result in their constitutional liquation.[19] In IN 738,
c-c¢ eutectic transformation was reported to occur over a
range of temperatures, which could be below 1453 K
(1180 �C).[20] In this present work, the results of Gleeble
simulation of the welding thermal cycle showed that c¢
particles survived well above their solvus temperature to
peak temperatures of up to 1523 K (1250 �C) (Figure 7).
This consequently resulted in their constitutional liqua-
tion. It is known that a differentially etching thin film
connecting c¢ particles is evidence of constitutional
liquation.[19] SEM micrographs showing constitution-
ally liquated c¢ particles in Gleeble-simulated IN 738
materials rapidly heated to 1453 K (1180 �C) are pre-
sented in Figures 8(a) and (b). Figure 8(b) shows that
the constitutional liquation of c¢ particles subsequently
contributed to grain boundary liquation. Microstruc-
tural analysis of the linear friction welded IN 738
superalloy revealed that constitutional liquation of c¢

precipitates occurred during joining (Figure 5). This is
consistent with the observation of grain boundary and
intragranular liquation in the welded material, as
explained and presented earlier in Figures 6(a) and (b).
Aside from the thermal effects on c¢ precipitate

dissolution during linear friction welding, another factor
that can significantly influence the degree to which the
precipitates dissolved during joining is the imposed
compressive stress that induces compressive strain in the
material. Generally, the possible influence of compres-
sive strain on the thermodynamics of precipitate disso-
lution during friction welding has received less attention
and will be addressed next.

2. Strain-assisted dissolution of c¢ precipitates
Previous reports on the microstructure of friction

welded joints focused mainly on the effect of tempera-
ture on phase reactions. For example, in a model
developed for the dissolution of c¢ precipitates during

Fig. 7—(a) c¢ precipitates in the SHT material and (b) c¢ precipitate dissolution in a Gleeble-simulated material under rapid thermal cycle
(heating rate of 150 �C/s) and 0.5 s holding time at the peak temperature of 1523 K (1250 �C).

Fig. 8—Gleeble-simulated materials under rapid thermal cycle (heating rate of 150 �C/s) and 0.5 s holding time at peak temperatures of 1453 K
(1180 �C), showing constitutional liquation of c¢ precipitate and grain boundary liquation.
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friction welding of a precipitation-hardened nickel-base
superalloy, the solvus and the volume fraction of c¢
precipitate were predicted on the basis of dissolution
under thermal cycle alone.[12] Though the model was
very useful in describing nonequilibrium dissolution
behavior of the precipitates during rapid heating con-
ditions, it did not consider the possibility of compressive
strain aiding the dissolution kinetics of the precipitates.
A generally accepted model for the dissolution of
spherical second-phase particles in binary systems was
developed by Whelan.[21] The model was used to
evaluate the diffusion flux of solute out of a spherical
precipitate of radius R. Whelan’s model is given by[21]

dR

dt
¼ � kD

2R
� k

2

ffiffiffiffiffi

D

pt

r

½1�

where D is the diffusivity of solute atoms in the matrix,
t is the time taken, and k is given by[21]

k ¼ 2ðqs � qeÞ
ðqc � qsÞ

½2�

where qc is the solute concentration inside the precip-
itate, which is initially in equilibrium with a uniform
concentration qe of solute in the matrix, and qs is the
equilibrium surface concentration at time t = 0 when
the temperature is raised by DT. According to Whe-
lan,[21] the D/R term on the right-hand side of Eq. [1]
arises from the steady-state part of the diffusion field,
while the t�1/2 term arises from the transient part. The
model developed by Whelan (Eq. [1]) suggests that any
factor that can increase the solute diffusivity, D, in the
matrix will ultimately increase the dissolution rate.

The diffusivity, D, is temperature dependent, as given
by the Arrhenius equation:

D ¼ Do exp
�Q
kT

� �

½3�

where Do is the pre-exponential factor, Q is the activa-
tion energy for diffusion, k is the gas constant, and T
is the absolute temperature. Generally, more attention
was given to the effect of temperature on the diffusion
rate such that it is possible to erroneously assume that
the activation energy for diffusion at a given tempera-
ture is constant. For the vacancy-assisted diffusion,
Eq. [3] can be expanded to[22]

D ¼ 1

6
d2Zm exp

ðDSf þ DSmÞ
k

� �

exp
�ðDHf þ DHmÞ

kT

� �

½4�

where d is the interatomic distance; Z is the coordina-
tion number; m is the vibrational frequency of an atom
along its reaction path; DSf and DSm are the vacancy
formation and migration entropies, respectively; and
DHf and DHm are the vacancy formation and migra-
tion enthalpies, respectively. The first exponent and
the parameters before it represent Do in Eq. [3], while
(DHf + DHm) of the second exponent represents
the activation energy, Q. The enthalpy change, DH,
is dependent on both temperature and pressure.

Consequently, the activation energy for diffusion, Q,
at a given temperature, T, is dependent on pressure.
The dependency of Q on pressure implies that the diffu-
sivity, D, is dependent on pressure. Hence, it is conceiv-
able that the kinetics of microstructural transformation
in solids that are controlled by atomic diffusion can be
affected by both the magnitude and sign of externally
imposed stress/strain. Through a rigorous and meticu-
lous analytical study, the following relationship between
activation energy per unit strain, Q¢, and diffusion coef-
ficients under strain, D (strain), and without strain, D
(relax), was developed by Cowern et al.:[23]

DðstrainÞ ¼ DðrelaxÞ exp �Q
0s

kT

� �

½5�

where s is the strain (negative for compression and
positive for tension), k is a constant, and T is the
absolute temperature. It can be seen from this equation
that atomic diffusion can be enhanced by compressive
strain and reduced by tensile strain. This has been
experimentally confirmed in SiGe material, where diffu-
sion increased under compression but decreased under
tension.[24] A similar variation in diffusion was also
observed in a Cu-Si couple,[25] where the application of
compressive stress resulted in a significant increase in
diffusion.
In the present work, the dissolution of c¢ precipitates,

which is typically known to be controlled by diffusion of
c¢ forming elements away from the precipitate/matrix
interface, was observed to be significantly enhanced by
externally induced compressive strain. In the experi-
ments performed to study the coupled effect of thermal
cycle and externally imposed compressive stress on c¢
precipitate dissolution in IN 738, two different temper-
ature regimes were considered. In the first regime, the
temperatures were below the equilibrium solvus tem-
perature of the precipitates [about 1433 K (1160 �C)],
where the precipitates are expected to dissolve by solid-
state reaction, while the second regime was above the
solvus temperature, where the precipitates are likely to
dissolve by liquation reaction. Figures 9(a) and (b) show
representative SEM micrographs of Gleeble-simulated
specimens rapidly heated to 1383 K (1110 �C) and held
for 20.5 seconds, followed by air cooling. The specimen
in Figure 9(a) was subjected to the thermal cycle alone,
while the specimen in Figure 9(b) was subjected to
20 pct compressive strain during holding at the peak
temperature. As illustrated in Figures 9(a) and (b), the
degree of precipitate dissolution in the stressed specimen
(Figure 9(b)) was observed to be greater than that of the
specimen subjected to thermal cycle alone (Figure 9(a)).
Similar results were obtained for peak temperatures
above 1383 K (1110 �C) but below the equilibrium
solvus temperature of c¢ precipitates.
Above the equilibrium solvus temperature of the

precipitate, where c¢ liquation was observed to occur,
the degree of precipitate dissolution was also observed
to be enhanced by compressive strain (Figures 10(a) and
(b)). It is known that nonequilibrium intragranular
liquid can isothermally resolidify through solid-state
back-diffusion of solutes away from the liquid phase.[26]
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The enhanced diffusivity of solute atoms in the matrix
by an externally imposed compressive strain, as explained
earlier, suggests an increased rate of back diffusion of
solutes away from the liquid phase surrounding the
precipitates into the adjacent c matrix, resulting in a
faster elimination of liquid produced by c¢ liquation.

Figures 10(a) and (b) are SEM micrographs of Gleeble-
simulated specimens rapidly heated to 1443 K (1170 �C)
and held for 1.5 seconds, followed by air cooling. The
degree of precipitate dissolution in Figure 10(b), where
20 pct compressive strain was induced in the specimen at
the peak temperature, was greater than that observed in

Fig. 9—Gleeble-simulated materials heated to 1383 K (1110 �C) peak temperature at 150 �C/s heating rate: (a) 20.5 s holding time without strain
and (b) 20.5 s holding time with 20 pct strain, air-cooled.

Fig. 10—Gleeble-simulated material heated to the peak temperature of 1443 K (1170 �C) at the rate of 150 �C/s: (a) 1.5 s holding time without
strain, (b) 1.5 s holding time with 20 pct strain, (c) 3.5 s holding time without strain, and (d) 3.5 s holding time with 20 pct strain, air-cooled.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 42A, DECEMBER 2011—3767



a specimen subjected to thermal cycle alone (Figure 10(a)).
At an increased holding time (3.5 seconds) at the peak
temperature of 1443 K (1170 �C), a region in the
materials subjected to 20 pct compressive strain
(Figure 10(d)) was almost completely devoid of c¢
precipitates, while the precipitates only partially dis-
solved in the specimen subjected to thermal cycle alone
(Figure 10(c)). Occurrences of strain-enhanced/induced
dissolution of second-phase particles were also reported
in other alloy systems.[27–30]

The possibility of strain-enhanced solute diffusivity
and the concomitant strain-enhanced precipitate disso-
lution, as observed in this present work, suggest that the
dissolution of c¢ phase in nickel-based superalloys
during linear friction welding can be significantly
influenced by the compressive stress imposed on the
material, especially during the forging stage of the
process. As stated earlier, dissolution of c¢ precipitates in
nickel-based superalloys is commonly used in theoretical
models to predict maximum temperature and associated
mechanical properties in friction welded materials. The
two main observations in this present work, viz. strain-
enhanced dissolution and liquation reaction, can signif-
icantly increase the rate of dissolution of c¢ particles
such that the temperature of their complete dissolution
may differ significantly from what is expected on the
basis of exclusively solid-state dissolution mode. Hence,
proper consideration of strain-enhanced dissolution and
liquation reaction of c¢ precipitates is paramount to the
application of theoretical models to reliably predict the
temperatures reached during linear friction welding and
properties of the friction welded superalloys. Further-
more, these results establish that the formation of
intergranular and intragranular liquid is possible during
both conventional fusion welding and friction welding
processes, fulfilling an important condition for inter-
granular liquation cracking in both processes. However,
despite the occurrence of intergranular liquation during
linear friction welding, grain boundary liquation crack-
ing was not observed, as is usually the case during
conventional fusion welding processes. Therefore, lack
of cracking during friction welding is not due to lack of
liquation, as is generally reported. In the present work,
the important factors responsible for the preclusion of
intergranular liquation cracking during linear friction
welding will be discussed in Section III–2–D.

D. Preclusion of Intergranular Liquation Cracking

The presence of a liquid film along grain boundaries is
a necessary, but not a sufficient, condition for inter-
granular liquation cracking, since cracking requires that
on-cooling tensile stresses exceed the local strength at
one of the solid-liquid interfaces to cause decohesion
along the interface.[19] In other words, HAZ liquation
cracking requires the coexistence of both liquated grain
boundary and tensile stresses. The generation of tensile
stress is critical for the liquation cracking to occur and
must be present in the alloy at a temperature where
continuous intergranular liquid film persists. The
absence of cracking during linear friction welding, as

observed in the present work, can be partly related to
the state of stress within the workpiece during welding.
Numerical simulation of the stress distribution in a
material subjected to compressive axial loading, similar
to that imposed during the forging stage of linear
friction welding, has shown that most of the material is
under compressive stresses, while tensile stress is mainly
localized to regions extruded away from the joint
area.[31] This suggests that imposing compressive load
during the forging stage of linear friction welding can
provide some resistance to crack formation. The
counter-crack-formation effect of compressive loading
is evident in a reported experimental work, where
compressive stress did not only result in crack preven-
tion but also caused healing of short cracks in nickel-
base superalloy RENE88DT.�[32] Compressive stresses

mainly dominate the joint area during the forging stage
of the linear friction welding process, and the predom-
inance of tensile stresses, which are usually later
observed as residual stresses, occurs during continuous
cooling after the forging stage. Therefore, despite the
liquation of grain boundaries, application of compres-
sive load during the forging stage appears to have
contributed to preclusion of liquation cracking in the
linear friction welded IN 738 by attenuating the driving
force for cracking, which is the presence of tensile
stresses during joining. This is supported by the presence
of cracks observed in the extruded flash material
(Figure 11), displaced from the joint area under the
influence of the compressive force, where the state of
stress is expected to be predominantly tensile in nature
during joining. Tensile stresses are indeed generated
during the friction welding process, as was reported.[33–35]

Therefore, it is imperative to justify why the material did
not crack despite the observed occurrence of liquation
and the possibility of the presence of tensile stress.

Fig. 11—Optical micrograph of the extruded flash material, with an
inset showing cracks in the material where tensile stresses are present.

�RENE88DT is a trademark of General Electric Company,
Fairfield, CT.
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Intergranular liquation cracking during conventional
fusion welding processes requires the stability of grain
boundary liquid to lower temperatures at which tensile
stresses generated during cooling could be sufficient to
cause microfissuring by decohesion along one of the
intergranular solid-liquid interfaces. Any factor that can
reduce the stability of grain boundary liquid, such that
the liquid does not persist to lower temperatures, will
improve the material’s resistance to weld liquation
cracking. It was suggested that imposed strain on solids
can thermodynamically drive a nonequilibrium system
toward equilibrium.[36] The imposed compressive strain
during linear friction welding has a tendency to reduce
the stability of both intergranular and intragranular
liquid produced during the welding process, by altering
the kinetics of the resolidification process. The resolid-
ification of metastable intergranular and intragranular
liquid produced by the liquation of second-phase
particles is diffusion dependent, and as discussed earlier,
diffusion kinetics can be affected by both the magnitude
and sign of externally imposed strain Eq. [5]. One
method by which grain boundary liquid can resolidify is
by solid-state back-diffusion of solute atoms away from
the liquid phase into the solid matrix.[37] Intragranular
liquid formed by the liquation of a second phase can
also resolidify by solid-state back-diffusion, and at a rate
determined by the solid-state diffusion.[26] Considering
that solute diffusivity can be enhanced under compres-
sive strain, even in superalloys, the effect of stress-
induced compressive strain on back-diffusion controlled
isothermal resolidification of intragranular metastable
liquid was investigated in this work by Gleeble thermo-
mechanical simulation. Intragranular liquid was pro-
duced by nonequilibrium eutectic-type transformation
reaction between c¢ precipitates and c matrix by rapidly
heating IN 738 superalloy to temperatures above the
equilibrium c¢ solvus temperature in the alloy [~1433 K
(1160 �C)] up to 1503 K (1230 �C). It was observed,
through the application of different levels of strain at
various peak temperatures and holding times, that
imposition of compressive strain significantly aided
resolidification of the intragranular liquid. Figure 12(a)

shows the microstructure of a Gleeble-simulated spec-
imen rapidly heated to 1503 K (1230 �C), held for
2.5 seconds without strain, and air cooled. For com-
parison, Figure 12(b) shows the microstructure of a
Gleeble specimen rapidly heated to 1503 K (1230 �C),
held for 0.5 seconds, and then subjected to 25 pct
compressive strain in 2 seconds followed by air cooling.
Figure 12(a) is characterized by fine intragranular c-c¢
eutectic reaction products that formed from the liquid
during cooling, indicating the stability of the liquid to
lower temperatures where the resolidification products
formed; whereas these features were completely elimi-
nated under the influence of compressive strain, as
shown in 12(b), indicating that complete rapid isother-
mal resolidification of the liquid took place at a higher
temperature due to an enhanced back-diffusion. Similar
observations were made when the holding time was
increased. Figures 13(a) and (b) also show SEM micro-
graphs of Gleeble-simulated materials at the same peak
temperature of 1503 K (1230 �C) but a holding time of
10.5 seconds instead of 2.5 seconds, showing that the
imposed strain was effective in rapidly resolidifying the
liquid by enhanced back-diffusion. It should be added
that significant intragranular liquation occurred at
1503 K (1230 �C) even after the 0.5-second holding
time that was used prior to the application of stress, as
presented in the SEM micrographs of Figures 14(a) and
(b). The liquid formed by rapidly heating the alloy to
1503 K (1230 �C) persisted during the 2.5 and 10.5 sec-
onds of holding under the application of thermal energy
only and subsequently solidified at lower temperatures,
during cooling, to produce the observed fine c-c¢ eutectic
reaction products (Figures 12(a) and 13(a)). Nonequi-
librium c-c¢ eutectic solidification is known to take place
even when the temperature is as low as 1453 K
(1180 �C) in alloy IN 738.[19] In contrast, however, the
eutectic products were not observed in the specimen
subjected to imposed stress-induced compressive strain
(Figures 12(b) and 13(b)), which can be attributed to
enhanced isothermal resolidification of the intragranular
liquid during holding at the peak temperature, due to
strain-aided solute back-diffusion. This observation of

Fig. 12—SEM micrographs of Gleeble-simulated materials, showing (a) intragranular resolidified products at 1503 K (1230 �C) and (b) the
absence of resolidified products at 1503 K (1230 �C) under strain.
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strain-induced rapid back-diffusion is also supported by
phase-field simulations by Li et al.,[38] where strain-
induced increased diffusivity resulted in enhanced back-
diffusion.

Aside from back-diffusion, another effective mode
through which nonequilibrium grain boundary liquid
can rapidly solidify at high temperatures is intergran-
ular liquid film migration (LFM), which is character-
ized by a homogeneously alloyed solidified zone
produced by the migration process of liquid films.[39]

The most widely accepted mechanism that is used in
explaining LFM is the diffusional coherency strain
mechanism.[40] According to this, on introduction of a
metastable liquid between two adjacent grains, a rapid
equilibration process is set up by lattice solute back-
diffusion. This results in composition-dependent vari-
ation in the lattice parameter between the solute-rich
solid layer in contact with the liquid and the matrix
well away from the solid-liquid interface. If there is a
sufficient size difference between the solute and matrix
atoms, coherency strains could develop within the
grains due to the lattice mismatch. These strains would

cause shifts in the free energy curve of the liquid-solid
interface on either side of the film such that the
compositions of the liquid and solid at equilibrium will
be different at both solid-liquid interfaces. Ojo et al.[39]

reported that atomic size mismatch between c¢ forming
elements and matrix atoms in IN 738 can induce
intergranular LFM driven by diffusional coherency
strain in the HAZ during conventional welding, where
no externally applied stress is involved. During linear
friction welding, however, imposed stress-induced com-
pressive strain can significantly influence LFM by (1)
aiding the initiation stage, (2) increasing the migration
velocity, and (3) abetting the sustenance of the process,
and these are discussed next.
In situations involving externally applied compressive

stress, such as during linear friction welding, the
initiation of LFM by generation of coherency strain,
which is controlled by lattice solute back-diffusion, can
be aided by strain-enhanced diffusivity. Furthermore,
analytical modeling of the LFM process showed that the
initial migration velocity, v, can be represented by the
relationship[26]

Fig. 13—Gleeble-simulated materials heated at 150 �C/s and held for 10.5 s at 1503 K (1230 �C) followed by air cooling, showing (a) intragranu-
lar resolidified products under thermal cycle alone and (b) the absence of resolidified products when 25 pct length reduction was imposed.

Fig. 14—Gleeble-simulated specimens heated at 150 �C/s to 1503 K (1230 �C), held for 0.5 s, and air-cooled, showing (a) intragranular resolidi-
fied products and (b) liquated eutectic area and liquated grain boundary.
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v ¼ DLðDCÞ
ðCL;T � CS;TÞd

½6�

where DL is the diffusivity in the liquid; d is the initial
liquid film thickness; DC is the concentration difference
across the film; and CL,T and CS,T are the equilibrium
concentrations of the solute(s) in the liquid and solid
phases, respectively, at the solidifying interface. Fast
solidification by the LFM process is dependent and
controlled by rapid solute diffusional transport within
the intergranular liquid film. The liquid state diffusion is
primarily driven by the solute concentration gradient in
the liquid, which is caused by a difference in composi-
tion of the liquid in contact with the two adjacent
strained grains. The difference in the liquid composition,
DC, arises due to the existence of a differential strain, De,
between the adjacent grains, which causes the liquid
composition at equilibrium with the strained solids to
differ. According to the diffusional coherency strain
theory, despite an expected generation of similar levels
of coherency stress in adjacent grains, owing to sym-
metrical lattice back-diffusion, De does exist between the
grains. This is due to the difference in the values of the
crystallographic orientation-dependent modulus of elas-
ticity, Y, in the two grains.[41] An increase in De will
produce a corresponding increase in DC, which would
imply a higher driving force for LFM, and as such, any
factor that effectively increases the magnitude of De can
significantly accelerate the LFM process.

As discussed earlier, the diffusional coherency strain
mechanism is used to explain LFM. However, the effect
of externally applied stress on this mechanism is not
usually considered. In this present work, the effect of
externally applied compressive stress on the mechanism
of LFM of metastable liquid is discussed. This is
schematically illustrated in Figure 15. For a given set
of Y values in two adjacent grains, the higher the
magnitude of stress experienced by the grains, the higher
will be De. During conventional welding processes,
where no externally applied stress is involved, based on
the coherency strain mechanism, De is generated mainly
by coherency strain produced by a change in the
intragranular chemical composition induced by the
solute lattice back-diffusion. However, during linear
friction welding, in addition to diffusional coherency
strain that may be present, an externally induced
compressive strain, which is generally several orders of
magnitude higher, is involved. The presence of a
relatively large De owing to contributions from the
externally applied stress could significantly alter the free
energy curves of adjacent grains with respect to that of
the liquid phase in between them, to produce a relatively
high DC, as schematically illustrated in Figure 15.
Ultimately, this would translate to a greater driving
force and, concomitantly, a higher LFM velocity, based
on Eq. [6], which would result in a larger migrated
region relative to a situation under only imposed
thermal environment. This factor was investigated in
the present work by comparing the size of the LFM
region in Gleeble-simulated specimens held for the same
time period, with and without imposed stress. Figure 16(a)

shows an SEM micrograph of a specimen simulated
without imposed stress, while Figure 16(b) shows an
SEM micrograph of a specimen simulated with imposed
stress. The size of the migrated region in the specimen
simulated under imposed stress (Figures 16(b)) was
observed to be considerably larger (>100 pct) compared
to that of the specimen simulated without externally
applied stress (Figure 16(a)), which indicates a higher
LFM velocity under stress.
One major factor that limits the effectiveness of LFM

is the significant reduction in its driving force, due to
loss of coherency, which could result in immobility of
grain boundary film, thus preventing complete elimina-
tion of the intergranular liquid. It has been recognized
that the coherency strain energy is a function of the size
of the migrated region,[42] and Baker and Purdy[26]

suggested that coherency loss in the grain ahead of a
migrating liquid film will occur when the effective solute
penetration distance, Ds/v, becomes greater than or
equal to the critical diffusion distance, Ls, required for
the nucleation of misfit dislocation. In situations where
an imposed stress is involved, such as during linear
friction welding, the associated higher migration veloc-
ity, v, could significantly reduce Ds/v, such that the

Fig. 15—Schematic diagram showing liquid film between two grains
of different orientation-dependent elastic modulus, Y, and the corre-
sponding free energy curves.
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condition of Ds/v<Ls may persist for a longer time to
sustain the process by coherency energy. Even in an
eventual loss of coherency strain driving force, the De
induced by the externally applied stress would serve as
an extra source of driving energy to sustain rapid
resolidification of the intergranular liquid through the
LFM process. In addition, Brechet and Purdy[43] made
an important comment on the LFM process, which is
applicable to situations involving discrete liquating
particles such as c¢ precipitates in superalloys. They
reported that a complete solidification of grain bound-
ary liquid film would occur only under the non-steady-
state migration process, in which the intergranular
liquid is not being constantly supplied with extra solute
atoms, such as from intragranular liquid. The enhanced
resolidification of intragranular liquid under externally
imposed stress-induced compressive strain, as observed
in the present work, can shift the process toward such
non-steady-state condition, where complete solidifica-
tion of intergranular liquid by LFM is possible.

Microstructural studies of LFM regions in the present
work showed that besides a smaller migrated region in
the specimen simulated without imposed stress, non-
equilibrium resolidified eutectic products formed ahead
of the migrated zone, as shown in Figure 16(a). This
implies that without the application of external stress,
LFM was not effective in completely removing the grain
boundary liquid during holding at the peak temperature,
and the residual liquid ahead of the migrated zone
transformed to eutectic products by nonequilibrium
solidification reaction during cooling. A similar obser-
vation of ineffectiveness of LFM in completely removing
intergranular liquid, due to a loss of driving energy,
resulting in formation of eutectic products and the
attendant microfissuring during conventional welding
were previously reported by Ojo et al.[39] In contrast,
resolidified eutectic products were not observed in the
front of the migrated zone in Gleeble-simulated speci-
mens subjected to an imposed compressive stress in the
present work, as shown in Figure 16(b). This, in
addition to a larger migrated zone, indicates that a

more sustained LFM under imposed stress was effective
in enabling a complete solidification of the intergranular
liquid prior to cooling to lower temperatures, where
the eutectic solidification reaction occurs. Therefore,
imposed compressive stress enhanced the rapid high-
temperature resolidification of intergranular liquid
through LFM, which is characterized by a combination
of enhanced initiation stage, higher migration velocity,
and better sustenance. The elimination of both inter-
granular and intragranular liquid films during linear
friction welding of IN 738 was achieved by a combina-
tion of solute back-diffusion and LFM, which were
enhanced by imposed compressive strain. Therefore,
contrary to the general conception, prevention of weld
cracking during linear friction welding cannot be attrib-
uted to preclusion of liquation during joining; instead,
rapid resolidification of intergranular and intragranular
liquid aided by imposed compressive strain is a key
factor that cannot be neglected in explaining the
cracking resistance. Liquid films produced by constitu-
tional liquation of c¢ precipitates during rapid heating
were effectively eliminated by the imposed stress such
that the liquid films did not persist to lower tempera-
tures during cooling.
The rapid resolidification processes, which seemed to

have aided resistance to cracking, were enabled by the
occurrence of plastic deformation. Therefore, the effec-
tiveness of imposed compressive strain in aiding rapid
solidification is made possible by the fact that a material
containing grain boundary liquid can exhibit significant
hot ductility under compression. This is in stark contrast
to the case under tensile loading, where intergranular
liquation produces zero hot ductility. It was suggested
that, according to Gleeble hot ductility testing, a
material loses all its ductility when the temperature
reaches the on-heating nil-ductility temperature (NDT)
and exhibits practically no ductility at all temperatures
above the NDT. Investigations have shown that in a
number of different materials, NDT occurs as a result of
grain boundary liquation.[44] The temperature range
between the liquidus TL and the NDT represents the

Fig. 16—LFM in Gleeble-simulated specimens heated at 150 �C/s and held at 1443 K (1170 �C) for 1.5 s, followed by air cooling (a) thermal
environment alone and (b) thermal environment plus 20 pct strain at peak temperature.
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on-heating zero ductility temperature range (ZDTR),
within which the material exhibits practically zero
ductility. The existence of tensile stresses in the material
in this temperature range can result in cracking of the
material. The results of Gleeble hot ductility testing
performed on IN 738 by Ojo and Chaturvedi[19] revealed
that the NDT of IN 738 was 1433 K (1160 �C). In this
present work, the hot ductility behavior of IN 738 under
imposed compressive stress contrasts the reported NDT
behavior under tension. Gleeble thermomechanical sim-
ulations of the coupled rapid thermal cycle and imposed
compressive stresses revealed that the hot ductility of the
alloy was not zero under compression at temperatures in
the on-heating ZDTR under tension. All Gleeble sam-
ples compressed at above the NDT exhibited apprecia-
ble amounts of plastic deformation despite the
occurrence of constitutional liquation of c¢ particles
and subsequent observation of grain boundary liqua-
tion. This is in agreement with previous studies[45,46] on
the deformation of semisolid materials where apprecia-
bly high amounts of deformation were experienced by
the material under compression. Therefore, contrary to
a condition where a material containing intergranular
liquid undergoes intergranular cracking when subjected
to tensile loading, a material containing intergranular
liquid exhibits hot ductility under compressive loading,
thereby aiding rapid resolidification of the liquid and
subsequent enhanced resistance to cracking.

Rapid resolidification of intergranular and intragran-
ular liquid aided by stress-induced compressive strain, as
observed in this work, is a key factor that cannot be
neglected in the understanding of cracking resistance.
Another major finding in the present study was that it is
not only the cracking resistance that can be adequately
understood by studying the effect of compressive strain;
in fact, microstructural changes induced in the material
during joining cannot be properly understood without a
careful analysis of the coupled thermal and strain effects.
One major constraint to the full understanding of weld
zone microstructure in materials joined by frictional
processes is the measurement of the actual temperature
reached at the weld interface. The knowledge of the

actual peak temperature at the weld interface can aid the
understanding of microstructural development during
joining, and this will be discussed in Section III–E.

E. Peak Temperature in the Weld Zone

Efforts have been made to evaluate the peak temper-
atures reached in friction welds by the use of thermo-
couples.[6,47] Though thermocouples make contact with
the material at the point where the measurements were
made, and their results are often generally acceptable,
they are limited in that they can only measure temper-
atures at distances away from the weld line such that the
actual temperature at the weld interface is difficult to
determine. Another method involves the use of micro-
structural study to estimate the peak temperature
attained during friction welding.[12,14] In this work, an
attempt was made to evaluate the peak temperature
reached at the weld interface during linear friction
welding of IN 738 by using a microstructural examina-
tion approach. This was achieved by a careful correla-
tion of weld microstructures with those of Gleeble
thermomechanically simulated materials at different
temperatures and different amounts of induced com-
pressive strains. As discussed earlier, intragranular
resolidified c-c¢ eutectic products were observed in the
TMAZ in the welded specimen. During Gleeble simu-
lation, these intragranular eutectic products were only
observed in specimens simulated at 1503 K (1230 �C)
and above. Figures 17(a) and (b) are SEM micrographs
of Gleeble materials rapidly heated to 1473 K (1200 �C)
and held for 3.5 and 10.5 seconds, respectively. These
show that the grain interiors were essentially free from
these resolidified products, even after holding for over
10 seconds. On increasing the temperature to 1503 K
(1230 �C), intragranular resolidified eutectic products
were observed even after a short holding time of
2.5 seconds. This finding suggests that the temperature
in the TMAZ, where intragranular resolidified eutectic
products were observed, was not below 1503 K
(1230 �C). Since the temperature would have been
greatest in the weld zone, compared to TMAZ and

Fig. 17—Gleeble-simulated materials heated at 150 �C/s to the peak temperature of 1473 K (1200 �C) and held for (a) 3.5 s and (b) 10.5 s, fol-
lowed by air cooling.
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HAZ, the peak temperature reached in the weld zone
during linear friction welding of IN 738 was likely to be
more than 1503 K (1230 �C). This is in agreement with a
recently reported study that showed that the peak
temperature within the weld zone during friction pro-
cessing of a material can be up to 0.9 to 0.97 Tm, where
Tm is the melting temperature.[48] In addition, pyrometer
measurements during friction welding of a nickel-based
superalloy, ASTROLOY,� reportedly showed that the

weld zone temperature was up to 1553 K (1280 �C).[12]
Notably, the weld zone microstructure in the linear

friction welded IN 738, as presented in Figure 18, is not
consistent with what is expected at high temperatures
(such as 1503 K (1230 �C) and above) on an exclusive
basis of the thermal effect. The formation of this type of
microstructure cannot be duly explained without con-
sidering and incorporating the phenomenon of strain-
induced rapid solidification that was observed in this
work. As stated earlier, rapid heating of IN 738 to
1453 K (1180 �C) and above produces intergranular and
intragranular liquation with resultant as-cooled micro-
structure consisting of resolidified eutectic products.
Nevertheless, such resolidified eutectic products were
not observed within the weld zone of the linear friction
welded specimen despite indications that the peak
temperature that was reached there during joining was,
at least, 1503 K (1230 �C). This can be attributed to
rapid resolidification of nonequilibrium liquid produced
on heating to the peak temperature, facilitated by the
considerable compressive strain experienced by the weld
zone during welding. The TMAZ (away from the weld
interface), which experienced marginal strain compared
to the weld zone, contained the resolidified eutectic
products (Figure 6(b)). This is at variance with what is
typically observed in conventionally welded materials, in
that formation of resolidified eutectic products normally
increases toward the weld zone and is often accompa-
nied by liquation cracking. The disparity can be
explained by the absence of an externally applied stress

during conventional welding, which is present during
linear friction welding.

F. OIM Study of Recrystallized Grains

The EBSD based OIM analysis revealed that the
average diameter of the recrystallized grains in the weld
zone was about 13.9 lm. Most of the recrystallized
grain boundaries had R values greater than 29, implying
a very high degree of disorder. Figures 19(a) and (b)
show the unique grains formed on both sides of the weld
centerline and the character of the grain boundaries,
respectively, with black lines representing grain bound-
aries of R > 29. An OIM image (Figure 20(a)) of a
region of transition from the weld zone to the TMAZ
(about 300 lm from the weld line) confirmed an earlier
suggestion that the TMAZ exhibited partial recrystalli-
zation such that recrystallization became mainly local-
ized on prior grain boundaries. The character of the
grains at the transition region is also presented in the
OIM image of Figure 20(b).
A notable observation about the recrystallization

behavior in the weld zone of linear friction welded IN
738 was the presence of finer (smaller) grains at the weld
centerline area (Figures 19(a) and (b)) compared to
other weld zone areas away from the centerline. In the
weld zone, complete recrystallization of the grains was
observed at both the weld centerline and adjacent weld
zone areas. It is known that there is a temperature range,
DT, within which recrystallization and grain growth
occur, and following complete recrystallization, a com-
bination of high temperature and longer holding time
within the DT normally aids the growth of newly formed
fine grains to produce grains of larger size. The weld
centerline area experienced the highest peak temperature
during joining. Also, the joint area cools by the
conduction of heat away from regions of higher tem-
perature to regions of lower temperature in the base
material. It is, therefore, reasonable to conceive that the
weld centerline area, which experienced the highest
temperature, spent a longer time within DT, compared
to other weld zone areas. Consequently, larger grain size
is expected at the weld centerline area of the weld zone
due to the fact that it experienced the highest temper-
ature and longest time within DT. The formation of
grains of larger sizes at the weld centerline, compared to
other weld zone areas, of friction welded materials were
reported in the literature.[5,10] However, the observation
of smaller grains at the weld centerline area relative to
other weld zone areas in this present work is in contrast
to the normally expected larger grains, which suggests
that weld microstructure may not be solely explainable
by classical solid-state recrystallization theory. The
observed deviation from the expected behavior can be
related to the liquation-resolidification processes that
took place during joining. As previously stated, liqua-
tion occurred in these regions during joining. Since
recrystallization is generally known to be a solid-state
phenomenon, it is conceivable that recrystallization in
the liquated regions would have occurred after complete
solidification of the metastable liquid produced in these
regions during the joining process. This implies that

Fig. 18—Weld zone microstructure, adjacent to the weld line.

�ASTROLOY is a trademark of General Electric Company, Fair-
field, CT.
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recrystallization may provide some information about
the resolidification behavior in the material. In the
region that solidified last, possibly due to the presence of
more liquid, recrystallization might have commenced
later compared to those regions that solidified earlier
due to a relatively smaller amount of liquid. In such a
situation, recrystallized grains in the weld centerline area
can be smaller than those in other regions. Gleeble
simulations showed that the extent of liquation in-
creased with temperature. This implies that the highest
amount of liquation would have occurred at the weld
centerline area, due to this region being at the highest
peak temperature, and this weld centerline area could
have solidified last compared to other areas in the weld
zone. Hence, recrystallization could have started later at
the weld centerline area and, thus, will have finer grains
relative to other regions, as observed by OIM. This
observation, which does not seem to be explainable
exclusively by solid-state reaction, is consistent with the
concepts of nonequilibrium liquation reaction and
strain-induced rapid solidification during linear friction
welding, as reported and discussed in this work.

IV. SUMMARY AND CONCLUSIONS

1. Linear friction welding produced a sound and
crack-free joint in IN 738, an alloy generally considered
to be very difficult to weld due to its high suscepti-
bility to HAZ liquation cracking during welding.

2. Linear friction welding of IN 738 was accompanied
by significant microstructural changes across the
joint, including complete dissolution of the main
strengthening, c¢, phase within about 600 lm on
either side of the weld line.

3. The study revealed that, during the forging stage of
the welding process, the application of externally
imposed compressive stress can significantly aid the
rate of dissolution of c¢ precipitates.

4. In variance to the generally held views and reports,
grain boundary liquation occurred during linear
friction welding of IN 738 as a result of nonequilib-
rium phase reaction between c¢ particles and the
surrounding c matrix.

5. Occurrence of intergranular liquation did not result
in liquation cracking, as is the usual case during
conventional fusion welding processes. Therefore,
contrary to the general conception, prevention of
weld cracking during the process is not due to pre-
clusion of liquation during joining.

6. Resistance to cracking can be attributed to the
counter-crack-formation effect of the compressive
stress imposed on the material during forging and
a rapid resolidification of intergranular and intra-
granular liquid aided by the induced compressive
strain.

7. The result of this work indicates that the peak tem-
perature reached in the weld zone during linear fric-
tion welding of IN 738 was likely to be greater than
1503 K (1230 �C).

Fig. 19—OIM images showing (a) the unique recrystallized grains across the weld centerline and (b) the character (R values) of boundaries be-
tween the recrystallized grains.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 42A, DECEMBER 2011—3775



8. Complete recrystallization occurred in the weld
zone of the welded material. Two regions could be
identified in the weld zone: the weld centerline area,
where finer grains formed; and the other weld zone
areas, where the recrystallized grains were of larger
size. The formation of finer recrystallized grains at
the weld centerline area, relative to other weld zone
areas, is consistent with the concepts of nonequilib-
rium liquation reaction and strain-induced rapid
solidification.

9. Besides resistance to cracking, nonequilibrium
liquation reaction and strain-induced rapid solidifi-
cation discussed in this work are pertinent to the
understanding of the microstructure developed in
the welded material.
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