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Aging of highly b-stabilized titanium alloys commonly leads to the formation of precipitate-free
zones being susceptible to fatigue crack initiation. Duplex aging improves the fatigue properties
of metastable b titanium alloys by enhancing a homogeneous a phase formation. In this study a
duplex-aging cycle was designed for Ti 38-644 (b-C). Depending on the prior processing history
heat treatment parameters were adapted on the basis of microstructure studies, hardness
measurements and comparative tensile tests. The fatigue limit and fatigue crack growth
threshold were determined for duplex-aged b-C. The results indicate that duplex aging promotes
a homogeneously precipitated a phase providing excellent values of the fatigue limit. Surface-
related fatigue crack initiation was observed. Comparing the fracture surfaces of direct- and
duplex-aged b-C a transition of the tensile fracture mode from intergranular to predominantly
transgranular was observed accompanied by a gain in ductility at comparable yield strengths.
This was assumed to be the reason for the slightly improved fatigue crack growth behavior of
duplex-aged as compared to direct-aged b-C. Along the entire heat treatment cycle the micro-
structure response was evaluated with regard to the particular effects on the fatigue properties.
The results indicate clearly that key to success is a completely recrystallized b microstructure
and the reasonably controlled aging response.

DOI: 10.1007/s11661-011-0662-7
� The Minerals, Metals & Materials Society and ASM International 2011

I. INTRODUCTION

THE metastable b titanium alloy Ti 38-644 (b-CTM)
is characterized by an excellent corrosion resistance and
reasonable room temperature formability. At low
weight b-C is capable to be heat-treated to a broad
range of strength to ductility ratios. The alloy offers
exceptional ductility in the solely solution heat-treated
(SHT) and a high ultimate tensile strength (UTS)
exceeding 1500 MPa in the solution heat-treated and
aged (STA) condition. Combining such properties b-C
products were used for structural components in high-
strength aerospace and commercial applications but also
for gas and petroleum down-hole piping systems.[1,2]

However, with respect to fatigue properties highly
b-stabilized titanium alloys like b-C are inferior compared
to competing near-b titanium alloys such as Ti 10V-2Fe-
3Al due to their proneness to an inhomogeneous
precipitation of the strengthening a phase within the b
matrix and to the formation of a soft a layer along the b
grain boundaries. According to the time-temperature-
transformation (TTT) diagram for b-C in Figure 1 these
locally weak regions within the microstructure, referred
to as precipitate-free zones (PFZ) throughout the text of

the present study, emerge from the direct nucleation of
the a from the b phase (b fi a) at higher aging
temperatures. Direct formation of the a phase is
expected to occur at preferred sites exhibiting an
increased driving force for precipitation. Such sites are
e.g., the b grain boundaries or dislocation clusters which
are directly controlled by the processing of the alloy.
The decoration with the grain boundary a phase (aGB)
adjacent to the hardened b matrix causes an appreciable
loss in ductility thereby limiting the use of b-C compo-
nents in applications requiring a high cyclic strength
since fatigue crack initiation and propagation are
affected in an unfavourable manner.[3]

Duplex aging is known to produce a more homoge-
neous distribution of a precipitates in solute-rich b
titanium alloys such as b-C.[3,4] However, a detailed
description how to obtain accurate heat treatment
parameters in terms of annealing times and tempera-
tures is not available due to the very sensitive recrystal-
lization and aging response of this alloy class upon the
thermomechanical processing applied. Depending on
the degree of b recrystallization, aging parameters have
to be adapted carefully so that an auspicious precipita-
tion of the a phase finally leads to the strength level
desired combined with sound fatigue properties. Pre-
aging the material at low temperatures results in the
formation of a phase on b¢ precursors according to the
transformation b fi b + b¢ fi b + a and a final-aging
step ultimately completes the hardening process.
Lütjering and Williams[5] extensively describe the

effects of various thermomechanical processing routes
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on the microstructure of heavily stabilized b titanium
alloys. Since the thermomechanical pre-treatment exerts
a strong influence on the microstructure response of
titanium alloys such as b-C to the subsequent solution
heat treatment and aging, it is not surprising that all
attempts of heat treating the alloy used in this study
according to literature data[2–7] have not been successful
in establishing an auspicious microstructure with respect
to the fatigue endurance desired. As recommended by
Ferrero et al.[2] the solution heat treatment was per-
formed initially slightly above the (a+ b)/b transition
temperature (Tb) in order to avoid extensive coarsening
of the b grains. However, as expected this led to a
remarkable fraction of unrecrystallized b grains and
neither direct nor duplex aging resulted in a homoge-
neous distribution of fine a precipitates. Instead exten-
sive formation of the aGB phase especially on the
remaining worked grain boundaries in combination with
precipitate-free zones occurred.

The objective of the present study was to design a heat
treatment cycle for the metastable b titanium alloy b-C
aiming at a high fatigue limit. Taking the prior working
history of the material into account, a detailed descrip-
tion of how to determine appropriate parameters for the
solution heat treatment and for the pre- and final-aging
steps is provided. The consideration of the corresponding
microstructure response was done by optical (OM), and
scanning electron microscopy (SEM), hardness measure-
ments and comparative tensile tests. The endurance limit
was selected as an important parameter describing the
resistance of b titanium alloys to fatigue reasonably and
was determined by performing rotating bending and
tension-compression fatigue tests on duplex-aged b-C
samples. Further, the effect of the microstructure on
crack propagation was characterized. Values of the
fatigue crack growth threshold were determined and
compared to the respective values obtained in the
solution-annealed and direct-aged material.

The results of the present study indicate clearly that at
the expense of monotonic strength high values of the
fatigue limit are associated with a completely recrystal-
lized b microstructure providing the basis for an
auspicious and beneficial precipitation of the a phase.

Referring to the applications of b titanium alloys the
findings obtained in this study were used to deduce

general statements concerning the improvement of the
mechanical properties of b-C by microstructure modi-
fication with emphasis on the fatigue limit and the
fatigue crack growth threshold. Consequently, the
results were used in the design and application of a
modified heat treatment concept on metastable b tita-
nium alloys.[8,9]

II. EXPERIMENTAL

The metastable b titanium alloy Ti 38-644 (b-CTM)
was received as b-annealed semi-finished product from
Gesellschaft für Elektrometallurgie GFE in Nürnberg/
Germany. The ingots with an initial diameter of 170 mm
and a total length of 500 mm had been bar extruded at
Special Metals (GB) at a temperature of 1193 K (920 �C)
to a final diameter of 30 mm corresponding to a
deformation ratio of 1:38. The punch speed was about
15.4 mm per second and the average exit speed of the
extruded bars was specified to be 585 mm per second.
Subsequent to the deformation process the material was
water quenched immediately down to room temperature.
Table I provides data on the chemical composition of the
alloy as determined via spark emission spectroscopy and
on the degree of b stability in terms of the molybdenum
equivalent (m.e.) and the (a+ b)/b transition tempera-
ture (Tb), which was determined by DSC-analyses
supplemented by microstructure studies.
Cylindrical samples having a final diameter of 12 mm

were produced by electrodischarge machining (EDM).
Oxide scales were removed very efficiently by pickling
these cylinders in a diluted solution containing 10 vol-
pct hydrogen fluoride (HF) and 70 vol-pct nitric acid
(HNO3) in order to prevent ‘‘a case’’ formation during
subsequent annealing. The complete heat treatment
cycle was performed in a vacuum furnace as schemat-
ically shown in Figure 2. Prior to annealing the samples
were placed into a fused quartz glass tube being
equipped with a tank containing ferritic steel spherules.
As illustrated in Figure 2, this glass tube was placed in
another outer glass tube in such a way, that the samples
remain in the cold zone of the furnace until the
temperature set point and a vacuum level of about
10�6mbar have been established. This procedure was
considered to be necessary in order to avoid any
interaction of the metal surface with oxygen. For that
purpose a turbo molecular pump was used. The tem-
perature was measured by using a ceramic-insulated
thermocouple connected to an external temperature
control unit. Immediately after temperature and vacuum
level reached their specified values the samples were
carried into the hot zone of the furnace by using an
external magnet in order to move the inner fused quartz

Table I. Chemical Composition of b-C used in this Study

as Determined Via Spark Emission Spectroscopy in Weight

Percent (wt. pct)

Al V Cr Mo Zr Ti m.e. Tb [K (�C)]

3.58 8.11 5.39 4.22 3.61 bal. 16 1053 (780)

Fig. 1—TTT diagram for solution-annealed and water-quenched b-C
illustrating the kinetics of the b fi a transformation.[4].
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glass tube. The cylindrical samples were solution
annealed and/or aged at various temperatures and
subsequently returned to their prior position, where
they were either vacuum cooled (VC) supported by an
air stream circulating around the fixed outer glass tube
or in case the vacuum has been terminated immediately
removed from the furnace and water quenched (WQ). In
both cases the cooling rate was high enough to retain a
complete b microstructure (b + b¢).

Subsequently the samples were machined mechani-
cally to the final geometry required for the mechanical
tests. Figure 3 summarizes all samples used in the
mechanical test programs of the present study. In order
to eliminate machining effects each sample used in the
HCF-tests was electropolished in a Haake C50 system at
253 K (–20 �C) using a standard electrolyte containing
54 vol-pct methyl alcohol, 39 vol-pct butyl alcohol, and
7 vol-pct perchloric acid.

Symmetrical tension-compression load was applied
in a MTS servo-hydraulic closed-loop system at a
frequency of 20 Hz. In addition rotating bending tests
were carried out in a Schenck system at a stress ratio
of R = �1 and at a frequency of 50 Hz. The samples
used were air cooled along their gauge length. In each
case the fatigue limit r50 pct corresponding to a
maximum number of loading cycles of N = 2 Æ 106

and the standard deviation s were determined statisti-
cally according to the modified staircase method.[10]

Tensile tests were carried out according to EN 10002 in
a Zwick electromechanical system on cylindrical stan-
dard samples with a gauge length being five times the
sample diameter. Single edge notch bend (SENB)
samples were used to study long crack growth behavior
according to ASTM-E399 under 4-point bending load
in a Rumul resonance system. According to the load
shedding method the fatigue crack growth threshold
DKth was determined at a constant stress ratio R of
0.1.[11]

Optical (OM) as well as scanning electron microscopy
(SEM) complemented by hardness measurements were
used in order to interpret the microstructure response to
the particular heat treatment step applied and to study
the microstructure effects on the fracture mode of b-C
under tensile and cyclic load.

III. RESULTS AND DISCUSSION

In the as-received condition the metastable b titanium
alloy b-C solely consists of equiaxed b grains at an
average grain size of 62 lm. As already mentioned b-C
was initially solution annealed 30 to 40 K above Tb

according to the data sheet of the alloy.[6] Before, a
transition temperature of 1053 K (780 �C) has been

Fig. 2—Horizontally arranged vacuum furnace with attached gas
supply enabling heat treatments in various gas atmospheres.

Fig. 3—Samples used for the mechanical tests conducted on b-C: (a) standard tensile specimen B6x30 according to DIN 50125, (b) fatigue sam-
ple exhibiting a stress-relief notch for cyclic tension-compression loading, (c) fatigue sample for rotating bending tests, and (d) SENB sample
according to ASTM E-399 used for long crack propagation measurements.
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determined experimentally and consequently the alloy
was solution annealed 35 K above Tb for 1 hour at
1088 K (815 �C). As illustrated in Figure 4(a) randomly
dispersed particles formed within the b grains and also
along b grain boundaries during the solution heat
treatment which were detected clearly by SEM in the
Backscattered Electron (BSE) contrast. Based on the
results of Rack and Headley[12] and Ankem et al.[13]

the particles were identified as (Ti,Zr)5Si3 silicides by
using energy dispersive X-ray spectroscopy (EDX).
Figure 4(b) provides clear evidence of the silicide phase
being embedded between small fringes of a phase along
the b grain boundaries. The (Ti,Zr)5Si3 particles located
on b grain boundaries are intended to reduce b grain
coarsening while solution annealing b-C in the
single-phase b regime. In accordance with Rack and
Headley[12] the silicides, exhibiting a hexagonal crystal

structure, were assumed to act as nucleation sites for a
precipitates, thereby leading to local formation of the a
phase preferentially along the b grain boundaries during
aging.
The aging response of b-C was studied by determining

hardness curves for different aging times and tempera-
tures. In order to obtain fully aged microstructures the
alloy was heat treated at least 20 hours at temperatures
between 733 K and 833 K (460 �C and 560 �C) and
Figure 5(a) shows hardening in b-C due to direct aging
as determined by the Vickers method (0.5 kp/10 s).
Starting out from 290 HV in the solution-annealed
condition aging for 28 hours at 753 K (480 �C) led to a
maximum value of 418 HV (see Figure 5(b)) referred to
as the peak-aged condition. The hardness decreases with
a further increase of the aging temperature in agreement
with literature data[2] due to the coarsening of the

Fig. 4—(a) Microstructure of solution-annealed b-C solely consists of equiaxed b grains covered with randomly arranged white particles, (b)
These spots were identified by EDX-analyses of decoration-aged samples as the (Ti, Zr)5Si3 phase.

Fig. 5—(a) Effect of aging time and temperature on the hardness response of b-C, SHT 1 h at 1088 K (815 �C) and aged for (i) 20 h, (ii) 24 h,
and (iii) 28 h at temperatures between 733 K and 833 K (460 �C and 560 �C), (b) Vickers micro hardness measurements indicate the difference in
strength between the fully aged and precipitate-free regions.
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precipitated lenticular-shaped a phase and in particular
due to a rising volume fraction of precipitate-free zones.
Following Rack and Headley[12] b-C is hardenable up to
500 HV due to aging at lower temperatures of about
623 K to 673 K (350 �C to 400 �C) but not within
reasonable times.

Commercial near-b titanium alloys generally exhibit a
close correlation between the fatigue endurance and the
yield strength r0.2.

[2,5,14] In case of highly b-stabilized b-
C the fatigue limit is restricted due to the formation of
the aGB phase and precipitate-free zones in the aged
condition since such microstructure phenomena do
more and more control the fatigue performance of the
alloy with advanced degree of hardening.[5,15] The
increasing difference in strength between the soft regions
mentioned above and the age-hardened b matrix which
is indicated in the optical micrograph in Figure 5(b) as
well as an increased tendency to inhomogeneous slip-
ping are the main reasons for promoted fatigue crack
initiation.[4,5,14] Therefore, optical microscopy was used
in order to interpret the particular microstructure of
each aged sample with respect to the phenomena
mentioned above and the fatigue behavior to be
expected. As exemplarily shown in Figure 6 each
direct-aging attempt applied according to the heat

treatments corresponding to Figure 5(a) led to an
inhomogeneous precipitation of the a phase. Without
exception all microstructures obtained in b-C exhibit
distinctive amounts of aGB phase and precipitate-free
zones varying considerably in volume fraction depend-
ing on the aging parameters used. Figure 6(a) shows the
microstructure of b-C peak aged for 28 hours at 753 K
(480 �C) containing a small amount of non-precipitated
regions (vol-PFZ � 7 pct). Keeping the aging time
constant and increasing the aging temperature to
773 K (500 �C) (vol-PFZ � 12 pct) and 793 K
(520 �C) (vol-PFZ � 35 pct) led to appreciable soften-
ing. The corresponding microstructures are shown in
Figures 6(b) and (c), respectively. The amount and size
of precipitate-free zones seem to rise with increasing
aging temperature. While aging at 773 K (500 �C) as
compared to 753 K (480 �C) resulted only in a marginal
increase of the volume fraction of precipitate-free zones
and a slight increase concerning the size, the micro-
structure in b-C aged at 793 K (520 �C) looks different
with respect to the appearance of precipitate-free zones.
It should be mentioned, that the microstructures shown
in Figure 6 are representative with respect to the
appearance of the precipitate-free zones. Exemplarily
optical micrographs with high magnification were

Fig. 6—Aging response in b-C, SHT for 1 h at 1088 K (815 �C) and subsequently directly aged: (a) 28 h at 753 K (480 �C), (b) 28 h at 773 K
(500 �C), (c) 28 h at 793 K (520 �C), (d) 24 h at 753 K (480 �C): The microstructures exhibit different volume fractions of precipitate-free zones
(vol-PFZ). The remaining intense driving force for precipitation inherent the worked grain boundaries led to massive formation of the aGB

phase.
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presented in order to show the interesting microstruc-
ture features more clearly. Reducing the aging time to 24
hours at 753 K (480 �C) (vol-PFZ � 12 pct) also caused
softening compared to the peak-aged condition and the
hardness measured was similar to the values previously
obtained in b-C aged for 28 hours at 793 K (520 �C).
According to Figure 6(d) reducing the aging time at a
temperature of 753 K (480 �C) might have led to a slight
increase of the volume fraction of the precipitate-free
zones formed as compared to the peak-aged condition.
Obviously, the amount and size of precipitate-free zones
which control the fatigue limit of the solute-rich b
titanium alloy b-C are very sensitive to marginal
variations of the aging parameters. However, compared
to the peak-aged material the lower hardness obtained
in b-C aged for 24 hours at 753 K (480 �C) might also be
attributed to a less progressive formation of the a phase.
The decrease in hardness of b-C which was obtained
according to Figure 5(a) by raising the aging tempera-
ture is finally attributed to an increased volume fraction
of precipitate-free zones but also to coarsening of the
precipitated a needles.

Finally, the micrographs shown in Figure 7 clearly
illustrate both microstructure phenomena deteriorating
the fatigue properties of the metastable b-titanium alloy
b-C utilizing the high resolution FESEM-technique. As
exemplarily shown for the intermediate strength condi-
tion (UTS = 1255 MPa, el. = 8 pct) the microstruc-
ture obtained by direct aging exhibits considerable
volume fractions of precipitate-free zones and b grain
boundaries being covered completely with a thin layer of
the weakening aGB phase (see Figure 7(a)) meaning the
extent of these layers directly correlates with the b grain
size. The driving force for precipitation of the aGB phase
depends sensitively on the particular deformation state
of each b grain boundary. In consequence, the solution-
annealing temperature is considered to be an important
parameter in order to prevent aGB phase layers. Study-
ing the aGB phase at a higher magnification according to

Figure 7(b) reveals that these layers spread out to an
ultimate average thickness of about 250 nm.
With respect to the fatigue properties of b-C all

microstructures obtained by direct aging were consid-
ered to be unfavorable due to the existence of precip-
itate-free zones and the aGB phase. Therefore, further
heat treatments were accomplished according to litera-
ture data[7] but as expected inhomogeneous a phase
formation or completely underaged microstructures
resulted from these attempts. Consequently, the decision
was made to develop an individual duplex-aging cycle
for b-C based on the particular working history of the
alloy used in this study, in order to optimize the
microstructure with respect to a high fatigue limit and to
compare the fatigue crack growth rates to the solely
solution-annealed and direct-aged conditions.

A. Solution Heat Treatment Step Leading
to a Completely Recrystallized b Microstructure

In order to set accurate parameters for time and
temperature to entirely recrystallize the b microstruc-
ture, b-C samples were initially solution annealed for 1
hour at 1053 K (780 �C) and subsequently decoration
aged for 6 hours at 753 K (480 �C). Color etching
utilizing ammonium bifluoride (NH4HF2) is a proper
technique to darken unrecrystallized areas as shown in
Figure 8(a). The microstructure obtained consists of a
large amount of unrecrystallized b grains. Generally,
partially unrecrystallized microstructures exhibit higher
monotonic strengths as compared to a fully recrystal-
lized matrix. The stored energy in form of dislocations
promotes a phase precipitation but does not contribute
towards a high fatigue limit due to the formation of
precipitate-free zones and aGB phase during aging. At
the expense of monotonic strength the solution heat
treatment temperature was raised successively and the
fraction of unrecrystallized b grains vanished even at
lower annealing times as shown in Figure 8(b) for b-C

Fig. 7—High resolution FESEM-micrographs illustrating (a) precipitate-free zones within the b grains and a continuous layer of the aGB phase
along the b grain boundary. At a higher magnification (b) a final average thickness of about 250 nm was determined for these layers. Both
micrographs exemplarily show b-C, directly aged to intermediate strength.
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solution annealed for 30 minutes at 1173 K (900 �C).
Finally, Figure 8(c) illustrates a completely recrystal-
lized b microstructure which could be obtained after
solution annealing b-C for 30 minutes at 1193 K
(920 �C) meaning the solution heat treatment tempera-
ture chosen as the starting point for the duplex-aging
cycle agreed with the prior hot forming temperature.

Recrystallization at 1193 K (920 �C) led to consider-
able b grain coarsening which was monitored by optical
microscopy and SEM utilizing the Electron Backscat-
tered Diffraction (EBSD-) technique. Figure 9 shows the
results in terms of the mean b grain size as a function of
recrystallization time illustrating grain coarsening of
about 100 pct from initially 62 lm to 120 lm.

The ductility of metastable b titanium alloys such as
b-C deteriorates with increasing b grain size, especially if
a continuous aGB layer forms during aging.[2,14] In this
case monotonic as well as cyclic plastic deformation is
concentrated on these weak regions and an increase in
grain size means a likewise increase in the slip length for
dislocations on b grain boundaries thereby promoting
crack initiation and intergranular fracture.[14,16] There-
fore, enhanced attention must be paid when determining
time and temperature for the pre-aging treatment in
order to ensure a homogeneous distribution of a
precipitates and to reduce the formation of the aGB

phase particularly with regard to a high fatigue limit. As
expected, the results from accompanying tensile tests
summarized in Table II revealed considerable softening

of fully recrystallized b-C as compared to the as-received
and partially recrystallized microstructures. It was not
possible to relate this effect either to the reduction of
residual stresses present in the material after the
thermomechanical pre-treatment or to b grain coarsen-
ing. Additionally, Table II contains information about
the corresponding heat treatment and correlates the
solution-annealing temperatures to the (a+ b)/b transi-
tion temperature.

Fig. 8—Optical micrographs of b-C, SHT: (a) 1 h at 1053 K (780 �C), (b) 30 min at 1173 K (900 �C), (c) 30 min at 1193 K (920 �C): The frac-
tion of unrecrystallized b grains appears as dark areas after decoration aging for 6 h at 753 K (480 �C) and vanishes with an increasing solution
heat treatment temperature.

Fig. 9—Solution annealing b-C at hot working temperature of
1193 K (920 �C) led to complete recrystallization but also to b grain
growth as determined by OM and EBSD.
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B. Pre-Aging Step Leading to a Homogeneous
Precipitation of the a Phase on b¢ Precursors

Following Krugmann and Gregory[3] and Wagner
and Gregory[4] b-C was pre-aged subsequently to the
recrystallization step at temperatures between 698 K
and 733 K (425 �C and 460 �C). According to the
schematic TTT-diagram shown in Figure 1 the b fi a
transformation is assumed to initiate on metastable
b¢-precursors leading to a homogeneous distribution of
a precipitates when b-C is subsequently finally aged to the
strength level desired. Pre-aging b-C samples for 4 hours

in the temperature regime mentioned above did not lead
to any transgranular formation of a phase observable by
microscopy. Expanding the pre-aging period up to 8
hours did not really lead to an improvement with respect
to the a phase precipitation. As documented in Fig-
ures 10(a) and (b) at least 12 hours were required to
form a significant amount of homogeneously precipi-
tated a phase. The results have also shown that the a
phase distribution is very sensitive to the pre-aging
temperature applied. Figure 10(c) illustrates that pre-
aging did not result in the formation of a fine and

Table II. Results of Tensile Tests Conducted on b-C for Various Heat Treatments

Heat Treatment
UTS
[MPa]

r0.2

[MPa]
r0.02
[MPa]

E
[GPa]

el.
[pct]

RA
[pct]

As-received 830 830 — 75 25 60
Partially recrystallized (SHT) 1 h 1088 K
(815 �C) (Tb+35 K)

820 820 — 77 23 55

Fully recrystallized (SHT) 30 min 1193 K (920 �C)
(Tb+140 K)

794 793 — 75 25 63

Intermediate strength (SHT) 1 h 1088 K
(815 �C) and (A) 28 h 773 K (500 �C)

1255 1195 1053 102 8 14

Peak-aged (SHT) 1 h 1088 K (815 �C)
and (A) 28 h 753 K (480 �C)

1320 1250 1060 107 6 10

DUPLEX: (SHT) 30 min 1193 K, (PA)
12 h 713 K (440 �C) and (FA) 24 h 773 K (500 �C)

1248 1188 1093 103 11 18

(SHT): solution heat-treated; (A): aged; (PA): pre-aged; (FA): finally aged.

Fig. 10—Microstructure response of fully recrystallized b-C on subsequent pre-aging with various aging parameters: (a) OM: 12 h at 713 K
(440 �C), (b) SEM: 12 h at 713 K (440 �C), (c) and (d) OM: 12 h at 733 K (460 �C), show the formation of unfavourable grain boundary a
phase and cluster-like a phase formation.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 42A, SEPTEMBER 2011—2659



homogeneously distributed a phase after 12 hours at
733 K (460 �C). Rather, this increase of the pre-aging
temperature by only 20 K led to the formation of the
aGB phase and some cluster-like intergranular a phase
formation (see Figure 10(d)), which were shown to
promote inhomogeneous precipitation of the a phase
during the subsequent final-aging step. Consequently,
pre-aging for 12 hours at 713 K (440 �C) was considered
to be ideal for the b-C alloy used in the present study
with respect to an auspicious homogeneous formation of
a precipitates acting as initial sites for the further aging
response of the alloy. In summary the results of the pre-
aging experiments exhibited a very sensitive dependence
of the microstructure development in b-C not only on
the pre-aging temperature. The reduced driving force for
a precipitation caused by the completely recrystallized b
microstructure required a pre-aging time being three
times the respective value proposed by Wagner and
Gregory.[4]

C. Final-Aging Step Leading to a Phase Precipitation
Hardening of the Strength Level Desired

Final aging was intended to complete the hardening
process of b-C. The corresponding final-aging parame-
ters were therefore determined with close relation to the
tensile test results and the hardness response of the
direct-aged material. With increasing hardening the
fatigue endurance of b-C is more and more controlled
by the presence of the aGB phase. This is assumed to be
the reason for the internal fatigue crack initiation at
grain boundary interfaces obtained by Ferrero et al.[2] in
the fracture surfaces of axial loaded fatigue samples
(R = 0.1). Similar results were obtained in this study on
direct-aged (28 hours at 773 K (500 �C)) fatigue samples
used in the tension-compression tests (R = �1). Refer-
ring to Figure 5(a) and Table II a final-aging tempera-
ture of 773 K (500 �C) was considered to be ideal with
respect to a reasonable combination of strength and
ductility which is essential for obtaining high values of
the fatigue limit and in maintaining a reasonable fatigue
crack growth behavior at the same time, provided that
the a phase precipitates homogeneously and that the
formation of aGB phase can be suppressed as far as
possible. Comparing the S-N curves obtained by Wag-
ner and Gregory[4] on b-C for various strength condi-
tions it becomes obvious that hardening the material to
a high monotonic strength does not likewise improve the
fatigue limit due to an increasing susceptibility of the
alloy to even small regions of inhomogeneously precip-
itated a phase and also to filmy decorations of the b
grain boundaries with the soft aGB phase. In favour of
sufficient ductility and at the expense of monotonic
strength b-C was consequently finally aged at 773 K
(500 �C).

Figure 11 represents the microstructure of duplex-
aged b-C. The optical micrograph in Figure 11(a) shows
a fully aged microstructure exhibiting a dense and
homogeneous arrangement of strengthening a precipi-
tates. Compared to each direct-aged condition specified
in Table II and Figure 5(a) the b grain boundaries are
much less decorated (see e.g., Figure 10(a)) with the

weakening aGB phase. Precipitate-free zones as shown in
Figure 6 were not detected. The SEM-micrograph in
Figure 11(b) shows the density and homogeneity of the
a phase distribution more clearly. Within a seam along
the b grain boundaries a thin layer of fine intergranular
a precipitates formed. It was shown that the a phase
mostly nucleates inside the b grains and spreads towards
the b grain boundaries. High resolution (FESEM-)
microscopy utilizing the ‘‘InLense’’ BSE-contrast
according to Figures 11(c) and (d) revealed that the size
of the a precipitates is heterogeneous varying between
hundreds of nanometers and a few microns and that
very small precipitate-free zones remain near the larger a
needles. This heterogeneity was assumed to be the direct
impact of the pre-aging cycle on the aging kinetics of the
hexagonal a phase.
Further, the FESEM-analyses enabled to compare

microstructures obtained by heat treating b-C titanium
alloy differently with emphasis on the formation of aGB

phase. In this context, Figures 12(a) and (b) exemplarily
compare microstructures obtained in the peak-aged
(UTS = 1320 MPa, el. = 6 pct) condition, whereas
exposures (c) and (d) represent the duplex-aged
(UTS = 1248 MPa, el. = 11 pct) material. Precipi-
tate-free zones can be observed clearly within the
peak-aged b matrix adjacent to the b grain boundaries
which are covered completely with aGB phase layers as
already shown in Figure 7 for the intermediate strength
condition. The upper grain in Figure 12(b) reveals the
formation of parallel arranged side plates spreading out
from the covered b grain boundaries towards the
interior of the grain. Comparing Figure 7 with Fig-
ures 12(a) and (b) leads to the conclusion that in
contrast to the volume fraction and size of the precip-
itate-free zones (see also Figure 6) the formation of the
aGB phase seems to be almost independent of the direct-
aging parameters used. The micrographs shown in
Figures 12(c) and (d) clearly reveal the essential benefits
concerning microstructure evolution, when b-C is heat
treated entirely according to the duplex-aging route
introduced in the present study. As illustrated in
exposure (c), the microstructure is completely free of
precipitate-free zones and a homogeneous and dense
arrangement of a precipitates exists adjacent to the
illustrated triple point. At a higher magnification (see
exposure (d)) the b grain boundaries constituting this
triple point can be found to be completely free of the
weakening aGB phase. According to Lütjering and
Williams[5] the aGB phase is the microstructural key
feature determining the fatigue properties of heavily
stabilized b titanium alloys. Consequently, the micro-
structure obtained by duplex aging b-C is considered to
be auspicious regarding the fatigue endurance of the
material to be expected.

D. Tensile Properties

Table II summarizes the results of each tensile test
conducted on b-C in terms of values of the ultimate
tensile strength (UTS), yield strength (r0.2), proportional
limit (r0.02), Young’s modulus (E), elongation (el.) and
reduction in area (RA) depending on the respective heat
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treatment applied. An increase in the solution-annealing
temperature obviously led to a decrease in monotonic
strength. The marginal loss in ductility resulting from
the solution heat treatment for 1 hour at 1088 K
(815 �C) as compared to the as-received condition might
be attributed to b grain coarsening, but advanced
recrystallization (30 minutes at 1193 K (920 �C)) led to
a slight increase in ductility. As opposed to Ferrero
et al.[2] the monotonic strength is immediately affected
by the solution heat treatment but in contrast to the
ductility this effect cannot be directly related to the
mechanisms just mentioned.

Compared to the direct-aged material, b-C heat
treated entirely according to the duplex route offers a
higher ductility at comparable strength levels. Accord-
ing to Figure 13 this gain in tensile ductility is accom-
panied by a transition of the tensile fracture mode.
Direct aging b-C for 28 hours at 773 K (500 �C) led to
an ultimate tensile strength of 1255 MPa and a fracture
strain of 8 pct. As clearly shown in Figure 13(a)
intergranular fracture prevails. The fracture surface
shows basically brittle and minor ductile fracture
accompanied by secondary cracks. On the other hand,
Figure 13(b) shows the fracture surface of duplex-aged
b-C exhibiting predominantly transgranular and more
ductile fracture. A comparison of the tensile fracture

modes might indicate the deteriorating effect of the grain
boundary a phase on tensile ductility and the beneficial
effect of duplex aging with respect to fracture behavior.
Whenever the heat treatment applied resulted in a
microstructure exhibiting b grain boundaries covered
with the aGB phase, the monotonic plastic deformation
is considered to be concentrated on these weak regions.
This might explain the fracture behavior shown in
Figure 13(a).

E. Fatigue Crack Initiation

The fatigue limit reflects the resistance of metastable b
titanium alloys to fatigue crack initiation reason-
ably.[4,5,14] In the present study a mean value of the
fatigue limit was determined by the modified staircase
method which can be interpreted as a fifty-fifty failure
probability. Figure 14 shows the failure probability for
(a) the tension-compression tests conducted on duplex-
aged b-C yielding an excellent value of r50 pct of 700
MPa. Under (b) rotating bending load duplex-aged b-C
exhibits a higher fatigue limit of 745 MPa. Both values
obtained correspond to a limiting number of loading
cycles of N = 2 Æ 106. Table III summarizes the results
of the tension-compression and the rotating bending
fatigue tests conducted on duplex-aged b-C.

Fig. 11—(a) OM of duplex-aged b-C illustrates complete and homogeneous distribution of a precipitates, (b) SEM-micrograph showing the
arrangement of the a phase close to the b grain boundaries and inside the b grains. The morphology and a difference in size of the a phase are
clearly observed in the high resolution FESEM-micrographs (c) and (d).
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A comparison of the fracture surfaces of the fatigue
samples failed under tension-compression load (see
Figure 15) clearly shows different locations for fatigue

crack initiation. Figure 15(a) illustrates that fatigue
crack initiation is surface-related in the duplex-aged
samples. This observation holds true without exception

Fig. 12—(a) and (b) peak-aged b-C titanium alloy: Precipitate-free zones (PFZ) and the aGB phase are clearly observable within the microstruc-
ture. (c) and (d): In contrast, duplex aging led to a homogeneous and complete precipitation of the a phase. The formation of aGB phase layers
can not be found on any of the three b grain boundaries adjacent to the triple point depicted.

Fig. 13—(a) SEM-fractography of direct-aged b-C at intermediate strength (UTS = 1255 MPa, el. = 8 pct) illustrates intergranular fracture, (b)
SEM-fractography of duplex-aged b-C clearly shows a transition to transgranular and more ductile fracture (UTS = 1248 MPa, el. = 11 pct).
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for all failed samples of this condition. However, b-C
directly aged to intermediate strength offered poor
values of the fatigue limit of about 400 MPa and hence
the test series were aborted. According to Figure 15(b),
SEM-fractography revealed fatigue crack initiation at
subsurface sites due to the direct impact of precipitate-
free zones existing within the b grains. Wagner and
Gregory[4] have shown, that fatigue crack initiation
occurs within these weak regions along planar slip
bands. Subsurface crack initiation is also attributed to
extensive aGB phase formation in highly b-stabilized
titanium alloys such as b-C.[2,5,14] Both microstructure
phenomena lead to localized cyclic plastic deformation
and the large b grains facilitate extensive slip lengths for
dislocations along these soft regions being detrimental
with respect to the fatigue crack initiation resistance.

Obviously, duplex aging diminishes the impact of
precipitate-free zones and aGB phase on fatigue crack
nucleation. The negative effect of larger b grains, which
are according to Figure 9 associated with a fully
recrystallized duplex-aged microstructure, on the fatigue
life of the material seems to be counterbalanced by the
completely and homogeneously distributed a phase and
by the drastically reduction of layer-like grain boundary
a phase formation.

F. Fatigue Crack Propagation

Long crack propagation in duplex-aged b-C was
studied applying the indirect electric potential method.
DKth-values were determined and compared to corre-
sponding values obtained in the solution-annealed and

direct-aged material as shown in Figure 16. For the sake
of clarity the results were illustrated as scatter bands
with exception of the fatigue crack growth rates of the
duplex-aged condition.
Consistent with the results of Krugmann et al.[3] DKth-

values for b-C fully recrystallized for 30 minutes at
1193 K (920 �C) are ranging between 4.0 and 4.5
MPa

ffiffiffiffi

m
p

. Aging led to a deterioration of the da/dN vs
DK behavior compared to the solely solution-annealed
material at R = 0.1 which is attributed to the significant
loss in ductility. As opposed to the single b phase the
aged material is not able to form large deformation
zones in front of the crack tip. The DKth-values obtained
in duplex-aged b-C (2.9 to 3.3 MPa

ffiffiffiffi

m
p

) are slightly
higher as compared to the values for the direct-aged
material ranging between 2.3 and 2.7 MPa

ffiffiffiffi

m
p

at
intermediate strength. This tendency correlates again
reasonably with the tensile ductility obtained in b-C
depending on the heat treatment applied according to
Table II. The lower tensile ductility of the direct-aged
condition has to be attributed to microstructure phe-
nomena, namely a partially unrecrystallized b matrix
which is immediately controlled by the solution-anneal-
ing temperature as well as the smaller size of the a
needles formed and in particular to the extensive
formation of the aGB phase which is also considered to
be a reasonable explanation for the transition from
intergranular to transgranular fracture observed in the
corresponding tensile tests. The formation of a phase as
well as aGB phase is ultimately controlled by the
solution-annealing and aging temperature. Table IV
summarizes the DKth-values obtained by the load
shedding method for b-C alloy for various heat treat-
ment conditions.
In order to explain the results mentioned in conjunc-

tion with long crack growth behavior in b-C, fatigue
crack paths and crack propagation profiles were studied
using OM and SEM. The inserts of Figure 16 exempl-
arily show fatigue crack propagation profiles in (a)
duplex-aged b-C and (b) the solution-annealed alloy.
The precipitation-hardened microstructure exhibits

Fig. 14—Results of the High-Cycle-Fatigue (HCF)-tests: Statistical determination of the fatigue limit r50 pct (N = 2 Æ 106) by the modified stair-
case method: Failure probability for duplex-aged b-C under (a) tension-compression and (b) rotating bending load.

Table III. Results of the Fatigue Limit Determination
in Duplex-Aged b-C

HCF-tests
(N = 2 Æ 106)

Tests
in Total r50 pct (MPa) s (MPa)

Tension-compression 15 700 22
Rotating bending 15 745 24
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clearly transgranular crack propagation and the crack is
straight-lined. Near the threshold value corresponding
to a growth rate of 10�2 nm/cycle the crack branches
and seems to change his growth direction at the grain
boundaries of the matrix. The solution-annealed condi-
tion solely consisting of the bcc b phase showed a
predominantly transgranular crack propagation, but
there were some intergranular parts visible within the
crack front profile. The fatigue crack exhibits a more
irregular profile when the alloy only consists of the b
phase indicating that more energy is needed for creating
new crack surfaces due to a better plasticity of the non-
hardened matrix. This could be an explanation for the
better da/dN vs DK behavior of the solution-annealed
material as compared to the aged conditions.

Finally, Figures 17(a) and (b) show long crack paths
(fracture surfaces) obtained in the solution-annealed
alloy and Figures 17(c) and (d) show the corresponding
results after duplex aging. b-C solely containing the b
phase shows a jagged and rough fracture surface similar
to the results obtained by Krugmann and Gregory[3]

Crack propagation obviously led to a pronounced

formation of microstructure phenomena within the pure
b microstructure. It is suggested, that striations might
have formed during cyclic loading. It is also considered
possible, that cyclic deformation has been accompanied
by the formation of crystallographic terraces or flutes,
which are normally known to occur in the hex a phase of
titanium alloys as shown by Van Stone et al.[18,19] or
recently by Pilchak and Williams[20] In contrast, the
fractographs of the duplex-aged alloy show a smooth
crack path and the flamboyant microstructure features
obtained in conjunction with the pure b phase have not
been detected within the b grains.

Fig. 15—Comparison of the fatigue crack nucleation sites in tension-compression fatigue samples: (a) fatigue crack nucleates at the surface in
duplex-aged b-C, (b) subsurface crack nucleation in b-C directly aged for 28 h at 773 K (500 �C).

Fig. 16—Crack propagation curves da/dN vs DK obtained for fully recrystallized, direct-aged and duplex-aged b-C. The inserts illustrate fatigue
crack propagation profiles in relation to the prevailing microstructure feature in (a) duplex-aged and (b) solution-annealed b-C.

Table IV. Long Crack Propagation in b-C Differently
Heat Treated

Heat Treatment R-ratio DKth (MPam0.5)

Fully recrystallized 0.1 4.0 to 4.5
Directly aged to
intermediate strength

0.1 2.3 to 2.7

Duplex-aged 0.1 2.9 to 3.3
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IV. CONCLUSIONS

1. Typically, the fatigue limit of titanium alloys is
expected to increase with increasing yield strength
of the material. According to Ferrero et al.[2] the b
grain size is the primary factor controlling the fati-
gue life of b-C alloy and precipitation of the a
phase is considered to be less important. Conse-
quently, direct aging of a partially unrecrystallized
b microstructure should improve both monotonic
and cyclic strength.

2. However, the results of the present study indicate
clearly that in the case of highly stabilized b tita-
nium alloys such as b-C, fatigue crack initiation
becomes increasingly controlled by microstructure
features such as precipitate-free zones and the for-
mation of a phase along the b grain boundaries
(aGB phase) with increasing strength of the mate-
rial. Consequently, direct aging of b-C leads to
poor values of the fatigue limit. The heat treatment
of b-C aiming at good fatigue properties differs
strongly with respect to the solution heat treatment
and the aging parameters, which are favorable to
achieve maximum monotonic strength.

3. Each attempt to age b-C titanium alloy directly
led to the formation of precipitate-free zones and
b grain boundaries being decorated completely
with small fringes of aGB phase. The amount and
size of precipitate-free zones were shown to be
very sensitive to marginal variations of aging time

and temperature. In contrast, the formation of
aGB phase appears to be almost independent of
the direct-aging treatment applied. The average
thickness of the aGB phase layers was determined
to be about a few hundred nanometers.

4. Consequently, a coarse b microstructure affects
the fatigue crack initiation resistance of b-C tita-
nium alloy adversely, especially if the b grain
boundaries are covered with a continuous aGB

phase, which was also shown to reduce the tensile
ductility of the material. These findings are in
good agreement with those of other authors.[5,14,16]

5. In the present study, a duplex-aging cycle was
designed. The results show clearly that duplex
aging of b-C leads to superior fatigue limits and a
slightly better fatigue crack growth behavior as
compared to the direct-aged material. The key to
success is a completely recrystallized b microstruc-
ture enabling a homogeneous distribution of the a
phase within the b grains during aging and reduc-
ing the aGB phase formation.

6. Lütjering and Williams[5] designate the aGB phase
to be the microstructural key feature determining
the fatigue properties of metastable b titanium
alloys. As clearly shown in the present study, the
solution annealing and the pre-aging temperature
control the formation of aGB phase layers. Accord-
ingly, both heat treatment parameters have to be
determined with extreme care.

Fig. 17—Long crack paths (fracture surfaces) obtained in (a)–(b) solution-annealed b-C exhibiting a complete b microstructure, (c)–(d) duplex-
aged b-C, consisting of a and b phase.
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7. Therefore, b-C was fully recrystallized in the first
heat treatment step at the expense of b grain size,
which is often considered to be the controlling
factor determining the fatigue life. Subsequent
pre-aging led to an intergranular precipitation of
the a phase based on b¢ precursors. It is important
to mention that this procedure reduces the driving
force for a phase precipitation along b grain
boundaries, but the aGB phase could not be
avoided completely due to the existence of hexago-
nal (Ti,Zr)5Si3 particles, which are assumed to act
as precursors for a phase nucleation. Final aging
leads to the strength level desired by completing
the a phase precipitation hardening process.

8. Since the prior working history exerts a strong
influence on the recrystallization behavior of b-C,
thorough attention must be paid when determining
the time and temperature for the pre-aging treat-
ment in order to ensure a homogeneous distribu-
tion of a precipitates and to reduce the formation
of the aGB phase. Advanced recrystallization gen-
erally reduces the driving force for a precipitation.
In this study, a pre-aging time of 12 hours was
necessary to result in a reasonable aging response
of the completely recrystallized b microstructure.
Slight variations of the pre-aging temperature,
which was finally set to 713 K (440 �C), can easily
lead to a disadvantageous a phase morphology
such as a cluster formation.

9. At comparable monotonic strength, duplex-aged
b-C offers a slightly better tensile ductility as com-
pared to the direct-aged material, and a transition
of the tensile fracture mode from intergranular
toward predominantly transgranular was observed.
The gain in tensile ductility obtained in duplex-
aged b-C is caused by (a) the fully recrystallized b
microstructure and (b) the reduction of the aGB

phase. Both phenomena (a) and (b) are associated
to occur as a result of the duplex-aging cycle
applied.

10. The duplex-aging cycle applied on b-C samples in
this study led to excellent fatigue limits of 700
MPa under tension compression and 745 MPa
under rotating bending load at a limiting number
of loading cycles of N = 2 Æ 106. The values
obtained are very reasonable as compared to the
literature data.[4,7]

11. All duplex-aged samples showed surface-related
fatigue crack initiation in the tension-compression
and the rotating bending tests. In contrast, the
study of the fracture surfaces of the direct-aged
fatigue samples (intermediate strength) used in the
tension-compression tests exhibited in accordance
with the results obtained by Ferrero et al.[2] sub-
surface crack initiation sites, which are related to
microstructure phenomena such as precipitate-free
zones and the grain boundary a phase.

12. Duplex-aged b-C exhibits a ratio of the fatigue
limit to ultimate tensile strength of 60 pct at a b
grain size of 120 lm. At comparable b grain sizes,
duplex-aged b-C offers a better fatigue limit to the
ultimate tensile strength ratio as compared to each

direct-aged condition. This indicates clearly the
positive effect of the duplex-aged microstructure
on the fatigue behavior. An optimized a precipita-
tion based on a fully recrystallized b microstruc-
ture is concluded to be the controlling factor
determining the fatigue limit in b-C.

13. Long crack propagation was studied by determin-
ing the fatigue crack growth threshold DKth.
Duplex-aged b-C exhibits a slightly better long crack
propagation behavior as compared to the direct-
aged conditions. Taking the results of the corre-
sponding tensile tests into account, there seems to
be a correlation between tensile ductility and the
DKth values, suggesting that the microstructure
features controlling the behavior of b-C under ten-
sile load also determine the resistance of the mate-
rial to fatigue crack growth. As already
mentioned, the aGB phase is commonly known
to reduce the tensile ductility of titanium
alloys.[5,14,17] Moreover, all samples used for direct
aging in the present study exhibit, as opposed to
the duplex-aged condition, continuous a phase lay-
ers along the b grain boundaries within the micro-
structure, reducing the tensile ductility of the alloy
and leading to intergranular fracture. These results
favor the aGB phase to exert the most deteriorating
effect not only on tensile ductility but also on the
resistance of b-C to fatigue crack growth.

14. Long cracks propagate primarily via transgranular
crack growth, as shown experimentally for the
solution-annealed and duplex-aged condition.
However, the corresponding microstructures do
not feature the aGB phase.

15. In solution-annealed b-C, cracks propagate more
jagged and the fracture surfaces contain tortuous
parts, and microstructure phenomena occurred
within the b grains, which are assumed to be stria-
tions. However, these microstructure features are
also considered possibly to be flutes, which are
according to Van Stone et al.[18,19] and Pilchak
and Williams[20] known to occur in a and near-a
titanium alloys. In contrast, duplex aging has led
to a straight-lined crack propagation and a
smooth crack path, which can be seen clearly by
comparing the corresponding fractographs.
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