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The objective of this study was to characterize hydrogen-assisted crack propagation in gas-
tungsten arc (GTA) welds of the nitrogen-strengthened, austenitic stainless steel 21Cr-6Ni-9Mn
(21-6-9), using fracture mechanics methods. The fracture initiation toughness and crack growth
resistance curves were measured using fracture mechanics specimens that were thermally pre-
charged with 230 wppm (1.3 at. pct) hydrogen. The fracture initiation toughness and slope of
the crack growth resistance curve for the hydrogen-precharged weld were reduced by as much as
60 and 90 pct, respectively, relative to the noncharged weld. A physical model for hydrogen-
assisted crack propagation in the welds was formulated from microscopy evidence and finite-
element modeling. Hydrogen-assisted crack propagation proceeded by a sequence of microcrack
formation at the weld ferrite, intense shear deformation in the ligaments separating microcracks,
and then fracture of the ligaments. One salient role of hydrogen in the crack propagation
process was promoting microcrack formation at austenite/ferrite interfaces and within the
ferrite. In addition, hydrogen may have facilitated intense shear deformation in the ligaments
separating microcracks. The intense shear deformation could be related to the development of a
nonuniform distribution of hydrogen trapped at dislocations between microcracks, which in
turn created a gradient in the local flow stress.
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I. INTRODUCTION

AUSTENITIC stainless steels are well suited as
structural materials in hydrogen environments, because
this alloy class is one of the most resistant to hydrogen-
assisted fracture.[1–3] Although the hydrogen-assisted
fracture of austenitic steels has been extensively stud-
ied,[3,4] few efforts have focused on welds. Fusion welds
in austenitic steels are generally designed to solidify as
primary ferrite, which results in the retention of a small
amount of d ferrite following the solid-state transfor-
mations that occur during cooling.[5] Because ferritic
steels can be highly susceptible to hydrogen-assisted
fracture,[1–3] the presence of ferrite in austenitic stainless
steel welds raises concerns about the fracture resistance
of welds in hydrogen environments.

Studies of the hydrogen-assisted fracture in austen-
itic stainless steel welds are limited[6–11] and almost
none used fracture mechanics methods to quantify
fracture resistance and assess fracture mechanisms.
Efforts to characterize hydrogen-assisted fracture in

austenitic steel welds using tensile tests showed that
tensile ductility was degraded and weld ferrite served as
the preferred sites for fracture.[6–8] Hydrogen promoted
the separation of the austenite/ferrite interface and
fracture of the ferrite itself, although the predominant
mechanism was not consistent among the studies and
likely depended on variables such as the hydrogen
concentration and volume fraction of ferrite. Although
such tensile fracture studies provide some insight into
hydrogen-assisted fracture, the results have limited use
in understanding crack extension in structures exposed
to hydrogen environments. Fracture toughness data are
needed to assess the susceptibility of welds to hydro-
gen-assisted crack extension. In addition, the hydro-
static stress field ahead of a crack could activate
mechanisms of hydrogen-assisted fracture that are not
accessible in the uniaxial stress field of a tensile
specimen.
The objective of this study was to characterize

hydrogen-assisted crack propagation in gas-tungsten
arc (GTA) welds of the nitrogen-strengthened, austenitic
stainless steel 21Cr-6Ni-9Mn (21-6-9) using fracture
mechanics methods. The fracture initiation toughness
and crack growth resistance curves were measured using
fracture mechanics specimens that were thermally pre-
charged in hydrogen gas. Mechanisms of hydrogen-
assisted crack propagation in the welds were identified
from the examination of fracture surfaces and fracture
profiles using electron microscopy. A physical model for
hydrogen-assisted crack propagation in the welds was
formulated from microscopy evidence and finite-element
modeling.
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II. EXPERIMENTAL PROCEDURES

The base metal product form of the 21-6-9 austenitic
stainless steel was a rectangular bar with a cross
section 75 9 75 mm in size, in which this final square
cross section was achieved by forging. Tests conducted
on transverse-oriented uniaxial tensile specimens (gage
section 19 mm in length and 4 mm in diameter) indi-
cated that the bar had a true yield stress of 485 MPa
(0.2 pct offset) and a true ultimate tensile stress of
1135 MPa. The average composition of the bar was
measured by a commercial vendor (Anamet, Inc.,
Hayward, CA) and is provided in Table I. Also included
in Table I is the composition reported in the alloy
certification documentation for the bar.

A groove having a cross section shaped like a tapered
‘‘U’’ was machined along the longitudinal direction in a
section removed from the rectangular bar. The groove
was subsequently filled with 21-6-9 filler wire using 32
GTA weld passes; the welding parameters are summa-
rized in Table II and a macrograph of the finished weld
is shown in Figure 1. The filler wire composition was
designed to promote primary ferrite solidification by
increasing the concentrations of the ferrite stabilizers
(e.g., Cr) and decreasing the concentrations of the
austenite stabilizers (e.g., Ni and N) relative to the base
metal. The average composition of the weld fusion zone
was measured at the same time as the base metal and is
reported in Table I. This weld, consisting of 21-6-9 base
metal and 21-6-9 filler metal, is referred to as 21-6-9/
21-6-9.

Crack propagation in the weld fusion zone was
studied using compact tension (CT) specimens, which
were designed following ASTM Standard E1737-96.[12]

The CT specimens had a width of 26.5 mm, a gross
thickness of 6.0 mm, and a net thickness of 4.6 mm
between the side grooves. The precrack starter notch
was oriented normal to the longitudinal axis of the
rectangular bar, and the tip of the notch was located
near the base of the weld (Figure 1). The CT specimens
were fatigue precracked in air to a final crack length-to-
width ratio between 0.48 and 0.50 under a final
maximum stress-intensity factor of approximately
30MPa�

ffiffiffiffi

m
p

. The fatigue precrack was grown in a
direction parallel to the weld solidification direction and
extended approximately 1 to 2 mm into the weld fusion
zone along the weld centerline.

The fatigue-precracked CT specimens removed from
welds were tested in the as-welded condition and after
thermal charging in hydrogen gas. The hydrogen-
precharged specimens were exposed to 99.99 pct

hydrogen gas at 138 MPa and 573 K for 29 days. The
charging time and temperature assured that the hydro-
gen concentration at the specimen midthickness was at
least 90 pct of the equilibrium hydrogen concentration
at the surface. Following hydrogen precharging, hydro-
gen egress from the CT specimens was minimized by
maintaining the specimens at a temperature less than
250 K at all times, except during mechanical testing.

Table I. Measured Compositions (Weight Percent) of Base Metal and Weld Fusion Zone*

Material Cr Ni Mn Mo N C Si P S Creq** Nieq**

Weld 19.54 6.81 9.39 0.10 0.19 0.030 0.25 <0.005 <0.002 19.6 11.7
Base metal 19.07 6.96 9.78 0.17 0.26 0.018 0.52 0.045 0.005 19.2 12.9
Base metal� 19.27 6.98 9.68 0.35 0.28 0.013 0.53 0.025 0.001 19.6 13.0

*Composition balances are Fe.
**Creq = Cr+Mo+0.7Nb; Nieq = Ni+35C+20N+0.25Cu.[15]
�Composition from alloy certification documentation.

Table II. Fabrication Parameters for 21-6-9/21-6-9 GTA

Welds

Weld Parameter Value

Current (A) 250
Voltage (V) 11
Travel speed (cm/min) 7.6
Maximum interpass temperature (K) 533
Argon shielding gas flow rate (Nm3/h) 0.4
Filler wire feed rate (cm/min) 76

Fig. 1—Macrograph of the cross section of the finished 21-6-9/21-6-9
GTA weld. Centerline and solidification direction of the weld are
indicated on the image. Outline of the CT specimen on the macro-
graph shows the location and orientation of the specimen relative to
the weld.
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The hydrogen content in the weld fusion zone was
measured from material that was removed from the
back face of a CT specimen after mechanical testing.
The average hydrogen content was 230 wppm (1.3 at. pct),
as measured using an inert-gas fusion instrument at a
commercial laboratory (ATI Wah Chang, Albany, OR).
This hydrogen content is consistent with that calculated
from the thermal precharging parameters and the solu-
bility of 21-6-9 base materials.[13]

Fracture mechanics tests were conducted on the
CT specimens using procedures in ASTM standard
E1737-96.[12] All CT specimens were tested in air at
room temperature, including the hydrogen-precharged
specimens, which were warmed to room temperature
prior to testing. The specimens were loaded under
actuator displacement control in a servohydraulic test
frame, in which the displacement rate was 0.4 mm/min
for duplicate tests on both hydrogen-precharged and
noncharged specimens. One additional test was con-
ducted on a hydrogen-precharged specimen at a dis-
placement rate of 0.04 mm/min. At these loading rates,
the fracture initiation toughness was reached in approx-
imately 3 and 25 minutes, respectively, for the hydro-
gen-precharged specimens. Crack-opening displacement
(COD) was measured with a clip gage located at the load
line, and crack extension was continuously monitored
using the direct-current potential difference (DCPD)
technique operating at a constant current of 1 A.
Following testing, the CT specimens were heated at
623 K for 60 minutes to tint the fracture surfaces. The
specimens were then broken apart, and the fatigue
precrack lengths and total crack lengths were measured
from the fracture surfaces. The total crack lengths
calculated from the DCPD data were within 10 pct of
the total crack lengths measured from the fracture
surfaces of hydrogen-precharged specimens. For the
noncharged specimens, the difference between calculated
and measured total crack lengths was approximately
1 pct. The DCPD-calculated crack lengths were linearly
corrected to force the calculated and measured total
crack lengths to be equal.

The J-integral crack growth resistance (R) curve was
constructed following guidance in ASTM E1737, e.g.,
the initial linear J vs crack growth increment (Da)
relationship was calculated based on an assumed crack
blunting response. The onset of crack extension follow-
ing blunting was defined using the DCPD data, where
the point of crack initiation was identified as the second
slope change of the DCPD-vs-COD trend. The physical
evidence from fracture mechanics testing on stainless
steels indicated that the second slope change of the
DCPD vs COD trend corresponded to crack initia-
tion.[14] The fracture initiation toughness was defined
using standardized procedures, i.e., the intersection of
the 0.2-mm-offset blunting line with the R curve.

Microstructures, fracture surfaces, and fracture pro-
files from the welds were examined using a combination
of optical microscopy and scanning electron microscopy
(SEM). Chemical compositions of phases in the weld
fusion zone were determined by energy-dispersive spec-
troscopy (EDS) in the scanning electron microscope.
The ferrite content of the weld fusion zone was

measured using a calibrated commercial digital ferrite
gage.

III. RESULTS

A. Microstructure

The volume fraction of ferrite was measured along the
centerline of the 21-6-9/21-6-9 weld fusion zone. The
average ferrite number (FN) measured at locations of 2,
6, 10, 14, and 18 mm above the base of the weld was 7.3,
8.7, 6.9, 6.7, and 7.6 (±0.3 maximum variation from
average), respectively. At low values of FN, the FN is
approximately equal to the volume fraction of ferrite.
The FN range measured for the weld fusion zone is
consistent with the FN predicted from the WRC-1992
diagram (i.e., FN � 8),[15] given the calculated Creq and
Nieq for the weld metal (Table I). No ferrite was
detected in the base metal at distances greater than
2 mm from the fusion zone/base metal boundary.
The morphology and distribution of ferrite in the

weld fusion zone are revealed from optical microscopy
and SEM images. The optical image in Figure 2(a)
shows the general morphology of ferrite in the weld.
This image is from a position near the weld centerline,
and the solidification direction is from the bottom to the
top of the image. Based on comparing images such as
that in Figure 2(a) with the results for other austenitic
stainless steel welds,[5,7] two distinct morphologies of
ferrite are identified in the 21-6-9/21-6-9 weld: skeletal
ferrite and lathy ferrite (labeled ‘‘S’’ and ‘‘L,’’ respec-
tively, in Figure 2(a)). The backscatter electron image in
Figure 2(b) reveals more details of the size, shape, and
spacing of the ferrite. The Creq and Nieq values
calculated for the weld (Table I), coupled with the
presence of both skeletal and lathy ferrite as well as
the relatively high volume fraction of ferrite, support the
expectation that the weld solidified as primary ferrite. In
this case, the ferrite is located along former dendrite
cores.[5]

B. Fracture Toughness

Hydrogen severely reduces the fracture toughness of
21-6-9/21-6-9 welds, as demonstrated from both the
fracture initiation toughness as well as the slope of the
crack growth resistance curve. The crack growth resis-
tance curves for both hydrogen-precharged and non-
charged welds are compared in Figure 3. The data in
Figure 3 represent duplicate tests for each condition at
0.4 mm/min displacement rate. The crack growth resis-
tance curves from duplicate tests coincide, and the data
illustrate the dramatic effect of hydrogen on the crack
propagation resistance of the weld.
The fracture initiation toughness and R curve slope

were determined from crack growth resistance curves
such as those displayed in Figure 3. Values of the
fracture initiation toughness and R curve slope are
summarized in Table III for both hydrogen-precharged
and noncharged welds. In the noncharged condition, the
CT specimens did not meet the size requirements for
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plane strain and J dominance; thus, the fracture
initiation toughness values in Table III are reported
as JQ. In contrast, the lower initiation toughness values
for the hydrogen-precharged welds allowed these CT
specimens to meet the size requirements. These fracture
initiation toughness values are reported as JIH in
Table III. Because the stress-intensity factor K is a more
common fracture mechanics parameter in structural
design, the values of the J-integral fracture initiation
toughness JQ and JIH were converted to KJQ and KJIH.
As shown in Table III, hydrogen reduces the fracture
initiation toughness from approximately 310 to
145MPa�

ffiffiffiffi

m
p

, where the latter value represents tests
conducted at a displacement rate of 0.4 mm/min. When
the displacement rate was lowered to 0.04 mm/min,

the fracture initiation toughness decreased even further
to approximately 130MPa�

ffiffiffiffi

m
p

. These KJQ and KJIH

values demonstrate that hydrogen degrades the fracture
initiation toughness by as much as 60 pct.
Similar to the fracture initiation toughness, hydrogen

reduced the slope of the crack growth resistance curve.
Table III shows that values of the R curve slope dJ/dDa
were approximately 540 and 100 kJ/m2/mm in the
noncharged and hydrogen-precharged conditions,
respectively, at a displacement rate of 0.4 mm/min.
When the displacement rate was lowered to 0.04
mm/min, hydrogen had a more pronounced effect on
the R curve slope, i.e., dJ/dDa equaled 65 kJ/m2/mm.

C. Fractography

Hydrogen markedly altered the fracture mode of the
21-6-9/21-6-9 welds. The change in fracture mode is
readily apparent from the SEM images of the fracture
surfaces, as shown in Figure 4. The fracture surfaces
from specimens tested in the noncharged condition
(Figure 4(a)) are uniformly covered with dimples,
indicating that the fracture mode was microvoid nucle-
ation, growth, and coalescence. In contrast, dimples
are a minority feature on the fracture surfaces from

Fig. 2—Microstructure of the fusion zone in the 21-6-9/21-6-9 GTA
weld: (a) optical image showing both skeletal (S) and lathy (L)
ferrite and (b) high-magnification, backscatter electron image show-
ing details of ferrite (d) in the austenite (c) matrix. The imaging
areas are at the weld centerline and the solidification direction is
from bottom to top in the images.

Fig. 3—J integral (J) vs crack extension (Da) plots for 21-6-9/21-6-9
GTA welds in the hydrogen-precharged and noncharged conditions.
The dashed line is the 0.2-mm offset blunting line.

Table III. Fracture Mechanics Properties for 21-6-9/21-6-9
GTA Welds

Condition

Loading
Rate

(mm/min) J (kJ/m2)
K�J

MPa�
ffiffiffiffi

m
p

ð Þ
dJ/dDa**

(kJ/m2/mm)

Noncharged 0.4 JQ = 439 KJQ = 308 499
Noncharged 0.4 JQ = 444 KJQ = 310 579
H2 charged 0.4 JIH = 94.8 KJIH = 143 94.9
H2 charged 0.4 JIH = 96.7 KJIH = 145 103
H2 charged 0.04 JIH = 77.4 KJIH = 129 65

*Calculated from KJ ¼ JE
1�m2
� �1=2

, where E and m are listed in
Table IV.

**Measured over 0.5 mm of crack extension immediately following
blunting.
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the hydrogen-precharged welds (Figure 4(b)). The pre-
dominant characteristics of these fracture surfaces are
features that appear to reflect the weld dendritic
microstructure. These features are oriented parallel to
the crack propagation direction and the weld solidifica-
tion direction.

Analysis of the fracture surfaces in the SEM using
high-magnification imaging and EDS provides further
insight into the hydrogen-assisted fracture mode of the
weld. Figure 5 shows two pairs of images, in which each
image in a pair represents the same location on
matching fracture surfaces from a hydrogen-precharged
weld. In Figures 5(a) and (b), EDS spectra from within
the regions outlined by dotted lines on both surfaces
showed elevated concentrations of Cr but lower con-
centrations of Ni compared to the areas immediately
surrounding these regions. These results indicate that
the regions bounded by dotted lines are the ferrite phase,

because this phase is enriched in ferrite stabilizers such
as Cr and depleted in austenite stabilizers such as Ni.
The presence of ferrite at the same location on opposite
fracture surfaces is evidence that cracking proceeded
through the ferrite. In other locations, EDS analysis
demonstrated that ferrite matched with austenite on
opposite fracture surfaces, e.g., Figures 5(c) and (d).
These observations indicate that cracking also followed
austenite/ferrite interfaces.
Examination of fracture surface profiles provides

additional perspectives on the hydrogen-assisted frac-
ture process of the weld. Figure 6 shows backscatter
electron images of cross sections through the frac-
ture surfaces from hydrogen-precharged welds. In
Figure 6(a), the fracture surface profile is parallel to
the direction of crack propagation. This image illus-
trates that crack propagation was parallel to the aligned
dendritic microstructure of the weld and also reveals two
important features of the crack propagation process.
First, microcracks associated with the ferrite phase
formed parallel to the primary fracture plane. Based on
evidence from the fracture surfaces (e.g., Figure 5), these
microcracks result from separation of the austenite/
ferrite interface or from fracture of the ferrite phase
itself. The second notable feature from Figure 6(a) is
the stepped nature of the fracture surface profile. The
fracture surface steps are not only characteristic of the
profile parallel to the crack propagation direction but
also of the profile transverse to the crack propagation
direction (e.g., Figure 6(b)). Imaging of some of these
steps at higher magnification reveals evidence for intense
deformation in the adjacent material. For example,
Figure 6(c) shows a step from the transverse fracture
profile in which the adjacent ferrite has been reoriented
due to deformation.
The identification of steps from the fracture profiles

helps with the interpretation of features on the fracture
surfaces, such as those indicated by arrows in
Figure 4(b). Using the stereoimaging technique, features
such as the ones indicated by arrows in Figure 4(b) were
confirmed as steps on the fracture surface. Consistent
with observations from the fracture profiles, the faces of
these steps are oriented both parallel and transverse to
the crack propagation direction.

IV. DISCUSSION

A. Fracture Toughness Measurements

The resistance of the fusion zone in 21-6-9/21-6-9
GTA welds to hydrogen-assisted fracture was measured
from hydrogen-precharged CT specimens, in which the
fatigue precrack was oriented parallel to the aligned
dendritic microstructure of the weld. In this orientation,
the weld fusion zone was highly susceptible to hydrogen-
assisted fracture, as indicated by the measurements of
the fracture initiation toughness and the slope of the
crack growth resistance curve. The fracture initiation
toughness of the hydrogen-precharged weld KJIH was as
low as 40 pct of the initiation toughness of the non-
charged weld KJQ (Table III). In addition, the slope of

Fig. 4—Secondary electron images of fracture surfaces from
(a) noncharged 21-6-9/21-6-9 GTA weld and (b) hydrogen-pre-
charged 21-6-9/21-6-9 GTA weld. Each imaging area is adjacent to
the fatigue precrack tip, which is located at the bottom of the image.
The arrows in (b) indicate steps on the fracture surface where each
arrow is oriented parallel to the face of a step.
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the R curve dJ/dDa of the hydrogen-precharged weld
was as low as 10 pct of the value for the noncharged
weld (Table III).

The fracture resistance of the 21-6-9/21-6-9 GTA weld
was not compared to the fracture resistance of the base
metal in this study. However, fracture measurements
from the 21-6-9/21-6-9 weld can be compared to the
results from other 21-6-9 base metal products. For
example, the fracture initiation toughness and slope of
the crack growth resistance curve were measured for
21-6-9 forgings using methods similar to those in the
current study.[14] The J-integral fracture initiation
toughness of the forged base metal containing no ferrite
was reduced from 1220 kJ/m2 for the noncharged
condition to 240 kJ/m2 for the hydrogen-precharged
condition (230 wppm hydrogen). This 80 pct reduction
in fracture initiation toughness is similar to the reduc-
tion measured for the 21-6-9/21-6-9 weld, but the
absolute value of the fracture initiation toughness is

notably higher for the hydrogen-precharged base metal
(240 kJ/m2) compared to the value for the hydrogen-
precharged weld (95 kJ/m2, Table III). Moreover, the
slopes of the crack growth resistance curves follow
similar trends, i.e., the value for the hydrogen-pre-
charged base metal (440 kJ/m2/mm) is considerably
higher than the value for the hydrogen-precharged weld
(100 kJ/m2/mm, Table III). These comparisons suggest
that GTA welds are more susceptible to hydrogen-
assisted fracture than the base metal for 21-6-9.
The hydrogen-assisted fracture resistance of fusion

welds in austenitic stainless steels has not been exten-
sively characterized using fracture mechanics methods.
In a study similar to the one reported here, Morgan
et al. measured the crack propagation resistance parallel
to the solidification direction in austenitic stainless steel
fusion welds containing different volume fractions of
ferrite.[9] Two GTA welds from the Morgan et al. study
had ferrite volume fractions (6 to 8 vol pct) similar to

Fig. 5—Secondary electron images of fracture surfaces from the hydrogen-precharged 21-6-9/21-6-9 GTA weld showing matching areas from
opposite surfaces. In the matching images (a) and (b), EDS analysis indicates that the regions bounded by the dotted lines are the ferrite phase.
In images (c) and (d), EDS analysis indicates that matching areas 1, 2, 4, 6, and 7 have austenite (A) on one surface and ferrite (F) on the other;
areas 3 and 5 have ferrite on both surfaces.
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the welds in the present work: 21-6-9 base metal with
308L filler wire (21-6-9/308L) and 304L base metal with
308L filler wire (304L/308L). Tests on hydrogen-
precharged fracture mechanics specimens from these
welds gave J-integral fracture initiation toughness values
between 114 and 135 kJ/m2 at a displacement rate of
0.05 mm/min. These initiation toughness values are
greater than the initiation toughness measured for the
21-6-9/21-6-9 weld at a displacement rate of 0.04
mm/min (77 kJ/m2, Table III).

Several variables could account for the lower frac-
ture toughness in 21-6-9/21-6-9 welds compared to
21-6-9/308L and 304L/308L welds: higher constraint in
the 21-6-9/21-6-9 fracture mechanics specimen (the
fracture mechanics specimen in the Morgan et al. study
had a gross thickness of only 4.5 mm), higher yield
strength in the 21-6-9/21-6-9 weld (21-6-9 filler metal
likely leads to higher strength than 308L filler metal due
to nitrogen in the former), and a higher hydrogen

content in the 21-6-9/21-6-9 weld. Considering the last
variable, the thermal precharging conditions for the
welds in the Morgan et al. study (35 MPa hydrogen at
623 K) are expected to produce a lower hydrogen
content in the 21-6-9/308L and 304L/308L welds com-
pared to the 21-6-9/21-6-9 welds from the current study.
This expectation was tested by estimating the hydrogen
content of the 21-6-9/308L and 304L/308L welds using
solubility data for 300-series stainless steels.[13] Assum-
ing ferrite does not significantly alter the hydrogen
content in the fusion zone, consistent with results for the
21-6-9/21-6-9 welds in the present study, the thermal
precharging conditions of 35 MPa hydrogen gas and
623 K temperature yield a hydrogen concentration of
approximately 70 wppm in the 308L. As expected, this
hydrogen content is considerably less than the hydrogen
content of the 21-6-9/21-6-9 welds (230 wppm) and
could account for the difference in the measured fracture
toughness.

Fig. 6—The backscatter electron images in (a), (b), and (c) show fracture profiles from a hydrogen-precharged 21-6-9/21-6-9 GTA weld. Crack
propagation direction is from right to left in (a) and is normal to the page in (b) and (c). Arrows in (a) and (b) indicate microcracks at ferrite or
steps on the fracture surface. Arrow in (c) indicates deformed ferrite. The secondary electron image in (d) shows a fracture surface tilted at
45 deg to reveal the face of a step similar to those in (b). Crack propagation is from bottom to top in the image. Arrows in (d) indicate the base
and top of the step.
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B. Fracture Mechanisms

1. Role of weld ferrite
The severe reductions in the fracture toughness of

hydrogen-precharged welds (Figure 3 and Table III) are
consistent with the striking change in the fracture mode,
as illustrated in Figure 4. The microvoid nucleation,
growth, and coalescence fracture mode predominates in
the noncharged welds, but scant evidence for this
fracture mode is found for the hydrogen-precharged
welds. Rather, the hydrogen-precharged welds exhibit a
fracture mode governed by the dendritic microstructure,
in which hydrogen facilitates the separation of austenite/
ferrite interfaces and the fracture of the ferrite itself.
These crack propagation paths, with respect to the weld
ferrite, were conclusively established through matching-
pair fractography (e.g., Figure 5).

The mechanisms of hydrogen-assisted fracture involv-
ing the weld ferrite can be postulated based on results
from other studies. For example, in a duplex stainless
steel containing approximately 50 vol pct ferrite and
50 vol pct austenite, hydrogen induced cleavage fracture
in the ferrite phase.[16] The cleavage fracture was
observed in both tensile specimens and fracture mechan-
ics specimens that were thermally precharged using the
same conditions as in the current study, i.e., 138 MPa
hydrogen gas at 573 K. In addition, cleavage fracture in
ferrite stringers was observed in fracture mechanics
specimens from 21-6-9 forgings, in which the crack
propagation direction was parallel to the ferrite string-
ers.[14] These 21-6-9 forgings contained less than
2 vol pct ferrite and were also subjected to the same
thermal precharging conditions used in the current
study. For both the duplex steel and the 21-6-9 forging,
it was concluded that cleavage fracture in the ferrite
phase was promoted by hydrogen dissolved in the
austenite phase. Localized deformation can develop in
the austenite phase as a result of the hydrogen-enhanced
localized plasticity mechanism,[17–20] leading to stress
concentrations at locations in which deformation bands
impinge on austenite/ferrite interfaces. These high local
stresses result in a lower remote stress for initiating
cleavage cracking in ferrite.

An additional condition that may be required for
cleavage fracture in ferrite is high hydrostatic stress.
Hydrogen-assisted fracture in thermally precharged
tensile specimens from the same 21-6-9 forging
referenced earlier did not involve cleavage fracture in
the ferrite stringers.[21] Additionally, tensile tests on
21-6-9/21-6-9 welds that were thermally precharged with
hydrogen showed evidence of the separation of austen-
ite/ferrite interfaces but not cleavage crack formation in
the ferrite.[6,7] In specimens with hydrogen concentra-
tions resulting from thermal precharging, cleavage
fracture in the ferrite stringers or weld ferrite was only
observed in fracture mechanics specimens, in which high
hydrostatic stress develops at the crack tip.

Mechanistic insight into the separation of austenite/
ferrite interfaces is provided by other studies of austen-
itic stainless steel welds. Using the hydrogen micro-
print technique, elevated hydrogen concentrations
were observed at austenite/ferrite interfaces in 304/310,

304/308, and 304/312 welds that were electrolytically
precharged with hydrogen.[8] Such elevated hydrogen
concentrations create favorable conditions for crack
formation at austenite/ferrite interfaces. In addition, it
was proposed that alloy composition gradients in the
austenite near the ferrite interfaces in welds could lower
both the austenite stability and the stacking-fault energy
at these locations.[7] Consequently, strain-induced mar-
tensite formation and planar slip are promoted and,
because these metallurgical features are linked to hydro-
gen-assisted fracture, the near-interface regions become
more susceptible. Local variations in austenite stability
and stacking-fault energy were invoked to explain the
fracture at austenite/ferrite interfaces in tensile speci-
mens from a range of stainless steel welds, including
21-6-9/21-6-9 welds that were thermally precharged with
hydrogen and then strained in air or thermally pre-
charged with hydrogen and then strained in hydrogen
gas.[7]

The mechanisms for cleavage fracture in ferrite and
interface separation at austenite/ferrite interfaces cited
earlier from previous studies are presumed to operate in
the 21-6-9/21-6-9 welds from the current study. The
metallurgical and environmental conditions associated
with cleavage fracture in ferrite stringers from the 21-6-9
forging[14] referenced earlier are particularly germane to
the 21-6-9/21-6-9 welds. For example, the 21-6-9 forging
and 21-6-9/21-6-9 welds had similar hydrogen concen-
trations and these two materials are expected to exhibit
similar degrees of localized deformation in the austenite
phase.

2. Role of intense shear deformation
The formation of microcracks at the weld ferrite is

likely the first step in hydrogen-assisted crack propaga-
tion. This notion is supported by the image in
Figure 6(a), which shows that microcracks initiated at
locations away from the primary crack plane but did not
propagate. Evidence for how these microcracks link and
ultimately lead to crack propagation is provided by the
steps on the fracture surface, which are revealed in
Figures 4(b) and 6(a) and (b). High-magnification
images, such as in Figure 6(c), demonstrate that intense
shear deformation developed in the material adjacent to
some of these steps.
Based on the fractography results, hydrogen-assisted

crack propagation in the welds is postulated to proceed
in the following way. As the primary crack tip opens,
microcracks form in succession at various locations
ahead of the crack tip. Because of the uniform orienta-
tion of the weld ferrite, these microcracks are aligned on
parallel planes. As the crack tip continues to open,
intense shear deformation develops in the ligaments
separating microcracks, leading to the fracture of these
ligaments and linking of the microcracks. This process of
microcrack linking through intense shear deformation
and fracture in the ligaments enables crack propagation
in orthogonal directions, e.g., along both the longitudi-
nal and transverse directions of the CT specimens.
Although hydrogen has one clear role in the

crack propagation process, i.e., inducing microcrack
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formation at the weld ferrite, it may also have a role in
facilitating intense shear deformation in the ligaments
separating microcracks. One possibility is that hydrogen
participates in an autocatalytic shear localization-void
formation process, as described by Hirth.[22,23] Assum-
ing this mechanism operates in the hydrogen-precharged
21-6-9/21-6-9 welds, deformation could start to localize
in the ligaments separating the microcracks as the
primary crack tip opens. This deformation creates strain
incompatibility at second-phase particles, leading to
void nucleation. While strain incompatibility creates a
driving force for void nucleation, hydrogen can facilitate
void nucleation by lowering the cohesive strength of the
particle/matrix interface. The presence of voids can then
further intensify the shear deformation in the ligament.

Assuming that the shear deformation between micro-
cracks was aggravated by void formation, it was
expected that evidence for voids would be found on
the faces of the fracture surface steps. Several such steps
from a hydrogen-precharged 21-6-9/21-6-9 weld were
examined in the scanning electron microscope by tilting
the fracture surface 45 deg to expose the faces of the
steps. An image illustrating the typical features on the
face of these steps is shown in Figure 6(d). This image
reveals that dimples are a minority feature on the faces
of the steps, suggesting that void formation was not a
predominant mechanism for intense shear deformation
between microcracks.

One facet of the hydrogen-enhanced localized plas-
ticity mechanism is that hydrogen enhances the mobility
of dislocations, which effectively leads to a decrease in
the local flow stress.[17,20,24] Such hydrogen-mediated
changes in the local flow stress can cause macroscopic
shear instability.[25] At issue is whether hydrogen could
facilitate shear instability between microcracks in the
weld. This issue is addressed in the Section 3 through
applying a finite-element model that is formulated
based on the physics of hydrogen-enhanced localized
plasticity.

3. Modeling of deformation and hydrogen
redistribution between microcracks

The domain of analysis for the solution of the initial/
boundary-value problem for transient hydrogen trans-
port coupled with material deformation was chosen
based on the physical evidence described in Section IV–B.
Figure 7(a) shows a schematic of the fracture process
zone in front of the main crack, where overlapping
microcracks on parallel planes interact under load.
The material response between microcracks was simu-
lated in the domain shown in Figure 7(b) under uniaxial
plane strain conditions. The width of the domain
Lw = 48 lm, the height Lh = 170 lm, the length of
microcracks within the domain Lc = 30 lm, and the
distance between them Ld = 30 lm. The values for the
microcrack length and spacing were determined from
examination of fracture profiles similar to that in
Figure 6(a). The domain was loaded incrementally by
Duy, while it was constrained (ux = 0) in the x direction
(Figure 7(b)). The constraint tension was chosen in
order to account for the presence of the elevated

hydrostatic stress environment in the region ahead of
the main crack in which the microcracks are forming.
Displacement increments were imposed such that the
macroscopic strain in the y direction reached 10 pct in
2 minutes, the time at which crack propagation was
observed to initiate in the CT specimen of the 21-6-9/
21-6-9 weld under a 0.4 mm/min displacement rate. The
10 pct strain represents approximately the plastic strain
a material volume experiences in the fracture process
zone at distance equal to the crack tip opening dis-
placement ahead of the main crack tip. Throughout the
simulation domain and before straining (time t = 0),
hydrogen was assumed to be uniformly distributed in
the lattice at the average concentration measured for the
hydrogen-precharged 21-6-9/21-6-9 welds, i.e.,
c0 = 1.3 at. pct (or C0 = 1.1003 9 1027 H/m3). In view
of the fact that the microcracks were assumed to be
periodically located ahead of the main crack, the outer
boundary of the domain was assumed impermeable to
hydrogen and it was assigned a zero flux boundary
condition, J = 0. A zero concentration boundary con-
dition was prescribed on the microcrack faces.
The finite-element procedures for the solution of the

coupled problems of transient hydrogen diffusion
and material elastoplasticity are outlined in work by
Sofronis and McMeeking[26] and Liang and Sofronis.[27]

Upon straining, hydrogen was modeled to diffuse

Fig. 7—(a) Schematic of microcracks ahead of the main crack. (b)
Description of boundary conditions for the elastoplastic problem
and initial and boundary conditions for the diffusion problem near
the overlapping microcracks. (c) Stress-plastic strain curve for 21-6-9
base material.
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through normal interstitial lattice sites (NILS) and
become trapped at dislocations that served as reversible
traps the density of which increased with plastic
straining. The model captures the effect of hydrostatic
stress on hydrogen diffusion through NILS.[28] The
trapped hydrogen was assumed to always be in equilib-
rium with the hydrogen at NILS according to Oriani’s
theory,[29] such that the occupancy of the interstitial
lattice sites hL and the occupancy of the trapping sites hT
were related through hT/(1 – hT) = hL/(1 – hL) KT,
where KT = exp (EB/RT) represents the equilibrium
constant, EB the trap binding energy, R = 8.314 J/mol
K, and T = 298 K. The hydrogen concentration in
trapping sites CT, measured in hydrogen atoms per unit
volume, can be expressed as CT = hT aNT, where a
denotes the number of sites per trap and NT = NT (ep)
denotes the trap density in the number of traps per unit
volume and is a function of the amount of the local
plastic strain ep. Assuming one trap per atomic plane
threaded by a dislocation,[30,31] one finds that the trap
density in traps per unit volume is given by
NT ¼

ffiffiffi

2
p

q
�

d, where d is the lattice parameter and q is
the dislocation density, which was assumed to increase
linearly with plastic strain, that is, q = q0+ cep for
ep £ 0.5 and q = const. for ep > 0.5, q0 = 1010 line
length/m3, and c = 2 9 1016 line length/m3.[32] Simi-
larly, the hydrogen concentration CL in NILS, measured
in hydrogen atoms per unit volume, can be phrased as
CL = hLbNL, where b denotes the number of NILS per
solvent atom and NL denotes the number of solvent
atoms per unit volume given by NL = NA/VM, with
NA = 6.0232 9 1023 atoms per mole being Avogadro’s
number and VM the molar volume of the host lattice.

In agreement with microscopic studies of the effect of
hydrogen on dislocation mobility enhancement,[17,20,24]

the flow stress of the material was considered[25] to vary
with the amount of hydrogen trapped at dislocations:
rY ep; cTð Þ ¼ r0 cT n� 1ð Þ þ 1½ �F epð Þ, where r0 is the yield
stress in the absence of hydrogen, n £ 1 is a parameter
describing the extent of softening, cT = CT/NL is the
trapped hydrogen concentration measured in hydrogen
atoms per solvent atom, and the function F(ep) describes
the work hardening of the material as a function of the
logarithmic plastic strain ep in uniaxial tension. Hydro-
gen is assumed not to change the work-hardening
characteristics of the material. The yield stress r0 and
function F(ep) are determined from the measured uni-
axial stress-strain curve of the 21-6-9 base material,
which was assumed to reasonably represent the defor-
mation response of austenite in the weld. Figure 7(c)
shows the flow stress as a function of the plastic strain in
the absence of hydrogen. The constitutive response of
the materials was assumed to be rate independent with
von Mises yielding and the associated flow rule. The
relevant three-dimensional constitutive law can be found
in the work of Sofronis et al.[33] It is noted that the
adopted model of hydrogen-induced softening is just an
attempt to account for the hydrogen’s effect on dislo-
cation mobility and is not an exhaustive description of
the response of the material microstructure in the
presence of hydrogen. The material parameters for the
steel are listed in Table IV.

The trapped hydrogen concentration and the effect of
hydrogen on the plastic strain were investigated for
several values of the softening parameter n. Contour
plots of the effective plastic strain at the time of fracture
initiation (t = 2 minutes) in the CT specimen are shown
in Figure 8 for n = 1, �109, and �219. The value
n = 1 corresponds to the absence of material softening,
whereas the values �109 and �219 are associated with
the 20 and 40 pct maximum hydrogen-induced reduc-
tion of the yield stress of the material at the hydrogen
concentration in trapping sites CT = 1.5395 9 1026

H/m3 (cT = 0.18 at. pct), respectively. This concen-
tration was derived at the location of the maxi-
mum trap density and in equilibrium with the NILS
hydrogen at concentration C0 = 1.1003 9 1027 H/m3

(or c0 = 1.3 at. pct), i.e., potentially the largest trapping
site concentration that could be attained in the domain.

Table IV. Material Parameters Used in Simulation

Properties Symbol Value

Young’s modulus E 196.6 GPa
Poisson’s ratio m 0.3
Initial yield stress in the
absence of hydrogen

r0 485 MPa

Number of sites per trap[34,37] a 10
Number of NILS
per host atom

b 1

Trap binding energy[38] EB 9.65 kJ/mol (0.1 eV)
Molar volume
of the host lattice

VM 7.116 9 10�6 m3/mol

Partial molar volume of H[1] VH 2 9 10�6 m3/mol
Diffusion coefficient at
temperature of 298 K[13]

D 1.9 9 10�16 m2/s

Fig. 8—Contour plots of equivalent plastic strain at time t = 2 min
(macroscopic tensile strain of 10 pct) for various values of the
hydrogen-induced softening parameter: n = (a) 1 (no softening), (b)
�109 (maximum softening of 20 pct), and (c) �219 (maximum soft-
ening of 40 pct).

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 40A, OCTOBER 2009—2359



Figure 8 shows the opening of the microcracks at
t = 2 minutes, because large strain analysis was
employed to monitor geometry changes upon loading.
The corresponding results for the normalized hydrogen
concentration at NILS, CL/C0, and traps (dislocations),
CT/C0, are shown in Figures 9 and 10, respectively.

The calculations show that the plastic flow in the
domain is concentrated in the region between the
microcracks (Figure 8), with the rest of the material
experiencing mainly elastic straining. Most important,
the finite-element results demonstrate that accounting
for hydrogen-induced localized softening leads to mac-
roscopic intense shear deformation in the ligament
between the microcracks. In the absence of localized
softening, the plastic zone is very diffuse and spread
throughout the ligament between the microcracks
(Figure 8(a)). On the other hand, Figures 8(b) and (c)
show that intense shear tends to localize in a band that
becomes narrower as the softening effect of hydrogen
becomes stronger. Upon straining, hydrostatic stress
gradients bring about hydrogen diffusion through
NILS, while dislocations generated in the plastically
deformed regions constitute hydrogen trapping sites. In
view of its low diffusivity in austenite, hydrogen diffused
over extremely short distances during the time of
straining (2 minutes) and, as a result, only minor spatial
changes in the total hydrogen concentration CL+CT

occurred. However, intense plastic straining in the
ligament between the microcracks causes hydrogen to
be transferred locally from NILS to dislocation trapping
sites and this accentuates the degree of the material
softening, which, in turn, further intensifies the defor-
mation. Figures 9 and 10 show that CL/C0 decreases

while CT/C0 increases, indicating that NILS hydrogen
populations in the ligament between the microcracks
migrate to the dislocations generated locally by plastic
straining. It is noted that intense shear deformation was
also observed by Liang et al.[34] at a void surface, due to
gradients in the plastic strain and the associated
hydrogen concentration close to the void surface. In
both the Liang et al. study[34] and the current study,
intense shear deformation was ultimately caused by a
gradient in the local flow stress that was associated with
a nonuniform distribution of hydrogen.
While the simulations demonstrate that hydrogen-

induced plastic softening can promote intense shear
deformation in the ligaments, it is recognized that
microcracking alone can potentially alter the stress state
at a crack tip and affect shear localization. It is well
known that plastic flow localization is strongly affected
by hydrostatic constraint. For example, localization in
uniaxial tension is easier under plane strain conditions
than under axisymmetric conditions due to a higher
constraint in the former case.[35] In the present work, the
analysis of intense shear deformation between the
microcracks was carried out in a unit cell simulating
constraint uniaxial tension, as shown in Figure 7(b).
This specific choice of the domain was prompted by the
geometry of the microcracked region ahead of the main
crack. In the absence of hydrogen, the incrementally
loaded unit cell experienced a constraint the magnitude
of which, as measured by the triaxiality T = Rkk/3Re,
was equal to 2.02 at the moment of macroscopic crack
advance. Here, the parameter Rkk denotes the sum of the
average macroscopic normal stresses acting on the cell
boundaries and Re denotes the Mises effective stress

Fig. 9—Contour plots of normalized NILS hydrogen concentration,
CL/C0, at macroscopic tensile strain 10 pct after 2 min from the start
of loading and various values of the hydrogen-induced softening
parameter: n = (a) 1 (no softening), (b) �109 (maximum softening
of 20 pct), and (c) �219 (maximum softening of 40 pct). The param-
eter C0 = 1.1003 9 1027 H/m3 (or c0 = 1.3 at. pct) is the initial
NILS hydrogen concentration.

Fig. 10—Contour plots of normalized trapped hydrogen concentra-
tion, CT/C0, at macroscopic tensile strain 10 pct after 2 min from the
start of loading and various values of the hydrogen-induced soften-
ing parameter: n = (a) 1 (no softening), (b) �109 (maximum soften-
ing of 20 pct), and (c) �219 (maximum softening of 40 pct).
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associated with those stresses. Therefore, in the absence
of hydrogen, the simulation of the development of
intense shear deformation between the microcracks took
place under a triaxiality that is less than the triaxiality
(T = 2.7) the material at the same location ahead of a
blunting crack tip experiences in the absence of micro-
cracking.[36] In other words, the fact that the presence of
the microcracks relaxes the macroscopic constraint
ahead of a crack tip is addressed by the model through
the choice of the simulation domain and the associated
boundary conditions. Of course, the precise magnitude
of this relaxation and, hence, the applied hydrostatic
constraint under which the calculation ought to have
been carried out could have been found by solving
directly the elastoplastic boundary value problem in the
neighborhood of the main crack in the presence of the
microcracks. That would be a more computation-
ally demanding task and, certainly, the overall result
would not be qualitatively different from that which the
present unit cell approach furnishes. In the presence of
hydrogen-induced softening, the constraint the unit cell
experiences at the moment of macroscopic crack
advance reduces even further. It is T = 1.72 with
20 pct softening and T = 1.56 with 40 pct softening.
In fact, the main simulation result, that hydrogen causes
intense shear deformation between the microcracks, as
shown in Figure 8(c), is associated with a triaxiality of
T = 1.56. In summary, the simulations were carried out
under moderate triaxiality levels relative to the
maximum triaxiality ahead of a crack tip in a nonmi-
crocracked material. The interesting point is that,
despite this relatively relaxed macroscopic triaxiality,
the simulations show that hydrogen can promote
intense shear deformation through the gradient in the
local flow stress it induces in the region between the
microcracks.

The finite-element modeling was conducted to provide
insight into the mechanism for microcrack linking
during hydrogen-assisted crack propagation in 21-6-9/
21-6-9 GTA welds. The microscopy results (e.g.,
Figures 6(c) and (d)) revealed key details on the role
of intense shear deformation, but microscopy evidence
alone is unlikely to establish whether the intense shear
deformation was enhanced by hydrogen. In the absence
of physical evidence, the finite-element model results
support the notion that hydrogen can facilitate the
development of intense shear deformation between
microcracks. While the finite-element model results are
compelling, particularly because the model is based on
the well-established physics of hydrogen-dislocation
interactions, important model parameters have not been
quantified for stainless steels. For example, the values
for n (i.e., �109 and �219) used in the flow rule were
based on assumed magnitudes of hydrogen-induced
local softening. The finite-element model could be a
much more effective tool in providing mechanistic
insight if the model parameters could be quantified with
more certainty. Experimental studies of thermally acti-
vated dislocation motion could enable the development
of flow rules for hydrogen-exposed materials. For
example, properties such as the activation enthalpy for
dislocation motion could be determined from stress

relaxation tests on hydrogen-precharged specimens.
Enhanced confidence in the flow rule for hydrogen-
precharged stainless steels would be a consequential
advancement for using finite-element models as tools in
understanding hydrogen-assisted fracture.

V. CONCLUSIONS

The following conclusions are drawn from this study.

1. The fracture toughness of 21-6-9/21-6-9 GTA welds
was severely degraded by 230 wppm (1.3 at. pct) of
precharged hydrogen. The fracture initiation tough-
ness and slope of the crack growth resistance curve
for the hydrogen-precharged weld were reduced up
to 60 and 90 pct, respectively, relative to the non-
charged weld.

2. Hydrogen induced a change in the fracture mode,
from microvoid coalescence in the noncharged weld
to fracture associated with the dendritic microstruc-
ture in the hydrogen-precharged weld.

3. Hydrogen-assisted crack propagation in the weld
proceeded by a sequence of microcrack formation
at the weld ferrite, intense shear deformation in the
ligaments separating microcracks, and then fracture
of the ligaments.

4. One salient role of hydrogen in the crack propaga-
tion process was promoting microcrack formation
at the austenite/ferrite interfaces and within the
ferrite. In addition, hydrogen may have facilitated
intense shear deformation in the ligaments separat-
ing microcracks. The intense shear deformation
could be related to the development of a nonuni-
form distribution of hydrogen trapped at disloca-
tions between microcracks, which, in turn, created a
gradient in the local flow stress.
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