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Recent studies using classical precipitation models to follow experimental precipitation kinetics
in Al-Sc alloys have concluded that an explicitly time- and temperature-dependant interfacial
energy must be adopted to explain the observed precipitation kinetics. An alternative expla-
nation for the precipitation kinetics based on vacancy-enhanced diffusivity is proposed in this
work. This method, combined with a classical Kampmann–Wagner (KWN) class model, has
allowed us to reconcile the kinetics of nucleation, growth, and coarsening in an Al-Mg-Sc alloy
using a single value for the interfacial energy in the temperature range 250 �C to 350 �C.
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I. INTRODUCTION

RESEARCH on Al-Sc alloys has been driven both by
their potential as commercial age-hardenable alloys[1–3]

as well by several characteristics that make them ‘‘ideal’’
for comparing against models of precipitation kinet-
ics.[4–7] The desirable properties, in both these cases,
arise from the presence of a high density of fine,
approximately spherical Al3Sc precipitates that resist
coarsening or dissolution up to intermediate homolo-
gous temperatures.[3] Such precipitates are nearly ideal
for pinning of grain boundaries and, thus, for achieving
thermally stable, fine-grained microstructures.[8,9] From
a fundamental point of view, these same properties
make such alloys ideal for testing theories of precipita-
tion given that many of the simplifying assumptions
used in current models (e.g., spherical geometry, dilute
volume fraction, and ‘‘homogeneous’’ nucleation) are all
approximately satisfied by this system.

One interesting feature arising from recent compari-
sons between experiment and classical kinetic models of
nucleation, growth, and coarsening in Al-Sc alloys is
that the experiments and models cannot be reconciled by
use of a single value of the interfacial energy cAl/Al3Sc. It
has been found that, in order to explain experimental
results, the interfacial energy must be made a function of
temperature or precipitate size. For an Al-0.11 at. pct Sc
alloy, Hyland[4] reported that the value of cAl/Al3Sc

required to predict the incubation time for homoge-
neous nucleation based on classical nucleation theory
was much smaller than that needed to replicate the
steady-state nucleation rate. In the former case, the
interfacial energy was estimated as 93 mJm-2, while
the interfacial energy of the latter was required to be

125 mJm-2. Moreover, it was found, based on the
measured incubation time, that the temperature depen-
dence of the interfacial energy was required to increase
from 78 mJm-2 at 561 K to 93 mJm-2 at 616 K.
Another example of this behavior can be found in the

work of Robson et al.[5] In this case, an N-site model
based on the Kampmann–Wagner (KWN) approach,[10]

previously applied to a wide range of alloys (e.g.,
References 11 and 12), was used to describe the precip-
itation in an Al-0.25 wt pct Sc alloy. In the KWNmodel,
classical nucleation is applied, while growth is described
based on diffusional growth of a spherical precipitate.
The transitions from nucleation to growth, growth to
coarsening, and the process of coarsening itself are
implicitly accounted for due to the fact that a precipitate
size distribution is followed throughout the process.
Applying this framework to experimentally measured
Al3Sc size distributions in the Al-Sc system, Robson
et al.[5] found that a much smaller value of the interfacial
energy was needed for the initial stages of nucleation
(57 mJm-2) compared to that needed for describing
coarsening of precipitates larger than 5 nm (200 mJm-2).
Robson reconciled this observation by arguing that the
interfaces of the small nuclei would have greater ability
to rearrange to lower their energy compared to much
larger, coarsened precipitates. This is despite the fact that
the precipitates were observed to remain coherent
beyond a size of 5 nm. To fit their experimental results,
a linear increase of the interfacial energy from 57 to
200 mJm-2, saturating at a size of 5 nm, was used and
found to give good agreement with the experimentally
determined size distributions.
Several arguments may be given to explain why one

might expect a temperature-/time-/size-dependent inter-
facial energy in the case of Al3Sc precipitates. From a
purely theoretical point of view, the interfacial energy as
a thermodynamic property is temperature dependent,
the temperature dependence being given by the entropy
of the interface. For a sharp, coherent interface between
Al and highly ordered Al3Sc phase, the entropy contri-
bution to the excess energy associated with the interface
is quite small. Atomistic simulations on the binary Al-Sc
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system indicate that a temperature increase from 400 to
800 K gives rise to only a 10 pct decrease in the
calculated interfacial energy.[13] Alternatively, one could
attribute modifications of interfacial energy to a mod-
ification of the interface itself at different temperatures
or times, as was done by Robson. An obvious case
would be the change in interfacial energy attending the
transition from coherent to incoherent interfaces at a
critical size.[7] In the case of Al-Sc alloys, however, this is
only relevant to coarsening because the transition occurs
for precipitate sizes >30 nm.[7] Other mechanisms that
could be important in this context include segregation of
solute to the interface. In the case of Al-Sc systems,
recent atom probe measurements suggest that Mg may
segregate to Al3Sc interfaces.[14] While it has been
argued that this will result in a reduction of interfacial
energy compared with binary Al-Sc alloys, the effect is
approximately time invariant and, as will be shown here,
results in a small change in interfacial energy relative to
the variations reported in the literature. In contrast, Ti
can be gradually incorporated into Al3Sc precipitates.
While this too might be expected to provide a plausible
explanation for a varying interfacial energy with time
and temperature, Ti incorporation has been shown to
only be significant after very long aging times.[15,16] This
is attributable to the very low diffusivity of Ti in Al
compared to Sc and means that significant effects would
not be expected until after ~102 hours at 300 �C.[16]
Finally, the back-calculated interfacial energies arising
from the modeling described previously may only
represent apparent energies and may, in fact, incorpo-
rate the effects of other distinct processes that are not
included in the classic formulations described previ-
ously. The presence of intermediate precipitating phases,
nonuniform solute concentrations, and excess vacancies
all represent features that could affect the apparent
interfacial energy.

In this work, we examine the possibility that excess
vacancies could be responsible for the apparent varia-
tions in interfacial energy. First, experimental observa-
tions on the precipitation kinetics and precipitate size
distribution in an Al-Mg-Sc-Ti alloy are presented.
Next, these results are compared against predictions of a
KWN model. Finally, the role that excess vacancies
might play in this process is presented along with
experimental evidence for their existence in the Al-Mg-
Sc-Ti system studied here.

II. EXPERIMENTS

Materials were supplied by the Novelis Global Tech-
nology Centre (Kingston, ON) in the form of hot-rolled
sheets 5-mm thick. These sheets were produced from
laboratory castings made from high-purity Al and an
Al-2 at. pct Sc master alloy resulting in an alloy with
2.8 wt pct Mg, 0.16 wt pct Sc, and a small amount of
Ti. The Ti present in the alloy came both from Ti in the
master alloy as well as additions made for grain
refinement during laboratory casting. The hot-rolled
sheet was found to have a coarse, unrecrystallized
microstructure. In order to refine the microstructure and

remove segregation, the hot-rolled sheet was subjected
first to a homogenization treatment for 7 days at 610 �C
in air followed by water quenching and cold rolling to
80 pct reduction. The cold-rolled sheet was subsequently
annealed in a 40 pct NaNO3+60 pct KNO3 salt bath
at 600 �C for 5 seconds and water quenched. The result
of this heat treatment was a solutionized and recrystal-
lized sample (confirmed by transmission electron
microscopy) with an average grain size of approximately
50 lm. Aging treatments were carried out immediately
following quenching from 600 �C, the precipitation
reactions being performed at temperatures of 250 �C,
300 �C, or 350 �C. Based on previous work,[4,5] it was
expected that at these low aging temperatures, where the
undercooling below the equilibrium solvus temperature
(i.e. 575 �C) is sufficiently high, homogenous nucleation
would dominate. Several samples were aged for
8.5 hours at 300 �C and then up-quenched to 425 �C
to accelerate coarsening. A temperature of 425 �C was
determined as a compromise between obtaining fast
kinetics and minimizing the change in equilibrium
volume fraction of Al3Sc, the change being estimated
to be small (approximately 10 pct) due a very steep
a-Al/a-Al+Al3Sc solvus boundary.
The goal of these experiments was to compare the

results against the KWN precipitation model. Two forms
of measurement were made to facilitate this comparison.
First, electrical conductivity was measured on various
samples to capture its evolution with isothermal precip-
itation. Measurements were made at room temperature
using a portable Verimet M4900C Eddy current reader
operating in temperature-compensated mode to account
for variations in ambient temperature. Assuming a linear
relationship between conductivity and solute in solution,
the conductivity measurements allow one to track the
progress of precipitation by monitoring the depletion of
solute in the aluminum matrix.
Precipitate size distributions measured at different

aging conditions represent the second experimental
measurements made for comparison against the KWN
model. Samples for transmission electron microscopy
were prepared from aged materials by punching 3-mm-
diameter disks and mechanical polishing to a thickness
of approximately 100 lm. These samples were finally jet
polished in a 5 pct perchloric acid in methanol solution
at -20 �C and a voltage of 20 V. Dark-field images
using the 100h i superlattice reflection of the Al3Sc
precipitates were taken at different magnifications
depending on aging condition using a Hitachi H-800
scanning transmission electron microscope operating in
conventional mode at 200 KV. Digital image analysis
was used to determine the diameter of the Al3Sc
precipitates from these dark-field images. In each case,
a minimum of 103 precipitates were measured to
construct the size distributions.
Finally, high field nuclear magnetic resonance (NMR)

spectroscopy was used to confirm a number of basic
aspects of the precipitation in this system. The NMR is
particularly useful for following precipitation in dilute
Al-Sc alloys due to a high detection sensitivity for the
45Sc nucleus and a significant difference in the Knight
shift (600 ppm) between the 45Sc spectra for Sc in solid
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solution and Sc in the Al3Sc phase. In this study, samples
were analyzed for one aging temperature to confirm the
onset and end of precipitation and the absence of other
intermediate precipitates. For this purpose, a Bruker
MSL 400 NMR spectrometer with a nominal 9.395T
field and an observation frequency of 97.2 MHz was
used. A scan rate of 10 Hz was used to collect the spectra,
which each contained approximately 5 9 105 scans. The
portion of the spectra corresponding to the locations of
the Al matrix (1700 ppm) and Al3Sc phase (1040 ppm)
are shown here. Prior to analysis, homogenized material
was filed into a powder (size of granules was approxi-
mately 160 lm) followed by annealing at 610 �C for
1 minute. The powder was encapsulated in a quartz tube
that had been evacuated and backfilled with approxi-
mately 0.33 atm of Ar. After 1 minute, this quartz tube
was shattered into an ice water bath. Four different lots
of the powder were then annealed at 350 �C for
0 seconds (as solutionized), 10 minutes, 30 minutes,
1 hour, and 2 hours, respectively.

III. EXPERIMENTAL RESULTS

The results of electrical resistivity measurements made
on samples aged isothermally at 250 �C, 300 �C, or
350 �C for various times are shown in Figure 1. In
previous studies, the electrical resistivity has been used
to directly calculate the volume fraction of precipitates
in Al-Sc alloys assuming scattering dominated by solute
in the aluminum matrix (e.g., Reference 17). As will be
discussed later, care must be exercised in making this
relation as it may not be possible to ignore the
contribution of interfacial scattering to the measured
resistivity. In the present case, the relative change in
resistivity is used as an approximate tool for following
the precipitation kinetics and, in particular, for identi-
fying the start and end times for precipitation. The
appropriateness of the values obtained for the precip-
itation start time have been corroborated by comparing
the values obtained from resistivity vs those obtained by
observing the aging response of the alloy.

The NMR spectra (Figure 2) made on samples aged
at 350 �C for times up to 2 hours show two noteworthy
features. First, the spectra from the solutionized sample
indicate the absence of a peak corresponding to Al3Sc at
1040 ppm, thus confirming that the solutionization
treatment was adequate. Second, the NMR spectra
show no evidence of other Sc containing phases,
confirming the expected result that the Al3Sc forms
directly without intermediate precipitates. It should be
noted that compared to binary Al-Sc alloys,[18] the Al3Sc
peaks observed here on aging at 350 �C exhibited
extensive and symmetric wings due either to imperfectly
formed Al3Sc crystallites or to Mg proximity. Finally, it
is worth noting that the precipitation start and finish
times estimated from resistivity are consistent with the
observed appearance of the Al3Sc peak in the NMR
spectra and the relatively small change in this peak for
measurements between 1 and 2 hours.
Given that the KWN model directly tracks the

precipitate size distribution on aging, measurements of
the size distributions give a second experimental
measurement that can be compared with the model.

Fig. 1—Evolution of resistivity during aging at different temperatures.

Fig. 2—Evolution of NMR spectra for 45Sc nucleus in the solution
(at 1700 ppm) and in the Al3Sc phase (at 1040 ppm) for different
stages of aging at 350 �C.
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Figures 3 and 4 give examples of dark-field TEM images
and the corresponding size measurements, respectively,
made under the three indicated aging conditions. As is
generally observed,[19] the Al3Sc remain equiaxed over
all the aging conditions examined. Moreover, bright-
field imaging shows Ashby–Brown contrast consistent
with coherence for all aging conditions.

IV. MODELING

The KWN model[10] has been previously applied to
Al-Sc binary alloys byRobson et al.,[5] where it was shown
that a precipitate-size-dependent interfacial energy had to
be used to capture the precipitation kinetics in an Al-Sc
alloy.We use this as a starting point to show that a similar
situation exists when this model is applied to our Al-Mg-
Sc-Ti alloy. It will finally be shown that this temperature/
size dependence can be fully removed if theKWNmodel is
adapted to account for the effect of excess vacancies.

A. Modeling Approach: KWN Model

To simplify, we consider that Al and Sc are the only
species to participate in the precipitation reaction, i.e.,
that neither magnesium nor titanium is incorporated
into the precipitates. This assumption can be refined, as
will be discussed subsequently, given that magnesium is
incorporated to a small extent on the Al sublattice, while
Ti tends to incorporate with increasing strength at long
times on the Sc sublattice.[15]

The size distribution of precipitates has been dis-
cretized into a finite number of size classes. The
temporal evolution of the number of precipitates in
each of these classes has been calculated based on a
constant time increment. To be able to accurately
track the evolution of both the large and small ends
of the size distribution with equal accuracy, a loga-
rithmic division of size has been used to generate 300
class sizes, where the radius of the ith class (measured
in nanometers) is given by

Fig. 3—Dark-field TEM images using the reflection of Al3Sc fcc-L12 phase showing different populations of the particles resulted from aging
treatment: (a) 2.5 h at 300 �C, (b) 2 h at 350 �C, and (c) 8.5 h at 300 �C followed by 80 minutes coarsening at 425 �C. The low density of rods/laths
observed in (b) are likely a second morphology of Al3Sc observed under conditions of low supersaturation (e.g., References 16 and 19).

Fig. 4—Measured size distribution of Al3Sc precipitates at three aging conditions: (a) one-step aging at 300 �C for 2.5 h, (b) one-step aging at
350 �C for 2 h, and (c) two-step aging, i.e., 8.5 h aging at 300 �C followed by 80 min holding at 425 �C to enhance coarsening.
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log Rið Þ ¼ �9:5þ
i

100
for i ¼ 0 to 300 ½1�

As in the case of Robson et al., we have adopted
classical nucleation to calculate the number of new
nuclei arriving in the size classes over each time interval.
In support of this approach, recent comparisons
between the predictions of classical nucleation vs cluster
dynamics show that the classical formulation works well
for the case of Al3Sc precipitation.[20] The nucleation
rate is thus given by

_N ¼ Zb�NV exp
�ac3

kBTðDGVÞ2

 !
exp

�s
t

� �
½2�

where Z is the Zeldovich nonequilibrium factor (approx-
imated as 0.05), b* is the attachment rate of single atoms
to the critical nucleus, NV is the number of atoms per
unit volume, DGV is the driving pressure for nucleation,
a is a constant, and c represents the interfacial energy.
The incubation time, s, is taken here as (2Zb*)-1. The
parameter b* is related to the size of critical nucleus, the
diffusivity of solute, and the solute content of Al matrix.

While Robson et al. incorporated the possibility of
heterogeneous nucleation on dislocations at high aging
temperatures in their model, here only homogeneous
nucleation, consistent with our TEM observations, is
dealt with. Due to our choice of low aging temperatures,
the elastic energy contribution to the total energy
change associated with precipitation appears to be
negligible and, thus, is neglected. Based on the fact that
Sc is a dilute alloying species, we approximate the
chemical driving force as[21]

DGV¼
RgT

Vm
XAl3Sc

Sc ln
XScðtÞ
Xeq

þð1�XAl3Sc
Sc Þ ln 1�XScðtÞ

1�Xeq

� �
½3�

where Vm is the molar volume; and XAl3Sc
Sc , XSc, and Xeq

are the atomic fraction of Sc in the precipitate, the
actual content in the matrix, and the equilibrium
fraction in the matrix.

The growth rate of the precipitates is considered to be
governed by the diffusional growth of spherical precip-
itates. The diffusivity of Sc in Al is from the work of
Fujikawa[22] and has been shown to work well for
Al-Mg-Sc ternary alloys.[23] The pre-exponential factor
is 5.31 9 10-3 m2/s, and the activation energy is 174
kJ/mol. The off-diagonal terms of the diffusivity tensor
are not considered here. The solute remaining in
solution is calculated at the end of each step using a
mean-field approximation based on a mass balance of
the solute within the precipitate size distribution. The
solubility of the precipitates as a function of their size,
XR, is corrected for the Gibbs–Thompson effect:

XR ¼ Xeq exp
Vm

RgT

2c
R

ð1� XeqÞ
ðXAl3Sc

Sc � XeqÞ

 !
½4�

Those precipitates with XR larger than XSc are
unstable and will dissolve. Once the size of a group of

precipitates approached the lower tail of the distribu-
tion, they were removed permanently from the system.
In this way, the coarsening is explicitly taken into
account and no a priori assumption regarding its
commencement needs to be made.
The equilibrium solubility required in Eqs. [3] and [4]

is based on knowledge of the thermodynamics for the
quaternary system under study here (Al-Mg-Sc-Ti). The
influence of a small amount of Ti in solution on the
solubility of Sc is expected to be low, because most of
the Ti is tied up as intermetallic inclusions. The effect of
having 2.8 at. pct Mg in solution also tends to have only
a small effect on the solubility of Sc in Al for temper-
atures below 400 �C.[24] Based on these and by virtue of
the fact that the limited published thermochemistry data
does not capture the complex nature of the binary/
ternary interactions of these solutes in Al, the solubility
of Sc in Al has been evaluated by accounting only for the
effect of 2.8 wt pct Mg in solution. The solubility used in
the simulations is calculated based on the thermody-
namic data of Grobner et al.[25] and is defined by the
entropy and enthalpy of Sc in solution as 63.8 J/mol K
and 66.9 kJ/mol, respectively. At low temperatures, this
solvus is very close to that of a binary Al-Sc alloy.[17]

B. Comparison between KWN Model and Experiment:
the Role of Excess Vacancies

As a starting point for comparing the KWN model
described previously to the experimental kinetics of
precipitation in the Al-Mg-Sc-Ti system, we have
estimated the incubation time for precipitation at the
three temperatures studied by fitting to the resistivity
data (cf. Figure 1) and finding the time for 10 pct
change in resistivity. These data are shown in Figure 5.
The KWN model was fit to these data (Table I) using
the interfacial energy as the only adjustable parameter.
If a constant interfacial energy is used regardless
of precipitation time/temperature, then the model

Fig. 5—Time for 10 pct of precipitation at different aging tempera-
tures. The measurements (solid circles) are based on the resistivity
test (summarized in Table I), and the lines represent the model
predictions.
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underpredicts the kinetics at high temperature and
overpredicts them at low temperatures. This is the same
trend as observed by Hyland.[4] The experimental results
can be reconciled with the model if a temperature-
dependent interfacial energy is chosen. Allowing for this
variation would predict interfacial energies of 80 and
120 mJm-2 at 300 �C and 350 �C, respectively. At the
highest aging temperature, i.e., 350 �C, the predicted
incubation time is quite sensitive to the value assumed
for the interfacial energy. In contrast, for 250 �C, the
calculated incubation time has weak interfacial energy
dependence such that the experimental value cannot be
captured by the model using the interfacial energy as a
sole fit parameter.

Segregation of Mg to Al3Sc interfaces has been
observed using the three-dimensional–tomographic
atom probe by Marquis et al.[14] This segregation
leads to a reduction in the interfacial energy with Mg
coverage of the interface. Adopting the data from this
work allows us to estimate the Gibbs interfacial excess
Mg (CMg) for our alloy. From these data, we estimate
the Mg coverage as 2.4 and 1.6 atom nm-2 for aging
at 250 �C and 300 �C. These values reduce the
interfacial energy by 17 and 12 mJm-2, respectively,
compared to the interfacial energy of the precipitates
in a binary Al-Sc alloy. As is apparent, from Figure 5,
particularly from aging at 250 �C, the change in
interfacial energy predicted previously is insufficient
to explain the differences observed here. Moreover, as
will be shown subsequently, much larger changes
would be required to describe the overall kinetics,
particularly at 250 �C.

The question that arises is whether there is another
unaccounted mechanism missing from the KWN model
described previously that could be giving rise to the
apparent temperature dependence of the interfacial
energy. In making TEM observations, it was observed
that all grains exhibited precipitate-free zones (PFZ)
around the grain boundaries, as illustrated in Figure 6.
The presence of PFZs in aluminum alloys is often taken
as an indication that either vacancies are playing a role
in precipitation or that solute depletion due to grain
boundary precipitation is locally reducing supersatura-
tion.[26,27]

Solute depletion due to the precipitation on bound-
aries such as that observed in Figure 6 cannot be solely
responsible for the observed PFZ. A simple calculation

of the diffusion distance for Sc,
ffiffiffiffiffiffiffiffiffiffi
DAl

Sct
q

, gives 0.45 lm

for the aging conditions in Figure 6. This is to be
contrasted with the width of the PFZs, which appears to
be 2 lm on either side of the grain boundary. Thus, one
must consider the possibility that vacancies participate
in the progress of precipitation.
The heterogeneous precipitation of Al3Sc at vacancy

clusters appears unlikely as an explanation for the PFZ
observed here, because the measured maximum number
density of the precipitates has been found to remain
invariant in the presence of excess vacancies.[4] This is
likely a consequence of the high binding energy between
Sc atoms and vacancies, Qb = 0.35 eV,[28] which pre-
vents the condensation of excess vacancies into clusters.
Moreover, because vacancies are neither created nor
destroyed at coherent boundaries (such as those of the
Al3Sc precipitates studied here), the activation energy
for homogeneous nucleation of Al3Sc precipitates will
not be affected by excess of vacancies. The remaining
effect that can be attributed to the presence of excess
vacancies is enhanced Sc diffusivity. Such an effect
would explain the apparent reduction in incubation
times, particularly at low temperatures observed in
Figure 5 as well as by Hyland.[4]

To account for the effect of excess vacancies on
diffusivity, a simple model is proposed here. An effective
diffusivity is taken as

Deff ¼ DSc 1þ Xexc

X
eq
V

� �
½5�

where Xexc is the concentration of excess vacancies (i.e.,
the total vacancy concentration minus the equilibrium
concentration) and X

eq
V is the equilibrium concentration

of vacancies. Alloying aluminum with Sc has also been
shown to decrease the activation enthalpy for vacancy
formation, thereby increasing the concentration of
excess vacancies expected on quenching.[28] The concen-
tration of excess vacancies on quenching in binary Al-Sc
alloys has been given as[28]

Table I. Isothermal Aging Time Required for 10 Pct

Precipitation of Al3Sc Based on Conductivity Measurements

T, �C 250 300 350
T10 pct, s 4467 795 501

Fig. 6—Bright-field TEM image showing a PFZ in the vicinity of a
grain boundary. Aging treatment: 3 h at 400 �C.

Xexc

X
eq
V

¼ ð1� zXScÞ exp ð�QV=kTsolÞ þ zXSc exp ½�ðQV �QbÞ=kTsol�
ð1� zXScÞ exp ð�QV=kTageÞ þ zXSc exp ½�ðQV �QbÞ=kTage�

� 1 ½6�
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where z is the number of neighboring atoms (12 in the
fcc lattice), Qv is the activation energy for vacancy
formation in pure Al, and Tsol and Tage are the solution
treatment and aging temperatures, respectively.

On aging, the concentration of excess vacancies will
tend to decay, leading to a time-dependent effective
diffusivity that approaches DSc at long aging times.
Here, we take a simple exponential decay of the excess
vacancy concentration assuming that annihilation of
vacancies will tend to occur at other defects such as
grain boundaries and dislocations.[29] This gives

XexcðtÞ ¼ Xexc
o exp �t DV

L2

� �
½7�

Here, Dv is the diffusivity for vacancies in aluminum
with activation energy of Qm and Dvo as a pre-exponen-
tial factor, and L is a characteristic annihilation distance
for vacancies. The activation energy for vacancy diffu-
sion (Qm) is approximated as the difference between the
activation energy for self-diffusion of Al and the
activation energy for vacancy formation. The pre-
exponential term for the vacancy diffusivity is more
difficult to identify, as is the characteristic annihilation
distance, L. Without having a solid foundation for the
term Dvo/L

2, it is used here as a fitting parameter in the
model.
Returning to the data first presented in Figure 5, we

have been able to obtain excellent agreement between
the KWN model, accounting for the effect of excess
vacancies on diffusivity with the incubation time in the
range of 250 �C and 350 �C using a single value for the
interfacial energy (cAl/Al3Sc = 127 mJm-2) and a value
of Dvo/L

2 = 1.0 ks-1. One can see the effect of
the excess vacancies on the diffusivity of Sc, in terms
of Deff/DSc, in Figure 7. Here, it is shown that the effect
is strongest, and persists longest, at low temperatures.
This is consistent with our preceding observation that
the classical model (without excess vacancies) is poor-
est at capturing the experimental behavior at low
temperatures.
The preceding interfacial energy is within the range

reported for Al3Sc/Al interphase coherent boundaries[30]

and is consistent with the value calculated by Hyland.[4]

The value used for Dvo/L
2, though here used purely as a

Fig. 7—Variation of Deff/DSc ratio with time, indicating the temporal
decay of excess vacancies for different aging temperatures. For the
calculation, DVo/L

2 = 1.0 ks-1, together with the activation energy
data depicted in Table II, was used.

Table II. Some Model Parameters Used in the Precipitation

Model

Parameter Value Comment

NV 6.07 9 1028, m-3

Qm 68.8, kJ/mol QSD–QV

QSD 142, kJ/mol Ref. 31
DAl

o 1.7 9 10-4, m2/s Ref. 31
QV 73.2, kJ/mol Ref. 32
SV 20, J/mol K Ref. 32
Vm 9.9 9 10-6, m3/mol
Z 12

Fig. 8—Comparison of the measured size distribution of Al3Sc precipitates with that of predicted by the model for three aging conditions: (a)
one-step aging at 300 �C for 2.5 h, (b) one-step aging at 350 �C for 2 h, and (c) two-step aging, i.e., 8.5 h aging at 300 �C followed by 80 min
holding at 425 �C to boost coarsening.
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fitting parameter, is physical and, thus, can be checked
against a simple estimate. A value for Dvo can be
estimated from

DVo �
DAl

o

exp ðSV=RgÞ
½8�

where values for the pre-exponential factor for alumi-
num self-diffusion DAl

o and entropy of vacancy forma-
tion Sv are given in Table II. Estimating the annihilation
distance as the grain size (d = 50 lm) gives
DVo = 6.1 ks-1, which is a factor of 6 higher than that
obtained from fitting experimental data. There are
several possible explanations for this overestimation.
First, the entropy of vacancy formation is taken for pure
aluminum and is likely modified in the presence of Sc.
The annihilation distance may also be significantly
underestimated, particularly if one considers that,
because of their strong binding energy, vacancies
become trapped by Sc atoms for some period of time,
thus causing them to have a longer random walk
process.

The preceding comparisons were made purely based
on the incubation time, i.e., the initial stages of the
precipitation. If the model is robust, it should also be
capable of predicting the full precipitation kinetics using
the same parameters. Figure 8 shows the comparison
between measured and calculated precipitate size distri-
butions. The model captures the size distribution rea-
sonably well, though it does tend to underpredict the
width of the distribution, a feature that has been
previously reported for KWN models,[12] and slightly
underpredicts the mean precipitate size for aging at
300 �C. Importantly, the model is able to capture the
size distributions obtained under isothermal aging
conditions, as well as those obtained for samples that
were up-quenched from 300 �C to 425 �C.

As a final confirmation of the robustness of the
model, the overall kinetics of precipitation as estimated
from resistivity measurements can be compared against
the model predictions. As noted previously, one must
take care with attributing resistivity change solely to
depletion of solute from solution. Other features can
complicate the interpretation. An important but often
overlooked contribution to resistivity in the case of
finely spaced precipitates (spacing < 100 nm in alumi-
num alloys) is interfacial scattering from the precipitate
interfaces.[33] In the current case, the precipitate spacing
for all conditions is predicted to decrease rapidly with
the onset of nucleation. For samples treated at 250 �C
and 300 �C, it is observed that the spacing rapidly
decreases to be less than 100 nm in the early stages of
precipitation. Thus, while our earlier predictions of the
precipitation start times (those used to create Figure 5)
are not strongly affected by interfacial scattering,
quantitative comparisons at longer aging times are less
likely to be accurate.

Assuming that the resistivity change can be attributed
entirely to the removal of Sc from solution, the
predictions of the solute content in aluminum from the
KWN model have been converted to a resistivity change
using Dq = 3.4 lX/cm per Sc atomic percent.[34,35]

There exists a large spread in values reported for this
parameter in the literature (Reference 17), the value
selected here being near the middle of the reported
values. The calculated resistivity change from the model

Fig. 9—Kinetics of precipitation quantified using resistivity measure-
ments (symbols) compared with model predictions (line) for aging at
350 �C, 300 �C, and 250 �C.

2304—VOLUME 39A, OCTOBER 2008 METALLURGICAL AND MATERIALS TRANSACTIONS A



is then compared directly against the measured resistiv-
ity change (Figure 9). As expected based on the preced-
ing comments, the measured resistivity change appears
to compare well to the model at early times. However, as
precipitation nears completion at 250 �C and 300 �C,
one observes that the experiments suggest a much higher
solute remaining in solution compared to the model. On
the other hand, at an aging temperature of 350 �C,
where the precipitate spacing is expected (based on the
KWN model) to remain greater than 100 nm through-
out the precipitation sequence, the model prediction is
found to be in excellent agreement with the experimental
data.

V. CONCLUSIONS

The classic KWN model for precipitation has been
modified to account for the effects of excess vacancies on
the diffusivity in Al-Sc alloys. This effect is enhanced in
Al-Sc alloys due to the strong binding energy between Sc
and vacancies. This leads to an increased excess vacancy
concentration compared with pure aluminum. This
model predicts the precipitation kinetics and precipitate
size distribution in both isothermal and nonisothermal
treatments for the temperature range considered here
using the single value for the interphase interfacial energy
whose value is within the range previously reported. The
proposed model requires only two adjustable parame-
ters, comparable to the empirical temperature-/
size-dependent interfacial energy models previously pro-
posed. Further experimental work is required to estab-
lish the concentration of vacancies under different
heat-treatment conditions, as well as to quantify their
decay kinetics, and to test the proposed model against
other Al-Sc–based alloys.
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