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The oxidation behavior of the third-generation nickel-base single-crystal superalloy CMSX-10 is
examined. Since the in-service performance of the alloy is of the greatest practical significance, a
detailed study is made of the microstructural degradation of a turbine blade that had been removed
prematurely from a commercial gas turbine engine. The results are augmented with isothermal oxi-
dation tests conducted in the laboratory for 100 hours, at temperatures of 800 °C, 900 °C, and 1000 °C.
Scanning electron microscopy (SEM), energy-dispersive X-ray (EDX) analysis, microhardness test-
ing, and X-ray diffraction (XRD) were employed. It was found that the oxidation of CMSX-10 at
temperatures below 1000 °C does not produce either Al2O3 or the spinel Ni(Cr,Al)2O4, both of
which are found in the internal oxidation zone of the earlier generations of superalloys. Surprisingly,
it is demonstrated conclusively that the oxidation of CMSX-10 generates the � phase (NiAl). This
reaction, which to the authors’ knowledge has not yet been reported, is termed self-aluminization.
The XRD studies demonstrate that the internal oxidation of CMSX-10 produces (Ni,Co)Ta2O6,
(Ni,Co)WO4, CrTaO4, and Cr(W,Mo)O4. There is indication that the formation of the � phase (Ni2Al3)
slows the oxidation rate at 1000 °C.

I. INTRODUCTION

THE turbine blading required for a modern gas turbine
engine is now very often cast in single-crystal form, to avoid
the grain boundaries that re deleterious to the creep and fatigue
properties. There continues to be significant evolution in the
compositions of the alloys designed for these applications, with
the latest ones containing significant quantities of the transition
metals, rhenium and ruthenium, which markedly improve the
mechanical properties. However, the operating temperatures of
the gas stream continue to rise such that the degradation of the
blading during service, by oxidation or corrosion, is a strong
possibility, as will be demonstrated in this article. For this rea-
son, it is usual to protect the blading using coating technology,
e.g., either by aluminization or by the application of a ceramic
thermal barrier layer with a metallic bond coat.

Unfortunately, for various reasons, it is not always pos-
sible to apply coatings to the superalloys. Therefore, the
mechanisms of oxidation and corrosion are of the greatest
importance, not only for the coating, but also for the bare
superalloys themselves; consequently, much work continues
to be reported on this topic. For example, the oxidation char-
acteristics have been examined in recent years for the
aluminized[1–7] and uncoated[1,2,3,7–12] second-generation
single-crystal superalloys. However, the third-generation
superalloy, CMSX*-10, contains refractory metals (W �

*CMSX is a trademark of Cannon-Muskegon Co., Muskegon, MI.

Mo � Re � Ta) at a total content of 19.4 wt pct and a Cr
concentration of 2.0 wt pct, as compared with 16.1 and
6.5 wt pct, respectively, for its second-generation counter-
part, CMSX-4.[13] In common with other third-generation
superalloys such as RENÉ* N6, the low chromium content 

*RENÉ is a trademark of General Electric Co., Fairfield, CT.

of CMSX-10 raises concerns about whether the resistance
to oxidation will be adequate in the environment under which
the blade is to operate.[7] Of note here is the oxidation of
the third-generation superalloy RENÈ N6. That alloy, which 
has a (W � Mo � Re � Ta) content of 19.7 wt pct, a value
similar to that of CMSX-10 but with a higher Cr content of
4.5 wt pct, was oxidized in the laboratory at 1200 °C.[14] It
was found that reducing the sulfur content to a level below
0.1 ppm prevented spalling of the scale, which results from
thermal cycling. In another recent investigation, the Re con-
tent was varied in Ni-8Cr-2Ti-10Al-Re and Ni-8Cr-2Ti-15Al-
Re alloys[15] (the concentrations expressed in atomic percent),
and it was found that alloys with a Re/Al ratio of 0.1 exhib-
ited only a small mass change, which resulted from oxida-
tion. This observation led to the suggestion that the Re/Al
ratio is a good indicator of the resistance to oxidation.

Clearly, at this stage, there is a need for detailed microstruc-
tural studies, in order to reveal the underlying mechanisms of
degradation, so that this physical understanding can be
accounted for as the alloy compositions become refined further.
A further point is that there is always a difference between
the isothermal oxidation behavior studied in the laboratory
and the cyclic response relevant to engine conditions. In this
article, a detailed microstructural characterization is carried
out on a third-generation, single-crystal superalloy, CMSX-10.
A turbine blade that had been removed from service after a
number of flight cycles was examined. This provided a unique
insight into the behavior of this material under the conditions
most relevant to the design intent. The investigation was aug-
mented with isothermal oxidation carried out in the laboratory.
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Tests were conducted on coupons heated to 800 °C, 900 °C,
and 1000 °C for 100 hours.

II. EXPERIMENTAL DETAILS

The turbine blade considered in this study (Figure 1(a))
was approximately 150 mm long. It had been in service in
a commercial aero-engine for 12633 flight hours, experi-
encing 3266 takeoffs and landings. To reduce the centrifu-
gal stresses experienced during service, the blade contained
a single large cavity, which ran from the shroud to the root,
and was thus hollow. However, this intermediate-pressure
(IP) blade was not designed to receive cooling air. It should
be noted that the external surface of the blade had under-
gone pack-aluminization treatment, to protect it from oxi-
dation and corrosion during operation. Hence, only very
minimal oxidation had occurred on the outer surface. How-
ever, the internal surface of the hollow blade had not received
the aluminization treatment and thus had been degraded quite
significantly. In the present study, it is the oxidation of this
bare interior surface that is studied in detail. In Table I is
given the nominal composition of the CMSX-10 superalloy

from which the turbine blade was cast in single-crystal form,
with the �001� direction nearly parallel to the axis of the
blade. Concentrations of Re (2.0) and Al (13.2) yield a Re/Al
ratio of 0.15, a value in excess of the critical maximum of
0.1 quoted recently for good oxidation resistance.[15] As noted
earlier, the Cr content of 2.0 wt pct (2.4 at. pct) in the CMSX-
10 is lower than the typical value of 6.5 (7.5) found in
CMSX-4. Significant quantities of Co (3.2), Ta (2.8), W
(1.7), and Mo (0.3) are also present. All the figures in paren-
theses are in atomic percent.

To facilitate detailed examination, specimens were cut
from the blade, using electrodischarge machining (EDM).
Two types of specimens were used. Transverse sections
approximately 2 mm thick were taken from three regions:
the midsection of the blade, close to the root, and near the
shroud. These sections were mounted and prepared for metal-
lographic examination using scanning electron microscopy
(SEM). Elemental analysis was carried out using the energy-
dispersive X-ray (EDX) attachment to the SEM, at an accel-
erating voltage of 20 kV, on polished but unetched transverse
sections. The estimated accuracy for the elements O, Al, Ti,
Cr, Co, and Ni is within 2 at. pct of the indicated concen-
tration, and within 5 pct for Mo, Hf, Ta, W, and Re.

For the X-ray diffraction (XRD) analysis, a longitudinal
specimen was used, as shown schematically in Figure 1(b).
This was taken from the trailing face of the blade close to
the leading edge, and between the shroud and the midsec-
tion. It had a length of approximately 40 mm, measured
along the blade axis; therefore, there was little, if any, cur-
vature in this dimension. However, there existed a slight
curvature along the 12-mm width of the specimen. The con-
cave side of the specimen contained the oxidation-associated
microstructure of the CMSX-10 under consideration, and
this surface was the focus of the XRD work. The absence
of curvature along the length of this specimen enabled the
narrow but approximately 10-mm-long beam of X-rays from
the diffractometer slit to be incident upon essentially a flat
surface of the specimen. This enabled the 2� values to be
determined accurately, in spite of the slight curvature of
the specimen in the transverse direction. A diffractometer
was used in the work employing Cu K� radiation, to generate
the diffraction patterns. The scanning rate was 0.5 deg/
min. The phases present were identified using the JCPDS-
ICDD database (International Centre for Diffraction Data,
Newton Square, PA).

The disc specimens used for the isothermal tests were
developed by making transverse cuts on a 10-mm-diameter
single-crystal rod that had its axis at less than 8 deg from a
�100� direction. The single-crystal rod, which was grown
using the same composition, directional solidification appa-
ratus, and settings as used for the blade for the commercial
casting of the single-crystal blades, was heat treated in a man-
ner identical to that employed for the blade. Isothermal oxi-
dation tests were carried out in the laboratory using a chest
furnace under static air for up to 100 hours at 800 °C, 900 °C,
and 1000 °C. The temperature range for the isothermal tests
was selected to cover adequately the range the IP blade was
expected to encounter in service. Samples polished to a 1-�
diamond finish were positioned in an alumina crucible and
placed in the furnace. Care was taken not to examine the face
that remained in contact with the crucible. Oxidation kinetics
trials were performed on a purpose-built thermal gravimetric

(a) (b)

Fig. 1—(a) A photograph of the blade investigated in the present work.
(b) A schematic drawing showing the orientation of the coupon used in
the XRD study.

Table I. Nominal Composition of CMSX-10

Al Co Cr Hf Mo Ni Re Ta Ti W

At. pct 13.2 3.2 2.4 �0.1 0.3 bal 2.0 2.8 0.2 1.7
Wt pct 5.7 3.0 2.0 0.03 0.4 bal 6.0 8.0 0.2 5.0
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analysis (TGA) apparatus comprising of a digital recording
microbalance and a vertical tube furnace. Discs, 10 mm in
diameter and 1.6 mm thick, were suspended from the bal-
ance into the furnace by means of a platinum wire and a plat-
inum sample holder. The faces of the discs were polished to
a metallographic finish. The change in the initial mass of
approximately 1 g was measured with an accuracy of 1 �g.
Any mass loss attributed to the formation and subsequent
evaporation of PtO2 was accounted for through the subtrac-
tion of the background.

The Laue back-reflection method was employed for deter-
mining the orientation of the single-crystal blade. The X-ray
beam was directed at right angles to a transverse section of
the blade. For microhardness testing, the diamond pyramid
indenter was used with a load of 50 g.

III. RESULTS

The axis of the blade, from an analysis of the Laue back-
reflection diffraction pattern, was found to be inclined to a

�100� direction at 9 deg, thus making the transverse sec-
tions of the blade nearly parallel to a (001)-type plane.

A. The SEM Analysis

Microstructural features, as observed on the transverse
section from near the shroud, are shown in Figures 2(a)
through (c). Note that the hollow portion of the blade appears
dark. The trailing edge lies to the left of the micrograph,
whereas the leading and the trailing faces are located above
and below it, respectively. The following observations may
be made from Figure 2(a). First, oxidation has resulted in
the formation of two distinct domains: a scale on the exposed
surface and an oxidation reaction domain (ORD) extending
into the metal. Second, the interface between these two
domains is cracked, except at the extreme left of the micro-
graph. The scale thickness varied from a minimum of less
than 20 to a maximum of around 130 �m on this section.
Discontinuities in the ORD are seen in the lower portion of
the figure. Furthermore, the scale thickness correlates with

(a) (b)

(c)

Fig. 2—Scanning electron micrographs from a transverse section near the shroud: (a) an overview of the microstructure adjacent to the cavity in the blade;
(b) a higher-magnification image of one of the isolated oxidation reaction domains seen below the blade cavity in (a); and (c) details of a small, isolated
oxidation reaction domain.
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B. The EDX Analysis

The element-concentration-vs-depth plots are shown in
Figures 4 and 5, for the regions containing the continuous
ORD (Figure 3(a)) and the small-discontinuous ORD (Fig-
ure 2(c)), respectively. Small areas were analyzed as opposed
to using the point scanning mode. This was done with the
objective of establishing the overall concentration of each
element at a given depth, rather than of analyzing each
microconstituent present in the structure. The window sizes
used were 15 	 15 �m, for the continuous ORD (Figure 4),
and 2.5 	 2.5 �m, for the small-discontinuous ORD (Fig-
ure 5). Three vertical lines are shown on each figure. They
demarcate the boundaries between the distinct regions iden-
tified. The line on the left is the interdomain boundary
between the scale and the ORD; the one on the right dis-
tinguishes the ORD from the base material. The transition
from the FSZ to the TZ, both within the ORD, is indicated
by the line in the middle. The following observations may
be made from Figures 4 and 5.

(a)

(b)

Fig. 3—Scanning electron micrographs from the midsection near the lead-
ing edge: (a) a remnant of the external scale and a continuous ORD and
(b) the interface region between the base material and the continuous ORD.

the thickness of the ORD: the thicker the scale, the thicker
the ORD.

Figure 2(b) shows the details of the microstructure associ-
ated with one of the discontinuous ORDs of Figure 2(a), at
a higher magnification. It is clear that the cracking occurred
not at the interface between the scale and the ORD, but within
the ORD close to the scale. Furthermore, what appeared to
be a single discontinuous ORD under a low magnification
(Figure 2(a)) is, in fact, a result of the coalescence of at least
three ORDs lying adjacent to one another (Figure 2(b)). A
fine microstructure appears in the regions where these ORDs
nucleated, with a coarser microstructure seen at a greater depth.

Figure 2(c) shows the details associated with a small ORD
that had not yet coalesced with any other. Clearly, the interface
between the 22-�m-thick scale and the small-discontinuous
ORD lying below it is intact. The microstructure associated
with the ORD as seen in the figure may be broadly divided
into two distinct zones. One is a nearly semielliptical fine-
structure zone (FSZ). Debonding is seen in the upper portion
of the FSZ. The transition zone (TZ) lies below the FSZ, and
extends to the base material. It should be noted that backscat-
tered electrons (BSE) were used for the imaging of the SEM
photographs shown in Figure 2. Therefore, the darker regions
represent either the enrichment with elements that have low
atomic numbers or the depletion of elements that have high
atomic numbers, or a combination thereof. Conversely, the
lighter regions signify either the depletion of elements that
have low atomic numbers or the enrichment of elements that
have high atomic numbers, or a combination thereof.

The TZ in Figure 2(c), which appears to be separated from
the FSZ by a thin dark layer, contains a variety of dispersed
phases within it. Adjacent to the FSZ are needles emanat-
ing from the thin dark layer, below which lie irregular glob-
ules and distinct geometric shapes. Each geometric shape
has a dark core surrounded by a gray boundary, which sep-
arates it from the surrounding matrix.

Figure 3(a) shows the oxidation-induced microstructure
observed near the leading edge of the section taken from
the middle portion of the blade. Significant portions of the
scale became detached from the blade. The remaining scale
is thick (140 �m), as is the associated ORD (210 �m), thus
making the total thickness of the oxidation-induced
microstructure 350 �m. The ORD was found to be contin-
uous across the entire midsection of the blade. In other
words, the discontinuous ORDs found on the section near
the shroud (Figure 2(a)) were absent in the midsection of
the blade. A noteworthy feature of the continuous ORD
shown in Figure 3(a) is that the entire TZ appears to be
made up of a needle- or a plate-shaped phase dispersed in
a gray matrix. Although the dispersed phase had four dis-
tinct orientations, one of the four remained preferred for
the growth of the needles. Preferential growth occurred in
the orientation that was closest to being perpendicular to
the exposed surface.

The interface region between the continuous ORD (Fig-
ure 3(a)) and the parent material is shown in greater detail
in Figure 3(b). The microstructure of the CMSX-10 parent
material consists of submicron-sized cuboids of 
� separated
by thin layers of 
, as expected. The dispersed geometric
shapes are seen adjacent to the base material. It is clear
that the edges of these geometric shapes remain parallel to
either the sides or the diagonals of the cuboids.
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First, the scale contains predominantly O, Ni, and Co.
All the other elements analyzed were present only in negli-
gible proportions, with the exception of a small amount

Fig. 4—Element concentration from EDX analysis vs depth for the continuous
ORD and the adjacent regions shown in Fig. 3(a).

(�0.5 pct) of Ta. The concentration of Co was found to be
at a maximum near the exposed surface of the scale. The
cumulative concentration of Ni and Co was approximately

Fig. 5—Element concentration from EDX analysis vs depth for the small-
discontinuous ORD in Fig. 2(c) and the adjacent regions.



3006—VOLUME 36A, NOVEMBER 2005 METALLURGICAL AND MATERIALS TRANSACTIONS A

Ti and Hf were found at depths different from those at which
the lowest values were found for Cr, Mo, Ta, W, and Re.

A further point of note is that the highest concentrations
of all the refractory elements reached inside either type of
ORD were higher than their corresponding values in the base
material. This was true of Cr, Mo, Ta, W, Ti, and Hf. How-
ever, Re was an exception in this regard. The concentration
of Re was found to be higher in the base material than any-
where inside the ORD. A probable explanation for the lower
concentration of Re near the surface is the evaporation loss
of its oxide, since the latter is known to be volatile at the
temperatures to which the blade was exposed in service.

C. The XRD Analysis

On the internal surfaces of the blade, the scale was lost
in places, but elsewhere it remained attached only loosely,
so that it proved possible to strip the scale from the sur-
face. The underside of the scale could be distinguished read-
ily from the exposed top surface: the underside had an olive
green color, whereas the top surface was gray.

The XRD patterns were taken from the stripped scale (Fig-
ure 6) and from the coupon stripped of the scale (Figure 7).
Figures 6(a) and (b) show the diffraction patterns from the top
and the bottom (underside) surfaces of the scale. The inten-
sity of the reflected X-ray beam is plotted against 2�, where
� is the angle of incidence. It is seen from Figure 6(b) that all
the major peaks expected from the cubic lattice of NiO are
present. Although a similar pattern was obtained from the top
face (Figure 6(a)), the observed peaks are shifted to slightly
lower 2� values than those expected for pure NiO. For exam-
ple, reflections from (111) and (311) of pure NiO are to be
expected at the 2� values of 37.3 and 75.4 deg, respectively;
however, the measured values were 37.1 and 75.1 deg. These
shifts to lower 2� values (associated higher lattice spacing or
d values) are consistent with the higher cobalt content of the

equal to the concentration of oxygen in the scale, indicating
that the scale is of the type (Ni,Co)O.

Second, abrupt changes occurred in the concentrations of
virtually all the elements at the interface between the scale and
the ORD. The concentrations of Al and all the refractory ele-
ments (Cr, Ta, W, Mo and Re) increased. There was also an
increase in the concentration of oxygen. In fact, the highest
concentration of O was found in the FSZ. However, the con-
centrations of Ni and Co decreased. The change in the Ni con-
centration was most dramatic. Even though this element was
present on either side of the interface, its concentration dropped
from more than 48 pct in the scale to less than 16 pct in the
FSZ of the continuous ORD (Figure 4). The corresponding
drop in the case of the small-discontinuous ORD (Figure 5)
was from 42 to 15 pct. At greater depths, the Ni content
increased, in general. The lowest concentration of Ni was found
to lie both here and elsewhere inside the FSZ. Below the scale,
the concentration of Al increased with depth, in general, attain-
ing a maximum in the TZ. Although a subsequent decrease
occurred in the concentration of Al with depth, the nature of
the variation differed, depending on the type of ORD examined.
In the continuous ORD, the Al concentration decreased with
depth, monotonically, to its level in the base material. By con-
trast, the lowest concentration of Al occurred for the small-
discontinuous ORD in the region adjacent to the base material.

Finally, at depths below the scale, the concentrations of
all the refractory elements increased. The highest concen-
trations of Cr, Mo, Ta, W, and Re were found inside the
FSZ. The lowest concentrations of these elements were found
in the TZ. Titanium also attained its peak concentration in
the FSZ. The Hf (not shown in Figures 4 and 5, for clarity)
attained its highest concentration in the TZ. The lowest con-
centrations of the latter two elements were found in the ORD
(Figure 5), the same region in which the lowest concentra-
tions of the other refractory elements were found. In the
small-discontinuous ORD (Figure 5), the lowest values of

Fig. 6—The XRD patterns of the scale removed from the blade: (a) the top face (exposed while attached) and (b) the bottom face.
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top face than that of the bottom face (Figure 4). A further point
to note is that, in the diffraction pattern from the bottom face
of the scale (Figure 6(b)), there are two minor reflections in
addition to those coming from the NiO lattice. These two peaks
are labeled as reflections from the (�2 0 1) planes of the mon-

oclinic lattice of Cr(Mo,W)O4 and from the (2 1 3) planes of
the tetragonal lattice of (Ni,Co)Ta2O6. The identification of
these two peaks is based on the assumption that the under-
side of the stripped scale had contaminants that were present
in larger quantities on the stripped surface of the blade coupon.

Fig. 7—The XRD patterns obtained from the coupon after the following treatments in succession: (a) stripping of the scale, (b) immersion in Aqua Regia
for 20 min, and (c) through (g) successive abrasion steps.
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Table II. Standard Patterns Found Applicable for the
Indexing of Diffraction Patterns in the Present Work

Structure and 
Material JCPDS-ICDD Lattice Parameters (Å)

CoO 9–402 cubic; a 
 4.260
CoNiO2 10–188 cubic; a 
 4.240
NiO 4–835 cubic; a 
 4.177
Ni3Al 9–97 cubic; a 
 3.572
NiAl 2–1261 cubic; a 
 2.880
NiAl (Ni-rich) 20–19 cubic; a 
 2.887
NiTa2O6 32–702 tetragonal; a 
 4.718, 

c 
 9.170
CoTa2O6 32–314 tetragonal; a 
 4.738, 

c 
 9.170
CrTaO6 39–1428 tetragonal; a 
 4.642, 

c 
 3.020
NiWO4 15–755 monoclinic; a 
 4.600, 

b 
 5.665, c 
 4.912
CoWO4 15–867 monoclinic; a 
 4.948, 

b 
 5.683, c 
 4.669
CrWO4 34–197 monoclinic; a 
 9.271, 

b 
 5.828, c 
 4.644
CyMoO4 34–474 monoclinic; a 
 9.240, 

b 
 5.815, c 
 4.629

Additional reflections from these two lattices were present in
the diffraction pattern from the scale-stripped surface of the
coupon, as seen in Figure 7(a). The identities of the standard
patterns found applicable in indexing the diffraction peaks
obtained in the present work are listed in Table II. Reflec-
tions that could not be identified through available standard
patterns are designated X1, X2, X3, and X4, in Figure 7. Those
four peaks are a result of reflections from the (110), (111),
(200), and (311) planes, respectively, of the alloy-depleted
CMSX-10 base material, as suggested by the following con-
sideration.

First, the peaks X1, X2, X3, and X4 occurred at only slightly
higher 2� values than those expected from the base metal
reflections (110), (111), (200), and (311), respectively. For
example, X3 was found to be at 51.2 deg, as compared with
the base metal reflection (200), which was at 50.7 deg. Simi-
larly, X2 was located at 44 deg, as compared with 43.6 deg
for the (111) reflection from the base material (Figure 7(f)).
Although the single-crystal orientation remained such that the
(110) and (311) reflections from the base metal were not
recorded in the present work (Figure 7(g)), the peaks X1 and
X4 were also present at slightly higher values than the expected
locations of those two reflections, respectively, from the base
material. Assuming that the peaks X1 to X4 came from the
depleted zone, the change in the lattice parameter of the
depleted zone with respect to that of the base material may
be computed from the positions of these and the corresponding
base metal reflections. Since the base metal reflections were
not recorded from the (110) and (311) planes (Figure 7(g)),
the calculations were restricted to the (200) and (111) reflec-
tions only, the latter having produced peaks from the base
material and the depleted zone (Figure 7(f)). This procedure
resulted in the change in lattice parameter �a, as calculated
from the X-ray data of (�29 � 3) 	 10�4 nm.

This change in lattice parameter calculated from the X-
ray data may be compared with that computed using the com-
positions of the depleted zone and the base material, the latter

two having been measured in the present work employing
EDX (Figures 4 and 5), and the known values of the change
in lattice parameter[16,17,18] of the binary solid solutions of Ni
(
 phase) as well as that due to ternary additions into Ni3Al
(
� phase). Of note here is that the compositions are not the
same for the depleted zone associated with the continuous
ORD (Figure 4) and that due to the small-discontinuous ORD
(Figure 5). Therefore, two sets of calculations were made,
one for each type of ORD. For the continuous ORD, it was
found that the change in the lattice parameter of the depleted
zone with respect to the base material would be �6 	 10�4 nm,
whether the depleted zone had a 
 structure or a 
� struc-
ture. In the case of the small-discontinuous ORD, however,
the �a value was found to be �28 	 10�4 nm for a 
-phase
structure of the depleted zone, and �6 	 10�4 nm, when the
structure of the depleted zone is 
�. It will be demonstrated
later in this article that the composition of the depleted zone
associated with the small-discontinuous ORD does, in fact,
belong in the 
-phase field (Figure 11(b)). Thus, it would
appear that the figure of (�29 � 3) 	 10�4 nm, computed
from the XRD data for the change in the lattice parameter
of the depleted zone with respect to the base material, is in
excellent agreement with the �28 	 10�4 nm calculated
from the EDX data of the small-discontinuous ORD. Although
this independent corroboration of the change in the lattice
parameter gives credence to the assumption that the reflec-
tions X1, X2, X3, and X4 are attributable to the depleted
zone, the process also raises the question as to why the reflec-
tions from the depleted zone of the small-discontinuous ORD,
and not those from the continuous ORD, have been recorded
in the XRD pattern (Figure 7). There are two possible expla-
nations for this. First, the X-ray coupon was taken from near
the trailing face of the blade (Figure 1), which remains cooler
than the leading face. Since the ORDs found in the cooler
regions of the blade are discontinuous (Figure 2(a)), it is
likely that the coupon contains many discontinuous ORDs.
Second, the change in lattice parameter of the depleted zone
from that of the base material is small (�6 	 10�4), which
may result in line broadening rather than in a distinct peak
shift. A peak shift may be resolvable with XRD equipment
that has better resolution than does the apparatus used in the
present work.

Figure 7 shows a series of diffraction patterns obtained
from the X-ray coupon removed from the blade (Figure 1(b)),
following the stripping of the scale noted earlier. Removal
of the scale enabled the X-rays to penetrate into the mate-
rial located under it. Prior to this stripping, the coupon pro-
duced a diffraction pattern characteristic only of the top
surface of the scale (Figure 6(a)), suggesting that the pene-
tration was not sufficient enough to reach the bottom por-
tion of the scale, which produces a different diffraction
pattern (Figure 6(b)). The coupon was given a series of treat-
ments, each in succession, before being washed in ethanol
and dried and placed back in the same position on the dif-
fractometer specimen holder. Figure 7(a) shows the dif-
fraction pattern after the stripping of the scale. Immersion
in Aqua Regia (3 parts HCl, one part HNO3) for 20 minutes
followed next, and the diffraction pattern that resulted is
shown in Figure 7(b). The purpose of the Aqua Regia treat-
ment was to identify a constituent or constituents that might
have been at the exposed surface and that could be dissolved
away by the acid treatment. Abrasion with 320-grit emery
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paper followed. Abrasion was interrupted five times. These
abrasion steps were intended to achieve an end similar to
that of the stripping of the external scale, i.e., to enable the
X-rays to penetrate deeper into the material in succession,
thus providing information on the structures of the micro-
constituents that could not be had without this series of abra-
sions. Although the geometry of the blade coupon did not
permit the quantification of the layer thickness removed in
each step, the abrasion steps followed with XRD did pro-
vide valuable insight, as seen in Figures 7(c) through (g).
Further abrasion of the coupon surface did not change the
diffraction pattern. Thus, it is inferred that Figure 7(g) rep-
resents the diffraction pattern of the base material. It is seen
from Figure 7(g) that the CMSX-10 single crystal remained
oriented such as to produce only the (111) and the (200)
reflections on the diffraction pattern. The positions of the
other reflections to be expected from a powder specimen in
place of the single crystal are also indicated on the diffrac-
tion pattern, for information only. The other reflections were
not found in the single-crystal pattern recorded in the pre-
sent work. Moreover, it is noteworthy at this juncture that
the lattice parameters of the 
 and the 
� phases are rather
similar in CMSX-10, so that all reflections from the disor-
dered 
 phase would coincide with some of the reflections
from the ordered 
� phase (Ni3Al structure).

The reflections in Figure 7(a) are interpreted as follows.
The major reflections are from the oxides (Ni,Co)Ta2O6 and
(Ni,Co)WO4. The two other oxides were identified as CrTaO4

and Cr(W,Mo)O4. However, surprisingly, aluminum oxide
Al2O3, which is usually formed upon oxidation of the
uncoated second-generation superalloys,[1–3,7,9–12] was com-
pletely absent in the oxidation-induced microstructure of the
CMSX-10 examined in the present work. The two antici-
pated reflections from the base material (Figure 7(g)) are
seen in Figure 7(a). These two are labeled Ni3Al (111) and
Ni3Al (200), although, as noted earlier, these also correspond
to the same reflections from the disordered 
 phase. More-
over, five reflections were identified as coming from the �
phase (the analog of the intermetallic compound NiAl in the
binary phase diagram). They are labeled NiAl (100), NiAl
(110), NiAl (111), NiAl (200), and NiAl (211), with the
strongest reflections coming from the (111) and the (211)
planes (Figures 7(a) through (d)). These two reflections are
distinct. A third NiAl peak from (200), although small, is also
distinct. The two remaining are overlapped with reflections
from the base material and an oxide. In the former cate-
gory is NiAl (110), which is overlapped with Ni3Al (111) and
Cr(W,Mo)O4 (202). The latter, NiAl (100), is overlapped
with (Ni,Co)WO4(�111). Last, the reflections X3 and X4
are from the (200) and (311) planes of the alloy-depleted
lattice, as indicated earlier.

Some noteworthy effects of the Aqua Regia treatment, as
seen from a comparison of Figures 7(a) and (b), are the elimi-
nation of both the (200) reflection from the alloy-depleted
material (X3) and the reflections associated with the oxide
Cr(W,Mo)O4. However, the CrTaO4 peaks remained unaf-
fected. Figure 7(c) shows the diffraction pattern upon the
initial abrasion with emery paper following the Aqua Regia
treatment. The reemergence of the (200) reflection from the
alloy-depleted material (X3) is the most prominent effect. The
results of the next stage of abrasion are seen in Figure 7(d).
The intensities of the reflections from the oxides have

decreased, as a result. However, the reflections from the base
material and those from the alloy-depleted material (X3 and
X4) are stronger. Moreover, a broadening of the superim-
posed NiAl (110)/Ni3Al (111) peak toward a higher 2� value
suggests the presence of the (111) reflection from the alloy-
depleted material (X2).

Figure 7(e) shows the results of further abrasion. Reflec-
tions from the oxides and from the intermetallic compound
NiAl have all but vanished. The (200) reflection from the
alloy-depleted material (X3) has grown enormously, so as
to swamp the adjoining (200) reflection from the base mate-
rial. Moreover, the reflection (311) from the alloy-depleted
material (X4) is clearly established, as is the (110) reflec-
tion from the alloy-depleted material (X1).

Yet more abrasion produced the diffraction pattern seen
in Figure 7(f). At this point, there are no traces left of the
reflections from either the oxides or the intermetallic � phase.
The reflections from the alloy-depleted material have become
less intense. For example, the intensities of the (200) reflec-
tions from the alloy-depleted material and the base mater-
ial are comparable. Finally, as seen from Figure 7(g), the
only reflections present are those from the CMSX-10 base
material.

D. Isothermal Oxidation

Figure 8 shows the change in the mass of the disc spec-
imens with time, for up to 100 hours during isothermal tests
conducted at 800 °C, 900 °C, and 1000 °C. At 800 °C, the
mass gain occurs at a rapid rate initially, but this rate of
increase becomes smaller at longer exposures. However,
there continues to be a mass gain with time even at
100 hours. A similar trend is observed at 900 °C, with the
difference that, for any given exposure time, the mass gain
remains higher at the higher temperature. This trend con-
tinues into the early stage of exposure at 1000 °C, i.e., the
mass gain at 1000 °C remains higher than the mass gains
at the lower temperatures of 900 °C and 800 °C, for up to
about 16 hours. However, there occurs little mass change

Fig. 8—Mass change with time for isothermal exposures at 800 °C, 900 °C,
and 1000 °C.
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for exposure times in excess of around 20 hours at 1000 °C.
In fact, at exposure times beyond 20 hours, there occurs a
slight mass loss, up to around 40 hours. Thereafter, the
mass of the specimen remains unchanged with time for
exposure times up to 100 hours, at which point the test was
terminated.

Figure 9 shows the transverse sections of the discs after
the isothermal tests were completed in the laboratory. The
scale and the ORD seen on the surface of the blade removed
from service (Figures 2 and 3) are also observed with the
discs having undergone the isothermal tests. It is seen from
Figure 9(a) that, at the lowest test temperature of 800 °C,
the scale is thin (10 �m) but detached from the disc. At the
intermediate temperature of 900 °C (Figure 9(b)), the scale
is thicker, but also detached from the substrate. A scale with
an intermediate thickness, but well bonded to the disc, is
seen on the specimen that underwent the isothermal test at
1000 °C. Moreover, the ORD also has a maximum thickness
at the intermediate temperature (900 °C). Furthermore, the
spikes associated with the continuous ORD observed on the

blade removed from service (Figure 3(a)) are seen in the
specimen tested isothermally at 900 °C.

E. Microhardness vs Depth Profiles

Figure 10 shows the diamond pyramid hardness (DPH)
profiles generated from the cross-sections of the blade and
the isothermally treated coupons. Two regions of the blade
were examined: one at the midsection located close to the
hottest region, the other close to the root that experienced
a lower temperature exposure in service. The isothermally
treated coupons had been exposed for 100 hours at 900 °C
and 1000 °C, respectively. As seen from the figure, both the
base material of the coupons and the blade sections had hard-
ness in the vicinity of 375 DPH.

In the blade midsection, the hardness increased in the TZ
containing the spikes, to attain a maximum of around
650 DPH; however, a peak hardness of 1300 DPH was
obtained in the FSZ adjacent to the external NiO scale. The
external scale (NiO) had a hardness of around 300 DPH; the

(a) (b)

(c)

Fig. 9—Transverse sections of discs after 100 h of exposures to (a) 800 °C, (b) 900 °C, and (c) 1000 °C.
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More significant, however, is the finding in the present work
that the � phase is generated as a result of the oxidation of
CMSX-10 (Figure 7). To the best of the authors’ knowledge,
the formation of the � phase resulting from the oxidation of
the bare surface of a Ni-base superalloy has not been reported
earlier. Since this observation sets the oxidation behavior of
CMSX-10 apart from that of the earlier generations of super-
alloys, the process of nucleation and growth of the � phase,
and its role in the internal oxidation of the superalloy, are
now discussed further.

A. Generation of the � Phase during the Oxidation of
CMSX-10

In a binary Ni-Al alloy, the stoichiometric 
� phase may
be represented as 75Ni25Al and the stoichiometric � phase
as 50Ni50Al. In principle, therefore, a transformation into �
is possible when Ni is removed from or Al is added to 
�.
From Figures 4 and 5, it is seen that Ni depletion has occurred
adjacent to the scale. Clearly, this is a result of the removal
of Ni to the surface to form the external NiO scale.

Is this depletion sufficient to have formed the � phase
that is clearly evident in the XRD patterns (Figure 7)? Quan-
titatively, the transformation to the stoichiometric � phase
requires a depletion of 25 at. pct Ni from 
�, since the binary
phase diagram shows[24] that the latter is stable only in a
narrow composition range of just over 1 pct at 900 °C, the
estimated average operating temperature of the turbine blade
examined in the present work. However, the � phase remains
stable at as high as 62 at. pct Ni at that temperature. There-
fore, the nucleation of the � phase from 
� could begin as
soon as the Ni content drops down to around 73 at. pct; the
complete transformation of 
� into � would have occurred
when the Ni content dropped down to a value below 62 at.
pct in the binary alloy. The EDX data generated in the pre-
sent work (Figures 4 and 5) show that the base material
has a Ni content of around 70 at. pct, and that the Ni con-
centration just below the scale has values of 17 and 15 pct,
respectively, for the continuous and the small-discontinuous
ORDs. The latter concentrations of Ni are well below those
that would have caused a complete transformation of the
(
 � 
�) base material into � in the region just below the
scale, had the material been a binary Ni/Al alloy. However,
CMSX-10 contains at least nine alloying elements of sig-
nificance (Table I). Therefore, the impact of elements other
than Ni and Al must be taken into account in considering
the transformation of 
� into � in CMSX-10.

It is known[35] that Co occupies the a-sites, which are nor-
mally filled by the Ni atoms of the 
� lattice; on the other
hand, Ti, Mo, Ta, W, and Hf, occupy the b-sites, which are
normally filled by an Al atom. However, Cr, may fill either
of the positions. The position occupied by Re is at present
unknown. Based on the knowledge that Pd and Pt occupy
the a-sites,[35] however, an assumption will be made here
that Re occupies the a-sites. Thus, a parameter � Ni may
be defined, which is the sum of the concentrations of Ni and
the Ni-like elements (Co and Re) in CMSX-10. Similarly,
� Al may be defined as the sum of the concentrations of
Al and the Al-like elements (Ti, Mo, Ta, W, and Hf) in the
superalloy. Plots of � Ni/(� Ni � � Al) vs depth are shown
in Figure 11, using the concentration profiles of the con-
tinuous and the small-discontinuous ORD (Figures 4 and 5).

Fig. 10—Microhardness vs depth profiles. Note that, for clarity, only the
positions of the interfaces as observed on the blade midsection are shown
as vertical dotted lines.

value remained slightly higher closer to the exposed portion
of the scale, possibly due to the strengthening caused by the
presence of a concentration of cobalt that was higher there
than at the scale near the FSZ (Figure 4). A similar trend is
observed at the blade root region, although the lower tem-
perature exposure of this region of the blade has produced a
lower peak hardness of only 520 DPH, as compared with
1300 DPH in the corresponding region of the midsection of
the blade that had experienced a higher temperature exposure.
Although the short exposure of 100 hours had produced a rel-
atively thin scale and a narrow ORD, as compared with those
found on the blade, the effect of temperature was similar. A
harder FSZ, which had a DPH of 1350, was found with the
higher isothermal treatment temperature of 1000 °C; this was
harder than the FSZ of 1080 DPH that was found for the spec-
imen exposed isothermally at 900 °C.

IV. DISCUSSION

An external NiO scale forms upon oxidation in the lab-
oratory in a variety of Ni-base superalloys having a (
 �

�) microstructure.[3,7,9,10,12,19–21] Moreover, experiments con-
ducted on the first- and second-generation cast single-crys-
tal superalloys PWA* 1480, PWA 1484, and CMSX-4 have 

*PWA is a trademark of the Pratt and Whitney Co., East Hartford, CT.

shown that an external scale of �-Al2O3 is created follow-
ing a transition period during which NiO is formed.[3] There-
fore, the observation of an external NiO scale on the turbine
blade made of CMSX-10 is not altogether surprising in the
present work. However, it is clear from the present work
that Al2O3 is not formed, in spite of the turbine blade hav-
ing undergone a prolonged exposure in excess of 12000
hours and involving over 3000 cycles. A further point of
note is that no evidence has been found in the present work
for the formation of the spinel Ni(Al,Cr)2O4 on the oxidized
turbine blade of the third-generation superalloy CMSX-10.
In some of the earlier generations of the superalloys, the
spinel has been found at the �-Al2O3/gas interface.[9,22,23]
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The simple concentration ratio Ni/(Ni � Al), i.e., exclud-
ing elements that are Ni-like and Al-like, is also plotted in
the figure, for comparison. Moreover, on the ordinate of Fig-
ure 11 are shown the positions of the phase boundaries of
the binary Ni-Al phase diagram as they would be at 900 °C.
Clearly, the simple concentration ratio Ni/(Ni � Al) is not
a realistic indicator of the phases in equilibrium, because
this parameter places the base material on the boundary
between the 
 and (
 � 
�) fields. The parameter � Ni/(�
Ni � � Al), henceforth designated C, is a more realistic rep-
resentation, since it places the base material well within the
(
 � 
�) region, as it should be. As seen from Figure 11,
C has values of 54 pct for the continuous ORD, and 51 pct
for the small-discontinuous ORD, both just below the scale.
These values place the composition well within the �-phase
field, as is clear from Figure 11. It is noteworthy at this junc-
ture that, should the assumption made regarding Re occu-
pying the Ni sites be incorrect, with Re atoms occupying
the Al sites instead, the values of C would be lower than

those indicated in Figure 11, thus placing the composition
of the FSZ even more solidly within the � phase than shown
in the figure. Thus, not only is there the direct evidence for
the formation of the � phase from the XRD results (Fig-
ures 7(a) through (e)), but also the measured composition
profiles provide implicit evidence in support of the forma-
tion of the � phase.

Metallographic evidence for the presence of the � phase
in the interface region between the scale and the ORD (Fig-
ures 2(b) and (c), and 3(a)) is obscured, due to the forma-
tion of the FSZ in that region. Even though the occurrence
of internal oxidation has obliterated the metallographic evi-
dence for it in this region, there exists � phase at the advanc-
ing oxidation front, as shown in Figure 12. On the top left
of Figure 12 is the BSE image of the lower portion of the
region shown in Figure 2(c). At the bottom of the BSE is
seen the cuboid 
/
� microstructure of the base material.
The image at the bottom left of Figure 12 was made using
the Al K� secondary X-rays (aluminum map). The lighter
regions have a higher concentration of Al than do the darker
ones. Clearly, the dispersed geometric shapes are richer in
Al. The image at the bottom right was constructed using
the Ni K�1 secondary X-rays. A lower concentration of Ni
is indicated inside the dispersed geometric shapes, since
they appear darker compared with their surroundings. Finally
from the O K� secondary X-ray image, shown on the top
right, it is clear that the dispersed geometric shapes contain
levels of oxygen similar to the surrounding material. In
other words, the geometric shapes are not aluminum oxide,
even though they are regions enriched in Al and depleted
in Ni with respect to their surroundings. Clearly, the nucle-
ation of the dark regions that have the geometric shapes has
been brought about as a result of the Ni being removed
from the nucleation site, and the Al diffusing into those
regions from the surrounding regions. These observations
point to the dark core as being the � phase, and to the
dark gray boundary separating it from its surroundings as
being the 
� phase (Figures 2(c), 3(b), and 12). The pre-
sence of the � phase, in the form of long spikes located
ahead of the FSZ, is clearly seen with the continuous ORD
(Figure 3(a)).

The crystallographic orientation relationships between the
parent 
� phase and the transformed � phase, resulting from
the oxidation of the superalloy CMSX-10, have not been
examined in detail in the present work. However, the obser-
vation that the boundaries of the geometrically shaped �
phase remain parallel to either the edges or the diagonals
of the cuboids in the base material (Figures 3(b) and 12)
suggests that the transformation into the � phase occurs on
the (110) type planes of the 
� lattice, as might have been
expected. Moreover, it is interesting to note that, under the
conditions that led to the creation of the continuous ORD
on the turbine blade (Figure 3(a)), the orientation relation-
ship just described was maintained while the transformation
progressed over distances on the order of 100 �m, thus giv-
ing rise to the four sets of plates seen in Figure 3(a).

B. The Propagation of the � Phase and Internal
Oxidation

Clearly, the � phase is initiated below the scale (Figure 12),
and it propagates into the depth of the material as the oxida-

(a)

(b)

Fig. 11—Concentration ratios vs depth for the (a) continuous ORD and
(b) small-discontinuous ORD.
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Fig. 12—The interface region between the small-discontinuous ORD (Figure 2(c)) and the base material, imaged using BSE imaging (top left), and the
same region mapped using characteristic secondary X-rays from aluminum (bottom left), nickel (bottom right), and oxygen (top right).

tion of CMSX-10 progresses (Figures 3(a) and (b), 11, and
12). The discussion that follows will consider the mechanism
involved in the propagation of the � phase, and its role in
bringing about internal oxidation.

It is clear from Figure 2(a) that the oxidation of CMSX-10
begins with the formation of the external NiO scale containing
some Co (Figures 4(a) and 6). Moreover, we have postulated
in the earlier discussion that the resulting depletion of Ni from
the region adjacent to the scale brings about formation of the
� phase. This creation of the � phase at the scale/metal interface
would aid the transfer of Ni to the scale, as seen from the dif-
fusion data summarized in Table III. The Ni-rich � phase to
form first in the process (for example, 62Ni38Al shown in the
table), would permit the diffusion of Ni faster at 1000 °C by
approximately three orders of magnitude than would be the
case in 
� at that temperature. Should the composition approach
stoichiometry, the diffusion rate of Ni in the � phase would
still remain higher than that in 
�. For example, Ni diffuses
five times faster in 52Ni48Al (listed in Table III) than it does

in 
� at 1000 °C. Thus, the � phase would tend to propagate
rapidly upon being created. Moreover, there may be a localized
temperature rise due to the exothermic nature of the reaction,
which leads to the formation of the � phase.[37,38] Should such
a localized rise in temperature take place, it would further
accelerate the growth of the � phase into the depth of the mate-
rial. The presence of the � phase at a depth of approximately
200 �m from the scale/metal interface, in the case of the con-
tinuous ORD (Figure 3), is a likely result of the propagation
of the � phase in the manner described earlier.

The oxidation of the binary 
�-phase Ni3Al occurs by means
of two material transport processes: inward oxygen diffusion
and outward Ni diffusion.[39] At 800 °C, oxidation occurs pre-
dominantly by outward Ni diffusion to form NiO, although
a lesser amount of inward oxygen diffusion also occurs. The
EDX data generated in the present work (Figures 4 and 5)
show that inward diffusion of oxygen has occurred on the tur-
bine blade made of CMSX-10. The concentration of oxygen
remains at a higher level in the FSZ than in the scale, and it

Table III. Diffusion Coefficients (m2/s) at 1273 K

Element NiO 
 
� �(62Ni) �(52Ni)

Ni 4.2 	 10�16[25] 3.7 	 10�16[26] 8.3 	 10�17[33] 8.0 	 10�14[36] 4.0 	 10�16[36]

Co 4.8 	 10�16[27] 1.9 	 10�16[34]

Cr 7.1 	 10�16[27] 1.0 	 10�17[34]

Al 2.0 	 10�15[28] 7.1 	 10�17[35]

Ti 3.5 	 10�15[29] 3.2 	 10�18[34]

Mo 3.8 	 10�16[30]

Hf 8.5 	 10�15[31]

Ta 1.5 	 10�15[32]

W 1.2 	 10�16[32]

Re 2.5 	 10�17[32]
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Table IV. Enthalpies of Decomposition[25]

Oxide �H (kJ)

Al2O3 1115.2
Ta2O5 817.6
Cr2O3 752.4
WO2 589.0
MoO2 587.7
NiO 480.7
CoO 477.3
ReO2 424.3

decreases through the TZ of the ORD, to attain a relatively
low level in the base material. Clearly, internal oxidation takes
place, which leads to the formation of the FSZ. However,
none of the stable oxides of the major alloying elements (Al,
Ta, Cr, W, Mo, and Re) has been detected in the XRD pat-
terns (Figure 7). As seen from Table IV, the enthalpies of
decomposition of these oxides are high. It is likely, therefore,
that a localized temperature rise occurs as a result of the for-
mation of these oxides, which in turn produces the complex
oxides that have been identified in the present work through
XRD (Figure 7). The following reactions may be involved
in the creation of the observed oxides in the internal oxida-
tion zone (the FSZ):

[1]

[2]

[3]

[4]

[5]

The oxides containing aluminum are conspicuous due to their
absence on the oxidized blade of CMSX-10 examined in the
present work. The simple oxide of aluminum, Al2O3, and
the spinel Ni(Cr,Al)2O4 are frequently formed when Ni-base
superalloys are oxidized. Alpha alumina forms in the region
adjacent to the base material of the second generation of the
Ni-base superalloys.[9] It is clear from the present work that
the third-generation superalloy CMSX-10, on the other hand,
forms the � phase in place of the Al2O3 adjacent to the base
material (Figures 3 and 12).

The formation of the � phase alters the course of events
leading to the formation of the internal oxidation zone of
CMSX-10. In place of the spinel Ni(Cr,Al)2O4, CMSX-10
forms (Ni,Co)Ta2O6, (Ni,Co)WO4, CrTaO4, and Cr(Mo,W)O4.
The reason for this change in the mechanism of the formation
of the internal oxidation zone is not entirely clear at present,
and more work is required to elucidate it. Possibly, the low Cr
content of CMSX-10 is a factor.

C. Isothermal Oxidation in Relation to Oxidation in
Service

Similarities exist in the features generated through isother-
mal oxidation at 900 °C found both in the laboratory and
on the blade removed from service. These similarities are
apparent in the microstructure as well as in the profiles of
hardness and composition generated in the present work, as
will become clear from the discussion to follow.

WO2 � Ni � 2O 
 NiWO4

Ta2O5 � Ni � O 
 NiTa2O6

Cr2O3 � Ta2O5 
 2CrTaO4

Cr2O3 � 2MoO2 � O 
 2CrMoO4

Cr2O3 � 2WO2 � O 
 2CrWO4

The microstructure of the blade cross-section (Figure 3(a))
shows that an external NiO scale is formed; the associated
ORD is made up of a narrow band of the FSZ and a wide
TZ, the latter comprised of long spikes of the � phase. These
features are also seen in the microstructure of the isother-
mal test conducted at 900 °C for 100 hours. However, it is
apparent that the degree of oxidation was far greater on the
blade than in the isothermal test (Figures 3(a) and 9(b)). This
difference is a result of the longer service exposure of the
blade (12000 hours involving 3000 cycles), compared to the
short isothermal exposure (100 hours in the laboratory at
900 °C).

To gain insight into the differences in the mass gain with
time observed in the isothermal tests (Figure 8), specimens
treated at 900 °C and 1000 °C were subjected to XRD and
EDX analysis in a manner similar to that employed for the
examination of the blade in the present work. The XRD pat-
terns obtained from the discs that were treated at 900 °C but
that did not have their surfaces abraded contained reflections
from the NiO as well as the (Ni,Co)O lattice, as has been
observed with the scale removed from the blade (Figure 6). It
may be noted, however, that only the (Ni,Co)O reflections
were seen on the diffraction pattern obtained from the top sur-
face of the scale removed from the blade (Figure 6(a)); reflec-
tions from NiO, however, were seen in the diffraction pattern
obtained from the bottom face of the scale removed from the
blade (Figure 6(b)). The presence of reflections from both these
lattices in the pattern obtained from the unabraded specimen
isothermally treated at 900 °C is that the scale on the isother-
mally treated specimen was thinner than it was on the scale
removed from the blade (Figures 3(a) and 9(b)). The thinner
scale on the isothermally treated specimen enabled both lattices
to produce reflections simultaneously, even though they might
have been located on opposite sides of the scale, as was the case
with the scale removed from the blade. The diffraction patterns
that followed the successive abrasion steps of the oxidized
surface revealed the presence of the oxides (Ni,Co)Ta2O6,
(Ni,Co)WO4, etc., along with the � phase and an absence of
Al2O3 and the spinel Ni(Cr,Al)2O4 similar to that noted earlier
from the examination of the blade oxidized in service (Fig-
ure 7). Similar results were obtained with the coupon isother-
mally treated at 1000 °C, with additional peaks that are
tentatively identified as reflections from the � phase (Ni3Al2).
The � phase was found to be located close to the base mate-
rial, because these peaks made their appearance only when the
abrasion had reached the stage in which the peaks from the
base material were beginning to show. Moreover, the peaks
attributed to the � phase disappeared with additional light abra-
sion, leaving only the base material reflections. This suggested
the possible presence of only a thin layer of the � phase adja-
cent to the base material. Reflections from the (102) and the
(110) planes of the � phase were recorded. However, it is to
be remembered that the Al-rich � phase also produces the
(110) reflection close to that at which the (110) reflection from
the � phase occurs. Therefore, the X-ray data may at best be
treated as a tentative identification of the � phase. Corrobora-
tion in support of the formation of the � phase was obtained
from the EDX data, as will be seen from the following.

The EDX data obtained from two discs isothermally treated
to 100 hours are presented in Figure 13, as a plot of � Ni/(�
Ni � � Al) vs depth. The dotted horizontal lines shown on
the figure are the phase boundaries as they would be at 900 °C
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Fig. 13—The equivalent nickel content vs depth after isothermal exposures
of 100 h each at 900 °C and 1000 °C.

Fig. 14—A binary Ni-Al phase diagram shows the equivalent nickel con-
tent of the advancing oxidation reaction zone into the base material after 20,
40, and 100 h of isothermal treatments carried out at 900 °C and 1000 °C.

in the binary Ni/Al phase diagram, which is shown in
Figure 14. It is seen from the binary phase diagram that the
positions of the phase boundaries at Ni concentrations above
30 at. pct shift only slightly as a result of a change in tem-
perature from 900 °C to 1000 °C. As a first approximation,
therefore, the phase boundaries shown on Figure 13 may be
treated as being valid for 900 °C as well as for 1000 °C. Two
points of note emerge from Figure 13. First, there is similarity
between the data obtained from the isothermal test conducted
at 900 °C in the laboratory (Figure 13) and those obtained for
the continuous ORD examined on the blade removed from
service (Figure 11(a)). Second, the oxidation behavior is dif-
ferent at 1000 °C than it is at 900 °C. With reference to the
first point, the � Ni/(� Ni � � Al) values at all depths remain
close to the �/(� � 
�) phase boundary, and the composition
of the alloy-depleted zone created at the interface between the
advancing ORD and the base material remains within the (
 �

�) phase field, i.e., the composition of the alloy-depleted zone

created as a result of oxidation does not deviate substantially
from the composition of the base material. These observations
remain true whether one examines the isothermally treated
specimen at 900 °C for 100 hours (Figure 13) or considers
the case of the continuous ORD on the turbine blade removed
from service (Figure 11(a)). By contrast, the composition of
the alloy-depleted zone created at 1000 °C (Figure 13) lies
clearly in the single-phase 
 field, a substantial deviation from
the base metal composition after only 100 hours of exposure.
Further insight is gained into the difference between the oxida-
tion characteristics at 900 °C and those at 1000 °C, through
examining the time dependence of the composition of the
advancing ORD front, as shown in Figure 14. The composition
at the tip of the advancing ORD front, as measured through
EDX analysis, is expressed as � Ni/(� Ni � � Al) on the
binary Ni/Al phase diagram of the figure. It is seen from
Figure 14 that an isothermal exposure of 20 hours creates
the � phase at 900 °C as well as at 1000 °C. However, dif-
ferences are seen at longer exposures. At 900 °C, increasing
the exposure time to 40 and 100 hours does not change the
composition at the tip of the ORD, although the ORD grows
as a result of longer exposures. An implication is that, at
900 °C, the � phase continues to form as a result of oxidation
as time goes on. Moreover, since the formation of the � phase
is the precursor to internal oxidation in this alloy, as oxygen
penetrates deeper into the material, the FSZ would continue
to grow as a result. This is, in fact, observed on the turbine
blade, with the formation of an ORD over 200 �m thick and
an associated NiO external scale 135 �m thick (Figure 3(a)).
Similarly, in the isothermal test conducted at 900 °C (Figure
8), the mass gain continues, with time indicating continued
oxidation.

In contrast to the continued mass gain with time at 900 °C,
there appears to be a vast reduction in the rate of oxidation
at 1000 °C, following an initial period of rapid mass gain
(Figure 8). Figures 13 and 14 provide insight into the process
responsible for these characteristic features observed at
1000 °C. Although the composition of the advancing tip of
the ORD does not change with time after an initial exposure
of 20 hours at 900 °C, it does continue to change with time
beyond 20 hours, upon isothermal exposure to 1000 °C
(Figure 14). The nature of this change is such that, at times
in excess of 40 hours at 1000 °C, the � phase (Ni2Al3 on the
binary system) begins to form at the tip of the advancing
ORD. As seen from Figure 13, the tendency to form the
� phase is also indicated from the composition vs depth profiles
generated on the transverse section of the disc isothermally
treated for 100 hours at 1000 °C. Although the XRD and the
EDX data obtained in the present work suggest that the � phase
is formed as a result of the oxidation of CMSX-10 at 1000 °C,
it is felt that there remains a need for better corroboration,
possibly through future work involving transmission electron
microscopy (TEM).

It would appear that the formation of the � phase in place
of � slows down further oxidation at 1000 °C. As seen from
Figure 13, the ORD resulting from a treatment for 100 hours
at 900 °C has penetrated deeper into the material than that
from a treatment of the same duration at 1000 °C. However,
before considering the reasons for the effectiveness of the �
phase in slowing down the oxidation of CMSX-10 at 1000 °C,
it is noteworthy that the formation of the � phase containing
50 at. pct Ni would also reduce the rate of oxidation, since
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this intermetallic compound has the lowest diffusion coeffi-
cient at stoichiometry, and deviation from stoichiometry, be
it on the Ni-rich side or the Al-rich side, increases the diffu-
sion coefficient.[36]

Since the present work indicates that the formation of the
� phase may be responsible for the vastly reduced rate of oxi-
dation following the early rapid oxidation at 1000 °C (Fig-
ures 8, 13, and 14), one should compare the diffusion
coefficient of the � phase in relation to that of the � phase.
Diffusion coefficients have been measured earlier for the
binary � phase at temperatures below 655 °C,[40,41] and between
870 °C to 1000 °C.[42,43] Fortunately, Hickle and Heckel have
made measurements of the diffusion coefficients in the � and
the � phases simultaneously, using the growth kinetics of these
two phases formed as a result of the diffusion coating of
nickel.[42] It was found that, at 1000 °C, diffusion occurs faster
(by 3 times) in the � phase than it does in the � phase, even
though the reverse is true at lower temperatures.

The � phase exists as an intermetallic compound over a
composition range, as does the � phase, although the com-
position range of � is narrower, since it is approximately 37
to 41 at. pct Ni. It is conceivable that the stoichiometric com-
position (Ni2Al3) has a minimum diffusion coefficient, as is
the case with the � phase noted earlier. However, a system-
atic measurement of the variation of the diffusion coefficient
with composition is currently lacking. Should the � phase be
responsible for the vastly reduced oxidation rate following
the initial rapid oxidation of CMSX-10 at 1000 °C (Figure 8),
and should there also be a minimum at its stoichiometric
composition, it will have interesting consequences for the
oxidation of CMSX-10 at temperatures above 1000 °C. From
the binary phase diagram (Figure 14), it is seen that the range
of composition over which the � phase remains stable narrows
with increasing temperature, attaining the stoichiometric com-
position at 1133 °C. Hence, at that elevated temperature,
the � phase formed would be most effective in slowing down
oxidation. The implication is that the oxidation rate should
decrease with increasing temperature above 1000 °C, attain-
ing a minimum at around 1133 °C. Moreover, above 1133 °C,
the rate of oxidation would be expected to rise again, because
the � phase is not stable at those elevated temperatures.
Experiments are currently underway to test this hypothesis.

Finally, it may be noted that, although Al2O3 and the spinel
Ni(Cr,Al)2O4 are not formed upon oxidation of CMSX-10 at
temperatures below 1000 °C, a hard and therefore abrasion-
resistant FSZ is formed (Figure 10). Moreover, the hardness
of the FSZ increases with an increase in the temperature at
which oxidation takes place. Furthermore, there is indication
from the present work that the formation of the � phase at
1000 °C creates a barrier to diffusion, thereby vastly reducing
the rate of further oxidation. Hence, there exists the possibility
of preoxiding at a higher temperature a component such as a
turbine blade made of CMSX-10, prior to it being placed in
service for operation at a lower temperature. For example, a
prior oxidation for 50 hours at 1000 °C may impart an abrasion-
resistant coating and a diffusion barrier adequate for the blade
to operate at 900 °C in service without the need for aluminiza-
tion. Although the viability of this concept remains to be tested
on CMSX-10 through further experimentation, it is of note
that the preservice oxidation of gas turbine discs and seals has
been proposed recently as a means of preventing oxidation
and corrosion of the superalloys in service.[44]

V. SUMMARY AND CONCLUSIONS

The following conclusions have been drawn from this work.

1. The formation of the external (Ni,Co)O scale initiates the
process of oxidation. However, a discontinuous reaction
requiring nucleation and growth leads to the formation
of the internal oxidation zone.

2. The intermetallic � phase forms as a result of Ni (and
Co) depletion from the (
 � 
�) matrix of the superalloy
as the precursor to internal oxidation. The formation of the
� phase resulting from oxidation, termed self-aluminization,
does not appear to have been observed earlier in the super-
alloys.

3. Alumina (Al2O3) and the spinel Ni(Cr,Al)2O4, which are
commonly observed in the internal oxidation zone of the
first- and second-generation Ni-base superalloys, are not
formed as a result of the oxidation of the third-generation
alloy CMSX-10 at temperatures up to 1000 °C. Instead,
the internal oxidation of the CMSX-10 leads to the for-
mation of (Ni,Co)Ta2O6, (Ni,Co)WO4, CrTaO4, and
Cr(W,Mo)O4.

4. The formation of (Ni,Co)Ta2O6 and other oxides imparts
a high hardness to the FSZ, thus offering the possibility
that the internal oxidation zone of this alloy may be abra-
sion resistant.

5. There is indication that the formation of the � phase
(Ni2Al3) vastly reduces the oxidation rate after the initial
rapid oxidation at 1000 °C.

6. Isothermal tests conducted in the laboratory at 900 °C pro-
duced a microstructure as well as profiles of composition
and microhardness that were similar to those observed on
the blade removed from service.
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