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Strengthening by High Densities of Nanometer-Size
Precipitates: Oxides in Ni

DAVID M. FOLLSTAEDT, JAMES A. KNAPP, and SAMUEL M. MYERS

We have measured the yield strengths of Ni samples having high densities of nanometer-size pre-
cipitates. Surface layers containing NiO or g-Al2O3 precipitates were formed in Ni specimens by ion
implanting O alone or O and Al, with subsequent annealing. The yield strengths of the layers were
obtained through nanoindentation in conjunction with finite-element simulations. The yield strengths
of the Ni alloys were combined with earlier data for O-implanted Al and compared to predictions of
a recent treatment of the Orowan mechanism, in which dislocations loop around precipitates and by-
pass them. The strengths vary with changes in precipitate microstructure, as predicted, and conform
to the theory in absolute magnitude to within a factor of 1.5. This agreement extends over broad mi-
crostructural ranges: precipitate sizes from ,1 to 20 nm, volume fractions from 0.05 to 0.30, densi-
ties from 4 31016/cm3 to as high as ,1020/cm3, edge-to-edge spacings as small as 1.4 nm, two pre-
cipitated phases, and two metal matrices with shear moduli differing by a factor of 3. Ion implantation
increases near-surface yield strengths to as high as 5 GPa, suggesting that this treatment may be use-
ful for hardening the surfaces of Ni components in micro-electromechanical systems.

I. INTRODUCTION

SHEAR-RESISTANTprecipitates in metals impede
the motion of dislocations, which are believed to bypass the
particles by bowing around them and reconnecting on the
downstream side, leaving behind a circumscribing loop. This
strengthening mechanism was initially considered by
Orowan,[1] who identified the separation (l) between pre-
cipitates as a key parameter controlling the critical resolved
shear stress (CRSS):

[1]

Here, t is the additional required stress for propagation of
a dislocation with a Burgers vector of bon a slip plane
through the field of precipitates in a metal with a shear mod-
ulus of G. The theoretical evaluation of this mechanism
has been refined by others.[2,3] These later evaluations show
that the correct precipitate spacing for this strengthening
mechanism is the edge-to-edge distance between precipi-
tates, and for the remainder of this article, we assign this
meaning to l.

Key experiments examining precipitate hardening were
performed with Cu single crystals having well-defined slip
systems and BeO[4] or SiO2

[5] precipitates. The experimen-
tal CRSS values from these two experiments were found to
be in reasonable agreement with the Orowan mechanism.[6]

These experiments and others cover a range of precipitate
diameters from ,5 to 100 nm and volume fractions of 0.0033
to 0.041. The Orowan mechanism in Eq. [1] points toward
nanometer-size precipitate separations as a microstructural
regime offering increased strength, which can be achieved
with high numbers of small precipitates per unit volume.

t 5 Gb/l

However, there are few experiments with precipitates hav-
ing sizes and separations of only a few nanometers.

Ion implantation offers the ability to produce this special
type of microstructure. This technique can athermally in-
troduce isolated atoms of an insoluble species into a host
metal.[7] Since the diffusivities of many species are low at
room temperature, the implanted atoms remain at their im-
planted depth and the solid solubility can be exceeded to
produce a thermodynamic driving force for precipitation.
The numerous lattice defects produced during implantation
provide nucleation sites that can result in a high density of
nanometer-size precipitates. For species having a finite atomic
mobility, precipitation can occur during implantation. For
other elements, a subsequent anneal may be required, or an-
nealing may allow thermally evolved microstructures to be
investigated. Moreover, implanted concentrations of tens
of atomic percentages can be achieved for light elements,
so that high volume fractions of the second phase can pre-
cipitate. Thus, ion implantation can form high densities of
very small precipitates only a few nanometers apart. In this
limit, the strengthening mechanisms and their mathematical
evaluations might change, perhaps because dislocation seg-
ments in close proximity interact differently, or because pre-
cipitates become shearable when reduced in diameter to
,,2 nm. Furthermore, with sizes and precipitate spacings
of only a few nanometers, discrete atom effects might be-
come important and produce changes. Additional experi-
ments are, therefore, needed to understand strengthening in
this regime.

In earlier work, we formed nanometer-size Al2O3 pre-
cipitates in Al by O implantation[8,9] and found very high
yield strengths, up to ,3 GPa. The work reported here ex-
amines the strengthening of ion-implanted Ni by high den-
sities of hard oxides. We chose Ni since its shear modulus
differs from that of Al by 3 times. Two methods were used
to produce precipitation: (1) O alone was implanted to form
NiO precipitates a few nanometers in diameter, and (2) both
Al and O were implanted and reacted to form g-Al 2O3 pre-
cipitates only 1 to 2 nm in diameter. Both precipitated phases
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can increase the yield strength of the Ni matrix to ,5 GPa;
however, the g-Al2O3 precipitates are much more thermally
stable, and the strength is retained upon annealing. We used
ion-beam analysis to determine the depth-dependent con-
centration profiles of the implanted species and transmission
electron microscopy (TEM) to characterize the size of pre-
cipitates within the implanted layer.

We previously compared results from a subset of these
Ni alloys and those of Al to an earlier evaluation of the
Orowan CRSS for propagation of dislocations through a
close-packed array of precipitates centered in the glide
plane.[10] The measured strengths varied as predicted for
changes in precipitate size and volume fraction. However,
a more complete treatment is needed to account for the sta-
tistical placement of particles about the glide plane and to
consider a Taylor factor,[11] which relates the yield strength
to the CRSS in metals with randomly oriented grains by pro-
jecting applied stress onto their glide planes. Here, we eval-
uate the mechanical properties of a larger set of Ni alloys
and compare them and the Al results to a recent theoretical
evaluation that includes dislocation interactions, random sta-
tistical placement of the precipitates, and elastic anisotropy.[6]

The observed yield strengths vary with precipitate mi-
crostructure and metal matrix, as predicted, and also agree
quantitatively with the theory to within a factor of 1.5, sim-
ilar to the agreement found[6] for the results with Cu single
crystals.[4,5]

The intrinsic mechanical properties of thin implanted lay-
ers require special techniques to evaluate. We have devel-
oped a method[8,12] to determine the yield strength of thin
hard layers on a soft substrate. Ultralow-load indentation
(“nanoindentation”) is done to a depth partway through the
layer, and the force applied to the indenter and the elastic
stiffness of the specimen are measured as functions of depth.
The force and stiffness are simulated with finite-element
modeling to account for the mechanical response of both the
layer and the substrate. Since the mechanical properties of
the substrate are independently known, the properties of the
layer can be varied until a good fit to the combined me-
chanical response is achieved. The numerical methods used
for our recent evaluations have been discussed in detail in
several publications. [10,12,13]

Our experiments and analyses focus on the centers of
the implanted layers, which are designed to have a nearly con-
stant composition over a depth interval greater than 100 nm
by the use of multiple ion implantations at several ener-
gies. Since the number of precipitates per unit volume ex-
ceeds 1019/cm3, precipitates will overlap in projected im-
ages, and accurate assessment of their density and spacings
is not directly possible with TEM imaging. Instead, the com-
position is used with the measured precipitate size to cal-
culate the volume fraction of precipitates, the number of pre-
cipitates per unit volume (Nv, the “number density”), and
the average edge-to-edge spacing, each for the center of
the implanted layer, assuming that all of the oxygen has pre-
cipitated. Moreover, results from finite-element modeling
are most sensitive to the yield strength of this central region
and are relatively insensitive to the details of how strength
falls off at the back of the layers to the value for bulk Ni.
Therefore, we have produced a set of specimens with con-
centrations of 4 to 16 at. pct in the center of the implanted
layers and have compared the yield strengths of these re-

gions to those predicted by the Orowan model for their
precipitate microstructures.

In addition to understanding strengthening for these ex-
treme microstructures, our work is a “proof-of-principle,”
demonstrating that Ni can be significantly strengthened be-
yond levels typically achieved for engineering alloys. For
instance, the yield strength of nickel-based superalloys like
NIMONIC PE16 is less than 1 GPa[14] and that of bearing
steels is ,2 GPa, both less than the ,5 GPa strengths de-
termined in this study. Moreover, ion-implantation treat-
ments of the type examined in this work may prove useful
for hardening the surfaces of Ni components in micro-electro-
mechanical systems.

II. METHODS USED

A. Ion Implantation

The implanted alloys were formed in Ni of nominal
99.99 pct purity, which had been annealed for 2 hours at
1000 ˚C in high vacuum. This anneal produced observable
grain relief and grain sizes between 200 and 500 mm. Disks
,1-mm thick were implanted for indentation testing, while
foils 260-mm thick were used for examination of implanted
alloy microstructures with TEM. All the implantations were
done at room temperature in a turbomolecular-pumped vac-
uum system at a pressure of 3 31025 Pa (2 31027 Torr).
The alloys were formed by combining implantations at mul-
tiple energies to produce a broad region of approximately
uniform composition using ion fluences chosen with guid-
ance from the composition profiles predicted by simulations
using the Transport of Ions in Matter (TRIM) Monte Carlo
codes.[15] A composite TRIM profile, using the energies and
fluences given in Table I for an alloy with 16 at. pct O ex-
tending over an ,120-nm depth interval, is shown in Fig-
ure 1. This Ni specimen with nominal 16 at. pct O is re-
ferred to as Ni-16 pct O. Alloys with 8 at. pct O used the
same energies with fluences scaled by one-half. An addi-
tional Ni-8 pct O specimen was also subsequently annealed
2 hours at 550 ˚C to examine the mechanical properties
with ripened precipitates.

A second implantation schedule formed alloys with com-
position profiles of O and Al that overlap each other to a
depth of ,200 nm. The implantation energies and fluences
were again chosen from TRIM simulations[15] to achieve the
desired profiles, such as for for the alloy with 8 at. pct each
of O and Al (Ni-8 pct Al 1 O), as given in Table II. The
implantations were intended to promote the formation of
Al2O3 by using nearly equal amounts of Al and O, so that
adequate Al is present to react with all the O during an-
nealing. Alloys with 4 at. pct concentrations were also
examined.

936—VOLUME 34A, APRIL 2003 METALLURGICAL AND MATERIALS TRANSACTIONS A

Table I. Implantation Energies and Fluences Used to Form
the Ni-16 Pct O Alloy

Species Energy Fluence

O1 50 keV 5.3 3 1016 O/cm2

100 keV 5.9 3 1016 O/cm2

140 keV 15.1 31016 O/cm2

Total O: 26.4 31016 O/cm2



B. Ion-Beam Analysis

Ion backscattering analysis[16] was used to profile the con-
centration of implanted species with a depth resolution gen-
erally ,10 nm. Special procedures were required to profile
Al and O since they have lower atomic masses than Ni, caus-
ing their associated backscattering yields to overlap the yield
from the Ni substrate. The concentration profiles of O and
Al in Ni were determined from the energy spectra of
backscattered He ions by using the known scattering cross
sections and energy-loss rates for He passing through these
elements. In particular, two separate backscattering spectra
were obtained from each alloy, using He4 ions at two dif-
ferent energies: 2.5 MeV for a higher depth resolution, and
8.6 MeV for an enhanced non-Rutherford cross section pro-
viding higher sensitivity to O. An iterative analysis was used
with the Simulation of Nuclear Reaction Analysis (SIMNRA)
program[17] to obtain depth profiles for both Al and O con-
centrations that fit the two spectra. To obtain a depth scale,
an atomic density equal to that of pure Ni was assumed for
the implanted layer. An example of a final profile deduced

by this method is shown in Figure 1. This profile agrees well
with that predicted by the TRIM calculation.

C. Transmission Electron Microscopy

A 200 kV instrument with 2.7 Å point-to-point resolu-
tion was used to image the NiO and Al2O3 precipitates.
The astigmatism corrections of the objective lens were ad-
justed to compensate for distortions in its magnetic field
induced by the magnetic Ni specimens. Plan-view TEM
specimens were prepared by backthinning the Ni foils with
jet electropolishing using a nitric acid solution. The plan-
view orientation gave the best electron diffraction patterns
for identifying the precipitated phases and was used for de-
termining precipitate sizes, principally by dark-field imag-
ing with a precipitate reflection.

Cross-sectional TEM revealed the microstructure as a
function of depth. To prepare the specimen, a 2-mm-wide
piece of Ni foil was epoxied between pieces of Si, and a
2.3-mm-diameter cylinder centered on the foil was ultra-
sonically cored. The Ni foil must be contained entirely within
the core, since it resists ultrasonic abrasion and would oth-
erwise erode the coring tool. The core was epoxied into a
3-mm-o.d. brass tube, and disks were sliced from it. The re-
sulting brass ring around the disk helps maintain its struc-
tural integrity, which is important because we have not found
adhesives that bond Si strongly to Ni. The disks were met-
allographically polished and thinned with the dimpling in-
strument using diamond paste. Final thinning was done by
ion milling with 3.5 keV argon ions at a 4 deg glancing in-
cidence. The Si thinned more rapidly, leaving an unsup-
ported strip of Ni, but a usable thin area for TEM at the
implanted surface was, nonetheless, obtained.

A second imaging technique was found to be useful with
the cross-sectional specimens. The specimen was tilted to
minimize diffraction contrast, and the objective lens was un-
derfocused to produce Fresnel contrast, highlighting the pre-
cipitates as light central regions with a dark ring around
them.[18] This occurs because the precipitates have a lower
average atomic number than the Ni matrix. The observed
precipitate contrast was confined to the implanted depth in-
terval expected from TRIM. Cross-sectional imaging thus
confirmed precipitation and gave a measure of precipitate
sizes. This method was especially useful for imaging pre-
cipitates in Ni-4 pct Al 1O, for which dark-field contrast
was less effective.

To obtain the volume fraction of the precipitated phase,
we assume that all the implanted O atoms have precipitated.
For the case of O implantation only, we show subsequently
that the phase NiO precipitates, with one reacted Ni atom
per O atom. The volume fraction of NiO precipitates in the
fcc Ni matrix is then calculated by

[2]

where c is the atomic fraction of O, and ra is the atomic
density for the indicated phase. Using the lattice constants
for these crystal structures,[19] we obtain the values ra(NiO) 5
1.098 3 1023 atoms/cm3 and ra(Ni) 5 9.142 3 1022

atoms/cm3.

f 5
(2c/ra (NiO))

((1 2 2c)/ra (Ni) 1 2c/ra (NiO))
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Fig. 1—Oxygen depth profiles for Ni-16 pct O implanted according to the
schedule in Table I. Dashed line: simulated profile obtained with the TRIM
Monte Carlo program.[15] Connected data points: profile measured using
ion backscattering analysis (IBA). Also shown as a solid, blocked line is
the profile of yield strength vsdepth providing the best fit with finite-
element modeling to the nanoindentation data for this specimen.

Table II. Implantation Energies and Fluences Used to
Form the Ni-8 Pct Al 1 O Alloy

Species Energy Fluence

O1 50 keV 3.0 3 1016 O/cm2

100 keV 3.3 3 1016 O/cm2

150 keV 8.5 3 1016 O/cm2

Total O: 14.8 31016 O/cm2

Al1 50 keV 2.0 3 1016 Al/cm2

100 keV 2.0 3 1016 Al/cm2

180 keV 10.0 31016 Al/cm2

Total Al: 14.0 31016 O/cm2



For the case of implanting both Al and O and reacting
them to form g-Al2O3 precipitates, accounting for 2 Al atoms
per 3 O atoms, the corresponding expression is

[3]

where the atomic density of g-Al2O3 is ra(Al 2O3) 5 1.082
3 1023 atoms/cm3.

To obtain the edge-to-edge spacing between precipitates,
we assume that all precipitates are spherical, with an aver-
age diameter of d, and place them in a close-packed fcc
array. The resulting edge-to-edge separation between pre-
cipitates is

[4]

The number of precipitates per unit volume is then given by

[5]

D. Nanoindentation

Nanoindentation was used to determine the mechanical
properties of implanted Ni. The force needed to push a three-
sided Berkovich diamond tip into the specimen was recorded
continuously as a function of depth.[20–24] The displacement
and load resolutions during indentation are about 0.02 nm
and 50 nN, respectively. Ten indentations were done on each
specimen at different positions, and the results were aver-
aged at each depth increment, with the standard deviations
of the averaged values taken as the errors. We found good
sensitivity to the implanted layer by indenting partway
through it to a depth of 160 nm. The contact stiffness, which
is the change in force per unit depth during unloading, was
also measured. The continuous stiffness measurement tech-
nique uses an oscillatory displacement of ,1 nm superim-
posed on the indentation, to obtain stiffness values over the
entire indented depth.[22] The force generally depends upon
both the elastic and plastic properties of the specimen, while
the stiffness depends almost entirely upon the elastic prop-
erties. Obtaining both force and stiffness to be fitted as func-
tions of depth was important for accurate evaluations of
the yield strength by finite-element modeling, since the eval-
uations are complicated by the shallowness of the implanted
layers and the depth variation of mechanical properties, which
change with composition. We note that the indented depth
and the width of deformed material (,1 mm) greatly exceed
the precipitate sizes and their separations, so that the re-
sponse of the material reflects the bulk properties of the im-
planted layer, not discrete precipitate effects.

E. Finite-Element Modeling

To extract the properties of the implanted alloy, finite-
element methods are used to model the combined response
of the implanted layer and substrate.[10,12,13]This approach also
has the important ability to account for the depth depen-
dence of the implanted layer’s mechanical properties, which
vary with composition. We use the commercial large-strain,

Nv 5
6f

pd3

l 5 °B3 p

3f 12
2 1¢d

f 5
((5/3)c/ra (Al2O3))

((1 2 (5/3)c)/ra (Ni) 1 (5/3)c/ra (Al2O3))

finite-element code ABAQUS/Standard,[25] along with our
own software utilities for generating meshes that model the
specimen with depth-dependent material descriptions spe-
cific to each specimen, as discussed in detail in Reference
12. Most of our calculations use a two-dimensional, ax-
isymmetric model for ease and speed of calculation. In se-
lected cases, we have implemented full three-dimensional
calculations that account for the true three-sided shape of
the indenter tip and found that the yield strength varies by
only a few percentages from that of the axisymmetric
approximation.

The Ni substrate is treated as an isotropic elastic-plastic
solid with a yield strength of Y5 0.15 GPa, a Young’s elas-
tic modulus of E5 204 GPa, and a Poisson’s ratio of n 5
0.312.[26] The code calculates deformations using a von Mises
yield criterion. To account for work hardening, the stress-
strain (s-«) relationship for Ni under uniaxial compression
is taken to be

[6a]

where Y0 is the initial yield point, K is the strength coeffi-
cient, and nis the work-hardening exponent.[27] Continuity
at « 5 Y0/E is assured by using

[6b]

We further define the yield strength in this parameterization
as the stress at 0.002 strain on the (s-«) curve. For the Ni
substrate, n 5 0.27.[28] This exponential formulation of work
hardening differs slightly from that in our previous finite-
element modeling,[10,12] where we assumed a linear approx-
imation to the hardening after the yield point. Additional
considerations for modeling the Ni substrate are treated in
the evaluation of Ni-16 pct O, as discussed in Section IV.

The diamond tip is modeled as a purely elastic solid with
a Young’s modulus of E 5 1140 GPa and a Poisson’s ratio
of n 5 0.07.[22] The mesh describing the diamond indenter
includes rounding of the tip obtained from calibration of its
cross-sectional area as a function of depth, which was de-
termined by indenting into the well-understood reference
material, fused silica.

The yield strength and elastic modulus of the implanted
layer were varied to fit the observed force and stiffness. The
Poisson’s ratio in the implanted layer is assumed to be n 5
0.312, as for pure Ni. Given the small separation (,5 nm)
between precipitates and the close proximity of dislocations
to multiple precipitates (,2 nm), using work hardening to
treat interactions between dislocations within the implanted
layer does not appear justified. Moreover, our experimental
assessment and numerical evaluation are not able to dis-
cern separately such strain-related hardening within the im-
planted layer. Therefore, we model the implanted layer as
a simple elastic-plastic solid with no strain hardening. The
yield strength is assumed to vary across the implanted layer
in approximate conformance with the concentration profiles,
as seen in the example in Figure 1. We varied the width of
the strength profile by as much as 625 pct and examined
the resulting fits of simulations to the data. The quality of
the fit to the data was optimized by choosing a width some-
what wider than the O profile as seen in Figure 1, but was

K 5 Y0(E/Y0)
n

s 5 K«n                    for « $ Y0/E

s 5 E«                   for « # Y0/E
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relatively insensitive to the detailed way that the profile de-
creases from its maximum to the value for the pure Ni sub-
strate. The maximum yield strength in the center of the pro-
file was found to be the primary factor determining how well
the data are fit; its fitted value changed by about 10 pct with
changes in the width of the profile. The central value de-
duced from the best fit was then compared to predictions
of the Orowan model using the precipitate microstructures.

III. COMPOSITIONAL AND MICROSTRUCTURAL
ANALYSES

A. Ni implanted with O

The O depth profile for Ni-16 pct O obtained from ion-
backscattering analysis is shown in Figure 1. The implanted
O profile agrees well with that predicted by the TRIM cal-
culation except for depths ,25 nm, where the resolution of
ion-beam analysis limits accuracy. The implanted concen-
tration greatly exceeds the solid solubility of O in Ni,[29] and
precipitation is expected since short-range diffusion is likely
to be sufficient due to the excess point defects created dur-
ing implantation. The profile obtained for Ni-8 pct O scaled
from that in Figure 1 as expected.

Precipitation did occur during implantation, and the phase
was identified with electron diffraction. Figure 2(a) is an
[001] zone-axis electron diffraction pattern with a square
array of intense fcc Ni reflections, obtained in plan view
from from Ni-8 pct O. Radially inward from each Ni re-
flection is a weak reflection due to the precipitates. The lat-
tice spacings of fcc Ni (a0 5 3.524 Å)[19] were used as in-

ternal standards to calibrate the scale of the pattern, thus
giving the lattice spacings of the precipitated phase within
,1 pct. These values match the lattice spacings of fcc
(NaCl-type) NiO,[19] whose lattice constant is 18.5 pct larger
than that of Ni. The Miller indices of precipitate reflections
are the same as those of their nearby Ni reflections, i.e., the
(200) NiO reflection is found just inside the (200) fcc Ni.
This match demonstrates that the cubic axes of NiO align
parallel to those of the Ni lattice, i.e., the two phases have
a “cube-on-cube” orientational relation. This alignment is
found in other precipitated alloys, including O-implanted fcc
Al in which cubic g-Al 2O3 precipitates form.[30]

Dark-field imaging with the NiO reflections in Ni-8 pct
O illuminates a dense dispersion of fine precipitates 1.5 to
3.5 nm in diameter, as seen in Figure 2(b). Their small size
indicates a high nucleation density, as expected from the
many atomic displacements and resulting lattice defects pro-
duced by the implantation. The observed orientation prob-
ably gives a low free energy for the NiO nuclei.[31] For in-
stance, if the nuclei were ,1 nm in size, near that of the
smallest precipitates, the overall lattice mismatch with the
matrix (,0.185 nm) would be less than the Burgers vector
of Ni (b 5 0.249 nm). The nucleus would then be coher-
ent and have an interfacial energy that is expected to be
lower. Assuming that all the O is in spherical NiO precip-
itates with an intermediate diameter of 2.5 nm and using the
value of 8.5 at. pct O measured in the center of the implanted
layer, the volume fraction of NiO is calculated to be f 5
0.146 and the precipitate density is 1.8 3 1019/cm3. The
edge-to-edge separation between neighboring precipitates
can be calculated by assuming they are in a close-packed
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Fig. 2—Plan-view TEM characterizing NiO precipitates in Ni-8 pct O. (a) [001] electron diffraction pattern from specimen in the as-implanted condition
(no anneal). (b) Dark-field image of the NiO precipitates in the as-implanted condition, obtained with a precipitate reflection. (c) Dark-field image of NiO
precipitates after annealing for 2 h at 550 ˚C; note that this image is enlarged less than that in (b).



array, giving an average separation of l5 1.8 nm. These
values demonstrate the extremely refined microstructural regime
in which we are investigating precipitate strengthening.

After annealing Ni-8 pct O for 2 hours at 550 ˚C, the O
depth profile was changed insignificantly from that just after
implantation. To understand the lack of change, we extrap-
olated the diffusivity (D) of O from published work[29] to
obtain D 5 1.9 3 10212 cm2/s at 550 ˚C, giving an expected
diffusion distance of . At this temperature,
the solid solubility of O in Ni is only 2.4 3 1018/cm3.[29]

The amount of O that could then diffuse from the alloy layer
and into the substrate is calculated to be only ,3 3 1014

O/cm2, a small fraction of the amount implanted, which is
consistent with the unchanged depth profile. Transport in
the metal at the solubility concentration restricts the evolu-
tion of the profile, because most of the O is fixed in NiO
precipitates and unable to diffuse in solid solution.

With this anneal, larger precipitates with a greater range
of sizes were formed by ripening, as seen in the dark-field
image of Figure 2(c). Electron diffraction again identified
the phase as NiO, with sharper reflections due to the in-
creased sizes; their orientation in the Ni matrix is unchanged.
Figure 2(c) shows the precipitates near the [001] orienta-
tion. They appear cuboidal in shape, reflecting their cubic
lattice. The dominant facets are {100}, which apparently
provide low interfacial energy between NiO and fcc Ni.[31]

The distribution of edge lengths was measured and found
to have an average value of 13.5 nm, with a root-mean-
squared (rms) variation of 6.2 nm. For these sizes, the over-
all lattice mismatch with the matrix is several Burgers vec-
tor lengths, and the particles are said to be semicoherent
since misfit dislocations must be present. The volume frac-
tion f 5 0.146 gives a density of 3.7 3 1016/cm3 and a sep-
aration of l5 18 nm. We calculate the average volume of
a precipitate to be 3900 nm3, and for the theoretical treat-
ment of strengthening which follows, we use an effective
diameter for a sphere of equal volume: 19.6 nm.

Ni-16 pct O was also examined after implantation. NiO
precipitates again formed and are seen in Figure 3 to be
rather uniform in size: the average diameter is 7.0 nm with
an rms variation of 1.2 nm. This diameter is 2 to 4 times
larger than that for as-implanted Ni-8 pct O and the vol-
ume of individual precipitates is one order of magnitude
more, whereas the implanted O concentration is only twice
as much. Using 17 at. pct O from the measured profile in
Figure 1, the volume fraction of NiO is 0.30, the highest
examined in this study. The calculated density of spherical
precipitates is then 1.7 31018/cm3, with a separation of
l 5 2.5 nm. The lower density compared to Ni-8 pct O
indicates that some precipitates existing after the first half
of the 16 pct O implantation were enlarged during the sec-
ond half, and some were dissolved or incorporated into
larger ones. The final precipitates are large enough that they
are semicoherent.

B. Ni Implanted with O and Al

A Ni-8 pct Al 1 O specimen was characterized in the as-
implanted condition. The TEM images and diffraction pat-
terns indicated the presence of two precipitated phases, NiO

2Dt 5 1200 nm

and a spinel phase, either NiAl2O4 or g-Al 2O3. Precipitates
were also detected in a Ni-4 pct Al 1 O specimen after
implantation, but were not identified because their diffrac-
tion was weaker. The microstructures and fitted mechanical
properties for both compositions are listed in Table III, with
details available in Reference 10. Since the presence of
two types of precipitates would hinder accurate interpreta-
tion of mechanical properties, the yield strengths of speci-
mens with Al and O in the as-implanted condition were not
used in the following theoretical analysis. Annealing was,
therefore, used to provide Al and O atoms with sufficient
diffusion distances to encounter each other, react, and form
precipitates. The mechanical properties of these annealed
specimens were compared to predictions of the Orowan
mechanism (as detailed subsequently).

A separate specimen was implanted under conditions cho-
sen to demonstrate the reaction of Al and O in Ni during
annealing. In this case, 1 3 1017 Al/cm2 was implanted at
50 keV and 2 31017 O/cm2 was implanted at 320 keV.
These fluences were high to increase the signals of Al and
O, and single energies were used to produce concentrations
more localized in depth. As seen in Figure 4(a), the O con-
centration peaks at 300 nm, far below the Al implanted at
lower energy, which is near the surface. The specimen was
subsequently annealed for 2 hours at 800 ˚C to demonstrate
the reaction by transport of the reactants over significant dis-
tances. The resulting depth profiles, seen in Figure 4(b), have
changed dramatically; the Al and O now overlap each other.
At 800 ˚C, both species were quite mobile and migrated to-
ward each other, demonstrating that the exothermic reaction
of O and Al[32] operates in the Ni matrix to form Al2O3. If
the Al and O were not reacting, they would have diffused
independently into the substrate.

Depth profiles in Ni-8 pct Al 1O, obtained after an-
nealing for 2 hours at 550 ˚C, are shown in Figure 5. The
two profiles overlap closely to form an alloy with nearly
uniform composition extending to 200 nm in depth, with
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Fig. 3—Plan-view, dark-field image showing larger NiO precipitates in Ni-
16 pct O in the as-implanted condition, obtained with a precipitate reflection.
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Table III. Implanted Compositions, Thermal Treatments, Precipitate Microstructures, and Resulting Mechanical Properties

Specimen Conditions Precipitate Microstructures Fitted Mechanical Properties* Predicted

Composition Anneal Phase Size (nm) f Nv (cm23) l (nm) Y (GPa) E (GPa) H (GPa) CRSS (GPa)

Pure Ni none — — — — — 0.15 204 6 11 — —
Ni-impl. Ni** none — — — — — 0.85 6 0.11 225 6 29 2.7 6 0.3 —
Ni-16 pct O none NiO 7.0 6 1.2 0.30 1.7 3 1018 2.5 5.77 6 0.37 263 6 18 14.5 6 1.0 2.65 6 0.30

5.20 6 0.38 227 6 20 13.3 6 1.1 —
Ni-8 pct O none NiO 1.5 to 3.5 0.146 1.8 31019 1.8 5.11 6 0.43 234 6 15 13.1 6 1.0 2.60 6 0.35

2 h 550 ˚C NiO 13.5 66.2† 0.146 3.7 3 1016 18 1.38 6 0.11 228 6 23 4.1 6 0.4 0.65 6 0.15
Ni-8 pct Al 1 O none mixed‡ 2,7 to 10 — — — 5.11 60.29 265 6 18 13.5 6 0.8

5.05 6 0.24 249 6 12 13.1 6 0.6
2 h 550 ˚C g-Al 2O3 1 to 2 0.108 6.1 31019 1.4 4.15 6 0.30 255 6 27 11.3 6 1.0 2.60 6 0.30

Ni-4 pct Al 1 O none mixed‡ 1 to 1.5 — — — — — — —
2 h 550 ˚C g-Al 2O3 ≈1.5 0.053 3.0 3 1019 2.1 3.39 6 0.28 221 6 21 9.3 6 0.8 1.60 6 0.15

*The indicated uncertainties in mechanical properties reflect the statistical reproducibility of the indentation data and uncertainties in the fit-
ting procedures used for evaluation.

**1.5 3 1016 Ni/cm2 was implanted at room temperature into high-purity Ni at 300 keV.
†Edge length of the cuboidal precipitates.
‡Interpreted to be a mixture of spinel phases (Al2O3 or NiAl2O4) and NiO.

maximum concentrations of 9.7 at. pct Al and 7.5 at. pct O.
Before annealing, the O profile extended about 25 nm deeper.
Thus, some implanted O migrated to overlap the Al during
the anneal, indicating that O and Al also react in Ni at 550 ˚C,
as confirmed subsequently by electron diffraction. The
2-hour anneal at 550 ˚C was chosen to allow sufficient atomic
mobility to form Al2O3 while nearly retaining the uniform
composition profiles designed with the TRIM calculation.
Extrapolation from the measured diffusivities of Al in Ni[33,34]

at higher temperatures predicts a value of only D 5 3.0 3
10217 cm2/s at 550 ˚C. During the anneal, Al is expected to
diffuse only , in agreement with its unchanged2Dt 5 5 nm

Fig. 4—Oxygen and Al depth profiles in a special specimen designed to
demonstrate their reaction to form Al2O3 in Ni. Specimen was implanted
with 1 3 1017 Al/cm2 at 50 keV and 2 31017 O/cm2 at 320 keV. (a) Pro-
files for the as-implanted condition (no anneal), and (b) profiles after an-
nealing 2 h at 800 ˚C. Note the difference in vertical scales between the
two figures.

Fig. 5—Oxygen (dot-dash) and Al (dashed) depth profiles in Ni-8 pct O1
Al implanted according to Table II, after annealing 2 h at 550 ˚C. Also
shown as a solid, blocked line is the profile of yield strength vsdepth pro-
viding the best fit with finite-element modeling to the nanoindentation data
for this specimen.



distribution, whereas O can diffuse up to 1200 nm.[29] Thus,
O moves to react with Al, but the Al is sufficiently mobile
to diffuse the short distances needed to form nanometer-size
precipitates.

After this anneal, Ni-8 pct Al 1O shows fine precipi-
tates, as seen with an underfocused condition in the cross-
sectional image in Figure 6. The precipitates extend to a
depth of ,240 nm, in agreement with the Al and O profiles
in Figure 5. Because of their high density (Nv 5 6.1 3
1019/cm3, as shown subsequently), they appear very dense in
the projected TEM image of a specimen that is ,0.1-mm

thick. Nonetheless, individual precipitates can be distin-
guished. Fewer precipitates are seen in the depth interval
between 240 and 300 nm, and none are seen at greater depths.
The precipitated phase was identified with electron diffrac-
tion in plan view. The [0–13] zone-axis diffraction pattern
in Figure 7(a) and other orientations show weak reflections
just inside those of fcc Ni. Using the Ni reflections as in-
ternal standards, the precipitate lattice spacings given in
Table IV were obtained. Two spacings, 1.975 and 1.395 Å,
match g-Al 2O3 closely but differ from the nearest spacings
of NiO by ,5 pct, several times the accuracy of the mea-
surement. The nearest spacings of NiAl2O4 are also outside
the error range of the measured spacings.

The positions and intensities of the precipitate reflec-
tions confirm the identification of g-Al 2O3 and give ad-
ditional insight into its formation and atomic structure.
The g-Al 2O3 (400) reflection is inside the (200) reflection
of Ni in Figure 6, indicating the cube-on-cube orientation.
The doubling of the indices relative to Ni is due to the or-
dered structure of g-Al 2O3. This spinel phase has an un-
derlying fcc lattice of O22 ions, with Al13 ions in inter-
stitial positions.[35] The O22 lattice constant (3.95 Å) is
one-half of that of the ordered g-Al 2O3 phase and differs
from that of fcc Ni by only 12 pct. Some reflections of
g-Al 2O3 listed in Table IV are not observed, such as (220).
The (440) reflection is more intense because it results from
the underlying O22 lattice, whereas the (220) reflection
is related to the ordered positions of Al13 interstitials
and is weaker. Our not detecting such reflections may be
due to incomplete ordering of the interstitials in g-Al 2O3,
as found for this phase in O-implanted Al.[30] The third
measured lattice spacing in Table IV, 2.40 Å, fits all three
phases within ,1 pct. The (311) reflection is one of the
most intense g-Al 2O3 reflections and is seen in Figure 7(a)
in alignment with (311) fcc Ni reflections but at one-half
the radial distance, as expected. Notably, NiO precipitates
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Fig. 6—Cross-sectional, bright-field TEM image of Ni-8 pct O 1 Al after
annealing 2 h at 550 ˚C, showing a high density of g-Al 2O3 precipitates
in the expected depth interval below the surface. Imaged in an under-
focused condition to enhance the contrast of precipitates, which appear as
light areas surrounded by a dark ring.

Fig. 7—Plan-view TEM characterizing g-Al2O3 precipitates in Ni-8 pct O 1Al after annealing 2 h at 550 ˚C. (a) [0–13] electron diffraction pattern show-
ing weak g-Al2O3 reflections and intense fcc Ni reflections. (b) Dark-field image of the g-Al2O3 precipitates.



would not have a reflection at this position, again confirm-
ing the identification of g-Al 2O3.

The hexagonal a-Al2O3 phase (corundum) is slightly more
stable than g-Al2O3,

[35] but the gphase apparently forms in
Ni because of its cubic symmetry and close lattice match-
ing. The O22 sublattice can be coherent with the Ni lattice
for small precipitates 1 to 2 nm in diameter, like those
illuminated in the dark-field image of Figure 7(b). This small
size reflects the high density of nucleation sites and the
strongly exothermic reaction of Al and O. The thermal sta-
bility of these small g-Al2O3 precipitates contrasts sharply
with the larger NiO precipitates that ripened during the same
anneal. For Ni-8 pct Al 1O, the measured O concentra-
tion is 7.5 at. pct,[10] giving a volume fraction of 10.8 pct.
Using an intermediate diameter of 1.5 nm gives a precipi-
tate density of 6.1 3 1019/cm3 and l 5 1.4 nm.

A Ni-4 pct Al 1 O specimen was also annealed for 2 hours
at 550 ˚C and examined with cross-sectional TEM. The
underfocused image showed ,1.5 nm precipitates in the
implanted depth interval. Due to the lower concentration,
we were unable to get accurate diffraction data, but since
4 at. pct greatly exceeds the expected solid solubilities of
O, the exothermic reaction of Al and O very probably
occurred to produce g-Al 2O3. The lower O concentration
gives a volume fraction of 0.053 and a number density of
3.0 3 1019/cm3 with l 5 2.1 nm. The precipitate size is
essentially unchanged from 8 pct, but the density is reduced
by one-half.

IV. EVALUATION OF MECHANICAL
PROPERTIES

A. Ni Implanted with O Only

Figures 8(a) and (b) show the force and stiffness, re-
spectively, for Ni-16 pct O during indentation. An indenter
force of 1.7 mN is needed to reach 160 nm in this speci-
men. Shown for comparison are data for well-annealed, pure
Ni. The forces initially required at shallow depths for Ni-
16 pct O exceed those for untreated Ni by ,3 times. At
,50 nm, however, the force for the implanted specimen
shows a change in slope to a more linear depth dependence
and an almost constant offset above that for Ni. The initially
higher force for Ni-16 pct O reflects the high strength and
hardness of the implanted surface layer, whereas the break
in curvature near 50 nm is due to the increasing influence

of the softer Ni substrate as the indented depth becomes an
appreciable fraction of the layer thickness. The constant off-
set from Ni beyond ,70 nm indicates that the hard surface
layer is being pushed ahead of the indenter into the sub-
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Table IV. Lattice Spacings and Indices for Phases in Ni Implanted with O and Al.

NiO* NiAl 2O4** g-Al 2O3
† Ni(Al.O) observed‡

— 4.65 Å (111) 4.56 Å (111) —
— 2.846 Å (220) 2.80 Å (220) —

2.41 Å (111) 2.427 Å (311) 2.39 Å (311) 2.40 6 0.015 Å
— — 2.28 Å (222) —

2.088 Å (200) 2.013 Å (400) 1.977 Å (400) 1.975 6 0.01 Å
— 1.549 Å (511) 1.520 Å (511) —

1.476 Å (220) 1.423 Å (440) 1.395 Å (440) 1.395 6 0.01 Å

*Face-centered cubic phase, NaCl-type, ao 5 4.177 Å. ICDD PDF card 04-0835.[19]

**Cubic spinel phase, ao 5 8.048 Å. ICDD PDF card 10-0339.[19]

†Cubic phase, closely related to spinel structures, ao 5 7.90 Å. ICDD PDF card 10-0425.[19]

‡Ni implanted with nominal 8 at. pct Al and O, annealed 2 h at 550 ˚C.

Fig. 8—Nanoindentation force and stiffness data from Ni-16 pct O alloy
in the as-implanted condition and data for pure Ni. (a) Indenter force as a
function of depth for Ni-16 pct O and for unimplanted Ni, along with finite-
element simulations. (b) Stiffness as a function of depth for Ni-16 pct O
and for unimplanted Ni, along with finite-element simulations. (c) Differ-
ences between indentation force data and simulations of force vs depth,
shown on expanded vertical scale.



strate, which is supporting the additional load required for
added increments of depth.

The stiffness data in Figure 8(b) for Ni-16 pct O are ini-
tially slightly higher than those of Ni, then drop below them
for depths .50 nm. This drop does not indicate that the elas-
tic properties of the implanted layer have deteriorated, but
can be understood by considering the area in contact with
the indenter for a hard layer on a soft substrate. As the layer
is pressed into the substrate, the contact area is smaller
than for pure Ni. Since stiffness is proportional to the square
root of the contact area,[12] the measured values are lower,
as verified by finite-element modeling.

This specimen has the highest volume fraction of pre-
cipitates and the highest strength layer examined in this
study. Modeling its nanoindentation data is, thus, somewhat
more exacting and provides a good example of our approach
to deducing the mechanical properties of implanted layers.
We first consider whether a special feature seen with nanoin-
dentation of pure Ni applies to implanted Ni. We[13] and
others[36] have found that the apparent strength and hard-
ness of untreated Ni are higher near the surface, e.g., Ysurf 5
0.33 GPa, vs0.15 GPa for bulk Ni. These increases are
attributed to the “indentation-size effect”[37] commonly
observed in well-annealed metals.[38,39,40] This effect is
believed to result from strain gradients in the metal beneath
the indenter, which, in turn, lead to additional dislocations
with geometries appropriate for accomodating deformation
at the surface.[41] These additional dislocations increase hard-
ness near the surface. In our earlier work,[13] we modeled
untreated Ni near the surface, with a yield strength that
decreased from the surface value to the bulk value over a
depth of 1 mm, to mimic the increased hardness. Here, we
compare using that graded yield strength for the Ni sub-
strate beneath the implanted layer to using a constant, bulk
value of pure Ni. Both models used the profile for yield
strength within the implanted layer shown in Figure 1, with
its maximum value being adjusted to obtain the best fit to
the data in each case. The finite-element simulation using
uniform bulk properties in the substrate gave a much better
fit to the data than that for the graded yield strength, which
gave results well outside the error limits for depths $100 nm.
The uniform-substrate model gave a fitted yield strength of
5.88 GPa. This choice of models for the substrate was less
apparent from the data for the other implanted Ni specimens,
but, in light of the previous findings, a uniform substrate
yield strength was chosen for them also. This choice gives
yield strengths ,10 pct higher than those found with the
graded yield strength.

It is our belief, based on physical considerations and
experimental observations, that the numerous dislocations pre-
sent after implantation and the small separation between pre-
cipitates (18 to 1.4 nm) relative to the indentation depth (up
to 160 nm) preclude indentation-size effects in our nanoin-
dentation data. Since both the depth and lateral (,1 mm) scales
of the indentation extend over many precipitate spacings, the
mechanical properties we deduce are believed to be repre-
sentative of a bulk material with the same microstructure.

The difference (DF) between the calculated force and
the data values is shown on an expanded scale in Figure
8(c), with the data error bars being placed at DF 5 0.
Detailed examination of the fit with the constant substrate
yield strength discussed earlier (dashed curve) shows that

it passes through most error bars, but is slightly below them
near the break in slope at 40 to 60 nm and is just above
them at greater depths (130 to 160 nm). This comparison
suggests that our model could be improved. In separate
experiments, O was implanted into Ni films deposited on
steel plates. The implanted Ni film was seen to bulge and
break loose from the steel, indicating that O implantation
produces compressive stresses in Ni. Stress values up to
the yield strength could be sustained in the implanted layer;
here, we considered compressive stresses that track the
strength profile (Figure 1) with a maximum value of 2 GPa,
which is ,35 pct of the yield strength. Including compres-
sive stress in the model gives a simulation (solid curve) that
fits the force data in Figure 8(c) well at all depths, and the
systematic deviations seen without compressive stress are
absent. Independently knowing that compressive stress is
present and obtaining the improved fit suggest that it is
appropriate to include stress in the model, although we do
not have sufficient sensitivity to quantify it accurately. How-
ever, the resulting fitted yield stress, 5.77 60.37 GPa, is
only 2 pct less than that obtained previously without including
stress, and, therefore, compressive stress was not included in
modeling the other specimens with lower strengths. A sec-
ond Ni-16 pct O specimen was also evaluated and gave a
somewhat smaller yield strength, 5.20 6 0.38 GPa.

Nanoindentation data for as-implanted Ni-8 pct O are very
similar to those in Figure 8, as shown in Figures 5 and 6 of
Reference 10. The data were fitted using the procedures iden-
tified previously, and a yield strength of 5.11 6 0.43 GPa
was obtained, somewhat less than the values for Ni-16 pct O.
An optimum fit to these data required a slightly thicker yield-
strength profile than that in Figure 1, extending to 340 nm.

As a check on our assigning the increased strengths to the
presence of precipitates, a Ni specimen was ion implanted
with Ni to produce lattice damage without altering the
composition. Implantation of 1.5 3 1016 N/cm2 at 300 keV
was calculated by TRIM[15] to produce a peak in the irradi-
ation damage of the Ni lattice of 65 displacements per atom,
several times that calculated for the O implantations. The
high Ni1 energy places this peak at 50 nm in depth, with
damage extending as deep as 150 nm. Indentation and
modeling of this implanted layer gave a yield strength of
0.85 6 0.11 GPa. The yield strengths for the unannealed
O-implanted Ni specimens exceed this value by about
6 times, confirming our assignment of the increased strength
to precipitation and ruling out strengthening due simply to
irradiation damage.

The force data for Ni-8 pct O are greatly reduced after
annealing for 2 hours at 550 ˚C, but exceed those for
untreated Ni, as shown in Reference 10. This change is due
to the ripening, which produced fewer, larger precipitates
with greater separations and softened the implanted layer.
A greatly reduced yield strength of 1.32 6 0.11 GPa was
determined. In this specimen, the lattice damage produce by
implantation is expected to have greatly recovered, and its
yield strength exceeds that of the Ni-implanted specimen
anyway. Its yield strength can, therefore, be confidently
attributed to precipitate strengthening.

The fitted yield-strength and modulus values for all the
specimens are listed in Table III. The stated error limits are
obtained from a statistical treatment of the variability in force
measurements and the differences between measured and
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fitted values at each depth.[12] As the previous discussion
demonstrates, the fitted values are modestly influenced by
our modeling assumptions. All together, our experiences
with modeling and fitting implanted layers[10,12,13] and with
repeating experiments (Table III) indicate that any additional
systematic errors in yield strengths due to our evaluation
techniques give an absolute uncertainty of ,10 pct.

B. Ni Implanted with Al and O

Figures 9(a) and (b) show the force and stiffness data, re-
spectively, for nanoindentation of Ni-8 pct Al 1 O after an-
nealing for 2 hours at 550 ˚C; data for pure Ni are repro-
duced for comparison. The Ni-8 pct Al 1 O data are similar
in magnitude and trend to those for Ni-16 pct O. The spec-
imen was modeled using the treatments discussed previously
for O-implanted Ni. The optimum fitted profile of yield
strength extended slightly deeper than that in Figure 1, sim-
ilar to the profile in Figure 1 of Reference 10. For this spec-
imen, cross-sectional TEM images using diffraction contrast
(not shown) show some dislocations extending a bit deeper
than the precipitates. These dislocations are residual lattice
damage resulting from the ion implantation and may increase
the strength of the Ni immediately below the precipitates
and, thus, extend the optimum strength profile for the im-
planted layer. As seen in Figure 9, this model reproduces
the force and stiffness data well, including the break in the
stiffness data at depths beyond 80 nm. The best fit gives a
yield strength of 4.15 6 0.32 GPa, essentially the same as
that obtained in our earlier work.[10] Thus, for Ni implanted

with both Al and O, annealing at 550 ˚C does not dramat-
ically reduce the yield strength, in contrast to Ni implanted
with O alone. This difference is due to the high thermal
stability and resultant absence of ripening of the g-Al 2O3

precipitates.
Nanoindentation data for Ni-4 pct Al 1 O annealed for

2 hours at 550 ˚C are intermediate between those for Ni-8
pct Al 1 O and pure Ni. Modeling determined a yield
strength of 3.55 6 0.32 GPa.

V. ANALYSIS AND DISCUSSION

The precipitate microstructures and mechanical proper-
ties of all of the implanted Ni alloys are summarized in Table
III. The two precipitated phases cover a range of volume
fractions from 0.053 to 0.30, with sizes from 1.5 nm for
as-implanted alloys up to ,20 nm for ripened alloys. Pre-
cipitate densities as high as 6 31019/cm3 were determined,
with edge-to-edge spacings as small as 1.4 nm. The small-
est sizes and closest spacings test the applicability of Orowan
theory to the nanoscale regime, while inclusion of the ripened
alloy tests whether a single mathematical treatment can apply
over this broad range of microstructures. These very refined
microstructures increased the yield strength to over 5 GPa,
or 6.5 pct of the Ni shear modulus.

These broad ranges of microstructure and strength are il-
lustrated in Figure 10. Also included are results obtained
with O-implanted Al as obtained by our group earlier,[8,9,42]

which are tabulated in Table V. Even smaller precipitates
and higher densities were found for the Al alloys. Although
our nanoindentation and modeling methods have been re-
fined significantly since the earliest work,[8] the yield strengths
did not change significantly when experiments were re-
peated.[42] Yield strengths with Al are generally less than
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Fig. 9—(a) Nanoindentation force and (b) stiffness data as a function of
depth for Ni-8 pct Al 1O, and for pure Ni. Finite-element simulations
are shown for both materials.

Fig. 10—Three-dimensional plot showing yield strength (vertical height)
of ion-implanted alloys as a function of the precipitate volume fraction and
diameter (plotted in horizontal plane). Values for Al2O3 precipitates in Al
matrix are solid symbols; those for Ni are open squares for Al2O3 precip-
itates and open circles for NiO precipitates. Note the broad range of pre-
cipitate sizes and volume fractions examined.



those with Ni due to the lower shear modulus of Al. A broad
range of sizes and volume fractions also occurs for the
g-Al 2O3 precipitates in O-implanted Al, with ,1-nm-sized
precipitates found at low concentrations and precipitates
7 nm in diameter produced by ripening. Treating the re-
sults for the Ni and Al alloys together provides a further test
of the theory to scale the results for two metal matrices
correctly.

A. Comparison to Orowan CRSS

We compare the values for yield strengths determined
previously with predicted values based on the precipitate
microstructures. For treatment with up-to-date considera-
tions, we follow the theory detailed by Nembach.[6] In it,
Orowan’s initial result[1] has been mathematically refined in
three general areas: (1) interactions between neighboring
segments of dislocations bowing around precipitates, (2) ran-
dom, statistical placement of precipitates in the dislocation
path, and (3) inclusion of elastic anisotropy. To treat the sta-
tistical nature of precipitate locations, Nembach considers
an arbitrarily placed glide plane intersecting an array of
spherical precipitates. These intersections are assumed to be
circles of radius rr and to occur on a square lattice with a
center-to-center spacing of Lmin. Incorporating mathemati-
cal evaluations of the aforementioned refinements as found
in the literature, Nembach obtains (Eq. [6.14b] in Reference
6), for the CRSS to propagate a dislocation,

[7]

The prefactor Y(equal to 0.9) allows for randomness of par-
ticle arrangement in the glide plane. The term KEg is the
“dislocation-energy parameter” (defined in Eq. [6.2]) that
must be evaluated as a geometric mean of the value for edge
and screw dislocations. Using Nembach’s Eqs. [6.2] and
[6.4], we obtain

[8]

In Eq. [7], Ri is the dislocation cutoff radius[43] which is equated
to the Burgers vector b, n is the Poisson’s ratio, and D is
defined by

[9]

where Lp 5 Lmin 2 2rr is the edge-to-edge spacing between
circular particle intersections of diameter dp 5 2rr with the
glide plane.

1/D 5 1/Lp 1 1/dp

KEg 5
G

4p(1 2 n)1/2

t 5 Y 
2KEg (ln(2D/Ri))

(Lmin 2 2rr)
 e (ln(2D/Ri))

1/2

(ln((Lmin 2 2rr) /Ri))
1/2 f

Equation [7] is similar to earlier evaluations,[3] but with
additional statistical and geometrical corrections. Using D in
place of din the first logarithmic factor extends the interac-
tion between the two dislocation segments passing around a
precipitate to include interactions with such segments at neigh-
boring particles. The final factor in braces in Eq. [7] is a geo-
metric factor that results when the interacting dislocation seg-
ments on either side of the precipitate are not parallel, and
this factor is equal to ,0.9.[6] We have evaluated Eqs. [7]
and [9] for a delta-function size distribution with all pre-
cipitates having the same diameter, d, as detailed in Chap-
ter 3 of Reference 6. This is the least-complicated distribu-
tion and appears reasonable for all our alloys except annealed
Ni-8 pct O, for which ripening occurred and produced a
range of sizes. We then obtain for the CRSS after algebraic
rearrangement:

[10]

where Lp in the delta-function approximation is

[11]

The proportionality to Gb/(1 2 n)1/2 is the same as in ear-
lier formulations.[3] The proportionality to 1/Lp is similar to
the 1/ldependence in Eq. [1], but Lp is the edge-to-edge
spacing evaluated for precipitates intersecting the randomly
placed glide plane; note that the expression for Lp in Eq.
[11] differs from our evaluation of lin Eq. [4].

We evaluated the CRSS for the implanted alloys of Ni
and Al using the precipitate parameters in Tables III and
V. For Ni, we used b5 0.249 nm and the Reuss-averaged
values G 5 77.8 GPa and n 5 0.312; for Al, the corre-
sponding values are b5 0.286 nm, G5 26.3 GPa, and v5
0.347.[43] The values predicted by Eq. [10] are given in the
right-hand columns of Tables III and V. In Figure 11, we
have plotted the experimental yield strength for each alloy
against the corresponding predicted CRSS value. Error lim-
its are indicated for selected data points; the horizontal error
is a range of predicted CRSS values obtained using the ob-
served range of precipitate sizes and possible errors in con-
centration, e.g., 17.0 61.5 at. pct O for the Ni-16 pct O
alloy. A straight line with a slope of 2 accounts well for
the data; only one point, that for Ni-8 pct Al 1 O, lies off
the line by more than one error range. A 25 pct change of
this slope in either direction would produce a line outside
the error ranges of most of the data.

A linear relation between yield strength and calculated
CRSS is expected if this evaluation of the Orowan mecha-

Lp 5 d((p/6f )1/2 2 p/4)

t 5 (0.9) 
Gb

2p(1 2 n)1/2 
1

Lp
 
(ln(2/b(1/Lp 1 4/pd)))3/2

(ln(Lp/b))3/2
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Table V. Microstructures and Yield Strengths of O-Implanted Al Alloys*

Specimen Conditions Precipitate Microstructures Predicted**

Composition Anneal Size (nm) f Nv (cm23) l (nm) Yield Strength (GPa) CRSS (GPa)

Al-20 pct O none 1.5 to 3.5 0.218 2.7 3 1019 1.3 2.90 6 0.40 1.34 6 0.20
1/2 h 550 ˚C 4 to 10 0.218 1.2 3 1018 3.5 1.20 6 0.40 0.74

Al-10 pct O none 0.8 to 1.6 0.100 1.1 3 1020 1.1 2.20 6 0.05 0.97
Al-5 pct O none 0.5 to 1.3 0.048 1.3 3 1020 1.3 1.45 6 0.05 0.63 6 0.05

*Microstructure data and fitted yield strengths compiled from Refs. 8, 9, 12, 30, and 42.
**CRSS values were predicted, as discussed in the text.



nism applies in our microstructural regime. Our evaluated
yield strengths thus indicate that the Orowan formalism
can correctly predict how strength varies with changes in
microstructure for precipitate sizes and separations ap-
proaching ,1 nm. Moreover, the same relation accounts for
the results with ripened precipitates and correctly scales
results between Ni and Al. In addition, the results for Ni
indicate that ,1-nm-diameter precipitates of g-Al 2O3 and
,2-nm-diameter precipitates of NiO are effective in block-
ing dislocation propagation for resolved shear stresses in the
material up to 2.65 GPa.

The slope of the line relating yield strength to CRSS in
polycrystalline metals is the Taylor factor.[11] By consider-
ing the projection of the tensile axis onto available slip sys-
tems and averaging over grain orientations, a value of about
3.06 is obtained for uniaxial tensile testing in fcc metals. Our
lower value is not unexpected when other experimental re-
sults are considered. The tensile tests using copper single
crystals with BeO precipitates[4] and with SiO2 precipitates[5]

offer the opportunity to check the theory with known slip
orientations. When these experimental results are compared
with the aforementioned theoretical evaluation, the observed
values are lower by a factor of <0.6.[6] Such a reduction
accounts well for our measured values and the slope we ob-
serve: (3.06) 3(0.6) 5 1.8 < 2. In addition, the nature of
our indentation testing is sufficiently different from uniaxial
tensile testing that agreement with theory may not be exact.
The deformations made by indentation are compressive and
produce multiple components of stress in the implanted layer
and substrate. Our analysis assumes that the von Mises yield
criterion[44] correctly considers these components and relates
them to the equivalent tensile yield stress. The function used

to evaluate the von Mises criterion is empirically chosen and
not theoretically derived, but is generally supported by
observation. Given these experimental and theoretical con-
siderations, the data for our implanted alloys appear quite
consistent with the predictions of Orowan theory.

B. Comparison to Ideal Shear Strength

Our observed yield strengths and their agreement with the
predictions of Orowan theory imply that the implanted alloys
support resolved shear stresses equal to the theoretical CRSS
values: up to 2.65 GPa for Ni and 1.35 GPa for Al. These
values are 3.4 and 5.1 pct of the corresponding shear moduli,
respectively. Such high fractions approach the ideal shear
strengths expected for metals. First-order considerations
indicate that the theoretical maximum shear strength of crys-
tals is a fraction of the shear modulus:[44] tmax 5 G/2p <
0.16G. Recently, density functional theory has been used
to calculate the ideal shear strength of fcc Al and Cu at zero
temperature with a model that includes atomic relaxation.[45]

Values that are 8 to 9 pct of the shear moduli were deter-
mined. The authors suggest[45] that scaling to room tempera-
ture might reduce the calculated values by a factor of <2.5,[46]

which would give values that are 3 to 4 pct of G. Experiments
that used dislocation-free [111] Fe, [111] Cu, and [100] Ag
single-crystal whiskers[47] are often considered a good mea-
sure of the ideal strength of metals and gave values for t/G
as high as 6.0, 2.2, and 3.1 pct, respectively. The strengths
we observe are, thus, approaching limits expected for the
maximum shear stresses sustainable by the metal matrices
and may provide new insights into these limits. However,
for these two-phase alloys, it is not the elemental metal lattice
that is required to be stable, but rather the composite mate-
rial with high densities of coherent or semicoherent precipi-
tates in the metal matrix.

C. Determination and Comparison of Hardness

Hardness is commonly used to compare mechanical prop-
erties at surfaces, since it can often be obtained by inden-
tation. However, hardness is measured in a condition of
large-strain plastic deformation, where the load per contact
area increases to an asymptotic value with increasing depth.
For indentation partway through implanted layers, where we
are most sensitive to their properties, the layer may not be
sufficiently plastically deformed, while for greater depths,
the measured response of the material is strongly influenced
by the softer substrate. To assess implanted layers prop-
erly, we need their “intrinsic” hardness, that which would
be obtained if a macroscopic piece of the material were
indented deeply. One might hope to obtain this by H < 3Y,
but this relation only holds for ductile materials under con-
ditions of fully plastic indentation.[44]

To determine the intrinsic hardness, we use an additional
finite-element simulation of indentation into a hypothetical
uniform material having the properties of the implanted
layer.[12] For instance, for Ni-16 pct O, the layer is assigned
a Young’s modulus of 263 GPa and a yield strength of
5.77 GPa, as obtained from fitting the indentation data. Simu-
lating indentation of this material to a depth sufficient to
allow the force per contact area to reach its assymptotic
value gives the intrinsic hardness, 14.5 GPa.
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Fig. 11—Plot demonstrating that the experimental yield strength values
scale linearly with the CRSS values predicted theoretically with the Orowan
mechanism for both Al and Ni implanted alloys. Plotted are values for Al
with Al2O3 precipitates (filled circles), Ni with Al2O3 precipitates (open
squares), and Ni with NiO precipitates (open circles). The straight line with
slope 2 is seen to relate the two quantities well.



The hardnesses so deduced for implanted Ni alloys are
given in Table III. The highest values are 13 to 14 GPa and
are somewhat less than 3 times the yield strengths. These val-
ues exceed that of hardened 440C bearing steel (,8 GPa[48]),
but not those of hard coatings like TiN or Al2O3 (both
<21 GPa[49]). Note that a “rule-of-mixtures” approach does
not account for this hardness: the value for annealed Ni-8 pct
Al 1 O is 11.3 GPa, while weighting the hardnesses of
implanted Ni and alumina by the appropriate volume frac-
tions gives only

(0.89)(2.7) 1(0.11)(21.0) 5 4.7 GPa

The intrinsic hardness is, instead, understood to result from
blocking dislocation motion with individual precipitates, just
as for yield strengths.

D. Interpreting Young’s Modulus

The fractional increases in the Young’s modulus of the im-
planted alloys are much smaller than those of yield strength.
The largest value in Table III is 265 GPa, vs 204 GPa for
pure Ni, a 30 pct increase, whereas the yield strength increases
by as much as 30 times. In addition, the error limits on the
fitted modulus values are sizeable when compared to the
increase above pure Ni. These features limit our ability to
quantify and understand changes in the modulus. Caution is
indicated for as-implanted alloys by the modulus obtained for
the Ni-implanted specimen; the central value increases above
that of pure annealed Ni, although the error limits include it.
Since no new phase is formed with this implantation, no
increase in the modulus is expected; the possible increase
observed may be the result of lattice damage from the
implantation. To reduce possible effects due to implantation
damage, we limit our considerations to annealed alloys.

The effective Young’s modulus of two-phase composite
materials has been derived by Christenson.[50] In the limit of
low volume fractions (f ) of spherical precipitates with a shear
modulus of Gp in a matrix with a shear modulus of Gm and
Poisson’s ratio of nm, he obtains, for the effective modulus
of the composite material (Eq. [2.23] of Reference 50):

[12]

Values for the Ni matrix have been provided, while we esti-
mate values for the g-Al2O3 precipitates using those of a-Al2O3:
G < 160 GPa and np 5 0.22. For Ni-8 pct Al 1O, we obtain
G/Gm 5 1.076, which predicts a value for the implanted layer
of E 5 220 GPa, an increase of about one-third that of the fit-
ted value of 255 627 GPa. From this limited assessment, the
modulus increases found for implanted alloys appear to be of
the correct order, but may be higher than those predicted by
elasticity theory. It is possible that approximations made in
modeling (such as the von Mises yield criterion, which treats
the material as isotropic) and the axisymmetric approxima-
tion of the tip shape may limit our ability to evaluate the
Young’s modulus accurately for thin implanted layers.

VI. CONCLUSIONS AND IMPLICATIONS

We have investigated the strengthening of metal matrices
by high volume fractions (up to 0.30) of very small precipi-

G

Gm
5 1 2

15(1 2 nm)(1 2 (Gp/Gm)) f

7 2 5 nm 1 2(4 2 5nm) (Gp/Gm)

tates (down to ,1 nm) and found that recent evaluations
of the Orowan mechanism account for the observed yield
strengths. In this regime, the Orowan formulation accounts
for variations in strength due to changes in precipitate size,
density, volume fraction, and metal matrix; it also predicts
absolute values for yield strengths within a factor of ,1.5
of our values, similar to agreement in earlier studies.[4,5,6]

Agreement was found for both NiO and g-Al 2O3 precipi-
tates in Ni and between Al and Ni matrices whose shear
moduli differ by 3 times.

While we have shown that our results are consistent with
predictions of the Orowan formalism for our microstruc-
tures, the question remains whether the exact mechanism of
dislocation bowing, looping, and bypassing operates at pre-
cipitate sizes and separations as small as ,1 nm. For our
high precipitate densities, the precipitate images and the
strain fields of dislocations would overlap in projected images
obtained by TEM for specimens of reasonable thicknesses,
making the identification of loops around precipitates for
direct verification of the mechanism very unlikely. It may
be possible to detect the mechanism directly for lower den-
sities or larger, ripened precipitates. Dislocation pinning has
been detected in Al with much lower densities of large 5 to
20 nm oxide particles that were produced by ion implant-
ing 3 at. pct O and then subjecting the material to a high-
temperature laser treatment.[51]

Ion implantation was the key to producing the refined mi-
crostructures. However, the thin implanted layers required
us to develop special techniques to evaluate their mechani-
cal properties, namely, performing nanoindentation and eval-
uating the combined response of the layer and substrate with
finite-element modeling. This method succeeded in quanti-
fying the yield strength with an overall accuracy of ,10 pct,
allowing us to compare results with the Orowan strength
mechanism.

Our work clearly demonstrates that implanted Ni layers
can be much stronger and harder than other Ni alloys, like
the superalloy NIMONIC PE16, with Y ,1 GPa.[14] The
hardening by oxide precipitates is comparable to that of
amorphization of Ni by implanting Ti and C[13] and exceeds
that of solution hardening by implanting A1[10] and of radi-
ation damage (refer to the Ni-implanted Ni in Table III). It
is notable that Al2O3 precipitates in Ni are quite thermally
stable, allowing alloys of Ni implanted with Al 1 O to re-
tain their strength after exposure to temperatures at least as
high as 550 ˚C.

The strongest alloys investigated here have very high yield
strengths: Y < 5 GPa for Ni and Y< 3 GPa for Al. These
strengths result from high values of resolved shear stresses
(2.65 and 1.65 GPa) that are 3.4 and 5.1 pct of the shear mod-
uli, respectively. These percentages are in the range of theo-
retical values for the ideal shear strength of metal lattices.[45]

However, in this case, the lattices are two-phase alloys with
coherent or semicoherent precipitates, not elemental metals.
It appears notable that a 1-nm-diameter g-Al2O3 precipitate
contains only 34 O atoms and 23 Al atoms, but, nonethe-
less, blocks dislocation glide.

These results are potentially important for a new class of
devices termed micro-electromechanical systems (MEMS).
In one type of MEMS, Ni is being electroformed into high-
precision molds to produce miniature components with
dimensions ranging from micrometers to millimeters.[52,53]
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Methods are being developed to incorporate 25-nm-diameter
Al 2O3 particles into the electroplated Ni to increase its
strength.[54] The favorable results we have obtained for Ni
with Al2O3 precipitates support such efforts, and the ther-
mal stability of our much smaller Al2O3 precipitates indi-
cates that the high strength of the electroformed material
may be retained after exposure to elevated temperatures. The
MEMS components have much higher surface-to-volume
ratios than found in conventional-sized devices, and their
surface mechanical properties are important because high
contact stresses can occur during operation. Implantation
treatments like those studied here may, therefore, be useful
for hardening the surfaces of Ni components in MEMS.
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