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Abstract
Key factors related to protective alumina scale adhesion are reviewed in an historical 
context. Critical experiments that solidified the framework of new understanding are 
highlighted. These include scanning and transmission electron microscopy (SEM/
STEM), scanning and hot stage Auger, X-ray photoelectron spectroscopy, analytical 
electron microscopy and focused ion beam (FIB-STEM) analyses of reactive ele-
ment (RE) segregation, photo-luminescence spectroscopy, creep tests of RE-doped 
 Al2O3, imaging secondary ion mass spectrometry, S-RE or Hf/Y co-doped alloys, 
desulfurization, and density functional theory models of doped interfaces. The pop-
ular mechanisms (pegging, growth stress, scale plasticity, vacancy sink, chemical 
bond) are each addressed by simple logic tests. In some instances, the opposite of 
what was initially proposed is actually the case, thus discounting that mechanism. In 
contrast, chemical bond explanations survive these tests and are discussed in more 
detail. Control of sulfur segregation is presented as both necessary and sufficient 
for scale adhesion. Reactive elements also segregate and strengthen the scale-metal 
interface, while, at the same time and more importantly, they prevent sulfur interfa-
cial segregation and bond weakening. Kinetic effects  (Al2O3 grain boundary diffu-
sion) are of fundamental oxidative interest, but cannot account for first-order effects 
on adhesion. These precepts are consistent with historical and recent industrial suc-
cesses, for example, RE-doped FeCrAl heater/structural alloys, Hf-doped Ni(Pt)
Al aluminide bond coats, and melt-desulfurized (0.1 ppmw S) Ni-base superalloys. 
Outstanding issues for which further investigation may prove insightful or advanta-
geous are noted.
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• Pegging, vacancy sink, scale plasticity, growth stress, graded seal theories 
refuted.
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• Chemical bond (segregation) mechanisms supported.
• Low S prevents segregation, interface voids, spallation.
• RE doping prevents S segregation; increases adhesion.
• REIII(Y) dopants decrease Al outward,  REIV(Hf) decrease O inward g.b. dif-

fusion and growth.

• Pegging, vacancy sink, scale plas�city, 
growth stress, graded seal theories refuted.

• Chemical bond (segrega�on) mechanisms supported:
• Low S prevents segrega�on, interface voids, spalla�on.
• RE doping prevents S segrega�on; increases adhesion.
• REIII (Y) dopants decrease Al outward, REIV (Hf) decrease 

O inward g.b. diffusion and growth. 

Keywords Alumina scale adhesion · Sulfur segregation · Reactive elements · 
Ni-base superalloys

Abbreviations
TGA   Thermogravimetric analysis
SEM  Scanning electron microscopy
TEM  Transmission electron microscopy
EDS  Energy dispersive spectroscopy
AEM  Analytical electron microscopy
STEM  Scanning transmission electron microscopy
FIB-(STEM)  Focused ion beam (thinning)
SIMS  Secondary ion mass spectroscopy
ToF (SIMS)  Time-of-flight SIMS
SNMS  Secondary neutral (species) mass spectroscopy
PLS  Photoluminescence spectroscopy
AES  Auger electron spectroscopy
SAM  Scanning Auger microscopy
GDMS  Glow discharge mass spectroscopy
GDOES  Glow discharge optical emission spectroscopy
DTS  Desk top spallation
TBC  Thermal barrier coating
MIDS  Moisture-induced delayed spallation
MIHE  Moisture-induced hydrogen embrittlement
DFT  Density functional theory
DV-Xα  Discrete variation Xα cluster function
VASP  Vienna ab initio simulation program
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Introduction

Since the inception of This Journal in March 1969, one of the most popular, if not 
controversial, topics has been the mechanism of  Al2O3 (and  Cr2O3) scale adhesion. 
A handful of different, though related, theories have been proposed to explain the 
dramatic beneficial effects that ~ 0.1 wt% reactive element additions can make to 
scale adhesion and cyclic oxidation resistance. There is little dispute that reactive 
elements have this effect. The controversy arises from multiple secondary effects 
(“The Trees”) that may be causative, coincident, or somewhere in between. Indeed, 
RE doping may be sufficient, but not necessary, to produce scale adhesion. It is 
maintained that, if secondary effects can be dismissed in light of contradicting evi-
dence, perhaps a more universal scheme (“The Forest”) can be embraced. If one 
unifying aspect is indispensable for adherence, regardless of various other complex 
features, it garners an overarching position as the most likely underlying necessary 
factor. More simply, the approach is to apply Occam’s Razor wherever possible and 
choose a single explanation rather than a collection of complex arguments, as sug-
gested by Lees in 1987 [1] (OM-100), (where (OM-100) or (OM-1000) citations refer to piv-
otal Oxidation of Metals references in this paper with over 100 or 1000 citations). 
This commentary will address various proposals from a historical standpoint, high-
lighting the significance of experimental and theoretical tools of that era, as well as 
critical experiments that helped eliminate some ambiguity. To some extent it will 
reiterate and embellish his subsequent treatise, regarding both alumina and chromia 
scales [2]. However, the focus of the present study will be on alumina scales.

More current assessments by Pint [3] (OM-1000), now accepted in large part, refute 
prior speculative proposals and recognize multiple beneficial RE aspects as follows:

Inhibition of outward Al transport decreases the counter vacancy flux to the 
interface.

Segregation of RE ions to the interface decreases the interfacial energy and 
thereby increases the critical scale thickness sustained before spallation.

RE additions prevent the interfacial segregation of S which has a detrimental 
effect on void growth [and intrinsic interfacial toughness]. The observed outward 
flux of RE ions from the alloy into the scale results in RE ions segregated at the 
metal-scale interface [and grain boundaries].

Another motivation of the present paper is to highlight early historical contri-
butions, ca. 1970–1990, sometimes limited by the technology of that day. Never-
theless, these are seen to set the stage for a resurgence of post-millenium studies, 
now enabled by more advanced techniques.

Background

First, we should step back and say that, for most oxidation studies, scale adhe-
sion is most often and conveniently categorized by loss of surface scale 
(spalling), observed either microstructurally, by weight loss, or both. This may 
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result after cooling from isothermal or cyclic oxidation exposure and typically 
involves a large compressive stress on the scale due to thermal expansion mis-
match with the underlying alloy. For example, the coefficient of thermal expan-
sion for α-Al2O3 is ~ 9 ×  10−6/°C, while those of the metal substrates oxidized 
are ~ 15–18 ×  10−6/°C, with exposure temperatures typically ranging from 1000° 
to 1200 °C. Intrinsic “Adhesion” may also be addressed more directly by pull-off 
tests, scratch tests, frictional measurements, or computational oxide-metal bond-
ing theoretical approaches. The direct experimental techniques are specialized 
and require that some scale must be retained after exposure. Microstructure and 
weight change remain the predominant observational measures.

This commentary will not provide an extensive literature review, normally entail-
ing hundreds of relevant studies. Previous overviews [4–9] have been provided 
by Whittle [4], Hindam [5] (OM-100), Smialek [6], King [7], Lang [8], and Stott [9] 
(OM-100) from 1980 to 1995. Nor will it cover analogous RE effects for  Cr2O3 scales 
having more complex kinetic and diffusional aspects. The latter do not apply nearly 
as strongly to  Al2O3 scales, diminishing arguments based on growth direction and 
rates. Over time, the more protective  Al2O3 scales commanded greater attention for 
higher temperature alloys.

More recently, special symposia and keynote reviews by Pint [10], Hou [11], and 
Naumenko et al. [12] have been dedicated to the subject. Additional contributions 
by Pint have provided perhaps the most extensive data set regarding reactive ele-
ment gravimetric effects on oxidation, scale adhesion, and failure times, as compiled 
in his chapter in Shreir’s Corrosion [13]. Rather than providing a review, the pre-
sent commentary provides a personal perspective adopted over decades of interest, 
aimed at critical elements of the phenomenon. Many of these elements originated by 
authors of historic note (e.g., Tien and Pettit [14], Golightly et al. [15] (OM-100), Hin-
dam and Whittle [5], Whittle and Stringer [4], Huntz et al. [16] etc.). Their contribu-
tions, noted and often personally discussed at the time of publication, helped evolve 
the present perspective.

We begin with early contributions of the founding editor, Prof. David Douglass 
on Y and Th reactive element effects on NiCrAl oxidation [17, 18] (OM-100). Two 
studies identified only small changes in growth rate, controlled by inward grain 
boundary diffusion of oxygen along columnar grains. At low doping levels, adhe-
sion was markedly improved, without pegs. However, detrimental spallation effects 
due to excessive amounts of RE (overdoping) were triggered at  ThO2 precipitates or 
yttrium aluminum garnet (YAG, see Glossary of acronyms) arising from the oxida-
tion of  YNi9. These particles were proposed as vacancy sinks to reduce back diffu-
sion of Ni and Kirkendall void nucleation. In retrospect, many of the micro-voids 
shown were entrapped in the scale or were simply dimples within  Al2O3 grains, and 
thus probably not operative for spallation.

Another early but, nevertheless, quite prophetic study directed toward scale adhe-
sion mechanisms on NiCrAl(Y) and CoCrAl(Y) alloys, also used thermogravimetric 
(TGA) and scanning electron microscopy (SEM, just maturing for oxidation studies 
ca. 1970) [19]. Giggins and Pettit [19] concluded a number of salient points: again, 
no effect of Y on growth rate, sufficient scale plasticity and deformation on undoped 
alloys, no graded seal, voidage was unnecessary for spallation, and no spallation of 
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Y-doped scales subjected to large external stresses (bending). These early observa-
tions provided a significant narrowing of viable mechanisms and have been rein-
forced over the years.

Another motivating, illuminating, and innovative study was presented by Smeggil 
at the 1983, ECS High Temperature Chemistry Symposium, Cincinnati, OH [20]. 
Here, strong sulfur surface segregation on undoped NiCrAl (from just a few ppmw 
in the bulk) was reduced by Y-doping, as first revealed by high temperature Auger 
spectroscopy. This implicated detrimental sulfur impurity segregation effects on 
chemical bonding. These findings were incorporated in the broader dynamic segre-
gation model [3] (OM-1000). Here RE segregation to the oxide-metal interface, grain 
boundaries in the scale, and effects on ion diffusion, scale growth, sulfur segrega-
tion, and void growth were outlined. In large part these proposals stand with few 
reservations, and, along with early works by Smeggil, Lees, Smialek, Grabke, Hou, 
Meier, Pettit et  al., provide a framework for ongoing critical examinations of alu-
mina scale adhesion mechanisms.

In the present commentary, for the sake of simplicity, we can shorthand the famil-
iar theories addressed above according to the nomenclature: 1. Pegging, 2. Scale 
Plasticity, 3. Growth Stress, 4. Vacancy Sink, and 5. Chemical Bonding. This latter 
category will include a variety of RE, S, Pt,  H2O, and DFT considerations.

As the field has widened its scope, various terminologies for the term “adhesion” 
are implied. Typically, alumina scale adhesion is illustrated through cyclic oxidation 
sample weight change data. Weight decreases from scale spallation can overtake the 
initial increase from scale growth, leading to negative weight change and eventu-
ally non-protective, complex scales. Spallation is promoted by larger compressive 
stresses (higher temperature cycling or thermal expansion mismatch). The interface 
toughness may be weakened by defects (porosity, voids, wrinkling or convolutions) 
as well as by impurity segregation, all producing increased spallation. The actual 
scale-metal “adhesion” strength has occasionally been measured by epoxied stub, 
tensile pull tests or by in-situ micro-stylus scratch tests. Model studies that address 
bulk  Al2O3–metal “adhesion” bond strengths and fracture toughness as a function of 
impurity segregation are supportive, but not addressed here. Finally, ab-initio calcu-
lations address the theoretical bonding of oxide atoms to metal atoms across a low 
index, coherent interface, yielding the work or energy of separation or “adhesion.” 
The term “adhesion” can therefore imply various quantities depending on the nature 
of the specific study.

Proposed Adhesion Mechanisms and Processes

Pegging

Oxide intrusions or pegging was the earliest observation and proposed mechanism 
for scale adhesion as previously reviewed, e.g., in ref. 4. RE additions often resulted 
in irregular scale-metal interfaces, with distinctive fingers of oxide keyed into the 
metal. The RE, able to oxidize at a lower  pO2 than Al, is thought to partially oxi-
dize near the surface and provide fast diffusion paths for  Al2O3 to grow, but in a 
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non-planar fashion. The additional surface area and mechanical locking were sug-
gested to provide increased attachments that provided the dramatic improvements 
in scale adhesion. The evidence was typically provided by cross-section optical/
SEM microscopy and SEM of detached scale undersides. At high dopant levels, the 
extent of oxide intrusions can be large and contribute to higher weight gains. How-
ever, adhesion can be provided at lower dopant levels where little or no pegs are 
observed. In the case of NiCrAlY, the improved bond was also attributed to ‘micro-
pegs [19].’ While intuitively persuasive, mechanical stress/toughness analyses were 
generally not provided. That is, how much might the mechanical adhesion strength 
be increased with certain distributions of oxide intrusions? Relevant considerations 
might have been increased surface area and frictional resistance, interfacial shear 
stress, fracture toughness and cracking of small intrusions.

Examples of adherent scales without pegs would be exclusionary to a mecha-
nism based on the existence of pegs. Indeed, occasions abound where pegs were 
not necessary for adherent alumina scales. For instance, a high purity FeCrAlY 
alloy was oxidized at 1200  °C for 100, 500, and 2000 h with no spallation noted 
[21]. Quality cross-sectional SEM, including an iconic color SEM-EBSD image of 
columnar grains after 2000 h at 1200 °C, show an essentially flat, featureless inter-
face. Similarly, flat and structurally clean interfaces have been documented by FIB-
STEM. The aesthetic scale microstructure provided by K. Unocic, ORNL, shown in 
Fig. 1, was obtained from highly oxidation resistant Plansee PM 2000 (dispersion 
strengthened Fe–20Cr–5.5Al–0.5Ti–0.5Y2O3 wt%) after 8  h oxidation at 1100  °C 
in air–10%  H2O [22]. Columnar grains are prominent in the scale, and dislocations 
are present in the underlying alloy. No intrusions are evident. Furthermore, clean 
and nearly featureless interfaces have been shown after 1200 °C, 200 h oxidation of 
Kanthal APM (Fe–20Cr–5.5Al–0.03Ti wt% − 2vol%  ZrO2–Al2O3) and after 120 h 
oxidation of MA956 (Fe–20Cr–4Al–0.35Ti wt% − 3vol%  Y2O3–Al2O3) by Tolpygo 

Fig. 1  FIB-STEM bright field high magnification cross-section and interface of adherent  Al2O3 scale 
formed on Plansee PM 2000 FeCrAlTi–Y2O3 after 8 h oxidation in air–10%  H2O at 1100 °C. [Courtesy 
of K. Unocic, ORNL, 2017] [22]
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[23]. This was shown both by cross-section and scale undersides, the latter revealed 
by chemically etching away the substrate, Fig. 2.

At NASA Glenn, the rolled strip heater alloy Hoskins 875 
(Fe–22.5Cr–5.5Al–0.5Si–0.2Zr wt%) had been employed as an accessible, repro-
duceable, alumina-forming alloy standard of comparison. The scale underside 
(Fig. 3) was revealed using an adhesion jig (tensile delamination via stubs joined 
to the oxide and metal substrate by epoxy) [24]. Rough estimates of delamination 
stress (if successfully delaminated) was ~ 70 MPa (10 ksi) or about the strength of 
the epoxy. No widespread peg features were observed. Yet, spallation after sub-
stantial isothermal or cyclic thermal exposures was rare or limited to only a few 
small areas. Surface views of the scale showed monoclinic  ZrO2 precipitates at 
the higher temperatures, Fig. 4, indicating Zr reactive element diffusion through 
the scale. The weight change curves for the corresponding interrupted exposures 

Al2O3

Al2O3

MA 956
Y3Al5O12

Y3Al5O12

(a) (b)

Fig. 2  SEM-SE images of ‘clean’ oxide-metal interface for MA 956 FeCrAlTi–Y2O3 oxidized at 1200 °C 
for 120 h: a polished cross-section; b underside of removed scale. (Courtesy of V. Tolpygo, presented at 
HTCMP-7, les Embiez, 2008)

1100°C 1200°C 1300°C 1400°C

5 mµ

Fig. 3  SEM-SE images of ‘clean’ scale underside for Hoskins 875 (Fe–22.5Cr–5.5Al–0.5Si–0.2Zr) oxi-
dized for 100 h at 1100 °C, 1200 °C, 1300 °C, and 1400 °C and delaminated by epoxied tensile stub [24]
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at 1100°–1400 °C indicate continuous protection without losses due to spallation 
[25]. These and further kinetic considerations regarding grain boundary trans-
port were also presented. Further extremes in cooling temperature (to – 200 °C) 
had been examined in typical 1200  °C, 1-h cyclic tests, Fig.  5 [26]. Again, the 
response revealed no weight loss for this alloy, even with the additional thermal 
cycling range and associated expansion mismatch stress.  

Thus, oxidation resistant FeCrAl-X alloys are well known. Other examples of 
adherent scales without pegs are available. For example, low sulfur (0.4 ppmw) 
single crystal superalloy René N5 was oxidized at 1100 °C for 100 h and exhib-
ited an extremely clean, flat interface between the  Al2O3 inner scale and the alloy 
[27]. More will be stated about oxidation resistant single crystal superalloys later.

At this juncture, it can be concluded that:
Pegs are not necessary for adhesion
(see the “Appendix” for logic tests of pegging and other mechanisms)

Fig. 4  SEM-SE images of  ZrO2 (m) surface precipitates formed above  Al2O3 scale on Hoskins 875 
FeCrAl(Si,Zr) after 1, 10, 100 h oxidation at 1400 °C

Fig. 5  Cyclic (1-h heating) weight change data for Hoskins 875 FeCrAl(Si,Zr) oxidized at 1200 °C for 
200 h. Adherent behavior, equivalent to isothermal, for cooling to 150 °C, 55 °C, or − 150 °C [26]
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Scale Plasticity

Scale plasticity adhesion mechanisms typically cite a finer grain scale developed on 
RE-doped alloys compared to that formed on undoped alloys. The argument entails 
a stress-relief process in a scale that has more grain boundary area available for easy 
grain boundary sliding or diffusional creep at high temperature. This could partially 
relieve compressive growth stress and subsequent total stress in the scale after cool-
ing. It is argued that adhesion is therefore maintained because the total strain energy 
available for scale delamination is reduced. The rationale assumed some participa-
tion of RE (segregation) in the scale microstructure. However, the precept, when 
proposed, did not benefit from atomistic or chemical grain boundary imaging of 
scales now more available with FIB-STEM.

In the following, it is maintained that reactive elements segregate to the alumina 
scale grain boundaries. This phenomenon actually enhances strength and reduces 
scale plasticity. Initially, (ca. 1985) surface segregation in high temperature Auger 
spectroscopy systems by Smeggil [28], Luthra [29] (OM 100), and Smialek et al. [6] 
indicated the segregation potential of reactive elements.  ZrO2 grain boundary pre-
cipitates had been seen at the gas surface of Hoskins 875 FeCrAlSiZr, Fig. 2 [24], 
implying Zr diffusion occurred through the scale, presumably along short-circuit 
grain boundary paths. STEM analyses have since identified RE grain boundary seg-
regation conclusively. Y and Ti were first observed (1987) at the scale-metal inter-
face and at  Al2O3 grain boundaries in oxidized MA 956 by Przybylski et al. [30]. 
Similarly, Y and Zr segregation were observed at the same locations for oxidized 
Kanthal APM FeCrAl –  ZrO2 [31]. Confirmation of RE segregation along with doc-
umentation of sulfur interfacial segregation was provided by similar cross-section 
STEM analyses [32] (OM-100). It is now well established that RE dopants segregate to 
the oxidizing interface and become incorporated in the  Al2O3 scale grain boundaries. 
For reference, dynamic segregation [3] (OM-1000) became part of the RE-effect lexi-
con, reinforced by both prior and subsequent studies. Here Y, Zr, and Ti were clearly 
demonstrated as concentrating in the grain boundaries and gas surfaces of grow-
ing  Al2O3 scales on oxidation-resistant, alumina-forming Fe–20Cr–5Al–0.3Ti–Y2O3 
MA 956 and NiAl–0.2Zr, wt%. With the development of FIB-STEM techniques, 
the elemental mapping of segregated interfaces has become more prevalent, e.g., 
Hf segregation at  Al2O3 boundaries formed on a commercial MCrAl-Y,Hf,Si coat-
ing (PWA 286) [33]. Similarly, Hf, Zr, Y, and Ta grain boundary segregation was 
vividly illustrated by STEM-EDS elemental maps for René N5 oxidized for 100 h at 
1100°C [27]. And Ti, Y grain boundary segregation was shown for ODS FeCrAlTi-
Y2O3 PM 2000 after 8 h at 1100 °C oxidation in  50H2O–50(CO2–0.15O2), Fig. 6, 
courtesy K. Unocic [22].

One significant and typical effect of doped  Al2O3 grain boundaries is sintering 
and strengthening. Briefly, it is well known that reactive element dopants segregate 
to grain boundaries in bulk alumina and affect grain growth, sintering, and creep 
[34] Generally, grain boundary diffusivity and sliding are key factors. It is reported 
that creep rates are reduced 2–3 orders of magnitude by Nd, Zr co-doping because 
of high observed segregation fractions [35]. Given that α-Al2O3 scales formed on 
doped alloys consistently show RE grain boundary segregation at appreciable levels, 
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it is reasonable to expect that creep strengths of the scales have been increased 
accordingly. Thus, an adhesion mechanism based on increased scale plasticity would 
be in opposition to fundamental properties measured on bulk alumina. Rather, it 
would be expected that doped scales maintain a higher strength at temperature and 
do not preferentially reduce stress by scale plasticity. (This phenomenology is also 
directly pertinent to the next hypothesis on growth stress).

In summary, it is concluded: Enhanced scale plasticity would be expected for 
undoped α-Al2O3 scales, i.e., associated with non-adherent behavior. Doped scales 
would be stronger and less plastic, but are associated with adherent behavior.

Growth Stress

The flat, planar geometry of scales formed on doped alloys compared to wrinkled, 
convoluted scales on undoped alloys has also led to the growth stress hypothesis. 
Namely, reactive elements alter transport in the oxide so as to reduce (Al outward) 
scale growth that can generate excess volume within the oxide and cause compres-
sive (growth) stress. Equiaxed or duplex scales formed on undoped alloys are cited 
as evidence for some outward Al diffusion and growth within the oxide, while 
columnar scales, perhaps with finer grain size, formed on RE-doped alloys indicate 
primarily O inward diffusion, enabling stress-free growth at the scale metal inter-
face [15] (OM-100). The elegance and self-consistent correlations of microstructure, 

Fig. 6  FIB-STEM bright field high magnification cross-section and EDS maps showing Ti, Y grain 
boundary segregation in adherent  Al2O3 scale formed on Plansee PM 2000 FeCrAlTi–Y2O3 after 8 h oxi-
dation at 1100 °C in (50  CO2–50  H2O)—750 ppm  O2 [Courtesy of K, Unocic, ORNL, 2017] [22]



11

1 3

Oxidation of Metals (2022) 97:1–50 

deformation, transport, voids, and adhesion allowed this mechanism to gain traction 
among the oxidation community.

A consolidated inward growth direction has been confirmed in many subsequent 
studies of RE doped systems. Dopant effects on transport properties in bulk  Al2O3 
and  Al2O3 scales is another extensive subject unto itself. However, the following 
direct observation, espoused in their detailed, seminal work, leads to this unequivo-
cal statement negating the growth stress mechanism: “The presence of the reactive 
element, yttrium, suppresses wrinkling and restricts lateral growth, but it does not 
decrease the stress in the oxide [36].” … “The alumina scales formed on [FeCrAl] 
alloys containing yttrium are under a larger compressive stress than those formed 
on yttrium-free alloys…. Thus, one possible role for yttrium is to decrease the alu-
mina creep rate to the level where the scale cannot deform by wrinkling [37] (OM-

100)”. This conclusion was obtained from extensive direct measurements of stress in 
the scales by photoluminescence optical spectroscopy (PLS or piezospectroscopy), 
pioneered by Clarke, Lipkin, Tolpygo, and colleagues [36–38] (OM-100) [39, 40], 
combined with plastic strains measured in the alloy. A subsequent PLS study meas-
ured stress in the alumina scales as a function of substrate/scale thickness ratio, (H), 
for three thicknesses of FeCrAl(± Y) oxidized for three times at 1200°C [41]. The 
growth stress, obtained from the difference between the measured residual stress 
and that projected from thermal expansion mismatch stress, was found to saturate 
equally for both doped and undoped alloys near H = 150. Relaxation levels were also 
equivalent, though others observed faster relaxation for the undoped alloy. Growth 
stresses relaxed completely above 850  °C more rapidly as temperatures increased 
and for thin samples, before saturation when H < 100–200, similar to Tolpygo. They 
concluded: “No significant differences in the growth stresses, total residual stresses, 
or stress relaxation during thermal cycling were observed between the oxides formed 
on the Y-doped and undoped FeCrAl samples [41].”

In PLS, frequency shifts in the  Cr3+ R-line arise from internal stress in the corun-
dum lattice, but is measured at room temperature on cooled samples. Residual 
compressive stresses after cooling were as high as − 6 GPa for scales developed 
on FeCrAlY. Furthermore, compressive growth stresses of − 1 GPa at temperature 
were typically deduced. Thus, it is not possible to argue that scales on doped alloys 
are adherent because they are under less stress than their undoped counterparts. 
A consolidated compilation of related growth stress observations from Tolpygo 
[40] (OM 100), Mennicke [41], and Meier (*) [42, 43],is presented in Table 1. Here, 
adherent scales are found for doped or low S FeCrAl alloys, regardless of growth 
stress or alloy elongation, i.e., high growth stresses may exist for adherent scales. 
Complete stress relaxation may occur in adherent and non-adherent systems, while 
adherence may be retained for low sulfur or doped FeCrAl samples showing sub-
stantial elongations. Thin samples can be expected to exhibit exaggerated elonga-
tion from scale CTE mismatch stresses, but sample thickness does not control adhe-
sion unequivocally. A number of the exposure and sample details become complex 
regarding cooling rates, substrate thickness, crystallographic orientation, and alloy 
properties. Nevertheless, adhesion was most strongly correlated with RE doping or 
low sulfur alloys—not geometry, stress in the scale, relaxation, or alloy deformation. 
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Y-doping effects on the fracture toughness of the scale-metal interface was strongly 
implicated.

This conclusion was foretold in an early 1975 study that stated: “…bending oxi-
dized CoCrAlY at room temperature did not produce widespread spalling. There-
fore, models based on reduced stress levels (scale plasticity, stress relief, or reduced 
growth stress) are unacceptable. Rather, some source of improved bonding must 
apply [19].” Accordingly, most of the present paper addresses improved bonding.

Also, along the lines of growth stress, it is pertinent that FeCrAl (Ti, Hf, Y) alloys 
present interesting results for long term cyclic oxidation testing at 1100 °C, Table 1. 
The Ti-doped alloy presented surface deformations, but no interface voids or spal-
lation after ~ 1300 (hot) hours of oxidation. The Hf-doped FeCrAl also remained 
adherent, exhibited oxide intrusions, but the interface remained planar. Lastly, the 
Y-doped FeCrAl remained adherent and presented a uniformly flat surface with 
no oxide intrusions. By comparison, an undoped, hydrogen-annealed, desulfurized 
sample (~ 0.1 ppmw S) remained quite adherent and essentially planar for nearly 
800 h, with no oxide intrusions or voids. It did present some local contortions that 
followed deformation with the alloy after 1300 h of cyclic oxidation. The undoped, 
unannealed FeCrAl alloy (25 ppmw S) showed rumpling, voids, spallation, and 
breakaway after just 100 h. Here low sulfur FeCrAl therefore presented a sufficient 
criterion for adhesion and void prevention, even withstanding deformation of the 
alloy. RE doping also resulted in adhesion, with or without alloy deformation. It 
was shown that measurable elongations occurred for three FeCrAl alloys having 
adherent scales: undoped low sulfur, Hf- or Ti-doped. Here, the Y-doped FeCrAl did 
not elongate, whereas it did for a similar alloy studied by Tolpygo and Clarke [40] 
(OM-100). Thus, a one-to-one correlation of scale adhesion, deformation, stress relief, 

Table 1  Compilation of FeCrAl results for growth stress, relaxation, and deformation as related to 
dopant, sulfur content, and adhesion

PLS measurements of isothermally grown alumina scales. Undoped FeCrAl scales formed at 1000 °C, 
1200 °C; doped FeCrAlY scales formed at 1000°–1300 °C [36, 37, 41]. Also, *Cyclic oxidation: weight 
change and microstructure at 1100 °C (45-min. cycle) and substrate elongation at 1200 °C (24-h cycle) 
[42, 43]

Alloy Condition PLS Deformation Adhesion

Growth σ Relaxation Scale Substrate

FeCrAl Undoped − 1.25 GPa 0.0 GPa High Moderate Poor
FeCrAl - thin Reduced Increased Reduced Increased Poor
FeCrAlY Doped − 1.25 GPa 0.0 GPa Low + 2% Good
FeCrAlY - thin Reduced Increased Low Increased Good
FeCrAl* Undoped Wrinkled − 0.4% Poor
FeCrAl* Low S Planar + 0.7% Good
FeCrAl* Low S, thin Planar g.b. cusps Good
FeCrAlTi* Doped Planar + 0.9% Good
FeCrAlHf* Doped Planar; intrusions Low Good
FeCrAlY* Doped Planar − 0.1% Good
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and residual stress simply did not exist. Alloy mechanical properties are seen to be 
a factor on interface morphology and deformation, and perhaps long-term breaka-
way failure of adherent systems, but not necessarily affecting first order effects on 
interfacial adhesion. (The effectiveness of Ti alone in FeCrAl and its presence in a 
number of co-doped commercial FeCrAl alloys reoccurs as an unresolved feature of 
interest in future sections).

RE effects on bulk  Al2O3 are equally dramatic. Harmer et  al., have shown that 
Y, La, and Nd doping of polycrystalline  Al2O3 (1–2 μm grain size) produced a two 
order of magnitude reduction in creep rate @ 50 MPa at 1200 °C. Nd/Zr co-dop-
ing produced an even larger reduction. Also, Zr, Hf doping produced a 15 × reduc-
tion in creep rate [35, 44–46]. Based on 12 dopant variations, Yasuda et  al. [47] 
report a slight increase in 1250 °C creep rate @ 50 MPa only for Ti-doped  Al2O3 
(1 μm grain size), with progressive decreases in creep rate for Mg, Sr, Zr, Y, and 
a 400 × decrease for Y/Zr co-doped  Al2O3. While atomic size and fitting effects on 
grain boundary diffusion had been argued for reduced Coble creep, the latter study 
found no correlation with dopant atomic radius. They related singly and co-doped 
creep rates to the effective net charge on the oxygen ion, as modeled by the DV-Xα 
(discrete variation Xα) cluster model method: “A first-principle molecular orbital 
calculation …revealed that the value of NC [net charge] in O correlates with the 
creep rate in …co-doped  Al2O3. The (greater) creep resistance …is likely to be 
determined by (higher) ionicity of oxygen anion at the grain boundaries with dopant 
…segregation.” Given that the scale grain sizes are generally 0.1–5 μm at most, and 
growth stresses of 1 GPa have been measured, it is not unreasonable to expect plas-
tic deformation (creep) of undoped (and weaker Ti-doped) scales at 1100  °C and 
above. Other RE-doped scales are substantially stronger and able to sustain larger 
residual stresses without buckling. This contradicts growth stress precepts claiming 
that buckled scales imply higher stress. Ab initio, creep, transport, and cyclic oxi-
dation studies raise questions about the role and effectiveness of RE co-doping for 
performance. Correlations vs cause and effect are of interest, but remain unresolved.

Returning to alumina scales on FeCrAl alloys, Y-doping prevented rumpling, but 
there may still be some growth within or above the oxide. Normally protective scales 
on doped alloys are considered to grow primarily by inward oxygen diffusion (with 
columnar grains), whereas outward aluminum diffusion for scales grown on undoped 
alloys allows growth within (or above) the scale (and equiaxed grains). These ele-
ments have been graphically illustrated via repolishing and re-oxidation of an inter-
mediate scale or taper (wedge) section, where outward growth of new oxide, i.e., 
grain boundary ridges, were observed above pre-existing grain boundaries [48, 49] 
(OM-100). The outer layer of new growth was identified by the equiaxed morphology 
(as presented in 1976 by Golightly, Stott, and Wood for scale believed to grow with 
Al outward diffusion on undoped FeCrAl) [15] (OM-100). The degree of scale formed 
at 1200  °C by outward diffusion of Al was indeed measured as ~ 15% for Incoloy 
MA 956 FeCrAlY-Y2O3 and ~ 50% for Kanthal A-1 FeCrAlZr [49] (OM-100). It can 
also be seen that the outward growth does not necessarily indicate growth within the 
oxide, but rather on top of the oxide. As these new fine grain scales expand laterally, 
they encompass more of the outer surface area of the scale, and eventually coalesce, 
concealing the ridge morphology. Further outer layer growth can nucleate new fine 
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grains and promulgate the process. In retrospect, it is completely reminiscent of the 
distinctive oxide ridges formed over  Al2O3 scales on β-NiAl due to the θ-α tran-
sition, discussed as a contribution of outward Al diffusion [50, 51] (OM-100). Here, 
ridges and dimpled grains at the gas surface were also discussed for  Al2O3 scales 
formed on  Pt2Al [52] (OM-100) and Hoskins 875 FeCrAlZr [51] (OM-100).

RE effects on grain boundary diffusion in  Al2O3 are thus intrinsic to all the above 
considerations, but do not alter the basic conclusion that adherent scales can sustain 
large growth stresses. There is general agreement that RE doping reduces outward 
Al grain boundary diffusivity and transport in scales. The degree to which this hap-
pens may be fundamentally linked to the specific dopant and alloy. Typically, the 
 O18 isotope is used as a radioactive tracer to monitor the growth direction by pro-
filing after a double or two-stage  O16 +  O18 oxidation treatment. Techniques have 
varied, starting in 1983 with p-α proton activation (nuclear reaction analysis), then 
numerous SIMS sputter profiling or imaging SIMS, and most recently ToF-SIMS 
[53, 54] (OM-100), [55]. Dopant effects on transport in  Al2O3 scales remain an impor-
tant feature of oxidation, but do not always appear to directly figure in the main 
mechanisms controlling interfacial adhesion.

Comparing again to transport in bulk  Al2O3, a unique (oxygen permeability) 
technique has been perfected by Kitaoka et  al. to examine grain boundary trans-
port across polycrystalline  Al2O3 wafers subjected to an oxygen potential gradi-
ent as it might relate to a growing scale [56–58]. Dopant effects were also studied. 
Briefly, it was concluded that Hf-doping reduced by 2 × the grain boundary diffu-
sion product, δDgb,Al for Al at the high  pO2 side (as ∝  pO2

3/16), with no effect on the 
low  pO2 side. Conversely, Lu or Y doping reduced δDgb,O by 3 × at the low  pO2 side 
(as ∝  pO2

−1/6), with no effect on the high  pO2 side [56–58]. Co-doping may produce 
complex results depending on dopant location. For example, for a layered 2-wafer 
structure, the Lu doped wafer was only effective on the low  pO2 side (oxygen diffu-
sivity), while the Hf-doped wafer was only effective on the high  pO2 side (aluminum 
diffusivity). Other co-doping issues will be addressed in subsequent sections.

While these bulk  Al2O3 studies are illuminating and compelling regarding fun-
damentals of dopant effects, the trends are not always consistent with some of the 
observed Y, Hf, Zr effects on scale growth. In general, it is believed that most RE 
dopants reduce Al transport, and sometimes total scale growth, compared to an 
undoped alloy. But, for example, it was shown that  Y2O3 (MA 956) doping pro-
duced somewhat greater inward oxygen growth than Zr-doping (Kanthal A-1), 
with less outward aluminum growth, (both alloys co-doped with Ti < 0.5 wt%) [49] 
(OM-100). Furthermore, Ti-Y2O3 co-doped FeCrAl- was shown (by 18O SNMS and 
SEM-EBSD) to produce more outward Al growth and external equiaxed grains on 
the outer scale (compared to total O inward columnar growth without Ti). It did 
so without significantly affecting total scale thickness with bilayers of doped Ti- or 
Y-rich grain boundaries [59]. Indeed, the transport mechanisms in doped bulk  Al2O3 
or  Al2O3 scales warrant a full review unto themselves and are well beyond the scope 
of this commentary [60].

While specific transport mechanisms are crucial to detailed growth attributes and 
overall oxidation performance, they do not appear to explain the less-complicated, 
binary effect of dopants solely on adhesion. Pint, referring to his broad database of 
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RE-doped alumina-forming alloys concluded: “For determining (cyclic oxidation) 
lifetime, the RE effect on scale adhesion appears to be much more important than 
the effect on scale growth rate. Thus, reducing the scale growth rate will not neces-
sarily result in an improvement in alloy lifetime [10].” Reduced kinetics for doped 
scales may, however, result in less stored (CTE mismatch) strain energy that is pro-
portional to scale thickness. At most, the parabolic oxidation rate  kp of undoped 
scales may be 2–10 × as great as those for doped scales. Yet they are likely to have 
failed early anyway, regardless of thickness, because of a dramatically weaker inter-
face. The slowest growing doped scales might have longer lives than other doped 
scales with higher  kp, but not by the same degree compared to undoped alloys. 
Accordingly, the RE effect of reduced kinetics on  Al2O3 scale spallation is not cov-
ered in great detail here.

Recapping with the logic test for Growth Stress:

High growth stress is not the root cause of spallation. Decreased growth stress 
is not necessary to produce adhesion.

Lastly, another stress aspect raised, but not demonstrated, in many early investi-
gations has been that of a ‘graded seal’ to alleviate high interface stresses and pre-
vent spallation. As explained by Giggins and Pettit [19], “The graded seal mecha-
nism is based on a layer of oxide developed between the  Al2O3 and the alloy which 
possess thermal expansion coefficients that gradually change …..In the present stud-
ies no such continuous layer has been observed.” This is consistent with all subse-
quent STEM observations of clean, phase-pure, and abrupt oxide-metal interfaces 
discussed previously. In summary:

No interfacial scale phase is observed for adherent scales; a graded seal is not 
necessary for adhesion.

Vacancy Sink

Most studies have observed voids at the oxide-metal interface for undoped alloys, 
in contrast to no voids for doped alloys. Internal RE oxides or complexes were pro-
posed to serve as vacancy sinks and prevent void formation stemming from substan-
tial outward Al growth and Al vacancy injection. Understandably, scale adhesion 
would be reduced by some factor proportional to the reduction in surface area of 
contact. Whether void prevention is sufficient to always enable scale adhesion is a 
reasonable question. Conversely, scales were observed to spall from undoped alloys 
having, in special cases, no interface voids [19]. The surface condition (electropo-
lished) or long (isothermal) oxidation treatments may eliminate or maximize void 
production, respectively, without fundamentally changing the poor scale adhesion 
observed for undoped systems. Conversely, it has been shown that appreciable out-
ward Al diffusion and outward scale growth can occur for RE-doped FeCrAl as well, 
without any interfacial voids or spallation [48, 49] (OM-100). Thus, growth direction is 
not always uniquely correlated with interface voids and scale adhesion.

Another relevant feature of vacancy sinks would be the prevention of voids via 
oxide dispersions in the ODS substrate. However, other RE effects must be separated 
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from this proposal by using, say,  Al2O3 dispersoids rather than RE ODS particles. 
Here, only a few studies [14] indicate that  Al2O3 dispersoids may produce scale 
adhesion on their own, while others fail to confirm that effect [13]. This also casts 
doubt about the vacancy sink argument. This topic will resurface in the subsequent 
section regarding sulfur effects on interfacial void production.

Overall, it is concluded that:

Voids are not necessary for spallation. Outward growth is not sufficient to pro-
duce voids. Vacancy sinks are neither sufficient or necessary for adhesion.

Chemical Bonding

This tenuous state promoted continued discussions of, perhaps, misleading phe-
nomena (e.g., voids vs wrinkled scales vs oxide intrusions vs dispersed oxides vs 
equiaxed/outward growing or columnar/ inward growing scales). Given disproven 
mechanisms above, a singular underlying overriding mechanism did not emerge.

Sulfur Effects, First Observations and Confirmations

We now address scale adhesion mechanisms based on chemical bonding. Here the 
alleged primary RE role is to prevent sulfur segregation at the oxide-metal interface. 
Sulfur is a well-known grain boundary segregant and embrittling agent in transition 
metals. Reactive elements are chemically active with sulfur, as they are to oxygen, 
with known thermodynamic correlations. Consequently, it was proposed that reac-
tive elements retard sulfur segregation by reducing its thermodynamic activity glob-
ally in the lattice, if not also forming an actual RE-S compound. This allows the 
intrinsic clean interfacial bond strength to be maintained in typical high temperature 
(cyclic) oxidation exposures. Ultimately, adherent scales were produced without 
RE-dopants—by simply removing sulfur. It is believed that this is the only alterna-
tive means of producing adhesion other than by adding RE and warrants the exposi-
tion below.

Attention to sulfur effects during oxidation began in the mid-1980s with early 
revelations, by Smeggil and co-workers, that sulfur prominently segregated (over 20 
at.% at the free metal surface) for NiCrAl having about 50 ppmw indigenous sulfur 
impurity [61]. The key experimental technique was hot stage Auger spectroscopy 
performed at 800°–1000 °C. In contrast, Y-doped NiCrAl exhibited only ~ 5–10 at.% 
sulfur segregation. Furthermore, serious scale spallation persisted with Y additions 
when provided only as  Y2S3, while more adherent behavior was restored by Y dop-
ing in addition to  Y2S3. This paper also identified S interfacial segregation and indig-
enous Y-S particles using microprobe and SEM, though at only 1 μm resolution.

Similar sulfur surface segregation and prevention by reactive elements were 
observed in a number of subsequent studies, and, ironically, by presenters in the 
same ECS meeting, Luthra and Briant [29] (OM-100). A similar treatise discussed 
chemical bond considerations [6], suggesting: “… agreement is lacking as to which 
mechanism is the most fundamental to adhesion mainly because exceptions have 
been found for each proposal.” Again, hot stage Auger also found strong sulfur 



17

1 3

Oxidation of Metals (2022) 97:1–50 

surface segregation near 750 °C for undoped Ni–15Cr–13Al, but little or no sulfur 
for 0.5 wt% Y or Zr-doped NiCrAl, all having about 10 ppmw S [6]. This corre-
lated with 1100  °C, 1-h cyclic oxidation spallation resistance, with 500  h weight 
changes of − 13 mg/cm2, − 1 mg/cm2, and + 3 mg/cm2 for undoped, Y-doped, and 
Zr-doped alloys, respectively. It was also of interest that the Y- or Zr-doped alloys 
exhibited strong Y or Zr segregation, respectively. Bulk  Al2O3 work of adhesion or 
frictional shear force correlations with the free energy of formation of oxides were 
raised as circumstantial evidence for RE bond enhancement [6]. Lastly, the enthalpy 
of formation of 40 metal sulfides and oxides were correlated, with sulfides tracking 
and averaging about ½ that of the corresponding oxides, depending on the column 
in the periodic table. Sc, Y, Zr, La, Hf, Ce, and Th sulfides and oxides topped the 
enthalpy list, as do their free energies of formation [62–64]. Thus, the most oxygen-
active dopants (Sc, Y, La) are generally the most sulfur-active, while Ti, Zr, Hf are 
also quite carbon-active. Low solubility in Ni is another attribute of both effective 
RE and S segregants, increasing the chemical activity differentials that drive seg-
regation to surfaces. The theoretical and experimental thermodynamics of interface 
segregation and ‘sulfur-gettering’ have been addressed [65, 66]. While RE-oxides 
are always more stable than corresponding sulfides, the potential for stable oxy-
sulfides also exists and are sometimes observed at nominal sulfur levels or in heavily 
S, Zr co-doped NiAl, NiCrAl alloys. But under most conditions, the ppm amounts 
of sulfur available is so small that a widespread distribution of particles is not easily 
observed.

It was also shown that desulfurization by hydrogen annealing reduced sulfur seg-
regation. Figure 7 shows high temperature angle resolved XPS results for the super-
alloy PWA 1480 (12 ppma S) producing measurable sulfur surface segregation, 
but much lower for a hydrogen annealed sample (0.02 ppma S) [67]. (This weak 
level was associated only with sulfur originally trapped below the native surface 
oxide, decreasing to zero sulfur at 1100 °C). It is therefore expected that low sulfur 

Fig. 7  Temperature dependence of sulfur segregation levels. Symbols for angle-resolved XPS segrega-
tion for PWA 1480, as-received (12 ppma) and hydrogen annealed (0.02 ppma), compared to those pre-
dicted from Langmuir-McLean isotherm for Ni with 0.1 to 1000 ppma S [67, 92], Miyahara et al., 1985
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alloys would not exhibit interfacial segregation, as predicted, and could not then 
form voids or otherwise weaken the oxide-metal bond. The correlation of greatly 
improved cyclic oxidation behavior with decreasing sulfur content will be addressed 
in a subsequent section on single crystal superalloys. Other contaminants such as P 
and C were also suspected adhesion factors but were never consistently observed at 
the interface or affected by doping. Hydrogen annealing can remove C, even in the 
presence of Hf.

While sulfur segregation on a free surface was directly enabled by high tempera-
ture Auger and XPS, the anticipated interfacial segregation under actual scales was 
more problematic, needing refined and pioneering interfacial techniques. Sulfur seg-
regation at thermally grown  Cr2O3 and  Al2O3 scale-metal interfaces have initially 
been documented by difficult cross-sectional STEM [68] (OM-100), [69], involving a 
sandwich of oxidation strips held together by epoxy, taking 100 μm slices, dimpling 
to 20  μm, and masked ion thinning. This process was further complicated by the 
sublimation of sulfur under the electron beam, making detection difficult or at least 
fleeting. Scanning Auger microscopy in-situ scale scratching techniques were also 
applied to this problem by Hou [70] (OM-100). She produced twenty or so related con-
tributions over the next decade culminating in her scholarly review of the subject 
[66], concluding:

“S is the only nonmetallic impurity that consistently segregates at the growing 
α-Al2O3 interface; its presence weakens the interfacial strength. With NiAl, 
S segregates to the interface only when the alloy is non-stoichiometric. RE’s 
prevent S interfacial segregation while RE segregation further increases inter-
facial strength. S and Cr co-segregate and increase interfacial S, while Pt elim-
inates it (for β-NiAl) or reduces it (for γ/γ’).”

For example, the relation between  Al2O3 scale interfacial (tensile pull) 
strength and sulfur chemistry underlying scales is shown in Fig.  8 for two 
Ni40Al and Ni50Al ingots oxidized at 1000  °C, each with 2–6 ppma S bulk 

Fig. 8  Decrease in  Al2O3 scale—NiAl interface strength with interface sulfur content. Oxidation at 
1000 °C for times in parentheses; tensile pull test; in-situ Auger chemistry from scratch test [71] OM 100
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[71] (OM-100). The stoichiometric NiAl compound revealed no sulfur, regardless 
of oxidation time. The sub-stoichiometric Ni40Al compound produced a trend 
of decreasing bond strength over regions exhibiting increased sulfur, generally 
with oxidation time. Other details abound, but Hou’s studies conclusively identi-
fied significant segregation from ppm levels of sulfur impurity as the primary 
source of interfacial weakening, i.e., the root cause of scale spallation in cyclic 
oxidation of alumina-formers. Her subsequent succinct summation of the state-
of-the-art is also noteworthy [72], with most precepts reiterated here.

More recently, nano-SIMS mapping combined with FIB-STEM line scan 
techniques lend themselves to more widespread documentation of sulfur inter-
facial segregation, specifically, for a YSZ TBC on a NiPtAl bond coated single 
crystal CMSX-4 superalloy, after 100 h oxidation at 1150 °C [73]. Sulfur inter-
face segregation, migration through the scale and TBC and segregation on inter-
nal  Al2O3 grit particles in the bond coat were shown. Sulfur was also identified 
to preferentially segregate on or nucleate interfacial voids, in line with stronger 
segregation on free surfaces compared to interfaces. The concept derives from 
lower surface energy sulfur-terminated surfaces compared to clean Ni or  Al2O3 
[74, 75]. Furthermore high-resolution STEM and APT have identified more 
interfacial sulfur as compared to adherent scales formed from ingots melted in 
gettered CaO crucibles (superalloy TMS-238 after 1  h oxidation at 1100  °C) 
[76]. The adherence effect was presumably produced only by sulfur gettering, as 
no Ca segregation was observed.

Surface energies can be surveyed from a database: (mavrl: crystalium materi-
alsvirtuallab.org) [77] With sulfur surface energies at just 0.01 J/m2, the nucle-
ation of free surfaces is favored as compared to clean Ni (2.09–2.40  J/m2) or 
(0001)  Al2O3 surfaces (2.13–3.5 J/m2) [78]. By comparison, RE surface energies 
are intermediate and not especially low, e.g., Y: 1.00; Zr: 1.57; or Hf: 1.72  J/
m2. (Pt surface energy is 1.60 J/m2 and also intermediate between S and Ni or 
 Al2O3). Therefore, any surface energy driving force for RE segregation may 
be secondary to their low solubility (high activity) in Ni. Voids are considered 
unnecessary for spallation, even though they are, by definition, sufficient. Out-
ward Al flux is generally cited as the root cause for vacancy injection into the 
interface. Scale wrinkling may exacerbate void formation, and vacancy annihila-
tion at dispersoids may ameliorate the condition. Ultimately, the relative addi-
tional RE contributions to adhesion from restricting outward growth or anni-
hilating Al vacancies, compared to concurrent RE interfacial segregation and 
strengthening, is obscure.

RE doping can therefore produce simultaneous effects of reduced outward 
(Al) growth, void prevention, RE interfacial strengthening, and sulfur gettering. 
Separating any primary adhesion factor for doped alloys is problematic. RE ion 
implantation and incorporation into just the scale may only preferentially affect 
growth direction and vacancy injection, but concurrent RE interfacial strength-
ening cannot be discounted. And since most  1016–1017 ion/cm2 fluences pen-
etrate ~ 10–100 nm, some subsurface substrate interactions with sulfur cannot be 
ruled out. In any event, the beneficial effects are relatively short lived since the 
RE supply is limited and diluted by the growing scale [79].
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RE‑S Counter‑Doping and Critical Ratios

The relative amount of bond strengthening, by RE segregation alone, is always 
obscured by concurrent prevention of sulfur segregation. However, the converse 
is not true, i.e., bond weakening by sulfur doping is clearly able to overpower 
RE effects in cyclic oxidation tests. Specifically, Y added as 0.15 wt%  Y2S3 to 
NiCrAl was ineffective in producing adhesion (based on 1000  h cyclic oxida-
tion at 1050  °C and 300 h at 1180  °C) [28]. Similar ineffective counter-doping 
results were obtained for NiCrAl–0.3Y–0.2 S (wt%) [29] (OM-100). As well as S 
co-doped with Y, Ce, or Hf [80]. Another work demonstrated that Zr needed to be 
titrated at a higher level to restore adhesion to S-doped alloys, if at all, based on 
1100 °C cyclic oxidation of ten Zr/S co-doped Ni–15Cr–13Al (wt%) alloys [81]. 
For alloys doped with 0.1 at.% Zr, producing adherent scales, only 0.01 at.% S 
was needed to significantly degrade scale adhesion. Alternately, for alloys doped 
with 0.1 at.% S, 0.3 at.% Zr was insufficient to restore adhesion. An empirical 
relation, Zr ≥ 600  S0.2 (atomic) was interpolated to define the onset of adherency, 
but only up to 40 h of cyclic oxidation at 1100 °C. This Zr/S relation exceeds that 
expected for a simple ZrS stoichiometry and implies a much stronger effect of 
sulfur compared to Zr. On the other hand, at lower sulfur levels ~ 5 ppmw, René 
N5 samples at 10 different Y dopant levels produced essentially the same behav-
ior over 10–100 ppmw Y. Basically a Y/S ratio of just 1:1 atomic was sufficient to 
provide scale adhesion based on nominal weight changes of only ± 1 mg/cm2 after 
1000 1-h cycles at 1150°C [82]. While hydrogen annealing could not desulfur-
ize any Y-doped alloy, some improvements in moisture-induced spallation were 
noted, possibly by simultaneously decarburizing from ~ 500 ppmw to ~ 100 ppmw 
C. Finally, NiAl co-doped with 1.0 wt% Dy and 0.002 wt% S maintained a clean 
oxide-metal interface in an in-situ Auger scratch test after 2 h oxidation at 1200°C 
[83]. Neither was there any wrinkled scale. The opposite was true for nominal 
(undoped) and 0.003 wt% sulfur-doped NiAl. Thus, the effective Dy/S ratio was 
again quite high, ~ 500:1 on an atomic basis. These RE-S counter-doping studies 
indicate that RE doping is less effective for intentionally S-doped alloys.

One other study questioned the priority of sulfur segregation to adhesion. An 
undoped Fe3Al alloy (as-received and hydrogen desulfurized) failed to exhibit 
interfacial sulfur segregation in an Auger in-situ scratch test of a transition alu-
mina scale formed at 1000 °C for just 10 min [84] (OM-100). However scale spal-
lation was documented for both, even where no segregation was observed, sug-
gesting that the interfacial bond was inherently weak. This was in contrast to an 
extremely adherent scale formed on  Fe3Al doped with 0.1 wt% Zr. It is not clear 
how these special observations for transition alumina scales on  Fe3Al may be 
generalized to stable α-Al2O3 scales on FeCrAl, NiCrAl, NiAl, or single crystal 
superalloys. There is a general belief that sulfur does not especially segregate at 
transition alumina or Ni, Cr, Ta-rich cubic transient scales (often crystallographi-
cally coherent with cubic metal) interfaces as compared to (incoherent) interfaces 
with rhombohedral α-Al2O3.
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Low Sulfur Alloys: From Critical Experiments to Commercial Alloys

While some circumstantial evidence exists for RE bond strengthening, the disentan-
glement from sulfur gettering effects is problematic. One uncomplicated approach is 
to examine adhesion for alloys having low sulfur contents and no RE. This has been 
accomplished with dopant-free alloys by using higher purity reagents for alloy prep-
aration, repeated oxidation/segregation/polishing (purging), hydrogen annealing, 
and CaO desulfurization in the melt (via Ca-based flux or crucibles). Some exam-
ples are mentioned below. The eventual outcome is that commercially available low 
sulfur engineering alloys (single crystal superalloys) have been produced that dem-
onstrate equivalent cyclic oxidation resistance to Y-doped alloys if the sulfur content 
is ≤ 0.3 ppmw. Initially these effects were demonstrated over a few cycles to a few 
hundred cycles of enhanced scale adhesion. It could be argued that the mechanism 
is operative but perhaps not fully comparable to long term RE-doping effects. But 
some low sulfur alloys maintain scale adhesion for thousands of hours and enable 
cyclic oxidation behavior equivalent to RE-doped counterparts.

Initially, there were a handful of oxidation studies that utilized low sulfur alloys. 
High purity Ni, Cr, Al reagents were used to reduce the as-cast sulfur content 
from ~ 25 ppmw to ~ 1–2 ppmw [85]. This considerably improved the 1100 °C cyclic 
oxidation resistance. Also, twenty-five oxidation/repolishing purging cycles were 
used to decrease the sulfur content in NiCrAl from ~ 10 to ~ 3 ppmw. Subsequent 
1120 °C cyclic oxidation resistance was also clearly improved for 25 1-h cycles [86, 
87]. While these studies initially illustrated the point that just reducing sulfur con-
tent without RE additions improved scale adhesion, the approaches were somewhat 
cumbersome and preliminary. Based on the success of Lees et  al. using hydrogen 
annealing to improve  Cr2O3 scale adhesion on Cr [1], we introduced a similar pro-
cess for NiCrAl and then for 1st generation single crystal superalloy PWA 1480 alu-
mina-formers, the latter inspired by Smeggil and efforts at UTRC [88–90]. Initially, 
a certified hydrogen facility was employed using dry 1 atm  H2 and 100 h furnace 
anneals over 1000 °C–1300 °C. Sulfur reduction by hydrogen annealing improved 
the 1100  °C cyclic oxidation behavior: for NiCrAl, the 200  h weight loss was 
reduced from − 23 mg/cm2 to just − 3 mg/cm2 [43]. For PWA 1480, the sulfur con-
tents of were reduced from 11 ppmw to ≤ 2 ppmw. The corresponding cyclic oxida-
tion resistance behavior was increased accordingly, from − 7.8 mg/cm2 losses after 
200 1-h cycles, to a gain of + 0.4  mg/cm2. (Cyclic 1-h polishing/purging was not 
successful in desulfurization because of a long-term (~ 15 h) transient (Ni, Cr, Ta) 
oxidation period during which segregation was apparently not prominent. A longer 
term 24-h polishing cycle was much more effective after the  Al2O3-metal incoherent 
interface had been established) [91].

Eventually, successful desulfurization was demonstrated using a more convenient 
5%  H2-Ar laboratory-scale furnace, allowing for higher throughput and flexibility. 
One emphatic example is presented in Fig. 9 for 2nd generation single crystal super-
alloy René N5, with Re and Hf but no Y, hydrogen annealed at 1280 °C for 100 h. 
“The un-annealed” sample (3 ppmw S) lost 23 mg/cm2 after 500 1-h cycles of oxi-
dation at 1150° C and eventually degraded rapidly via a complex multiphase scale. 
Hf was clearly ineffective here. In contrast, a sample that was hydrogen annealed 
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(0.2 ppmw S) gained only 1 mg/cm2 after 1000 h and produced a uniform scale with 
no spalling to bare metal [92]. Furthermore, the scale thickness can be projected as 
being only about 5 μm. The remarkable long-term, high-temperature, cyclic perfor-
mance of this hydrogen annealed superalloy underscored the significance of reduc-
ing ppm levels of the sulfur impurity. Another related study attempted to optimize 
the Y/S ratio in René N5 for 10 levels of Y-doping over 10–100 ppmw [82]. Hydro-
gen desulfurization of the undoped alloy was more effective than Y-doping and more 
resistant to moisture-induced spallation (see below). On the other hand, the lowest 
levels of Y were apparently so effective in reducing the sulfur activity, that these 
doped alloys could not be desulfurized (~ 5 ppmw) by hydrogen annealing.

We had also undertaken a parallel extensive study to establish critical sulfur lev-
els needed to achieve scale adhesion for a first generation single crystal superalloy 
with no Re, Hf, or Y [93]. PWA 1480 samples with 28 levels of sulfur were pro-
duced by hydrogen annealing coupons of varying thickness (5), times (4) and tem-
peratures (4). Cyclic oxidation screening was performed at 1100 °C for 500–1000 
1-h cycles. Figure  10 shows the time to cross zero weight change,  t0, as a repre-
sentative measure of adherent behavior. A 7 × step function increase in ‘adhesion 
life’ occurred as sulfur content was reduced from about 7 ppmw (as-received) to 
below 0.3 ppmw (hydrogen annealed) [94]. It can be concluded that little further 
advantage is produced at sulfur levels below about 0.2–0.3 ppmw. For the sample 
thicknesses employed, this total bulk level is consistent with about 1 S atom per Ni 
surface atom. It is also consistent with levels of sulfur projected (Langmuir-McLean 
isotherm) to segregate to the surface at ≤ 1% of the saturation level (Fig. 7). Both 
factors are believed to assist in minimizing interface segregation.

More recently long-term durability was demonstrated for another ultra-low sulfur 
(0.12 ppmw) single crystal superalloy, AM1 + 0.06% Hf. It gained a maximum of 
only 0.8 mg/cm2 after 3500 1-h cycles at 1100 °C, Fig. 11 [95]. The cyclic weight 
change behavior was modeled and fitted with a spall fraction (probability, p) of just 
0.02% per cycle. The base alloy was Ni–12Al–9Cr–7Co–2Ti–3Ta–2W–1Mo (at.%), 
with minor dopants and impurities of 570Hf–25Zr–0.12S–23C (ppmw). It also 

Fig. 9  Extended 1000 h, 1150 °C, cyclic oxidation scale adhesion produced by desulfurizing René N5 
(no Y), (from 3.2 to 0.2 ppmw by hydrogen annealing at 1280 °C for 100 h) [92]
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survived ~ 7000 cycles at 1100 °C before exhibiting a weight loss. Further testing to 
10,000 cycles produced only a 2.5 mg/cm2 weight loss. These and other low S (≤ 0.3 
ppmw) single crystal data had been summarized [94]. (Note that all the weight 
changes shown in Fig. 11 are extremely small. PWA 1480 at nominal 7 ppmw sulfur 
levels loses about 10–20 mg.cm2 after just 200 h, as compared to a small 0.2 mg/
cm2 gain after 1000 h for low sulfur 1480). In review, it appears that the cyclic oxi-
dation behavior of ultra-low sulfur superalloys is excellent and generally equivalent 
to that of Y-doped superalloys.

Dramatic improvements in cyclic oxidation resistance have now been dem-
onstrated for most single crystal superalloys by major turbine engine corpora-
tions and alloy suppliers world-wide (General Electric, Pratt and Whitney, Rolls 
Royce, Safran, Siemens, Precision Cast Components, Howmet, Canon-Muskegon, 
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Mitsubishi MHI, etc.). Desulfurization is typically accomplished for commercial 
superalloys by melt-desulfurization using CaO sulfur-active fluxing compounds. 
Ultra-low sulfur levels, similar to those targeted above by laboratory hydrogen 
annealing (0.1–0.3 ppmw), are now available commercially. Melt desulfurization 
has been preferred to Y-doping because of Y reactivity with casting crucibles and 
molds. Problems stemming from RE dopant compositional inhomogeneities or 
inclusions are also avoided. Interestingly, Hf, Zr, Ti alloying elements, already pre-
sent in many 1st and 2nd generation single crystals, have not posed these types of 
problems. It may be due to their higher solubility in Ni alloys compared to Y, for 
example. Also, while expected to be sulfur-active getters to a high degree, they have 
not worked nearly as well as Y to improve scale adhesion for single crystal superal-
loys as compared to the success for Hf, Zr, (and occasionally Ti) doping for NiAl, 
NiCrAl, CoCrAl, or FeCrAl alloys. There are strong indications that Hf may help 
prevent carbon effects and improve scale adhesion for 2nd generation single crystal 
superalloys compared to 1st generation alloys without Hf. Finally, it is also recalled 
that the critical Zr/S atom ratio to achieve some adhesion in NiCrAl alloys was high 
at Zr = 600  S0.2 [81]. Fitting this to the AM1 superalloy sulfur level of 0.12 ppmw S 
(0.2 ppma) yields a required dopant (Hf) level of ~ 430 ppma (~ 1300 ppmw), on the 
order of the actual 570 ppmw Hf content. Whether this criterion derived from Zr-
doped NiCrAl applies quantitatively to Hf-doped superalloys is speculative. Overall, 
it appears that considerable adhesion can be achieved for single crystal superalloys 
at low sulfur levels without Y, Hf, or Zr. Some guidelines for optimum behavior can 
be inferred from critical RE/S ratios.

Overall, regarding chemical bonding mechanisms, it is therefore concluded that:

Control of sulfur segregation is necessary, while RE-doping is not necessary 
for considerable adhesion. Further (secondary) strengthening by RE-doping 
may occur, but is not necessary for adhesion. Sulfur doping RE-doped alloys is 
sufficient to produce spallation.

Pt Effects

The excellent oxidation resistance of Pt–Al and Ni(Pt)Al alumina-forming alloys is 
well established. Early works by Felten and Pettit on Pt–Al and Pt-NiCrAl alloys 
illustrated exclusive alumina scale growth kinetics and excellent adhesion, initially 
citing pegging as the adhesion mechanism, about a decade before the subsequent 
discovery of sulfur effects [52, 96]. Similarly, PtAl alloys (exhibiting an interfa-
cial  Pt5Al3 depletion zone) were studied with Zr dopants [97]. While the undoped 
Ni(Pt)Al alloy exhibited similar kinetics, but better cyclic oxidation resistance, com-
pared to Pt-free NiAl, both Zr-doped alloys presented lower growth rates and much 
improved cyclic oxidation resistance compared to undoped alloys. Zr segregation at 
the interface and at  Al2O3 grain boundaries was documented in STEM-EDS analy-
ses of the cross-sections.

Pt effects have followed RE effects in terms of focused scholarly studies (~ 200 
references) and intriguing material phenomena. Much of the motivation stems 
from the commercially important success of widely applied Ni(Pt)Al aluminized 
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bond coats to protect superalloys. Here 5–10  mg/cm2 of electroplated Pt, usu-
ally followed by vapor deposition of Al, results in a 25–50  μm Ni(Pt)Al coat-
ing with greatly improved environmental protection of superalloy substrates. Pt 
clearly improved  Al2O3 scale adhesion and has become the standard of compari-
son for state-of the-art turbine airfoil bond coats. Pt counteracts the effects of 
sulfur impurities introduced from the vapor deposition process, often associated 
with  Al2O3-NiAl void formation [98]. Failure mechanisms were also associated 
with cyclic scale growth/CTE mismatch stresses that drove as-processed alumi-
nide coating grain boundary ridges and rumpling of the ductile coating, forcing 
the overlying scale to crack and detach from these coating apexes. More recent 
processing advances include Hf and possibly Si doping. In bulk alloys, Hf and Zr 
are well known to improve scale adhesion and greatly improve high temperature 
creep. They therefore presumably reduce the ridges/ rumpling/spalling phenom-
enon, leading to improved TBC top coat life, i.e., more than doubled (> 2000 h) 
for 1135 °C cyclic furnace tests of MDC150L [99].

The works of Gleeson et  al. [100] have provided a sustained basic scientific 
thrust in the Ni(Pt)Al area: The beneficial effects of Pt derive from the propen-
sity of Pt to occupy Ni sites on the  Ni3Al lattice and Pt subsurface enrichment 
that increases the Al activity gradient. This encourages Al diffusion; both favor 
 Al2O3 formation in preference to NiO. There is some indication that Pt lessens 
interfacial void formation which would improve adhesion. Also, Pt affects sulfur 
segregation as studied by the in-situ Auger scratch test: “Pt eliminates S segre-
gation at alumina/β-NiPtAl interfaces and reduces it when the alloy is the γ/γ’ 
phase. The effect of Pt can be overwhelmed by the co-segregation of S with Cr 
[101].” Further demonstration of scratch-induced spallation without massive void 
formation, but with S segregation, was made for Pt-free NiAl coatings on CMSX-
4, but with no S segregation for NiPtAl coatings [101]. The means by which Pt 
retards or repels sulfur is a point of discussion. While there may be anecdotal 
belief that sulfur impurities segregate on pure Pt as well as on most metals, spe-
cific or direct studies are not widespread [102]. On the other hand, it is reported 
that S-rich localizations, ~ 5  μm dia., are observed below the oxide-metal inter-
face for NiPtAl bond coats on superalloys [103]. In that study, imaging SIMS 
combined with novel back-side thinned sputter profiles have been used to charac-
terize sulfur distributions in an oxidized (coated) superalloy. Oxide-metal S seg-
regation was again observed for NiAl, but not for NiPtAl coatings, nor for low S 
(0.14 ppmw) uncoated AM1. This confirms the previously cited in-situ scratch 
test study showing that S segregation, observed for Pt-free NiAl coatings, was 
prevented for Ni(Pt)Al coatings.

While not arriving at all-encompassing conclusions regarding a first-order 
(Pt–S) adhesion mechanism, it is important to be aware of these significant Pt 
effects. To that end, it is of interest to point out the recent development of a Pt-
modified single crystal superalloy [104]. In addition to improved mechanical 
properties, with low Re and no Ru, the alloy boasts oxidation kinetics similar to 
2nd generation single crystals. Pt effects will be further addressed in the discus-
sion of ab initio oxide-metal works of adhesion.
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2nd Order Moisture Effects

This section introduces other anomalous, perhaps enigmatic, anecdotes related to 
moisture effects on enhanced interfacial  Al2O3 scale spallation after cooldown of 
marginally adherent, stressed scales. It was first observed when undoped NiCrAl 
was progressively desulfurized by repetitive oxidation/polishing [87]. As the scale 
became adherent enough to first be retained on cooling, it then ‘unzipped’ when 
subjected to wet emery paper just before the next polishing treatment. With a few 
more desulfurization cycles, the scales became resistant to moisture induced spalla-
tion. Subsequent studies employed a ‘breath test’, full water immersion, immersion 
acoustic emission, and high temperature water vapor. A summary of observations 
and literature review had been provided [105], as described later. Despite the strik-
ing manifestations of this decohesion phenomenon, cyclic oxidation in water vapor 
(and under combustion environments) surprisingly fails to exhibit much of a mois-
ture effect, either on  Al2O3 growth or spallation for adherent scales formed on doped 
NiAl(Hf) or NiCrAl(Hf,Y) [106]. Furthermore, four low sulfur single crystal super-
alloys had been shown to be insensitive to moisture with no cracking or spalling of 
the  Al2O3 scale. But, if they contained > 1 ppmw sulfur, then the degradation rate 
was increased by a factor of two in water vapor [91].

An analogy had been drawn between moisture-induced delayed spallation 
(MIDS) and moisture-induced hydrogen embrittlement (MIHE) of  Ni3Al,  Fe3Al, 
and FeAl intermetallics [105]. These aluminides were characterized by intergran-
ular segregation of hydrogen extracted from ambient humidity. It was exacerbated 
by the presence of sulfur and residual tensile stress in the metal, producing delayed 
(but rapid!) crack growth and failure at room temperature. For example, moisture-
induced hydrogen embrittlement was described according to [107, 108]:

Hydrogen embrittlement was therefore proposed as a potential trigger for mois-
ture-induced delayed spallation (MIDS) and desk top spallation (DTS) of TBCs. 
Water drop/spray experiments were used to record ‘exploding’ TBCs that sustained 
high TGO strain energy [109]. This failure is believed to be a vestige of the same 
moisture-induced (H) sensitivity. Indeed, as a demonstration of the hydrogen factor, 
adherent, mature Y-doped scales on René N5 + Y (1150 °C, 1000 h) were stripped 
interfacially by cathodic hydrogen charging [105]. While dramatic, this circumstan-
tial result does not directly confirm that hydrogen played a role in MIDS. To fur-
ther characterize  Al2O3-Al-H interactions, S. Hayashi used GDOES sputter profiling 
to directly identify H at the interface of thin scales formed on René N5 + Y. While 
some interface H was indeed profiled at the oxide-metal interface, there was no clear 
difference between moisture-treated and non-treated scales. An updated review of 
circumstantial evidence above has since been presented, albeit without ‘smoking 
gun’ proof of moisture-induced hydrogen [108].

One final observation deals with G. Hultquist’s correlation of hydrogen produced 
from ambient humidity (extracted from elemental metals, equilibrated over 20 years) 
with the free energy of formation of the metal oxide. H was extracted by meticulous 

Alalloy + 3(H2O)air = Al(OH)3 + 3H+ + 3e−
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and calibrated thermal desorption up to 900 °C under high vacuum conditions [110]. 
The H mass spectroscopy signal was summed and converted into total hydrogen 
content. It is seen in Fig. 12 that total H release increased with the oxygen reactivity 
of the metal. The temperature at which the H-peak was released also increased with 
oxide stability. Thus, hydrogen reactivity (bonding) appears to correlate with oxygen 
(and thus sulfur) reactivity as well. Whether reactive element H-gettering occurs, 
similar to reactive element S-gettering, or how it may ameliorate moisture sensi-
tivity for scale adhesion is speculative, but the parallels are intriguing. Hydrogen 
is known as the ‘stealth embrittler,’ because it is mobile at room temperature, dif-
ficult to retain and detect in post-mortems. H-trapping, artificial  H+ or  H2 injection, 
and theoretical models offer alternative approaches. Some further discussion of H is 
included in the next section.

Atomistic Modeling Studies of Oxide‑Metal Bonding

Theoretical Results Ideally, theoretical quantum chemistry molecular orbital or den-
sity functional theory (DFT) should offer insights regarding oxide-metal bonding. 
While a few early efforts originated via small cluster techniques, the availability of 
DFT software has enabled a more widespread effort. Given the elusiveness of direct 
experimental characterizations of the scale-metal bond strength, corroborations via 
ab initio modeling are appreciated.

Al2O3–metal bond energies were addressed by Johnson and Pepper, then Ander-
son et  al. [111, 112]. In general, the  Al2O3–metal bond was found to increase 
according to the free energy of formation of the metal- oxide due to hybrid electron 
orbitals allowed by unfilled metal d-shells. In cluster models, it was found that a 
Y-dopant formed a strong bond to both Ni metal clusters and  AlO6 oxide clusters, 
about twice that of corresponding Al -Ni bonds or  AlO6–Ni, or -Al bonds. Further-
more, S-contaminated interfaces were predicted to decrease bond strength [113]. 
The binding of  Al2O3 to clean Ni(111) was projected to be markedly stronger than a 
p(2 × 2)S covered Ni(111).

Another decade of experimental alloy sulfur variation and surface analytical 
verifications provided the backdrop for high-performance computing approaches to 
scale-metal adhesion by Carter, Smith, Chen, Zhang, and Sloof et al., as considered 

Fig. 12  Hydrogen trapping 
correlation with metal-oxide 
stability: Thermal Desorption 
Spectroscopy (TDS) of pure 
metals aged for 20 y at ambient; 
(cumulative TDS over 12 h, 
from 25° to 900 °C in 50 °C 
steps) [110]
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below. “The local bonding at the interface led us to investigate (reactive) elements 
with open d-shells that could be added to the bond coat alloy to promote stronger 
interactions at the interface. We perform spin-polarized DFT calculations using the 
Vienna Ab Initio Simulation Package (VASP). … in both the local density approxi-
mation and the generalized gradient approximation to DFT for certain test cases. 
… [114]” They reported clean interface strengths (0.62 J/m2) increased (> 5x) for 
dopants at the Ni(111)/Al2O3 (0001) interface: to 3.35 for Sc, 3.24 for Y, 3.68 for 
Ti, and 3.21 for Zr (in J/m2), summarized in Table 2 and compared graphically in 
Fig. 13. According to this series, transition metal dopants with unfilled d-shells are 
again expected to improve the Ni/Al2O3 bond, i.e., scale adhesion, as presaged by 
Johnson, Anderson et al. [111, 112]. Based on interface strengths here, Ti showed 
the greatest increase, but is generally not effective experimentally, except in FeCrAl. 
1–2% Ti is not effective in practice and may be considered detrimental to overall 
oxidation resistance of many alloys. Next, Sc, not often studied, had been effective 
in FeCrAl [14]. Third, Yttrium is generally the most powerful dopant (likely equiva-
lent to La and Ac group elements), but not predicted as such here. Finally, Zr and 
Hf are often effective experimentally in most NiAl, NiCrAl, and FeCrAl substrates 
and Zr is so indicated here. For single crystal superalloys, ~ 10–100 ppmw Y appears 
to be necessary for optimum  Al2O3 scale adhesion at nominal (5 ppmw) sulfur lev-
els. Some experimental benefit, less than that of Y, may be provided by ~ 0.1 wt% 
Hf dopants. Thus many disconnects between theoretical bond strengths and cyclic 
oxidation results are immediately evident. A subsequent DFT investigation also con-
sidered effects of impurities and dopants on adhesive strength of the  Al2O3(0001)/
NiAl(110) interface, including S, Pt, Hf, Table 2 [115]. It was seen that the clean 
bond strength (0.66  J/m2) was greatly increased (3x) by 1 ML Hf (2.06), greatly 
decreased (3x) by S (0.18), and relatively unchanged by Pt (0.53), in J/m2.

Table 2  Compilation of theoretical NiAl-Al2O3 bond strengths for various RE, Pt, and impurity interfa-
cial dopants

Data from DFT studies by Carter 2002, 2007, Smith 2008 (a,b), Chen 2011, and Zhang 2016 et al.; ther-
modynamic models for undoped and half-couples from Bennett/Sloof 2005, 2006. (111, 110) NiAl and 
(0001)  Al2O3 interface planes
a Half interface

Alloy Clean Hf Zr Y Hf + Y Pt S C Y,Hf + S Study

Ni 0.62 3.21 3.24 Carter 2002
NiAl 0.66 2.06 0.53 0.18 Carter 2007
Ni 3.20 0.62 Smith 2003
NiAl 1.06 3.21 0.36 1.35 Smith 2008a
NiAl+ 3.13 3.21 1.86 1.89 Smith 2008b
NiAl 0.83 1.76 1.05 3.16 0.85 0.27 0.75 Chen 2011
NiAl 0.78 1.34 1.32 1.28 Zhang 2016
(NiAl)a 4.84 4.88 4.73 3.56 3.07 3.30 4.08 Sloof 2005
(Al2O3)a 4.84 6.02 5.86 4.75 2.50 2.21 3.72 Sloof 2006
+Al rich
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The primary question of S segregation and Ni(111)/Al2O3 (0001) bond weaken-
ing was also addressed by Smith et  al. [116]. First-principles computations were 
also performed via VASP. Multiple  Al2O3 surface terminations and S positions 
were considered. They found “…that S substitution for Ni at the interface replaces 
a strong O-Ni bond by a weak S–O bond… (and) weakening of the intrinsic bonds 
by the strain needed to accommodate the impurity, manifested as a larger interfa-
cial separation…. The segregation of 1/3 ML S to oxygen-rich interfaces lowers the 
work of separation from over 3.2 J/m2 to under 2.1 J/m2, (and to as low as 0.62 J/m2 
for 1 ML S segregation), consistent with experimental observations of interfacial 
embrittlement and spalling upon segregation.” Similarly, the same group modelled 
(110) NiAl/(0001)  Al2O3 and Hf and/or S segregants. A number of configurations 
and ML coverages were examined [117]. It was found that the work of separation for 
the clean stoichiometric interface was 1.06 J/m2, decreased to 0.36 J/m2 for 2/3 ML 
of sulfur segregant, increased to 3.21 J/m2 for  HfNi, and moderated to 1.35 J/m2 for 
 HfNi +  SNi co-segregation. For an Al-rich interface the values were 3.13 J/m2 (clean), 
reduced to 1.86 J/m2 for  SNi, increased to 3.21 for  HfAl, and moderated to 1.89 J/m2 
for  HfAl +  SNi co-segregation. Hf segregation is projected to substantially increase 
Wsep or prevent more serious Wsep reductions by co-segregation with sulfur.

Smith et al. constructed Co-Al2O3 interfacial models addressing bond strength 
as affected by H and C content atop a 2-oxygen atom rhombohedral surface 
cell [118]. The calculated data, possibly relevant to moisture-induced hydrogen 
delamination, has been reconstructed and shown as Fig.  14 [108]. Here it can 
be seen that a significant decrease in bond energy is predicted for an H-segre-
gated interface, with weaker interactions from carbon. Specifically, the work of 
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separation decreases from 4.56 for 3C-0H coverage to 0.56 J/m2 as H is increased 
to 3C-3H coverage. This bond energy decrease is comparable to the 1 ML sulfur 
detriment.

Another extensive DFT study of 16 dopant configurations of NiAl(110)/α-Al2O3 
(0001) bonding was also provided by Chen et al [119]. The work of separation,  Wsep, 
was found to increase substantially with Hf, Zr, Y, and Cr dopants and decrease sub-
stantially with an S impurity segregant, Table 2 and Fig. 13. Pt substitution for Ni 
did not affect the clean interface bond strength or remove the detrimental effect of 
S. Hf-Y and Hf-Zr co-doping produced a notable synergistic improvement, while Hf 
additions could only partially mitigate the detrimental effect of S. Other Pt, Cr, and 
S co-doping combinations showed fairly complex, non-linear  Wsep (J/m2) trends:

Generally, RE co-doping produced the strongest bond, followed by a single RE, 
then single Cr and Pt. S doping was always the single weakest configuration, and 
S-RE co-doping was weaker than the clean, undoped interface bond strength.

It is well recognized that Pt foil –  Al2O3 hybrids form practical configurations as 
vacuum-tight metal-ceramic seals. Pt does not fit the high negative free energy of 
oxide formation characteristic of other M-Al2O3 bond strengthening RE segregants. 
Nevertheless, early molecular orbital models revealed higher interfacial strength 
driven by strong Pt–Al bonds [120], as might be expected from the high congruent 
melting point of Pt–Al. Given that Pt replaces Ni in Pt-modified NiAl, it is reason-
able to expect that a Pt-rich surface might improve the oxide-metal bond. However, 
this early result was not reproduced by subsequent ab initio calculations, where Pt 
enriched interfaces produced little change in  Wad compared to the clean NiAl-Al2O3 
interface, Table 2 [115]. It was recognized that a primary role of Pt may be to pre-
vent indigenous sulfur segregation, but that exact mechanism remains unclear. There 

Fig. 14  H, C effects on Co-
Al2O3 interface strength; ab ini-
tio calculations for a 2-oxygen 
atom surface cell; star-points 
data [Smith 2004] and interpo-
lated 3-D diagram [108]
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is also some indication that Pt may slow sulfur diffusion in NiAl + Pt [121, 122], but 
not whether this effect is sufficient to curtail sulfur segregation.

Another DFT study by Zhang et al. has been used to model effects of multiple 
RE segregants on the adhesion energy of the α-Al2O3/β-NiAl interface (Table 2 and 
Fig. 13) [123]. Hf doping of the interface yielded the greatest theoretical increase 
in  Wad over the clean interface (1.34 vs 0.78 J/m2), with decreasing effects ordered 
as Hf > Zr > Dy > Y > La. Increased doping levels and RE co-doping were found to 
increase adhesion values all around. But generally, Y is not observed to be less effec-
tive in practice than Hf or Zr for adhesion as predicted here. Significantly, 1200 °C 
cyclic oxidation experiments of 0.05% RE-co-doped NiAl were also provided in 
correlation to the theoretical projections. All experimental combinations greatly 
improved adhesion over undoped NiAl, equivalently, with Y + La co-doping being 
the least effective. No attention was given to experimental sulfur contents, excessive 
NiAl grain boundary oxidation, probably associated with RE-Ni precipitates.

Lastly, a “macroscopic atom model” was employed as an alternative to DFT 
mega-computing approaches. It was used to estimate the work of adhesion between 
α-Al2O3 and β-NiAl and the bonding of these endpoints to Y, Zr, and Hf reactive 
elements and S, C impurities [124, 125]. The work of adhesion was calculated to 
be 4.8 J/m2 for the undoped NiAl-Al2O3 interface, Table 2, Fig. 13. As such, it is 
not exactly the same as other studies addressing segregants sandwiched between 
the scale-metal interface. Nevertheless, notable similar trends are illustrated. The 
 Al2O3-X interface strength was somewhat increased for Hf (6.0) and Zr (5.9), 
unchanged for Y (4.8), and reduced for S (2.5) and C (2.2), all in J/m2. Similarly, the 
NiAl-X work of adhesion was roughly unchanged for Hf (4.9) and Zr (4.7), lower 
for Y (3.6), S (3.1) and C (3.3) J/m2. Thus, the primary role of the RE was con-
cluded to be the prevention of bond weakening by scavenging of S impurities (with 
Y > Zr > Hf effectiveness) or C impurities (with Hf > Zr > Y effectiveness). Some 
supporting evidence was provided by oxidation tests and X-ray Photoelectron Spec-
troscopy (XPS) of doped NiAl. The use of a RE-  Al2O3 half-system rather than the 
usual NiAl-RE/S-Al2O3 segregated interface poses some questions when comparing 
to other modeling studies, but it can be surmised that the lowest adhesion energy 
can be taken as the weakest link of the Metal-X-Oxide system, yielding the con-
clusion that Zr, Hf, and Y have equivalent effects on predicted bond strengthening. 
Compared to elemental S or C, little difference was observed when using sulfides or 
carbides as the segregated species, or when using RE oxides as the segregated spe-
cies, as compared to RE elements. It was recognized that the high solubility of Hf 
and Zr in NiAl (1 at.%) vs Y (12 ppm) deserves attention in describing experimental 
evidence and agreement with the model.

Recapping, the theoretical model bond strengths from DFT calculations sum-
marized in Table 2 indicate that the ‘clean’ interface strength varied from 0.62 to 
0.83 J/m2 for the stoichiometric NiAl interface. Much higher values were obtained 
for Al-rich NiAl (3.13), for elemental Ni (3.2), and for the macroscopic model 
(4.8), all in J/m2. This suggests that various approaches will produce various results 
beyond the scope of this work to assess. Variances may arise from using Al or O ter-
minated (0001) α-Al2O3 or different epitaxy with (111) Ni or (110) β-NiAl. Effects 
of Ni or Al interlayers, NiAl stoichiometry, or foreign atom positions may also affect 
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the results. Nevertheless, in general, RE-segregated interfaces were 2–4 × as strong 
as clean interfaces, whereas S (and C) contaminated interfaces were 2–5 × weaker 
than the clean interface, when compared within individual studies using the same 
interface definition and model protocols. Positive Cr effects are surprising, but dif-
ficult to reconcile with experimental behavior since Cr is largely present in many 
MCrAl alloys, with no adhesion improvement, but rather shows Cr + S co-segrega-
tion. The absence of Pt  Wad strengthening effects in two studies has been used, by 
default, to support Pt–S interactions and diffusion reduction within the bondcoat. 
However, widespread use of Pt-  Al2O3 vacuum tight seals suggests bonding may 
actually be good experimentally, along with high melting point compounds as evi-
dence of strong Pt–Al interactions as well as the early molecular orbital study [120]. 
The  Wad values in the data sets are thus system specific and sometimes difficult to 
cross compare between studies as invariant properties. This also suggests that com-
parisons to experimental results, having undefined non-ideal interfacial geometries 
and chemistries, may be best viewed in relative terms.

Overall, modeling confirmed the experimentally observed beneficial effect of RE 
dopants and the detrimental effect of sulfur impurities as segregated elements, but 
not in a strictly linear fashion according to various rankings of  Wad. Discrepancies 
with empirical results may arise for sulfur reactivity differences, solubility differ-
ences, and segregation potential, not necessarily addressed by these studies. The 
double role of RE dopants as bond-enhancers vs sulfur-getters thus continues to be a 
long-standing question. Overall, these studies suggest roughly equivalent powers of 
RE strengthening or S weakening, when taken separately. When RE-S co-segregants 
were addressed, the results were not dominated by either, but moderated by each. Pt 
is not always indicated to strengthen the interfacial bond, but may curtail sulfur seg-
regation due to undefined Pt–S interactions within the bond coat.

Comparison to Experimental Trends for Doped/Co‑Doped Alloys It is now useful to 
relate the theoretical dopant studies back to wide-ranging experimental dopant results 
for self-consistent, long-term life tests of 70 + commercial and experimental NiAl, 
FeAl, NiCrAl, and FeCrAl alloys by Pint [13, 126]. Typical dopants examined were 
Ti, Zr, Hf, and Y, and some with Pt alloying. An overview of the primary trends is 
shown in Table 3, summarized in the performance chart of Fig. 15. The legend shows 
a color-coded matrix with over 12,000 h life at 1200 °C for Hf/Y co-doped FeCrAl 
as a top performer compared to 300 h life for undoped FeCrAl at the other extreme. 
Tests generally used 1-h cycles. Life was assessed by (1) time to total mass change 
breakaway, indicating chemical breakdown due to severe Al depletion, or (2) time, 
 t0, for net sample weight to cross zero weight change, indicating accrued spallation. 
Time-to-breakaway was normalized to sample thickness. It should be noted that time-
to-breakaway reflects total inability to reform an  Al2O3 scale and depends, firstly, on 
excellent adhesion and, secondly, on total Al reservoir. Interfacial spallation is one 
degradation factor, but scale and alloy deformation (mechanical and thermal expan-
sion properties) also factor into this extreme durability test. The chart in Fig. 15 sug-
gests best behaviors for FeCrAlY and NiAl-Hf. Y was beneficial to all substrates. Hf 
and Zr were most beneficial to NiAl and PtAl alloys, whereas Ti was only beneficial 
to FeCrAl. Pt was helpful for NiAl, but not to the high level achieved by reactive ele-
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ments. Pint had shown some loose correlation of improved cycle life with the size 
of the RE ion. Good rule-of-thumb dopant/impurity guidelines were demonstrated 
for Y/S > 1 and Hf/C > 1 critical ratios, at least at lower levels. FeCrAl breakaway 
life was generally much greater than that for NiCrAl alloys because FeCrAl ductility 
generally accommodates stress relief more so than stronger NiCrAl alloys. It was also 
significant that higher levels of Hf can be retained in solid solution compared to Y 
without precipitating phases leading to oxidative excess. Finally, the overarching con-
clusion was that any improvement from reduced scale growth rate was less important 
than improved scale adhesion in optimizing cyclic oxidation lifetime. 

Another group examined RE co-doping effects on the cyclic oxidation of NiAl 
[127]. Levels of 0.05 at.% were used for single and co- doped Dy/Hf, Hf/Zr, Y/La, 
and Hf/La, all having 0.1 at.% total RE dopant. Reductions in effective  kp over singly 
doped alloys were sometimes found for co-doped systems in 100 h, 1200 °C cyclic 
oxidation. The lowest rate was found for Hf/Zr co-doping (7.4 ×  10−7  mg2/cm4/s), 
closely followed by Hf and Zr single dopants. The highest rates were found for Dy, 
Y, undoped, and La alloys, in that order. An effective ion cluster radius was offered 
in a diffusion blocking model. However, since growth and spallation amounts were 
combined to extract an effective “parabolic rate” under cyclic conditions, it was dif-
ficult to separate adhesion effects from kinetic effects. Grain boundary precipitation 
in the alloy, and apparent grain boundary oxidation, was another complication.

Table 3  Condensed compilation of cyclic oxidation lifetimes for various high performing doped Fe(Cr)
Al and Ni(Cr)Al alloys/compounds

From long-term testing compiled by Pint et  al. [Shreir’s Corrosion, 2010] and SXSA data from data 
highlighted in this paper. Life based on time-to-breakaway (normalized to 1.5 mm thickness) or time to 
cross zero weight change

T (°C) Base alloy Dopants Life (h) Criterion Fig. #; S (ppmw)

1250 Fe–17Al Ti/Y > 16,000 BRKWY 42
1200 FeCrAl Hf/Y 12,500 BRKWY 31
1200 APMT Hf/Zr/Y 5300 BRKWY 31
1200 APM Zr 5100 BRKWY 31
1200 PM2000 Y2O3 3500 BRKWY 31
1200 MA956 Y2O3 3000 BRKWY 31
1200 214 Zr/Y 800 BRKWY 41
1150 NiAl Hf 12,000 t0 35
1150 Ni(Pt)Al Hf 12,000 t0 35
1150 PWA 1484 Hf > 1000 t0 0.10 S
1150 René N5 Hf > 1000 t0 0.01 S
1100 AM1 Hf 7000 t0 0.12 S
1100 PWA 1484 Hf > 2000 t0 0.01 S
1100 René N5 Hf > 1000 t0 low S
1100 PWA 1480 none > 1000 t0 0.1 S
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The theoretical models, at least for NiAl, seem to indicate greatest increase in alu-
minum oxide-metal bond strength with Hf/Y co-dopants, with Hf as the best single 
dopant, and Y less effective. One study resulted in the order of Hf > Zr > Dy > Y > La 
while another reported Ti > Sc > Y = Zr. Pt produced no change. This is mostly con-
sistent with the experimental results showing high life values for Hf-doped NiAl. 
Less effectiveness for Y is puzzling, but experimental NiAl + Y literature is sparse, 
except for ion implantation and short exposures. Co-doping was indeed shown to 
be effective experimentally, but only for other alloys. In contrast, Ti is known to 
be ineffective for NiAl, while Pt is helpful, especially in commercial aluminide 
coatings. Thus, predictions from theoretical models are not in total agreement with 
experimental results. RE effects on sulfur segregation, produced in the alloy, are 
just as important or more so in practice as is the RE bond strengthening effect pre-
dicted for the interface. Modeling sulfur activity in the alloy (segregation potential) 
as a function of RE additions may therefore be a fruitful avenue to pursue. Alterna-
tively, thermodynamic modeling of RE behavior in the alloy also provides guidance. 
Gheno et  al. have used CalPhaD and Thermo-Calc to describe Hf-doped NiCrAl 
in order to predict internal  HfO2 formation [128]. Basic trends were identified as a 
function of Cr, Al, and Hf content as well as O, S, and C levels. Their strategy pro-
vides a template to study different alloys and dopants.

Pint also points out the importance of alloy mechanical properties [98]: “…both very 
strong and very weak substrates are less resistant to spallation. Strong substrates do not 
dissipate strain energy by creep and thus allow strain energy to build to failure, whereas 

Group IIIB IIIB IIIB IVB IVB IVB PGM
Row 4 5 6 4 5 6 6 FeCrAl extremes

Dopant Sc Y La Ti Zr Hf Pt Hf/Y: 12500 h @1200°C
Alloy  Y: 9000 h @1200°C
SXSA best 
Ni3Al very good
NiAl good
NiCrAl somewhat
Fe3Al ineffec�ve
FeAl none: 300 h @1200°C
FeCrAl
PtAl X

down across
Y good for all, best for FeCrAl SXSA: Y works best, Ti not at all, Zr, Hf somewhat
Ti only works for FeCrAl Ni3Al: Y helps, Ti not at all, Zr, Hf somewhat
Zr works good for Ni(Pt)Al, FeCrAl, not for SXSA NiAl: Y helps, Ti not at all, Zr very much, Hf best
Hf works best for NiAl (NiPtAl); Fe-17Al? Fe17Al: Y helps, Hf be�er

.doogllafH,rZ,iT,aL,cS;tsebskrowY:lArCeFlAiNroflufesutsomtP
PtAl as good as NiAl, Zr very helpful

Fig. 15  Performance chart of cyclic oxidation lifetime of various alloys/compounds as a function of RE 
dopant, largely based on the long-term testing performed by Pint et  al. [Shreir’s Corrosion, 2010] and 
from SXSA data presented in this paper. Life based on time-to-breakaway (normalized to 1.5 mm thick-
ness) or time to cross zero weight change. Color coded (pink), from a minimum life of 300 h at 1200 °C 
for undoped FeCrAl, up to blue for 12,500 h maximum life for Hf/Y-doped FeCrAl (Color figure online)
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weak substrates may be deformed isothermally by scale growth stresses, resulting in 
convoluted scales which spall on cooling…” Also, with regard to mechanical behavior 
and modeling of  Al2O3, it is recalled that bulk  Al2O3 creep rates follow the oxygen 
ion charge [47] (from − 1.2 to − 1.5), first increasing with Mg and Ti, then decreasing 
over 3 orders of magnitude according to Sr, Zr, Y, and Y/Zr co-doped  Al2O3 (“Growth 
Stress” section). These creep trends reflect grain boundary segregation effects on stress-
induced grain boundary transport and may have a correlation with diffusivity and cor-
responding doped scale growth kinetics. Reduced kinetics are helpful from the stand-
point of lower strain energy accumulated for extensive (growth) exposures. Outward Al 
growth with associated vacancy injection may also be reduced. Any direct connection 
with adhesion is not clear, but it is interesting to point out that Ti (increased  Al2O3 
creep rate) is usually ineffective as an adhesion dopant, while Y and Y/Zr co-doping 
(decreased  Al2O3 creep rates) are most effective, in that order. The implication is that 
doped  Al2O3 grain boundary structures, electronic transitions, and dopant interactions 
affecting creep may also be related to those affecting oxide-metal bonding.

Al2O3 Scales on MAX Phases—A Curious Footnote

Alumina-forming M-A-X phases present another intriguing, perhaps off-beat, but 
related topic. Briefly,  Ti3AlC2  Ti2AlC, and  Cr2AlC ceramic compounds are well 
known to form protective  Al2O3 scales with kinetics comparable with those formed 
on metal alloys [129, 130]. Fine grain scales again control the rates by grain bound-
ary diffusion. Protective behavior was observed up to 1400 °C. Planar interfaces are 
more prevalent on the ceramic MAX phases than on more ductile metals, although 
MAX phase creep strength at very high temperatures is not especially good.

While initial transient oxidation is dominated by  TiO2 formation on the Ti com-
pounds, long term scale growth is dominated by a healing sub-layer of  Al2O3. 
It is unclear how the presence of ample Ti dopant in the scale does not seem to 
adversely affect subsequent kinetics as would be expected in Ti-containing super-
alloys or TiAl intermetallics. 1200  °C oxidation of  Ti2AlC, without RE dopants, 
never produced spallation for up to 2800 h of interrupted oxidation or during 1000 
1-h cycling because of excellent CTE matching with α-Al2O3, (9.62 ×  10−6/K vs 
7.2–8.6 ×  10−6/K) and residual compressive stress under 0.65 GPa [131]. This 
matching has enabled extensive scale thickness (35 μm) and TBC top coat compat-
ibility on  Ti2AlC with no interfacial failure after 500 h at 1300°C [132]. However, 
scale or substrate damage makes the compound easily susceptible to runaway oxida-
tion via non-protective mixed  TiO2-Al2O3 scales [133–135].

The CTE differential is larger for  Cr2AlC (13.3 ×  10−6/K) than for the Ti-based 
MAX phases. Interfacial spallation is often observed after oxidation at 1200  °C, 
revealing tell-tale interfacial imprints of the  Al2O3 grains in the substrate [136]. Unlike 
the Ti MAX phases (which show no depletion zones), the  Cr2AlC substrate forms a 
deleterious  Cr7C3 depletion zone, often with entrapped porosity and no  Al2O3 refor-
mation ability. It is logical that better CTE matching of MAX phases with α-Al2O3 
reduce cooling stresses and enable better cyclic scale retention. It also appears that the 
Ti MAX phases possess high Al diffusivities and stoichiometry adjustments with basal 
plane faulting compliances that help avoid distinct depletion zones.
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A question arises as to whether carbon or sulfur affects scale adhesion for any MAX 
phases. Prevalent C (25 at.%) does not seem to affect interfacial adhesion. But  CO2 for-
mation may promote void formation in the depletion zone. Also,  Cr2AlC was hydrogen 
annealed in an attempt to improve adhesion, but sulfur was only reduced to 7.4 ppmw 
from 9.4 ppmw [134]. Only a slight, short term improvement in scale adhesion occurred, 
and both conditions were prone to delayed, moisture-induced spallation. Overall, it is 
clear that CTE matching  (Ti2AlC) has allowed perhaps the longest cyclic  Al2O3 scale 
durability on any substrate at the highest temperature (1300 °C), without the use of RE 
dopants. Other than initial  TiO2 transient oxidation, the exact role of Ti in  Al2O3 growth 
and spallation is unclear. This bears some relation to broader scale adhesion issues, but 
MAX phase behaviors do not necessarily resolve any of the current questions regarding 
 Al2O3-metal adhesion. They are mainly consistent with expectations for a reduced driv-
ing force for scale spallation due to lower CTE mismatch stresses.

Final reflections

A point-by-point logic test is provided in the “Appendix” offering rebuttals or con-
firmations of various adhesion premises. Based on this assessment, a hierarchy of 
effects is presented in Fig. 16. First, control (elimination) of sulfur segregation is the 
only factor found to be both necessary and sufficient to impart significant alumina 

I. Prevent sulfur segrega�on
• low sulfur alloys, or
• reac�ve element S ge�ering
• Pt alloying effects
• Also Hf, Zr carbon ge�ering
• Avoid H, H2O, etc.

II. Strengthen interfacial bond
• reac�ve element interface
• Pt-Ni interface exchange

III. Prevent interfacial voids
• low sulfur alloys, or
• reac�ve element S ge�ering
• Pt alloying effects

IV. Reduce growth; 
keep planar interface

• reac�ve element doping
• Alloy and scale strength

Fig. 16  Hierarchy of scale adhesion factors, ranked by criticality (necessary and sufficient). Sulfur seg-
regation must first be limited by ultra-low sulfur alloys, RE gettering, Pt additions or some combination. 
RE segregation likely improves the interfacial bond, whereas H, C,  (H2O) may also weaken it. Void pre-
vention is secondarily useful. However, growth rates do not affect interfacial adhesion markedly
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scale adhesion. It thus assumes the highest level in the diagram. Second, additional 
bond enhancement is conferred by RE interfacial doping, but is not required for 1st 
order effects on adhesion. Third, void control is helpful, but recognized as a result of 
curtailing sulfur segregation and nucleation promoted by low surface energy. This is 
more essential than by providing vacancy sinks or reducing Al transport and outward 
scale growth. Finally, reduced growth rates help to minimize the strain energy in the 
scale due to CTE mismatch stresses, but cannot itself compensate for an already 
weak interface. RE dopants may additionally produce strengthening effects in the 
bulk scale and alloy and thus reduce creep, ratcheting, and buckling, thus helping to 
maintain a flat interface.

According to such an outline, a recipe for addressing optimal performance based 
on increased adhesion and long-term cyclic oxidation resistance is offered and pre-
sented graphically, Fig. 17. Ideally, a base alloy of very low sulfur is preferred, on 
the order of 0.1 ppmw (~ 0.15 ppma) or less. Otherwise, reactive element additions 
should be high enough to decrease sulfur (and carbon) activities, and thus segre-
gation, but not large enough to produce excess oxide intrusions (i.e., overdoping). 
 REIII /S and  REIV /C ratios ≥ 1, at a minimum, can serve as a guide. It is also use-
ful to consider strategies to maintain a flat interface without undulations and stress 

Fig. 17  Schematic of adherent alumina scale features. Low sulfur and RE, Pt-doped substrate to reduce 
S, C activity and segregation. No sulfur interfacial segregation or voids. RE interface segregation for 
improved strength; Pt preference to Ni interface for selective  Al2O3 formation (bonding?). Columnar, 
inward growing grains with RE segregation to reduce aluminum-outward, oxygen-inward kinetics and 
increase creep strength



38 Oxidation of Metals (2022) 97:1–50

1 3

concentrations. Base alloys are strengthened, such as Zr, Hf-doped NiAl, or solid 
solution strengthened and precipitate hardened superalloys. Here high  REIV solubili-
ties (compared to Y for example) allow for a greater strengthening effect. Similarly, 
Y, Zr/Y, or Nd/Zr co-doping produce very creep resistant bulk  Al2O3 (“Scale Plas-
ticity” and “Growth Stress” sections). This could reduce scale ratcheting effects dur-
ing cyclic exposures. In the other direction, moderately soft alloys could deform at 
temperature, on cooling, and relax interfacial CTE stresses during more demanding 
breakaway, long-term oxidation life testing. Here, weaker FeCrAlY may be an asset, 
in contrast to stronger NiAl-Hf. Co-doping may reduce scale growth via outward Al 
 (REIV doped) or inward O  (REIII doped) grain boundary diffusivity. Reduced scale 
thickness produces a corresponding reduction in stored elastic strain energy, the 
driving force for spallation on cooling. Based on limited DFT information,  REIII/
REIV co-doping may increase interface strength as well. Some guidelines regarding 
atomic size or oxygen ‘ionicity’ have been proposed.

An abbreviated overview of the many factors discussed here is presented in 
Table  4 to broadly scope the ~ 50  years. history of developments along with any 
key technology that enabled the observation. Scale morphology, 18O tracer studies, 
scanning and hot stage Auger, SIMS, FIB-STEM, sulfur and RE segregation, desul-
furization, and DFT all played a role. The broader mosaic of fine features amassed 
over countless related studies (~ 1000 from search results) have provided a rich tap-
estry of adhesion phenomenology and empiricism. All of these characterizations 
assume various positions of increased characterizations, understanding and benefits. 

Table 4  50 year timeline of selected advances to understanding alumina scale adhesion

Technique Base material Observation Era

SEM FeCrAl Scale rumpling, voids 1972
SEM PtAl Adhesion w/o RE 1976
SEM CoCrAl Pegging 1977
SEM FeCrAl Equiaxed, columnar grains 1979
Hot stage Auger NiCrAl S surface segregation 1985
Sulfur reductions NiCrAl Adherence, undoped 1986
X-STEM FeCrAl Y interface, g.b. segregation 1987
Hydrogen annealing PWA 1480 < 0.1 ppm S, adhesion 1989
Auger, scratch NiAl S interface segregation 1991
18O imaging SIMS Fe–Al, Ni–Al Inward + outward growth 1992
In-situ Auger scratch FeCrAl S interface segregation 1992
X-STEM NiAl S interface segregation 1996
PLS FeCrAl Direct stress measurement 1996
Re-oxidized wedge FeCrAl Inward + outward growth 2005
Imaging SIMS, sputter profile AM1, Ni(Pt)Al Sulfur distributions 2009
FIB-STEM Fe(Ni)CrAl Y, Ti, Hf g.b. segregation 2010
Molecular orbital Ni Y, Pt, S bonding 1985–1990
DFT NiAl RE, Pt, S bonding 2002–2018
ToF–SIMS FeCrAl Inward + outward growth 2017
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However, conclusions equating coincidence as primary cause and effect may be mis-
leading and less productive for further progress. For example, it is easy to observe 
the numerous RE effects, but overlook changes in sulfur interface segregation, since 
the latter often require specialized techniques. For undoped alloys, the indigenous 
low sulfur impurity levels of ~ 1–10 ppmw or more will almost certainly segregate, 
decrease interface strength, and lead to alumina scale spallation. Conversely, typical 
RE doping will almost certainly restrain sulfur segregation at typical impurity lev-
els, thus preventing significant interfacial weakening, irrespective of, and simultane-
ously with, any other vestige or RE effect. Studies of scale spallation and adhesion 
mechanisms should address this conundrum or avoid it experimentally to allow for 
more robust conclusions.

The same is true of sulfur-based models that need to acknowledge secondary ben-
efits of RE segregation and interfacial strengthening. The difficulty lies in quanti-
fying each. In this regard, the stub pull test and the in-situ Auger scratch test pro-
vided a more definitive picture: the force required to remove the scale, the amount 
of scale removed, and correlations with underlying sulfur or RE interface segrega-
tion level (“RE-S Counter-Doping and Critical Ratios” section). Complementary 
cyclic oxidation behavior can be used to confirm those assessments. Non-adherent 
scales may not be retained well-enough to obtain meaningful results in a scratch 
or pull-off adhesion test; measurements of very high interfacial strength are limited 
by the epoxy strength. Characterizations can be supported by cross-sections using 
FIB-STEM EDS chemical information at nm level interfaces. Hydrogen charging or 
cathodic de-scaling potentials may offer an additional measure of adhesion strength.

Typical experimental designs may limit broader conclusions. Most successful low 
sulfur alloy studies focused on varying the sulfur content with no variation in the 
RE levels (Y, Hf in single crystal superalloys). On the other hand, most RE dopant 
studies relied on a fixed indigenous sulfur content, generally around 3–25 ppmw. 
While adherent behaviors were demonstrated with  t0 over 5000 h at 1100  °C and 
over 1000 h at 1150 °C for single crystal superalloys having just 6% Al, long term 
durability could not be sustained at 1200 °C. On the other hand, RE-doped NiAl, 
FeCrAl, and Fe–17Al alloys were shown to resist breakaway at 1150 °C, 1200 °C, 
and 1250  °C, respectively, for over 12,000 cycles (“Comparison to Experimental 
Trends for Doped/Co-Doped Alloys” section). Ni-base superalloys are distinguished 
by high temperature creep strength and load bearing applications, while the latter 
group consists of basically ductile heater alloys or brittle coating alloys with inad-
equate mechanical properties. The oxidation resistant wrought or ODS alloys gen-
erally possess both environmental and strength properties somewhere in between 
these two classes.

Note that in these comparative studies and in many of the recent cyclic life stud-
ies evaluating  Al2O3 scales, 1000 h has become more of a standard demonstration 
of respectable life, with 5000–10,000  h tests in some cases. Temperatures of at 
least 1100 °C are a minimum requirement, with 1150° and 1200 °C becoming more 
common. It is no longer sufficient to present ≤ 100 h test results to discriminate and 
rank exceptional performance. In that regard, long-term, higher temperature per-
formances of undoped, low sulfur NiCrAl, FeCrAl, and NiAl are not equivalent to 
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that of doped alloys. This may provide some differentiation between low S and RE-
doped interfacial scale adhesion.

DFT has provided insights regarding  Al2O3–NiAl bond strengths (“Theoretical 
Results” section). Both the detrimental effect of S and improvements due to Hf, Zr, 
Y segregants are typically confirmed. Whether Hf and Zr are actually superior to 
Y dopants for alloys other than NiAl is a question raised by experimental evidence 
to the contrary. Thus, DFT of other FeCrAl, NiCrAl base systems (not just Ni or 
NiAl), closely compared to empirical results, may be instructive.

Other approaches relate to the segregation potential of sulfur. Sulfur activity in 
the alloy along with the surface energy decrease realized by interfacial segregation 
provide the thermodynamic driving forces based on sulfur content, the enthalpy 
of segregation, and alloy composition. The reactivity of sulfur-active RE dopants 
greatly affects sulfur activity. Reactivity may vary with free energy of their dopant-
sulfides, while RE segregation is promoted by low solubility in the base alloy (e.g., 
for the series Sc, Ti, Y, Zr, La, Hf, Ce, Th). Alloy phases (γ-Ni–Al, γ’-Ni3Al, and 
β-NiAl or NiCrAl vs FeCrAl vs superalloys) may provide additional insights. Exper-
imental thermodynamic measurements would be welcome, but difficult. Thermody-
namic modeling may be revealing, if databases exist.

Regarding RE co-doping, there are some interesting intersections across various 
phenomena. The systems seem to highlight combinations of tri-valent group  REIII 
and quadrivalent group  REIV. For example, Y/Hf doped FeCrAl exhibited a cyclic 
oxidation performance peak of 12,500 h at 1200 °C (breakaway, Table 3 and Fig. 15). 
DFT modeling of Y/Hf doped  Al2O3-NiAl interfaces produced a 4 × improvement 
in  Wad (“Theoretical Results” section). Permeability tests (“Growth Stress” section) 
of  LuIII and  HfIV doped layered-wafers exhibited a 3 × reduction in outer Al diffu-
sivity (Hf) and a 2 × reduction in inward O diffusivity (Lu). Furthermore,  YIII/ZrIV 
co-doped bulk  Al2O3 (“Growth Stress” section) enabled a 400 × reduction in creep 
rate at 1250  °C and > 15 × reduction observed for  NdIII/ZrIV doping. The origins 
for such effects may appear disconnected: Oxidation effects (“Atomistic Modeling 
Studies of Oxide-Metal Bonding” and “Comparison to Experimental Trends for 
Doped/Co-Doped Alloys” sections) were related to Y/S and Hf/C gettering ratios. 
 Wad increases may simply arise from greater levels of total interfacial RE or specific 
interfacial arrangements. Creep effects may arise from special grain boundary com-
plexions or electronic density of states that restrict electron/ionic defect transport. 
Some of these phenomena may just be coincidence, but others may imply a special 
 REIII/REIV synergy that influences bond strength.

Resolving outlier effects often has the serendipitous outcome of a novel or deeper 
level of overall understanding and new lines of development. Understanding exactly 
how Pt, with no sulfur reactivity, diminishes segregation and improves bond strength 
would be helpful. Initial DFT analyses have not found any bond enhancement for Pt-
enriched interfaces but suggest a reduced sulfur diffusivity in a β-phase Ni–Pt–Al 
matrix. Careful studies identified unexpected Pt-Ni exchange at the interface and Pt 
reduction of sulfur transport in the base NiAl alloy (“Pt Effects” section). No other 
Pt-metal group element has been found to be particularly effective.

Detrimental effects of C, H, or  H2O on scale adhesion are sometimes indi-
cated, but generally much less dominating than S; they may be of little practical 
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significance. But, in specific instances, it is useful to keep them in mind for perhaps 
making an adherent scale more so. Empirical verification of C (or H) at interfaces 
would be of interest, but difficult to analyze. SIMS and GDOES appear to be the 
most applicable techniques, but resolution limits for thick scales may be difficult.

In review, there is no lack of interesting avenues to explore. Combining tech-
niques (below) across various base alloys may ultimately be more conclusive. 
Accordingly, some directions for evaluating, understanding, and improving scale 
adhesion (cyclic oxidation resistance) are offered:

Experimental:

Experimental bond strength (tensile or scratch test) vs RE dopant, S content, and 
interfacial segregation levels for various base alloys.
Adhesion or failure correlations with diffusional and mechanical (creep) proper-
ties of the scale and alloy.

Modeling:

Sulfur thermodynamic activity in the substrate vs dopant level, reactivity, and 
solubility, as well as base alloy composition. Interface energetics for site competi-
tion (Pt, RE) or co-segregation (Cr) vs S.
DFT of bond strength for various dopant and sulfur levels, applied to various base 
alloys. The possibility of H and C effects could also be considered.

Summary and Concluding Remarks

This chronological assessment attempted to retrace advances in understanding 
protective  Al2O3 scale adhesion for typical oxidation-resistant, high-temperature 
alloys. The classic mechanisms were addressed: pegging, scale plasticity, growth 
stress, and vacancy sink. Historical evidence was cited that conclusively contra-
dicted each of these proposed mechanisms. Subsequently, most empirical results 
and current understanding (since 1985) support the chemical bond theory. Herein 
scale spallation from undoped alloys is triggered by bond weakening resulting from 
strong (> 20%) sulfur (impurity) segregation, from only a few ppm in the base alloy. 
Removing sulfur to 0.1 ppmw levels in the bulk alloy precludes segregation and 
can produce excellent cyclic oxidation resistance, without reactive elements. Sulfur 
reductions also eliminate detrimental void production. Sulfur-reactive (≈ oxygen-
reactive) RE element doping at ~ 0.01–0.1% levels produce adherent scales primar-
ily by reducing sulfur activity and segregation. This may occur in solution or by 
forming complexes or precipitates. Additional adhesive strength can be conferred by 
reactive element interfacial segregation, but cannot totally counteract intentionally 
sulfur-doped alloys (e.g., where S ≥ RE). Other reactive element effects may be ben-
eficial in secondary roles (reducing carbon and moisture-induced spallation effects, 
decreasing grain boundary diffusion (growth) and creep (deformation) in the scale 
or base alloy.
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Quantifying the contributions of each RE effect in a balanced fashion has been 
challenging. Combining diverse techniques over a variety of base alloys may 
improve understanding, but with the cost of experimental complexity. DFT models 
of interfacial strength offer more flexibility, but current results do not closely rank 
RE dopant effects on strength according to experimental cyclic oxidation weight 
change results.  REIII and  REIV co-doping suggest intriguing intersections among 
phenomena: outstanding cyclic oxidation life, DFT interface strength, and, respec-
tively, reduced O and Al grain boundary diffusivity, as well as S and C interactions 
in the base metal. Thermodynamic assessments of S-RE-base metal interactions 
may provide additional understanding of segregation potential and consequent scale 
adhesion. Given the immense body of prior work associated with scale adhesion, 
advanced literature search algorithms may uncover details of countless pertinent 
past studies in order to optimize new studies.

Appendix: Summary of Point‑by‑Point Logic Assessments

1. Pegging

Premise: RE-doped alloys form adherent scales because RE-oxide intrusions 
impart interlocking mechanical strength to the interface.
Contradiction: Many RE-doped alloys form adherent scales without pegs. Low 
sulfur alumina-forming superalloys form very durable scales without RE or pegs. 
There may be instances of spallation of RE/S co-doped alloys, with pegs.

• Pegs are not necessary or sufficient for adhesion.

2. Scale Plasticity

Premise: RE-doped alloys form adherent scales because the scale is generally 
finer grain size with more opportunity for stress relief by grain boundary defor-
mation processes.
Contradiction: RE-doped bulk aluminas are orders of magnitude more creep 
resistant than pure or Ti-doped  Al2O3. RE grain boundary segregation is uni-
versally found, reduces grain boundary diffusivity and Coble creep. Plasticity is 
actually more prevalent for undoped scales, which indeed wrinkle at temperature 
and delaminate upon cooling.

• Scale plasticity is neither sufficient nor necessary to produce adhesion. In fact, 
greater plasticity is associated with non-adherent behavior.
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3. Growth stress

Premise: RE-doped alloys form columnar adherent scales because growth is 
primarily by stress-free oxygen inward diffusion and preferential growth at the 
metal interface. Equiaxed scales for undoped alloys results from both outward Al 
and inward O diffusion. This allows growth within the scale and produces highly 
stressed, convoluted scales and spallation.
Contradiction: Growth stresses were calculated from residual stress actually 
measured by photo-luminescence spectroscopy. The stress on adherent scales 
for RE-doped alloys (− 1 GPa) was greater than that determined for non-adher-
ent scales on undoped alloys. Convolutions occur because of Coble creep and 
debonding of undoped  Al2O3 scales. RE doped scales are more resistant to creep 
and buckling, but still under high stress. Changes in growth direction and reduced 
kinetics do not dominate adhesion. Increased growth stress does not indepen-
dently cause spallation, though it may contribute to long term strain energy and 
eventual breakaway failure of adherent scales.

• Decreased growth stress is not sufficient or necessary to produce adhesion.

4. Vacancy Sink

Premise: Interfacial porosity destroys large areas of scale-metal attachment, 
allowing debonding, stress concentrations, and spallation upon cooling. Outward 
Al growth produces interfacial vacancies that form voids on undoped alloys. RE-
doped or oxide-dispersed alloys provide numerous internal sites for vacancy anni-
hilation.
Contradiction: Interfacial scale spallation has been observed without voids. Some 
outward growth occurs on RE-doped alloys without void formation.  Al2O3 dis-
persoids are not sufficient to prevent void formation and produce adherent scales, 
only RE dispersoids are. Sulfur doping can exacerbate void formation, even with 
RE-doping. Desulfurizing can eliminate void production and impart adhesion 
without dispersoids or RE doping.

• Voids are not necessary for spallation. Outward growth is not sufficient to pro-
duce voids. RE-doping is not sufficient to prevent voids. Vacancy sinks are nei-
ther sufficient nor necessary for adhesion.
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5. Graded Seal

Premise: An interlayer forms with a chemical gradient that ‘spreads’ the thermal 
expansion mismatch stress and diffuses any interfacial stress concentration.
Contradiction: FIB-STEM cross-sections of adherent  Al2O3 scales on RE-
doped substrates show no discreet, graded interfacial layer. Interfacial chem-
ical segregation has been observed, but only over 1–2  nm. A CTE gradient 
across the entire μm’s- thick scale would only displace the highest stress, not 
eliminate it.

• No graded interfacial scale phase is observed for adherent scales; a graded 
seal is not necessary or sufficient for adhesion.

6. Chemical Bond

Premise 5a: RE elements segregate to the oxide-metal interface and produce a 
strong interfacial chemical bond that prevents spallation.
Partial Contradiction: Scale adhesion can be produced for low sulfur alloys 
without RE. Single crystal superalloys with Hf do not necessarily form fully 
adherent scales. Adding enough sulfur to RE-doped alloys destroys scale adhe-
sion.

• RE-doping is not always necessary for (primary) adhesion. RE-doping is not 
always sufficient for (primary) adhesion.

Premise 5b: Sulfur removal precludes sulfur segregation and bond weakening. 
RE element dopants also prevent indigenous ppm sulfur impurities from inter-
face segregation and bond weakening. Sulfur co-doping with RE prevents an 
adherent scale, except for high RE/S levels or at very low ppm levels of S.
Partial Contradiction: RE-dopants may also segregate and strengthen the inter-
facial bond for low sulfur alloys.

• Sulfur removal is sufficient to produce (primary) scale adhesion for undoped 
alloys. Sulfur doping RE-doped alloys is sufficient to produce spallation. Fur-
ther (secondary) strengthening by RE-doping may occur, but may not be nec-
essary. Control of sulfur segregation is always necessary for adhesion.
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Secondary factors. Carbon may be a detrimental contaminant but much less 
powerful compared to sulfur. In that regard, Hf-C interactions are helpful, 
but Hf doping in single crystal superalloys does not preclude some spallation. 
Also, moisture removes partially adherent scales on alloys having intermediate 
sulfur levels and may contribute to delayed spallation of highly stressed more 
adherent scales. Electrochemical hydrogen charging can strip an adherent scale 
on RE-doped superalloys. Pt improves scale adhesion, especially on β-NiAl, 
but in large part by somehow curtailing sulfur segregation.

• C,  H2O (H) may be secondary factors increasing spallation, presumably by inter-
facial segregation, but are not necessary. Pt is helpful in reducing sulfur segre-
gation and increasing adhesion, especially for NiAl, but is not necessary.
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