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ABSTRACT

This study aimed to compare the dynamic microstructure evolution and the

creep mechanical properties of second-generation nickel-based single-crystal

superalloys at 780 �C/720 MPa and 850 �C/720 MPa. A method based on in situ

scanning electron microscopy creep testing was used to identify the occurrence

of slip bands. At the same time, the deformation mechanisms at 780 �C and

850 �C were discussed. The creep life at 780 �C was longer, almost five times

that at 850 �C. Moreover, significant necking occurred in the primary creep at

780 �C, which controlled the entire creep process and accounted for almost 50%

of the total life. In comparison, the primary creep at 850 �C was obviously

shortened, mainly showing the characteristics of the second and third stages; the

necking was mainly concentrated in the later stage of creep. This difference

must be caused by the dislocation motion. The slip deformation mainly occurred

at 780 �C, and the\ 112[dislocations shearing c0 strengthening phase left

obvious slip bands on the surface. The dislocations moved in the matrix channel

in the early stage of creep at 850 �C, and the dislocations sheared c0 strength-
ening phases in the later stage of creep while leaving obvious slip bands on the

surface.

Introduction

Nickel-based single-crystal superalloys have been

extensively used in aero engine turbine due to their

excellent creep and fatigue resistance at high tem-

peratures. Second-generation nickel-based single-

crystal superalloys are now used as turbine blade

materials in view of their stability under long-term

service. However, centrifugal stress resulting from

high-speed rotation can cause creep damage to frac-

ture. Therefore, the creep property has become one of

the main characteristics of nickel-based single-crystal

superalloys [1, 2].
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During service, different parts of the blade usually

endure different temperatures and stresses. The root

part of the blade is subjected to a low-temperature

and high-stress environment, while the tail part is

subjected to a high-temperature and low-stress

environment. Mechanical properties and creep

mechanisms show obvious differences in different

temperature ranges [1, 3, 4]. According to different

creep mechanisms, the creep behavior of nickel-based

single-crystal alloys can be divided into three tem-

perature ranges: the low-, middle-, and high-tem-

perature creeps [2]. It is generally believed that in the

high-temperature creep (T/Tm C 0.7), dislocations

move via climbing and cross-slip, and the

microstructure presents an obvious rafting phe-

nomenon [5–7]. In the middle-temperature creep (T/

Tm & 0.6–0.7), dislocations in the matrix move

mainly along\ 110[direction without shearing the

strengthening phase [8–10]. However, at low tem-

peratures (T/Tm\ 0.6), the creep deformation

mainly depends on dislocations by shearing the c0

strengthening phase coupled with various planar

defect formations, for example, superlattice intrinsic

or extrinsic stacking fault and antiphase boundary

[11–14]. At low temperature and high stress, the

creep tests are mainly controlled by the slip

of\ 112[dislocations [15–18].

Considering the fact that creep is extremely sensi-

tive to temperature and stress, several studies

reported its deformation mechanism. Dongqing Qi

et al. [17] studied the microstructure of nickel-based

single-crystal superalloys after creep at 760 �C/
850 MPa and found that high-density stacking faults

were formed in the c0 precipitate during the creep

deformation process. The study of the [001] orienta-

tion of DD6 alloy under the creep condition of

760 �C/800 MPa showed that the\ 112[disloca-

tion ribbons could cut the c and c0 phases at the same

time and produce considerable primary creep [18].

Some researchers [19, 20] also found that dislocations

were more likely to move in the matrix channel when

the temperature was close to 850 �C. According to the

report by Zhen-xue SHI et al. [19], under 850 �C/
550 MPa creep condition, the lateral merging of c0

precipitates began along the direction of the applied

stress. The shearing of c0 precipitation did not seem to

be a creep deformation–controlling mechanism, and

some dislocations were piled up in the c matrix

channel and the interfacial regions of the c/c0 phase.
Indeed, in the well-cited paper of Pollock and Argon

[20], which dealt with the creep deformation behav-

ior of CMSX-3 at 825 �C/450 MPa, no stacking fault

shear was reported: the dislocations propagated from

grown-in dislocations looping through the channels

between the c0 precipitates. Nevertheless, since the

aforementioned studies used non-in situ methods,

the influence of the movement of dislocations on the

evolution of the microstructure and the creep per-

formance is still unclear so far. The in situ research

method could dynamically observe the process of

microstructure evolution in the creep process in real

time, which solved the aforementioned problems. In

recent years, the research team used a self-designed

in situ high-temperature tensile test platform com-

bined with scanning electron microscopy (SEM) to

examine the tensile deformation behavior of Ti6Al4V

alloy and nickel-based alloy [21–25].

Based on the high-temperature in situ tensile

equipment developed by the research group in the

early stage, the low temperature and high-stress

in situ creep tests were performed in this study. Also,

the microstructure evolution during the creep tests of

the second-generation nickel-based single crystal at

780 �C/720 MPa and 850 �C/720 MPa was observed.

In this study, the occurrence of necking at two tem-

peratures was observed, and its effect on creep

properties was analyzed. In addition, the difference

in creep mechanism was intrinsically related to the

dislocation motion. In this study, the invisible dislo-

cation behavior was related to the surface slip bands,

and the different creep mechanisms at two tempera-

tures were explored.

Materials and methods

Sample preparation

The second-generation nickel-based single-crystal

superalloy with [001] orientation was prepared by

directional solidification and crystal selection. The

nominal chemical composition was Cr 4.3, Co 9.1, W

8, Al 5.2, Ta 6, Re 2.5, Mo 1.5, Hf 0.1, and Nb 0.5

(wt.%), and balanced by Ni. The single crystal was

treated as follows: 1290 �C/1 h ? 1300 �C/
2 h ? 1318 �C/6 h, air cooling (AC) ? 1130 �C/4 h,

AC ? 870 �C/32 h, AC. In this study, the orientation

deviation of the material from standard [001] was

determined to be less than 10� using the electron

backscatter diffraction (EBSD) technique. The
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samples for the creep test were then cut using the

electric discharging machining technique at the

dimensions shown in Fig. 1a. Figure 1a shows the

sample with a gauge of 2 9 2 mm2 and a thickness of

0.7 mm. The loading direction was [001], and the

normal direction of the observation plane was [010].

Before creep testing, the samples were mechani-

cally ground with SiC abrasive papers until no

obvious scratches were found on the surface. Then,

the samples were polished using a diamond water-

soluble polishing paste with a particle diameter of

0.5 lm until the mirror was smooth. Subsequently,

the electrochemical polishing was executed with a

constant-current mode (1.4 A, about 31 V, 10 s) in the

electrolyte of HClO4:C2H5OH = 1:9 (volume ratio).

The samples were then cleaned with alcohol and

dried at room temperature for about 5 min. A solu-

tion of CuSO4:HCl:H2O = 4 g:20 mL:20 mL was used

as chemical etching for 2 s for the SEM metallogra-

phy studies.

Figure 1b shows the microstructure of a single-

crystal superalloy. The white c matrix phase sepa-

rated the dark c0 strengthening phase, and the two

phases were neatly arranged in the material. The size

and volume fraction of the c0 phase were 420 nm and

66%, respectively, which were calculated using Ima-

geJ software. In addition, the material also had some

casting defects such as pores and eutectics.

In situ SEM creep testing

In this study, the in situ tensile testing system was

used for creep tests, which was independently

developed by the research group. The system inte-

grated both the tensile stage and the heater, as shown

in Fig. 1c. During the experiment, the sample was

clamped and fixed at both ends of the tensile stage.

The load was applied through the rotation of the gear

driven by the motor. The limited load of the system

was 2500 N. The heater was placed under the sample

with the limited heating temperature of 1200 �C. The
inside of the heater was a tungsten wire, and the

temperature was controlled by adjusting the voltage

to control the heating of tungsten wire. The temper-

ature of the lower surface of samples was monitored

using a K-type thermocouple. Figure 1d shows the

picture of tensile stage installed into the SEM (TES-

CAN S8000). The exerted temperature and load were

controlled using the software matched with the ten-

sile stage.

The creep experiments were executed at 780 �C/
720 MPa and 850 �C/720 MPa. Before the creep

experiment, the sample was scanned with EBSD to

obtain the Euler angle, which was convenient for

calculating the slip. The experimental parameters

were 20 keV, 1 nA, and WD 15 mm. After that, the

sample and the tensile stage were installed, as shown

Figure 1 a Samples size

(unit: mm); b microstructure;

c the in situ setup of the creep

testing; and d tensile testing

stage mounted on the SEM

sample stage.
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in Fig. 1c, and it was tested whether it could be

heated and applied stress normally by applying a

small voltage of about 0.5 V and a small stress of

20 MPa. The stretching system was then fixed in the

SEM, followed by heating. The temperature was

slowly increased by adjusting voltage with the

increment of 0.5 V. The force was applied to the tar-

get stress only after reaching the target temperature

and holding for 30 min. Since then, the creep exper-

iment was timed. In this study, the creep strain was

obtained by recording the length change of two

marks on the sample surface and then converting it

into strain using Formula (1).

e ¼ L� L0
L0

ð1Þ

where L0 is the initial length of the marks, and L is the

real-time length.

Once the creep began, the initial length L0 was

recorded, based on which the creep strain was mea-

sured. During the entire creep testing process, the

temperature and stress were controlled within the

error of\ 5%, and it was considered that the con-

stant-temperature and constant-stress conditions

required by the creep test were met. During the

experiment, the marks were recorded every 10 min,

and the new phenomena on the surface of the sample

were recorded at any time. The creep experiment

ended when the sample ruptured.

Methodology for determining slip trace
and Schmid factor

Slip trace is defined as a straight line resulting from

the intersection of an active slip plane and the sample

surface. In this study, the orientation of the slip trace

was represented by the h angle between the slip trace

and the axial stress. It was expressed as:

cos h ¼ n�Nð Þ � T
n�Nj j Tj j ð2Þ

The physical quantities in Formula (2) are shown in

Fig. 2a.

Schmid factor reflects the magnitude of resolved

shear stress on a slip system, was calculated as

follows:

SF ¼ n � Tð Þ � s � Tð Þ
nj j sj j Tj j2

ð3Þ

The physical quantities in Formula (3) are shown in

Fig. 2b.In Formulas (2) and (3), the vectors with

lowercases, that is, n and s, represent crystal coordi-

nate systems, corresponding to the Miller index of the

slip plane and slip direction in a slip system,

respectively. The vectors with uppercases, that is,

N and T, represent coordinate systems of samples. In

this study, N and T were along the z-axis and x-axis

of the sample coordinate system, respectively. It

should be noted that the vectors in different coordi-

nate systems cannot be directly operated. Therefore,

these vectors should be unified in the same coordi-

nate system before the operation.

The coordinate transformation matrix g from the

sample coordinate system to the crystal coordinate

system is related to the Euler angle, that is, (/1, /, /2),

obtained using EBSD scanning before the creep

experiment. It can be expressed as follows [26]:

Figure 2 a Schematic showing the slip trace; b calculation

method for the Schmidt factor.

g ¼
cosu1 cosu2 � sinu1 sinu2 cosu sinu1 cosu2 þ cosu1 sinu2 cosu sinu2 sinu

� cosu1 sinu2 � sinu1 sinu2 cosu� sinu1 cosu2 þ cosu1 sinu2 cosu cosu2 sinu
sinu1 sinu� cosu1 sinu cosu

8
<

:
ð4Þ
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In fact, 24 solutions exist for g in cubic symmetry

because of 24 different ways in which a crystal with

cubic symmetry can be arranged [26]. In this study, it

was specified that the directions [001], [100], and

[010] of the crystal coordinate system were the closest

to the x-, y-, and z-axes of the sample coordinate

system, respectively. In this way, g could be uniquely

determined. Consequently, Formulas (2) and (3)

should be replaced by:

cos h ¼ n�Ntð Þ � Tt

n�Ntj j Ttj j ð5Þ

SF ¼ n � Ttð Þ � s � Ttð Þ
nj j sj j Ttj j2

ð6Þ

Among these,

Nt ¼ g �N
Tt ¼ g � T

�

ð7Þ

Before the experiment, nine points were randomly

selected within the gauge section of the sample. Their

orientations represented by Euler angles were

acquired using EBSD, and are shown in the form of a

pole figure in Fig. 3a. It was found that the original

orientation at each point did not accord with the

selection of the crystal coordinate system. Therefore,

to each point, 24 solutions for g needed to be listed to

determine the exact one. It was accomplished by pre-

multiplying the original g by 24 symmetry operators,

which is included in Appendix II of reference [26].

The modified orientations of these points are shown

in Fig. 3b. Based on the modified crystal orientations

of the nine points, the average values of h and Sch-

midt factor (SF) of a specific slip system could be

calculated.

Results

Creep properties

The creep properties of the single-crystal superalloy

were investigated at 780 �C and 850 �C with a stress

of 720 MPa. After the creep experiment started, two

eutectic defects on the sample surface were selected

as the marks used to measure the distance change

during the in situ creep, which are shown in Fig. 4a;

the magnified picture is shown in Fig. 4b. By

recording the length change between the two marks,

the relationships between the strain and time at

780 �C and 850 �C are shown in Fig. 4c. It was found

that the single-crystal superalloy showed different

creep properties at two temperatures. At 850 �C, the
creep life was smaller and the creep rate was faster

than that at 780 �C. The strain of the two samples

before fracture was about 20%. At 780 �C, the creep

life was close to 5 h, which was about five times that

at 850 �C. For the creep time duration of 1 h, the

strain at 780 �C was about 3%, whereas that at 850 �C
was about 18%. These findings implied that the creep

rate increased and life reduced with the increase in

temperature under the same-stress condition. Similar

results were reported for CMSX-4 and other nickel-

based single-crystal superalloys [15, 27].

By fitting the time–strain curves, the results are

shown in Fig. 5a at 780 �C and Fig. 5c at 850 �C.
When the first-order differentia was taken to the

strain of the sample at two temperatures, the strain

rate curves were obtained; the curve at 780 �C is

shown in Fig. 5b and that at 850 �C is shown in

Fig. 5d. From the two graphs, it was deduced that the

strain rate had a large difference. According to the

inflection points of the strain rate, the creep process

could be divided into incubation, primary, sec-

ondary, and tertiary creeps. The solid points

Figure 3 a Original and b modified orientations of randomly

distributed nine points within the gauge section.

Figure 4 a Position of marker points; b marker point

measurement; and c time–strain curves of in situ creep tests at

780 �C and 850 �C (tensile axis is along the horizontal direction).
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represented the end of each stage, and the hollow

point denoted the transition from the acceleration to

the deceleration period of the primary creep. It was

found that at 780 �C, the sample experienced incu-

bation during the initial 0.5 h with a nearly

stable creep rate. After that, the creep rate changed

dramatically with the rapid increase and decrease

until the duration of 3 h entering the stable stage.

After 4 h, the creep rate increased again until the

fracture of the sample. As a comparison, at 850 �C,
the creep directly entered the primary stage without

incubation, where the creep rate decreased rapidly.

Literatures also reported the similar results in nickel-

based single crystal superalloys [20, 28]. They found

that the duration of incubation decreased with the

temperature increasing under the same stress. Pol-

lock et al. found the duration of incubation period of

CMSX-3 nickel-based single crystal superalloy at

800 �C is 1.6 9 104 s, and 600 s at 850 �C. While at

900 �C, it is very short and unable to accurately

measure [20]. After about 0.15 h, the creep rate was

basically unchanged, which was the steady-state

stage. In 0.6 h, it entered the third stage of the

increasing rate.

The strain in each stage and the ratio of duration in

each stage to the total life are listed in Table 1. It was

found that the cumulative strain in the primary creep

at 780 �C was the largest, about 12.25% (primary

creep strain minus incubation strain), and the dura-

tion was the longest, close to 48.7%, compared with

other stages. Therefore, it was deferred that the pri-

mary creep dominated the entire creep process at

780 �C. In contrast, at 850 �C, the primary creep strain

was only 3.24%, and the duration accounted for about

15.25% of the total life. The main creep accumulation

occurred in the tertiary stage and accounted for

40.68% of the total life. Similar results were obtained

in the CMSX-4 alloy; the primary creep strain at

850 �C/750 MPa was about 2.9%, while the primary

creep strain at 750 �C was significantly larger, about

6.3% [15, 16]. At a medium temperature, the alloy

exhibited a continuous softening process with an

increasing rate in the third stage [3, 29]. Therefore, the

creep of the single-crystal alloy was the low-tem-

perature creep at 780 �C and was close to the med-

ium-temperature creep at 850 �C.

In situ macroscopic creep deformation
process at 780 �C and 850 �C

Figure 6 shows the in situ macroscopic deformation

process of the sample at 780 �C. Compared with the

macrostructure before creep shown in Fig. 6a, the

sample entered the primary creep acceleration per-

iod, as shown in Fig. 6b, under the creep strain of

6.13%, and the width of the gauge segment was

reduced from 1902.06 to 1896.33 lm. Only slight

necking occurred in this stage. Until the creep strain

was close to 14.32%, that is, the end of the primary

creep, the gauge length section was significantly

elongated. Obvious necking was observed on the

surface of the sample, and the width of the gauge

segment was further reduced to 1793.84 lm, as

shown in Fig. 6c. Notably, the significant necking had

already occurred in the primary creep, resulting in a

short duration of the secondary and tertiary creeps,

Figure 5 780 �C: a Time–strain curve; b strain–strain rate curve;

850 �C: c time–strain curve; and d strain–strain rate curve.

Table 1 Strain in each stage

and the ratio of duration in

each stage to the total life

Temperature Incubation Primary creep Secondary creep Tertiary creep

780 �C Strain (%) 2.11 14.36 18.25 21.85

Life ratio (%) 13.42 48.70 22.94 14.94

850 �C Strain (%) \ 3.24 9.62 18.22

Life ratio (%) \ 15.25 44.01 40.68
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which was the longest in the primary creep of the

entire creep process, as shown in Fig. 5a.

The in situ macroscopic deformation at 850 �C
creep conditions is shown in Fig. 7. In the primary

creep stage, only the axial elongation occurred on the

surface of the sample. When the creep strain was

close to 11.63%, that is, the secondary stage ended

(Fig. 7b), the right side of the sample surface was

necked, and the width reduced from 1842.32 to

1756.73 lm. In the third stage, the gauge length sec-

tion was further necked, and the width reduced to

1712.98 lm (Fig. 7c). Similar to 780 �C, obvious

necking occurred at 850 �C. It was worth noting that

necking occurred in the later stage of creep (the sec-

ond and third stages), as shown in Fig. 7. In the

850 �C creep test, the primary creep was very short,

accounting for only 15.25% of the total life. The later

stage of the creep was accompanied by necking,

resulting in a higher creep rate and lower creep life.

In situ microscopic creep deformation
process at 780 �C and 850 �C

The macroscopic deformation process was closely

related to the evolution of the microstructure. Slip

deformation was most likely to occur at low tem-

peratures, and the activation of the slip system was

related to the size of the SF. It was generally believed

that the larger the SF, the easier the slip system to

activate. Therefore, it was necessary to calculate the

SF for judging the activation of the slip system. The

size of the SF was calculated using Euler angles. At

the same time, the Euler angles could also predict the

direction of the slip band (h) left on the sample sur-

face after the slip system was activated. The rela-

tionship was introduced in ‘Methodology for

determining slip trace and Schmid factor’ section. In

this study, the Euler angles were obtained from the

EBSD characterization of the sample before the creep.

The single-crystal alloy used in this study was a face-

centered cubic structure with the {111} close-packed

plane and the\ 110[ close-packed direction. It was

inferred that the\ 110[direction was the original

dislocation direction. Rae [30] also confirmed the

opinion using transmission electron microscope

characterization for a nickel-based single crystal.

However, usually, a large number of\ 112[dislo-

cations were observed at high temperatures, which

were generated by the dislocation reaction

with\ 110[dislocations [31]:

a=2 �101½ � þ a=2 011½ � ! a=3 �112½ � þ a=6 �112½ � ð8Þ

Based on the aforementioned deduction, the slip

direction of the single-crystal alloy was\ 110[
or\ 112[ . To decide the exact slip system, it was

necessary to calculate the SF of the 24 slip systems

included in {111}\ 110[ and {111}\ 112[ .

The calculated results of the SF for the creep

experiment at 780 �C are shown in Table 2. It was

found that the SF of the\ 112[dislocations was

higher. More importantly, the critical shear stress of

the\ 112[dislocation was lower than that of

the\ 110[dislocation; therefore, the former was

Figure 6 In situ macroscopic

deformation process at

780 �C: a before creep; b for

6.13%; and c for 14.32% (the

tensile axis was along the

horizontal direction).

Figure 7 In situ macroscopic deformation process in different stages at 850 �C: a before creep; b for 11.63%; and c for 16.04% (the

tensile axis was along the horizontal direction).
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easier to shear the c0 strengthening phase [32]. Thus,

the slip bands on the sample surface resulted from

the shear c0 strengthening phase of the\ 112[dis-

locations. Figure 8 shows the slip systems with

higher SF and the direction of the slip bands. It was

found that the first to be activated were the slip

systems (11–1)[112] and (-111) [1–12], which were,

respectively, 56� and 45� with the stress axis.

During the experiment, the occurrence of slip

deformation was first observed near the necking area.

Its microstructure evolution process is shown in

Fig. 9. Obvious slip bands were found in the area

close to the necked area. When the strain reached

5.36%, it was in the primary creep of acceleration

(Fig. 9b). Slip bands were noted approximately 50�
and 39� from the stress axis, and the density of the

slip bands in the 50� direction was greater. The

density of the slip bands increased continuously, and

at the primary creep of deceleration (Fig. 9c), its

direction changed to 42� and 36�, respectively, which

was the inevitable result of continuous creep

stretching. The direction of the slip bands observed

on the surface of the sample (Fig. 9b) was slightly

smaller than the calculated result. This was because

the slip bands were not recorded when they first

appeared, and the direction of the slip bands shown

in Fig. 9b resulted from continuous creep stretching.

Therefore, we concluded that the slip bands observed

on the surface of the sample during the creep process

were consistent with the calculated results, which

also showed that this material followed the SF prin-

ciple. In addition, obvious slip bands were found in

the eutectic during the experiment, but the complete

two phases did not appear. This was caused by the

excessively deep corrosion of the strengthening phase

during sample preparation. The surface of the two

phases was not flat, and the size was much smaller

Table 2 Calculation statistics

of Schmidt factor (SF) of 24

slip systems at 780 �C

Slip system Schmidt factor Slip system Schmidt factor

(111) [0–11] 0.367210 (111) [-1–12] 0.435955

(111) [-101] 0.387887 (111) [1–21] 0.200071

(111) [-110] 0.020677 (111) [-211] 0.235885

(-111) [0–11] 0.441308 (-111) [1–12] 0.480014

(-111) [101] 0.390101 (-111) [12–1] 0.284353

(-111) [110] 0.051207 (-111) [211] 0.195661

(1–11) [011] 0.369423 (1–11) [-112] 0.452904

(1–11) [-101] 0.415030 (1–11) [121] 0.186956

(1–11) [110] 0.045606 (1–11) [21–1] 0.265948

(11–1) [011] 0.439033 (11–1) [112] 0.491850

(11–1) [101] 0.412816 (11–1) [-121] 0.268682

(11–1) [-110] 0.026278 (11–1) [2–11] 0.223168

Figure 8 Slip systems with a higher Schmidt factor and the

direction of the slip bands at 780 �C.

Figure 9 Evolution process of

the microstructure before the

end of the primary creep at

780 �C: a before creep; b for

5.36%; and c for 11.98% (the

tensile axis was along the

horizontal direction).
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than that of the eutectic. Therefore, it was difficult to

observe obvious slip bands.

At 850 �C, the SF and the direction of the possible

slip bands on the surface were also calculated, as

shown in Table 3 and Fig. 10. The microstructural

evolution process near the necked region where slip

deformation occurred first is shown in Fig. 11. The

calculation results showed that the slip systems

(-111)[1–12] and (11–1)[112] were activated first, and

the corresponding slip band directions were, respec-

tively, 56� and 44�with the stress axis; the latter had a

larger SF. Figure 11a shows that no obvious slip band

was observed in the early stage of creep. When the

creep strain was 17.04% in the third stage, slip bands

approximately 53� and 41� with the stress axis were

found on the surface, and the 41� direction was

denser, as shown in Fig. 11b. This result was quite

similar to the calculated slip band directions of 56�
and 44�, as shown in Fig. 10. The calculation results

also showed that the SF of the (1–11)[-112] slip sys-

tem ranked third, and the direction of the slip band

was 133�. Similarly, a slip band of about 134�
appeared on the surface of the sample when it was

close to the fracture (Fig. 11c). At this temperature,

the sequence and direction of the slip bands on the

sample surface were consistent with the calculated

results.

Discussion

This section will discusse the creep deformation

mechanism at 780 �C and 850 �C in detail. The model

diagram of dislocation evolutions and main defor-

mation mechanisms are shown in Fig. 12. Figure 9b

shows obvious slip bands on the surface during the

primary creep of acceleration in the 780 �C creep test;

Table 3 Calculation statistics

of Schmidt factor (SF) of 24

slip systems at 850 �C

Slip system Schmidt factor Slip system Schmidt factor

(111) [0–11] 0.375850 (111) [-1–12] 0.447768

(111) [-101] 0.399706 (111) [1–21] 0.203224

(111) [-110] 0.023856 (111) [-211] 0.244544

(-111) [0–11] 0.436087 (-111) [1–12] 0.482817

(-111) [101] 0.400270 (-111) [12–1] 0.272454

(-111) [110] 0.035817 (-111) [211] 0.210417

(1–11) [011] 0.376414 (1–11) [-112] 0.452828

(1–11) [-101] 0.407908 (1–11) [121] 0.199140

(1–11) [110] 0.031494 (1–11) [21–1] 0.253689

(11–1) [011] 0.435523 (11–1) [112] 0.486630

(11–1) [101] 0.407344 (11–1) [-121] 0.267719

(11–1) [-110] 0.028179 (11–1) [2–11] 0.218911

Figure 10 Slip systems with a higher Schmidt factor and the

direction of the slip bands at 850 �C.

Figure 11 Evolution process

of the microstructure close to

the necked area at 850 �C for:

a 8.35%, b 17.04%, and

c fracture (the tensile stress

axis is along the horizontal

direction).
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it was the result of activation of the (11–1)[112] and

(-111)[1–12] slip systems, as shown in Fig. 8. Thus,

the [112] and [1–12] dislocations were generated

during the incubation period. During this

period,\ 110[dislocations proliferated and propa-

gated in the matrix channels, generating a sufficient

number of\ 112[dislocations from the following

reactions [31]:

a=2 101½ � þ a=2 011½ � ! a=3 112½ � þ a=6 112½ � ð9Þ
a=2 101½ � þ a=2 0� 11½ � ! a=3 1� 12½ � þ a=6 1� 12½ � ð10Þ

The primary creep deformation is associated with

the propagation of\ 112[dislocations, which are

able to cut through both c and c0 phases until inter-

acting with other dislocations [15, 18]. Dur-

ing\ 112[dislocation shearing c0 strengthening

phase, the accompanied stacking fault will hinder

dislocation movement and contribute to work hard-

ening of materials [33, 34]. However, when the

applied stress exceeds the threshold stress, large

number of\ 112[dislocations will cut through the

strengthening phase. The threshold stress of the

CMSX-4 s-generation nickel-based single crystal

superalloy at 750 �C is 530 MPa. From TEM results, it

also shows a large number of stacking faults in the

primary creep at 750 MPa [15]. In addition,

the\ 112[dislocation cutting through strengthen-

ing phase is a movement and propagation process of

dislocations. Literature reported that in the early

stage of primary creep,\ 112[dislocations move in

a long distance and the strain rate increases rapidly

as the nucleation of mobile\ 112[dislocations

increases [12]. From Fig. 9b, slip bands were obvi-

ously formed on the surface at the acceleration period

of primary creep due to\ 112[dislocations move-

ment by slip and shearing the c0 strengthening phase.

Therefore, during the primary creep acceleration

period, the distance of the\ 112[dislocation

movement is relatively long, and a large number

of\ 112[dislocations were nucleated and propa-

gated through the c and c0 phases, resulting in an

increase in the creep rate. At the same time, according

to the calculation result of SF, the\ 110[dislocation

were close to 4.3, thus the APB coupled dislocation

pairs may also existed in c0 phase. The decrease in the

creep rate in the primary creep was due to work

hardening. In general, two sources existed for work

hardening. One was that the formation of dense

dislocation networks at c/c0 interface. The other was

the interactions between the two {111}\ 112[ slip

systems [15, 35]. As shown in Fig. 9b, already two

deformation bands existed on the surface during the

primary creep of acceleration, along the 50� and 39�
directions, respectively, indicating that at least two

{111}\ 112[ slip systems were activated at this

time. Therefore, for the 780 �C creep test, the effect of

interaction between (11–1)[112] and (-111)[1–12] slip

systems might be the major reason for work hard-

ening, which resulted in a decrease in the creep rate.

No significant change was found in the creep strain

rate in the secondary creep, as shown in Fig. 5b,

which resulted from the equilibrium of work hard-

ening and recovery softening mechanisms. As shown

in Fig. 6c, the surface of the sample in the primary

creep was significantly necked. The intensification of

the necking phenomenon led to an increase in the real

stress, which broke the dynamic balance, and the

creep strain rate continued to increase until it broke.

The creep deformation mechanism of 850 �C was

very different from that of 780 �C. As shown in

Eqs. (8), (9), (10), in order to combine to

form\ 112[dislocations, the two\ 110[disloca-

tion with Burgers vectors of 60� meet in a common

{111} slip plane by dislocation slip and climb [13]. At

850 �C, more vacancies were formed than those at

780 �C, which provided the chance for dislocation

movement. The accelerated movement

Figure 12 Schematic

illustration of deformation

mechanisms at 780 �C and

850 �C.
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of\ 110[dislocations in the matrix channel short-

ened the encounter time, resulting in short incuba-

tion. As shown in Fig. 5, there was no obvious

incubation at 850 �C. A large number of dislocations

moved in the matrix channel and entangle each other,

resulting in a decrease in the creep strain rate in the

primary creep. In the primary creep, although

the\ 112[dislocations can nucleate, they were

hindered by a large number of\ 110[dislocations

in the matrix channel and cannot sheared the c0

strengthening phase. The dislocations tend to moved

in the matrix channel, and no slip bands were

observed on the surface of the specimen. Same as at

780 �C, the mechanism of recovery softening and

work hardening in the secondary creep reached a

dynamic balance. At the same time, the surface was

necked in this stage and the real stress increased,

hence, the\ 112[dislocation might have a small

amount of cut into the strengthening phase. How-

ever, the surface slip bands resulted from the accu-

mulated deformation of many dislocations.

Therefore, no obvious slip band was noted on the

surface, as shown in Fig. 11a. In the tertiary stage,

severe necking occurred on the surface of the sample,

as shown in Fig. 7c, which caused the true stress to

increase significantly. The slip systems (-111)[1–12],

(11–1)[112], and (1–11)[-112] were activated, and the

c0 strengthening phase was largely sheared, with

obvious slip bands in the necked area, as shown in

Fig. 11b and c. The [1–12], [112], and [-112] disloca-

tions were generated by the dislocation reactions (9),

(10), and (8), respectively.

Conclusions

The in situ creep experiment using the scanning

electron microscope was employed to study the

mechanical properties and microstructure evolution

process under the same-stress and different-temper-

ature creep conditions of 780 �C/720 MPa and

850 �C/720 MPa. This study linked the invisible

dislocation behavior to the microstructure evolution

observed in real time on the surface, and explored the

effect of temperature on creep deformation. The

conclusions were as follows:

1. In the same-stress creep test, the higher the

temperature, the faster the creep rate and the

shorter the creep life.

2. The slip deformation mainly occurred at 780 �C,
and the\ 112[dislocation sheared the c0

strengthening phase to generate stacking faults.

At a higher temperature of 850 �C, dislocations
moved in the matrix channel in the early stage of

creep, and dislocations cut the c0 strengthening
phase in the later stage of creep, leaving obvious

slip bands on the surface of the sample.

3. For the 780 �C creep test, the sample surface had

already undergone significant necking in the

primary creep, which controlled the creep pro-

cess. However, the surface necking of the 850 �C
creep test was concentrated in the later stage of

the creep.
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