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ABSTRACT

Nanoscale ¢'/0' /0’ composite precipitate, as another important strengthening
phase in the latest generation of Al-Li alloys, exhibits excellent resistance to
coarsening. Here, we propose two thickening models for an anomalous ¢'/6'/ ¢’
that is discovered recently, by analyzing various influencing factors, including
the static energy barrier, aging temperature-dependent nucleation conditions,
and the elastic distortion suffered during growth. It indicates that the thickness
of the &' /0’ /' composite precipitate seems to depend on the nucleation of the ¢'.
At elevated aging temperatures, 6’ precipitates can grow and thicken rapidly
until the ¢’ nucleates on them. This is strikingly different from the dislocation-
induced growth mechanism. Subsequently, we propose a vacuum-added
methodology to accurately extract the interfacial energy. The results show that
this nano-composite precipitate can realize supra-nanostructure in thickness at
low aging temperatures due to the spontaneous nucleation of the ¢’ upon the
pre-precipitate ¢'. Cu atoms segregated at the interface suppress the nucleation
of the ¢', but release the lattice distortion to some extent. Using Griffith fracture
model-assisted ab-initio uniaxial tensile tests, the cohesion strength and fracture
process of this composite precipitate with and without Cu segregation have
been captured. It indicates that the Cu atoms induced interfacial expansion and
the fracture of strong Al-Al covalent bond, resulting in a reduction of fracture
strength of this nano-composite precipitate.
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Introduction

Third- and fourth-generation Al-Li alloys as
promising structure materials have broad industrial
applications, owing to an excellent combination of
high specific strength, high toughness, and satisfac-
tory fatigue performance [1, 2]. Advanced nano-pre-
cipitation strengthening is of great technological
importance to modern Al-Li alloys, being responsible
for providing the required strength. In the past dec-
ades, the T; nano-precipitate as the most effective
strengthening phase has attracted significant
amounts of research efforts to favor its formation in
Al-Li alloys through careful alloy design and ther-
momechanical processing [3-5]. Besides the Ty, nano-
composite precipitates with the association of differ-
ent precipitates, such as ¢'/6'/d', ¢/ and 6'/5'/f,
have been commonly found in Al-Li alloys by adding
Cu and Zr elements [6-8]. It is proven that the pre-
precipitate §' can serve as a preferential site for the
nucleation of ¢’ and ' nanoparticles. Compared with
single-phase precipitates, greater amount of energies
would be required for dislocations to pass around
these composite precipitates than individual ¢’ or ¢’
precipitates, separately. On the other hands, inter-
phase boundaries (IB) within these composite pre-
cipitates are more resistant to dislocation movement
due to the different crystal orientations and lattice
parameters which can introduce crystallographic
disregistries between the adjacent regions of con-
stituent phases (planar defects). Therefore, the com-
posite precipitates become another major source of
strengthening phases and play an important role in
contributing to the overall mechanical performance
of Al-Li alloys.

Recently, the ¢'/6' /&' nano-composite precipitate is
attracting considerable attention in Al-Li alloys.
Based on the analysis of atomic-resolution high-angle
annular dark-field (HAADF) images in scanning
transmission electron microscope (STEM) combined
with density functional theory (DFT) calculations, its
crystal structure, and the probable thickening mech-
anism have been proposed [7-11]. Interestingly, the
thickening or coarsening of the ¢ phase sandwiched
by ¢’ phase on both sides is rather different from the
conventional 0 precipitate in Al-Cu alloys. In this
nano-composite precipitate, the @' thickens by
engulfing the sideward ¢’ precipitates, accompanied
by a remarkable structure modification of the ¢’ at the
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interface. During the layer-by-layer growth of the
inward €', it was found that there existed two crys-
tallographic relationships for the opposite ¢’, namely
“anti-phase” and “in-phase”, which can alternate for
each other depending on the inward 6’ with varying
Cu-layers. This may be direct evidence of the chem-
ical bonds of constituent atoms, which exhibits a
regular arrangement at the IB [10]. According to
minimal energy requirements, we subsequently
found that this unique crystallographic relationship
transition could be achieved by sliding one side of the
¢’ along the (001)[110] direction for v/2/2 a (a is lattice
parameter of this composite precipitate parallel to the
IB) [10]. For this transformation, however, the ¢’
thickening with modification of the ¢’ to match the
newly formed 6'/¢’ interface structure will inevitably
cause additional lattice distortions between the nano-
composite precipitate and the a-Al matrix, which in
turn restricts the thickness of the ¢’ precipitates. As a
result, relatively thin ¢'/6'/¢" precipitates (3-4 nm in
total thickness with only 2-6 Cu-layers) were always
observed in experiments [7, 8, 11].

Regarding the recent report on this nano-composite
precipitate, we noticed that the inward ¢’ can grow
up to 39 Cu-layers with the overall thickness reaching
16 nm, which is far beyond the previous experi-
mental observations [6]. Furthermore, it should be
noted that the marginal ¢’ phases remain ~ 2 nm
throughout, therefore, the overall thickness of this
nano-composite precipitate is mainly controlled by
the inward ¢/, especially for very thick ones. At pre-
sent, the thickening mechanism may be the only
viable option for the thin ¢'/6'/¢'. Whether the thick
ones do by this way is still an open question. In fact,
for those very small nano-composite precipitates, it is
important to understand not only their size evolu-
tions but also their number densities, since their
ultimate effectiveness in preventing dislocation
movements depends on their interactions with dis-
locations. Therefore, blocking dislocations move-
ments by tailoring the ¢'/6'/¢ nano-composite
precipitate may inspire new design principles for
high-strength Al-Li alloys.

Before tailoring and optimizing the thickness of
this nano-composite precipitate, we need to under-
stand the underlying thickening mechanism of the
inward ¢'. In the case of single ¢’ precipitates in Al-
Cu alloys, some investigators proposed that the ¢'/o-
Al interface with Cu segregations could be an

@ Springer



10094

intermediate state in the thickening process of the ¢’
[12-14]. When interfacial segregation of Cu appears
at the 0’ /a-Al interface, it produces a GP(I)-like zone.
Then, these Cu atoms diffuse to the adjacent Al
matrix to generate the bulk structure of the next ¢
unit cell. Inspired by this, the preferential segregation
and the subsequent diffusion of Cu atoms in the IB of
the ¢'/6'/9 may be a potential measure to promote
the growth of the €, considering the similarity
between 0 /a-Al and ¢'/0' interfaces.

This study aims to investigate the reason behind
the thickness differences and the corresponding
thickening modes of the ¢'/0'/¢' nano-composite
precipitate by performing DFT calculations. Based on
the precise solute-segregation-induced growth
mechanism, two models have been proposed to
explain the thickness variations by combining the
energy barrier calculations during nucleation and
growth thermodynamics under aging heat treatment.
To accurately evaluate the heterogeneous nucleation
of the post-precipitate ¢’, a vacuum-added (VA)
methodology was proposed for the interfacial energy
calculation. Using this methodology, the influence of
Cu segregations on ¢ nucleation was evaluated.
Hereafter, a canonical Griffith model [15] and ab-initio
uniaxial tensile tests were combined to evaluate the
cohesion strength and fracture characteristics of the
0'/0' /9" with and without segregated Cu atoms. The
final fracture interface was also examined from
multiple angles. In the last part, the electronic struc-
tures were utilized to analyze the underlying effects
that Cu solutes played in embrittling the IB of the ¢’/
0’/ 9. Our present theoretical calculations provide not
only a fundamental understanding of the thickening
mechanism of the ¢'/0'/¢' nano-composite precipi-
tates but also useful guidance for the development of
high-performance Al-Li alloys by regulating the size
of ¢'/0'/¢' nano-composite precipitates in the future.

Methods and models
First-principle calculations

For all calculations, including the structural relax-
ations, electronic self-consistent iterations, and the
related derivatives were performed using the Vienna
ab-initio simulation package (VASP) [16]. The general-
ized gradient approximation (GGA) in the Perdewe—
Burke-Ernzerhof (PBE) form was utilized to describe
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the electronic exchange and correlations [17]. Bril-
louin zone integrals were performed over a k-point
grid of the density at 0.03 (in the unit of 27/ A) using
Monkhorst-Packset sampling [18]. An energy cutoff
of 600 eV was sufficient for setting up plane wave
basis. The self-convergence accuracy of the iterative
was set at less than 1 x 107 eV/atom and 0.02 eV/A
for forces.

Interphase boundaries and energetics

In this work, a representative ¢'/¢'/J' nano-compos-
ite structure with five Cu-layers was constructed
based on unique interfacial terminations at the IB that
were discussed in our previous report [10]. Figure 1a
represents the atomic structures of this &'/’ /¢ with
a full separation of solute atoms Z at the IB. In each
interfacial supercell, it contains seven layers of (001)
planes of the ¢’ stacking in the direction perpendic-
ular to the IB, and an “in-phase” characteristic pre-
sents due to the periodicity. For these segregation
sites along the IB, they are the most spatially favor-
able ones that were obtained similar to the ¢'/a-Al
interface [14].

Prior to evaluating the heterogeneous nucleation
and growth behaviors of the post-precipitated ¢
phase, we calculated the corresponding interfacial
energy yint, Where the interface ¢'/6' is modeled as an
atomically sharp junction between bulk ¢ and ¢
phases. Generally, the yi,s can be quantitatively
evaluated by two approaches, namely linear fitting
(LF) and direct calculation (DC) [19, 20]. For the for-
mer, it is considered that the y;,¢ is only proportional
to the cross-sectional area of the supercell. By fitting
the energy of formation per atom 4E; v.s. 1/N (N is
the total number of atoms in the supercell), the slope
of this fitted line will be the interfacial energy yins
Here, the AE; can be written as follows:

1
AE; = |Eajp — NaEa — NpEp — Zjlm,- (1)

where E, /g, Ea, and Eg are the total energy for the
interfacial supercell, bulk A and B phases, respec-
tively. Ny and Np are the number of formula units of
bulk A and B phases in this interfacial system. In the
case of an off-stoichiometric interfacial system, whose
stoichiometry is not commensurate with the bulk, y;
corresponds to the chemical potential of extra atoms
with a number of /;. In the present work, ¢’ and ¢ are
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Figure 1 al The atomic structure of the ¢'/6'/6' nano-composite
precipitate with alloy segregations at the interface. a2
Asymmetrical interface structures due to phases division by six
bulk ¢’ and ten bulk ', as discussed in the text. b1 and c1 are the
interfacial models inf@1 and inf@2 with chemical segregation at
the interfaces, respectively. b2 and ¢2 show schematics of

calculating the interfacial energy y;,r for the inf@l and inf@?2

A and B phases in Eq. (1), respectively, and N4 (Np)
is balanced by the number of Li (Cu) atoms in the ¢’
(0"). Subsequently, we will have six bulk ¢ phases
(with a stoichiometry of Al;Li), and ten bulk 6’ phases
(with a stoichiometry of Al,Cu). If the interface is
divided by the amount of the atoms corresponding to
the above bulks, it will result in a physically unrea-
sonable one as the red dotted line indicated in
Fig. 1b2. Fortunately, considering that the chemical
potential of Al must be the same among the &' (ua;
0), 0 (uay (0)), and Al matrix (ua; (matrix)) in local
equilibrium, otherwise the system could lower its
total energy by transferring Al atoms from one phase
to the others. Therefore, a solvable interface can be
obtained from the perspectives of the structure and
energy. For example, there are two types of interfacial
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interfaces using direct calculation (DC) methodology, respectively.
An abnormal stacking of the Cu-layer occurs in the 6’ phase using
the DC methodology (shown in the dotted red box). jge, represents
the chemical potential of the segregation elements Z. d1 and d2
are the vacuum-added interfacial supercells for constructing the
inf@1 and the inf@2, respectively.

models as shown in Fig. 1bl and cl, namely inf@1l
and inf@2, respectively. Based on the above inference
about the chemical potential of Al atoms, we find that
both types of interfaces will share the same or aver-
age interfacial energy values. Obviously, this would
make it confusing to precisely define the nucleation
of the ¢’ on ¢'-precipitates from the point of view of
the nucleation position, and the associated thermo-
dynamics of the nucleation, ie., the interfacial
energy. This also becomes challenging for the sub-
sequent discussion on the potential influence of
interstitial Cu atoms on this heterogeneous
nucleation.

As a simplification, the DC methodology is usually
applied to extract the 7y, of a large interfacial
supercell. In general, this calculation process can be
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divided into several parts: first, the interfacial
supercell is separated into specified parts according
to the interface object. Then, the stress-free bulk
components are deformed to the same structures as
in the interfacial structure, respectively. For interfa-
cial structures with atomic segregation, the chemical
potentials of segregation atoms ez can be obtained
by an approximate calculation based on a dilute solid
solution model, and the specific details are described
in “Thickening models” section. Since there is no
lattice distortion, the energy difference before and
after deforming the components only constitutes the
interfacial energy ypin. Using this methodology to
calculate the inf@1 interfacial energy yin¢, however,
we obtained an abnormal structure, as shown inside
the dotted red box in Fig. 1b3, when we tried to
balance the number of atoms in the strained ¢’ phases
with those contained in the interfacial supercell. This
obviously destroys the stacking sequence of the ¢/
along the (001) direction as shown in Fig. 1b1. Con-
sequently, the DC methodology failed again.
Inspired by the above two methodologies, if we
want to obtain the interfacial energy yin¢ accurately,
first of all, we cannot use the general idea of equating
the amounts and classes of atoms contained in the
interfacial structures with those in the constituent
phases. This would produce ambiguous interfaces
that have the same energy but completely different
structures. Secondly, the interfacial supercells should
be constructed with fewer periods to ensure that the
heterogeneous interface is unique. Especially for
constituent phases with complex stacking configura-
tion, uniform interfaces are often more difficult to
achieve in periodic structures. To achieve this goal,
we performed a vacuum-added (VA) methodology to
separate the interface of interest by introducing extra
but relative surfaces for the new one, as shown in
Fig. 1d. Specifically, we carried out the separation of
the yi¢ using the following process: first, we per-
formed a full geometry optimization of this interfa-
cial supercell including atomic positions and cell
vectors, and we obtained ground lattice vectors a, b,
and c (where vectors a, b lie in the interfacial plane,
while vector ¢ is normal to the plane) with total
energy denoted as E(6'/0'), which is equal to:

@ Springer

J Mater Sci (2021) 56:10092-10107

E(0'/0') = uj(bulk + solute) +2 - S - y;,¢(inf @x)
i=6,0,2, x=1,2

(2)
where ; is the chemical potential of the ¢', ¢ bulks,
and solute atoms Z. S is the interface area. Second,
the static energy of the vacuum-added interfacial
supercell was calculated while retaining the same cell
vectors and atomic positions. At this point, the total
energy calculated is denoted as E(¢'/6'-vac), which
can be broken down further into the following
components:

E(3'/0' — vac) = ) (bulk + solute)

+ | Vinr (inf@x) + Z 7. (inf@x) | - S
]‘: 5/ 0/ J
(3)

where the 7/, is the additional surface energy intro-
duced by vacuum at the edge of the interfacial
supercell, and other variables, are the same as in
Eq. (2). Cleary, in the vacuum-added interfacial
supercell, the structural features of ¢’ and ¢’ phases,
including the interface, atomic compositions, and
atomic segregations are the same as the initial ones,
that is, the first terms on the right side of Egs. (2) and
(3). The total energy difference of the interfacial
supercell before and after the introduction of vacuum
can be written as follows:

AE = [me(inf@X) — 9% (infa@x) — 7% (infa@x)| - S (4)

Clearly, the 4E, 72 (inf@x), and 7, (inf@x) are easy
to be calculated using DFT, the surface energy is
approximated by a general way, see Ref. [21] for
details. Once the yiy¢ is obtained, the corresponding
strain energy ¢ per atom can be easily calculated as
follow:

S(inf@x) /N = AE; — 2 - pc(inf@x) - S/N (5)
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Figure 2 Two types of thickening models for the ¢'/6'/¢' nano-
composite precipitate with centered ¢’ phases growing from 2cy to
2.5¢cy via a 0.5¢cy ledge. a The 0’ phase grows within the §'/0'/,

Results and discussion
Thickening models
Model@I and model@II for thickening

To understand the difference in thickness of the ¢’/
0'/9', two types of thickening models have been
constructed for illustration, corresponding to differ-
ent growing environments for the ¢’ phase. The entire
processes of two models from conception to com-
pletion are shown in Fig. 2. The first model is o-Al/
0'/0' /9 /a-Al that is used to describe the 6 growing
inside the ¢'/0'/¢', namely model@I in Fig. 2a. The
second model is a classical a-Al/0'/a-Al interface,
designated model@II in Fig. 2b. For both models, the
thickening of the centered 0’ phases is from 2cy to
2.5¢cy via a 0.5¢cy ledge to simulate a normal growth
process. To obtain the energy evolution of these
growth processes, we consider average effective
energy, which is calculated as the total energy

Step3
Stepl

denoted as Model@]. b The & grows in the a-Al matrix, denoted
as Model@Il. (c) The average effective energy E,, of all
interfacial supercells during thickening.

divided by the total number of atoms, defined as E,.
The total energy involves composition from elements
consisting of the same number of atoms. For example,
at stepl, the interfacial supercell does not have
interstitial Cu atom segregations, and the contribu-
tion of those active Cu atoms is considered to be the
chemical potentials of Cu atoms that are distributed
evenly in Al matrix. To evaluate the chemical
potential of one Cu atom, a supercell (3 x 3 x 3 with
108-Al atoms in total) is constructed, then we
replaced one Al site with Cu randomly to form a Cu-
doping dilute solid solution. Clearly, this solubility is
well below the limit of Cu in Al matrix. Taking a
similar approach, the chemical potential of Li atoms
has been evaluated for the corresponding ¢'/0'/d’ in
step3.

Figure 2c shows the average energy E,,, of rele-
vant interfacial supercells presenting the thickening
process. For the model@Il, there is a monotonical
decrease in the E,,, as the ¢’ phase finishes the
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specified growth gradually. From stepl to step2, the
spontaneous aggregation of Cu atoms at interstitial
sites forms a GP-like zone, which proves a good
agreement with previous experiments and theoretical
reports [14]. As the 6 phase is grown from step2 to
step3 by diffusions of Cu and Al atom, it can be
described as a spontaneous transformation due to the
reduction of free energy. Therefore, we can conclude
that the ¢ phase with Cu segregation possesses a
robust potential to become thicker and coarser with-
out an additional driving force. However, for the
model@], this process does not seem to be as
straightforward as model@IIl. From stepl to step2,
there is also a negative gradient of the average energy
E,vg which provides evidence for supporting the
presupposition of the model@I in ¢'/6'/¢', whereas
when these segregated Cu atoms diffuse to the
adjacent ¢’ to finish the step3, we find that there is an
energy barrier, which does not even include the
driving energy to overcome the arising lattice dis-
tortion caused by the ¢’ rearrangement. As a result,
although the interstitial Cu atoms are observed at the
interfaces and not in the bulk of the precipitate, we
believe that for a much thick ¢'/6'/d, the 6 phase
should not be covered by ¢’ phases before the end of
its growth stage. Once ¢’ phases nucleate and grow at
the edge of the pre-precipitate ¢, they can restrict its
growth, resulting in thin 6 precipitates. This might
explain the fact that the thickening ' precipitates
were not frequently observed, but the lengthening
ones were usually captured after aging treatment in
previous experiments, whereas for ¢ particles which
are not covered by the ¢, they can freely thicken and
lengthen, leading to rather coarse ¢’ plates eventually.

Aging temperature-dependent thickening models

To discover the thickening mechanism from nucle-
ation conditions, aging time and aging temperatures
controlling the formation of ¢'/¢'/¢' nano-composite
precipitates have been summarized and compared
from the extensive literature reviews [6-9, 11].
Although the aging time is an important parameter,
we find that it has a very slight impact on the thick-
ness of the ¢ within ¢'/6'/' composite precipitates.
The thickness of the ¢’ phase is strong function of
aging temperatures. Specifically, when temperature
range is between 165 and 190 °C, the thickness of the
0’ phase is only 0.5—3 nm. As increasing the aging
temperature, the ¢’ phase grows to ~ 5 nm at 250 °C.
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When the aging temperature is up to 350 °C, there
will be ~ 14 nm ¢ precipitates in thickness. This
clearly demonstrates the temperature dependence of
the 0 thickness. Generally, the metastable ¢’ phase
has lower thermal stability and poorer coarsening
resistance than the 0 phase [22, 23]. Taking experi-
ences from previous works on the ¢" in high-Li Al-Li
alloys, we know that its ordering transformation is
through congruent ordering + spinodal decomposi-
tion at ~ 140 °C [24]. In consideration of the so
strong temperature-dependent solubility and mobil-
ity of Li atoms in Al-Li alloys, it is difficult to have
spinodal ~decompositions following congruent
ordering to form the ¢’ at high temperature. This is
the reason why its volume fraction is reduced as well
as atomic disordering occurs at temperatures above
200 °C. Therefore, it constitutes that in the early stage,
where the ¢’ envelopes are absent, the & phases
rapidly grow in thickness at high temperatures (over
200 °C). By contrast, at relatively low temperature, ¢’
phases will nucleate and further grow on the ¢
phase, which leads to a significant growth restriction
to the ' phase before the dissolution of the ¢’ phase.

According to the above discussion, we know that
these two types of growth channels of the ¢’ cause
different ¢'/0'/'" nano-composite precipitates in
thickness. They are closely related to aging temper-
atures in the actual heat treatments. In model@1, &
phases nucleate on the pre-precipitate 0 at low aging
temperature, leading to a relatively thin ¢'/6'/0
composite precipitate after aging treatment. On the
contrary, in model@2, the (' phase shows a rapid
growth and thickening at high aging temperatures.
As the ¢ starts to nucleate and grow on the ', the
thickening of the ¢’ phase is suppressed. Clearly, this
is not in line with the previous conclusions that the
growth of the ¢'/6'/0' composite precipitate must
involve dislocations with Burgers vectors a/2[100]
and a/2[010] [7, 25]. Meanwhile, nearly no disloca-
tions were found on the edges of these thickening
precipitates in the existing experiments, which seems
to confirm this thickening mechanism.

Nucleation and interfacial energy

Interfacial energy of the inf-free predicated via the VA
methodology

Based on the above results, we know that the thick-
ness of the ¢'/0' /¢’ composite precipitate depends on
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the nucleation stage of the ¢’ to a great extent. Actu-
ally, the nucleation rate and kinetics could directly
determine whether the ¢’ can nucleate on the ¢’ phase
or not. According to the classical nucleation theory,
cell nucleation needs to overcome the energy barrier,
which is proportional to the interfacial energy yins.

Unlike normal precipitates that have a distinct
interface with matrix, in the ¢'/6'/d’ composite pre-
cipitate, the interface between the two phases is
vague due to the presence of a common Al-layer
which is owned by both phases. When this Al-layer is
divided differently, there are two very different
nucleation sites for ¢’ phases (inf@1 corresponds to
less Al-layer for ¢’ and more Al-layer for ¢, while the
inf@2 is opposite). Clearly, this is not realistic and
even leads to errors in distinguishing the ¢’ nucle-
ation. In addition, using the current two methods,
namely LF and DC, to calculate the 7y, we have
confirmed that they possess varying degrees of
insufficiencies in energy solution and structure
delineation. Therefore, in the following sections, we
will use the VA methodology as introduced in “In-
terphase boundaries and energetics” section to cal-
culate the interfacial energy yin¢ of the §'/6'/,
including the inf@1 and the inf@2.

For a clear interface without interstitial atoms,
namely inf-free, there is a large difference in the
interfacial energy between two interfaces (Table 1, the
corresponding calculation results of the surface
energy are summarized in Table S1). If the positive
and negative values are used as the criteria for
identifying the nucleation of the ¢’ phase, the results
obtained will be subversive. For the inf@2, it has
small negative interfacial energy, suggesting that a
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sharp interface can form favorably between those. If
the inf@?2 serves as nucleation sites for the ¢, it leads
to a surprising conclusion that the nucleation process
of the ¢’ upon the ¢’ is a spontaneous reaction with
lowering the free energy of the system entirety. More
significantly, the ¢'/6’'/¢' nano-composite precipitate
can realize supra-nanostructure in thickness by a
normal aging treatment (below 200 °C). This may
provide new knowledge to strengthening Al-Li
alloys.

Interfacial energy of the inf-Cu interface predicated
via the VA methodology

According to the discussion in “Thickening models”
section, we learn that the interstitial Cu atoms can
maintain at the interface of the ¢'/6¢'/¢' until the
barrier of thickening, which relies on atomic diffu-
sion, can be overcome. So, it is necessary to study the
interfacial segregation of Cu atoms because the y;,¢ of
this precipitate-precipitate interface is strongly
influenced by the chemical composition, which
thereby affects the nucleation of the ¢'. Prior to this,
the segregation behavior of Cu atoms is evaluated by
segregation energy AE;.,, and the common alloying
elements presenting in Al-Li alloy are also consid-
ered for comparison. A detailed explanation of the
segregation energy calculation method is described in
Ref. [26]. As shown in Table 1, inf-Cu interface has
negative segregation energy compared to the inf-free,
indicating that Cu does preferentially segregate at the
interface. Compared with other solute atoms further,
only Cu atoms have segregation opportunities at this
interstitial site, which seems to imply that the ¢'/60'/¢'

Table 1 Segregation energy

AE,, interface formation Structure  Interface  AE., (eV/atom)  AE¢ (KJ/mol) e (/M%) & (KI/mol)*  yine (J/m*)°

e v 1 o om

eneray Jint pre;iicte 4 via ‘ fnf@Z — 0.041 0.959 — 0.108

vacuum-added (VA) and direct inf-Cu %nf@l — 0.038 0.941 0.058 0.548 -

calculation (DC) . %nf@Z 0.025 0.768 — 0.059

methodologies of interfaces inf-Ag inf@1 0.277 2.449 0.261 0.648 -

inf@! and inf@2 in the ¢'/6'/ . %nf@z 0.248 0731 0160

5" composite precipitate with inf-Mg fnf@l 0.476 3.770 0.478 0.503 -

and without alloy segregations inf@2 0451 0.688 0.362
inf-Zn inf@1 0.375 3.098 0.360 0.663 —

inf@?2 0.351 0.724 0.257

“Vacuum-added methodology

®Direct calculation methodology
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grown in model@I will possess the ability to remove
impurities.

Considering the yi¢ of the Cu-segregated interfa-
cial structure, i.e., inf-Cu, we can see that both
interfacial energies of the inf@l and the inf@2 will
increase with respect to those in the inf-free case.
Clearly, these Cu-segregated interfaces will pose
certain difficulties for the ¢’ nucleation. For interfacial
structures segregated with other alloying elements,
including inf-Ag, inf-Mg, and inf-Zn, their interfacial
energies have tremendous increases for both types of
interfaces. It suggests that if these atoms segregate at
the interface, they all make the ¢’ nucleate difficult on
the ¢’ phase. In contrast to the i, the coherent strain
energies of inf@1 and inf@2 decrease with the seg-
regation of considered atoms for all interfacial
structures, especially for the inf-Mg, as shown in
Table 1. These segregation atoms release the localized
residual stress, thus decreasing the elastic strain
energy. It is similar to the function of segregation
elements acting in many twin boundaries [27, 28]. For
the same interfacial structure, when the common Al-
layer is divided in different ways, the volume of each
constituent phase will be changed. It is well known
that the ¢’ has a bigger bulk modulus than the ¢
[29, 30] and exhibits relatively strong resistance to
deformation. When the total volume remains con-
stant, the larger the volume change of the ¢, the
greater the total coherent strain energy of this inter-
facial structure would have. So, we can always get
bigger strain energy in the inf@2 instead of the inf@1,
as shown in Table 1.

Comparison of the interfacial energy via the DC and VA
methodologies

In addition, we also performed the DC methodology
to calculate the interfacial energy of the inf@2 for all
interfacial structures to compare with the results
calculated by the VA methodology. As shown in
Table 1, the results calculated by two methodologies
are clearly biased, and the yi,¢ using the VA method is
always overestimated by 60-100 mJ/m?* However,
when the segregated-free states are set to zero for
reference, the differences Ay;,¢ from two methodolo-
gies show a good agreement and the error is within
21 + 4 mJ/m® These relatively stable and small
errors indicate that the effects of segregations on the
¢’ nucleation can be accurately assessed by these two
methods. Therefore, it can be confirmed that the VA
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Figure 3 The scaled interfacial energy Ay;,r calculated using the
vacuum-added (VA) and direct calculation (DC) methodologies.
The Ay;,¢ refers to the difference of interfacial energy of the
interfacial structure with and without segregation atoms.

methodology proposed in this work is feasible and
applicable to the calculations of the y;,¢ for complex
interfacial structures (Fig. 3).

Interface strength of the ¢'/0'/0' with Cu
segregations

First-principles-based tensile tests

To shed light on the influences of Cu segregation on
the strength and fracture behavior of the ¢'/6'/d
nano-composite precipitate, a canonical Griffith
model (all Cu atoms reside at fractured surfaces come
exclusively from the IB interface following the
cracking process) and ab-initio uniaxial tensile tests
are combined to capture the cohesion strength and
the fracture by using the rigid grain shift (RGS) and
the RGS + relaxations methods [31, 32]. Under uni-
axial tension, the equilibrium structures are shifted in
the direction normal to the pre-defined interface with
an increasing vacuum gap distance. For RGS, it
simulated the brittle cleavage in loading mode I
without atomic relaxations as expected. For
RGS + relaxations, atomic positions are allowed to
relax, thus releasing the elastic energy. For both
methods, the total elongation of the interfacial
structure remains constant without Poisson’s con-
traction in other directions. After obtaining a set of
energy-displacement data via the RGS method, the
so-called universal binding energy relation (UBER)
[31] is used to fit these displacement-dependent
separation energies according to the following
equations:
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Ey(d) = [E;| - 8(a) (6)

g)=—(1+a)-e" (7)
where E; is the binding energy at equilibrium, d is the
displacement, and a is the rescaled displacement
defined as, a = d/I, where [ is a characteristic length
as follow:

| |E]
"=\ B ) ®

The work of separation W, of an interface

(= —|Eg| at equilibrium volume) is defined as the
energy penalty required for the intergranular fracture
of an interface into two free surfaces and can be cal-
culated via the following equation [33]:

Wiep = 70 (inf @x) + 97, (inf @x) — 7,,¢(inf @x) 9)

Actually, it shows an opposite expression as com-
pared with the 4E in Eq. (4), suggesting that the VA
methodology can provide direct guidance to the W,
requiring no further calculations of the surface
energy. However, it should be noted that the coher-
ent strain energy is not included in this special W
calculated by the VA methodology. The 4E; of the
inf@l and the inf@2 is equivalent using the LF
methodology. In this case, the VA methodology is not
a feasible solution for calculating the W;.p. Therefore,
in the following sections, we use the DC methodol-
ogy to calculate relative binding energy. For the
RGS + relaxation calculation, a fifth-order polyno-
mial is used to fit the energy-displacement data
where the displacement is below the critical dis-
placement [, which represents the upper limit of
restorability due to elastic relaxations under uniaxial
tensile.

Confirmation of the fracture interface

Before investigating the brittle fracture of this inter-
facial structure, it should be noted that for both ten-
sile methods, the vacuum spacing between two
blocks of atoms increases only at a pre-defined
cleavage interface. Whether this is the case for the
final pattern remains to be verified. Based on the
results on the interfacial energy in “Nucleation and
interfacial energy” section, the inf@2 may be identi-
fied as the final breaking one since its smaller and
negative yi,¢ than that of the inf@1, regardless of the
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presence of Cu atoms segregated in the o'/0'/¢
composite precipitate.

On the other hands, using the RGS + relaxation
method to relax all pre-defined fracture interfaces, we
can obtain the most likely one. As shown in Fig. 4, the
final fracture surfaces after relaxation are always split
along the inf@2, in which the common Al-layer
attributed to the ¢’ maintains almost the same inter-
planar spacing and arrangement as in the bulk
structure. Actually, this conclusion can also be sup-
ported from the perspective of nucleation process
analysis. In terms of the ¢/, we know that it nucleates
and grows on the pre-precipitate 0. As the Li atoms
move into the specific lattice sites of the ordered L1,
structure to form the ¢ [34], in fact, this Al-layer
exists prior to Li atoms diffusion. Therefore, we set
the inf@2 as the fracture interface in the following
discussion.

Theoretical tensile strength

Figure 5a displays the rescaled binding energy-dis-
placement curves of the inf@2 in two interfacial
structures of the inf-free (denoted as inf-free@2) and
the inf-Cu (denoted as inf-Cu@2) evaluated via the
RGS method. It can be seen that these rescaled results
follow the UBER fitting curves very well. Comparing
the values of the Ef shown in Fig. 5a and Table 2, the
inf-free@2 has a relatively small one, which is about
3.8% less than that of the inf-Cu@2. On the other
hands, according to the relationship between the Ey
and the Wy, the inf-free@2 will have a large Weep. It
suggests that the inf@2 possesses a slightly weak
resistance to interfacial fracture when there are Cu
atoms segregated at the interface. Again, this result
can be confirmed by the tensile strength analysis
from Fig. 5c and Table 2. As both interfacial struc-
tures are stretched to the critical separation ¢, the
theoretical strength of the inf-free@2 is as high as
14.22 GPa, which is ~ 18% larger than that of inf-
Cu@2 (12.05 GPa). Apparently, these Cu solutes
segregated at the interface appear to be cohesion
suppressors of the ¢'/60'/d' nano-composite precipi-
tate. In addition, comparing the results of the W,
evaluated through two ways corresponding to
Egs. (4) and (9), we can find that the strain energy
contributes little to the A4E; due to the difference of
the Wqp is only 3.8-3.9%, as listed in Table 2.

These rescaled binding energy curves can be divi-
ded into three distinct regions for the relaxed-type

@ Springer
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Figure 4 Interfacial structures of the inf@1 and the inf@?2 before and after relaxation via the RGS + relaxation method. a, b show the
interfacial structures before relaxation, while b, d show the structures after relaxation.

tensile tests, as shown in Fig. 5b. When the dis-
placement is smaller than the I, (6 < I)), the pre-crack
introduced during tensile separation can be healed
up after elastic relaxations. As the crack opening
increases, between I, < ¢ < I;, the pre-crack can nei-
ther be healed up nor be separated completely as free
surfaces, being a so-called instability region. When
the displacement is over the I, the preset fractured
interfaces are unchanged and the corresponding
surfaces are completely separated. As shown from
Fig. 5b, the fracture of the inf-Cu@2 is completed at
the displacement of 2.5 A, which is 0.1 A in advance
than that of the inf-free@2. Meanwhile, the theoretical
strengths of the latter can reach 12.25 GPa, which is
about 20% larger than that of the former. Though the
theoretical strength is always underestimated by the

@ Springer

RGS + relaxation approach, which represents the
overall strength of the simulation supercell, the
weakening effect of the Cu atoms segregation on ¢’/
0'/¢" composite precipitates could be verified.

Charge density

To further understand the weakening effect of Cu
atoms segregated at the IB of the ¢'/0'/J' nano-
composite precipitate, we investigated the relevant
charge density evolution during uniaxial tensile
processes. As shown in Fig. 6, for the inf-free, two
types of covalent bonds are formed at the interface
after atomic relaxations, including strong Al-Al
bonds and weak Al-Li bonds. Obviously, these
strong Al-Al bonds contribute primarily to the
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Figure 5 The rescaled binding energy and tensile stress as a
function of the separation distance for the inf@2 in inf-free
(labeled as inf-free@2) and inf-Cu (labeled as inf-Cu@?2)
interfacial structures. a The rescaled binding energy versus
displacement curves evaluated via rigid grain shift (RGS)
method and fitted by the UBER. b The rescaled binding energy
versus displacement curves evaluated via rigid grain shift
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(RGS) + relaxation method. The shadow area represents the
instability region ¢ of interval crack openings between I, and I,
where [, represents the critical displacement. Below this the crack
can be healed via elastic relaxations, while cracks form after
displacements beyond I ¢ Stress—strain curves plotted by
differentiating the UBER curves given in (a) from the RGS
method, and d using the UBER + relaxation method given in (b).

Table 2 The ideal work of separation W, of the inf@2, evaluated by the vacuum-added (VA) and the direct calculation (DC)
methodologies, critical separation ., and fracture strength oy, predicted via rigid grain shift (RGS) and RGS + relaxation methods

Weep (J/m?)* Weep (J/m?)° dc (A) i (GPa)® o (GPa)*
Inter-free 2.19 2.14 0.59 14.22 12.25
Inter-Cu 2.11 2.06 0.66 12.05 10.21

*Direct calculation methodology

*Vacuum-added methodology without strain energy
“RGS method

9RGS + relaxation method

breaking strength of the ¢'/6'/¢’ at the ground state.
However, these two types of bonds show different
trends as the separation distance d increases. When

d reaches 2.4 A, a depletion region of the charge
density appears suddenly between these strong Al-
Al bonds, causing them to weaken rapidly. On the
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Figure 6 Charge density distributions of the inf-free in 1(100) and 1/2(100) planes along with an increased displacement distance (in A)

shown below each frame, using the RGS + relaxation method. The unit is in e/Bohr.

contrary, those relatively weak Al-Li bonds remain
basically unchanged. At a separation distance of
25 A, the charge of the AI-Al bonds is depleted,
leading to the ultimate breakage of Al-Al bonds.
Meanwhile, the charge densities between Al-Li
bonds begin to decay. Nevertheless, these weak
bonds are still joined to the interface until the sepa-
ration displacement reaches 2.6 A, where no accu-
mulation of the charge density can be observed
between these atoms. Eventually, this interfacial
structure will split into two individual surfaces.
Figure 7 shows the charge density distributions of
the inf-Cu during uniaxial tension. When Cu atoms
are initially segregated at the next nearest-neighbor
interface, they would enormously increase the charge

’anu

density here and form strong Cu—Al bonds with the
surrounding Al atoms. While they have little effect on
the Al-Al and Al-Li bonds at the interface. Looking
at change of charge density distributions during the
tensile, these strong Al-Al bonds almost fracture at a
separation distance of 2.4 A, which is 0.1 A shorter
than that in the inf-free. Meanwhile, the interface can
be still connected via very weak Al-Li bonds until a
further displacement of 2.5 A, in which this interfa-
cial structure is completely fractured. Apparently, Cu
atoms segregated at interfacial sites will result in an
expansion of the entire interfacial structure. These Cu
atoms expand the interplanar spacing of the inf@1 by
0.24 A, as well as the inf@2 by 0.10 A Eventually, the
expanded interplanar spacing accelerates the break of

w
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Figure 7 Charge density distributions of the inf-Cu in 1(100) and 1/2(100) planes along with an increased displacement distance (in A)
shown below each frame, using the RGS + relaxation method. The unit is in e/Bohr’.
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the 0'/0' /¢’ along the inf@2. On the other hands, we
suggest that these weak Al-Li bonds play an impor-
tant role in connecting the interface under large ten-
sile displacements. This may be due to the fact that
the chemical bonds between Li and Al atoms are
relatively weak, and Li atoms can overcome this
weak binding during relaxation and connect to the ¢’
within the maximum migration range.

Conclusion

The thickening and strength of the ¢'/0'/J' composite
precipitate with separations of Cu atoms have been
systemically investigated by using first-principle
calculations. For the ¢'/0'/¢" composite precipitates
with different thicknesses observed in experiments,
two thickening models have been proposed under
the assumption that the GP-like zone is considered as
an intermediate state in the growth process. Com-
bining the evaluation of structures during the growth
process with the aging temperature-induced nucle-
ation analysis, we suggest that the thickening mech-
anism of ¢'/6'/9" composite precipitate is dependent
upon aging temperatures. At elevated aging tem-
peratures, the 0 precipitates can grow rapidly with-
out being covered by ¢' phases. On the opposite, ¢
phases can precipitate energetically favorably upon
the ¢/, leading to a severe constraint on the growth of
the ¢'.

After analyzing the methodological flaws of the
conventional methodologies, including linear fitting
(LF) and direct calculation (DC), for interfacial energy
calculations in terms of structure and energy, we
proposed a vacuum-added methodology to accu-
rately evaluate the interfacial energy of the complex
0'/0' /9. For the inf@2, it possesses a relatively small
and negative interfacial energy, suggesting a sharp
interface can favorably form here. Interestingly, if the
inf@2 is defined as nucleation sites for the ¢/, which
will nucleate spontaneously at relatively low aging
temperatures. The ¢'/0' /¢’ composite precipitate can
basically maintain the total thickness as small as
10 nm and realize the supra-nanostructure. In addi-
tion, Cu segregations increase the interfacial energy
but reduce the strain energy by coordinating the
distortions of two bulk components.

A variety of factors that need to be considered to
establish a realistic fracture interface, including the
interfacial energy, the final fracture plane after
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relaxation, and the nucleation order. It is shown that
the inf@2 is the most likely fracture interface in the
0'/0'/d'. Using RGS and RGS + relaxation method-
ologies, the weakening effects of Cu segregations at
the IB have been confirmed, which reduces the the-
oretical strength by about 20%. The interface expan-
sion caused by Cu segregations leads to strong Al-Al
bond breaks, which accelerates the final fracture of
the ¢'/60'/¢' composite precipitates along the IB.
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