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ABSTRACT

A CoCrCuNiAl0.5 high-entropy alloy (HEA) was prepared by spark plasma

sintering (SPS). The effect of plasma transferred arc (PTA) remelting on the

microstructures and properties of the SPS-ed HEA was studied. The results

showed that, after PTA remelting, the microstructures transformed from ran-

domly-oriented equiaxed grains to dendrites with a directional solidified mor-

phology. The coarse plate-like precipitates (* 130 nm in diameter

and * 20 nm in thickness) containing ordered L12 and disordered FCC struc-

tures inside the matrix grains were replaced by the disordered FCC spherical

Cu-rich precipitates with several nanometers within the dendritic matrix. In the

intergranular region, the size of the L12 cubic precipitates was decreased

from * 55 nm to * 2 nm, and dislocations and lattice distortions were also

observed. In addition, the brittle B2 phase was disappeared, and the extent of

Cu segregation was decreased in the interdendritic region. The SPS-ed sample

has a compressive yield strength of 913.8 MPa and a fracture strain of 21.7%.

However, the PTA remelted sample exhibits a much higher fracture strain

([ 70%, without fracture) and an appreciable yield strength of 739.4 MPa, which

indicates an excellent balance between strength and ductility was achieved after

PTA remelting. Furthermore, the corrosion resistance of the PTA remelted

sample was higher than that of the SPS-ed sample, which was mainly due to the

decreased elemental segregation, and the reduced sizes and types of the

precipitates.
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GRAPHICAL ABSTRACT

Introduction

The concept of high-entropy alloy (HEA), which was

originally defined based on the viewpoint that high

mixing entropy was in favor of the formation of a

single solid solution phase, was put forward by Yeh

et al. in 2004 [1]. The HEA design strategy indicates

that the range of alloy design extends to the central

regions of multi-element phase diagrams, which

leads to a significant increase in the degree of com-

positional freedom. This can promote the creation of

a series of new alloys with unique combinations of

properties that are significantly superior to the con-

ventional alloys, such as high strength [2–4], high

hardness [5, 6], strong fatigue and fracture resistance

[7–9], good thermal stability [10–12], excellent wear

resistance [13–15], superior corrosion resistance

[16–19], attractive electrical and magnetic properties

[20–22], and excellent irradiation resistance [23–25].

Currently, most of the reported HEAs were usually

fabricated by vacuum arc melting, and the final

products have limited sizes and shapes with shrink-

age defects and elemental segregation in their as-cast

state, which has restricted their industrial applica-

tions. Spark plasma sintering (SPS), which can

rapidly consolidate powders and obtain high densi-

ties by applying pressure and passing an electric

pulse current, is a promising method for the fabri-

cation of high-performance HEA materials. Thus, an

increasing number of HEA systems with excellent

properties have been prepared by using SPS directly

in recent reports [6, 14, 26, 27]. However, the lower

cooling rate after SPS (furnace cooling under vac-

uum) generally contributes to the formation of

stable phases in HEAs [26, 27]. This can often result
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in the coarse precipitates with different sizes [6],

which leads to the decrease in ductility. Some pro-

cessing technologies, such as rolling [28–30], high-

pressure torsion [31, 32], rotary friction welding [33],

and friction stir processing [34], may be used to

improve the microstructures, but these methods are

usually complex and time-consuming.

Rapid remelting technology with high-energy

sources, such as laser, electron, and plasma beams, is

accomplished by rapidly traversing a continuous,

high-energy–density beam over a material to produce

a rapid solidified microstructure. The remelted

microstructures often exhibit refinement, reduced

cracks and porosities, and more uniform phase dis-

tributions, which improve their overall properties

[35–37]. Although laser remelting has been widely

applied, the energy transfer efficiency of laser is rel-

atively low, and its application is limited by the

expensive equipment [38–40]. In addition, obtaining

an electron beam with the required intensity is diffi-

cult, and the application of an electron beam usually

requires a vacuum environment [37, 40]. Compared

to laser and electron beams, plasma beam with an

excellent stability, a high energy exchange efficiency

and a low cost of equipment, is more suitable for

large-scale industrial applications [39, 41, 42]. Fur-

thermore, the temperature and energy density of the

plasma transferred arc (PTA) can reach

20,000 - 30,000 �C and 105 - 106 W/cm2, respec-

tively [38, 43]. Thus, high cooling rates of about 104–

108 K/s during the nonequilibrium solidification can

be achieved. Although PTA was widely used to

prepare coatings [39, 41–43], there have been no

reports about the effect of PTA remelting on the

microstructures and properties for the HEAs sub-

jected to SPS.

In this work, a CoCrCuNiAl0.5 HEA, which con-

tains intricate precipitated phases with different sizes

after SPS in our preliminary observations, was

selected to investigate the microstructural evolution

before and after PTA remelting. The bulk

CoCrCuNiAl0.5 HEA was fabricated by using SPS

first, and then the machined thin samples were

remelted via a plasma machine with an optimized

remelting parameter. The effect of PTA remelting on

the microstructures and properties of the SPS-ed

HEA was studied.

Experimental procedure

Preparation of the HEA samples.

Co, Cr, Cu, Ni, and Al metal powders with particle

sizes of * 44 lm (-325 mesh) and purity[ 99.8 wt%

were used to fabricate CoCrCuNiAl0.5 (mol%) sam-

ples. The powders were blended for 10 h using a

planetary ball-mill and protected by argon. An SPS-

332LX device (Fuji Radio Engineering Machinery Co.

Ltd., Japan) was used to consolidate the mixed

powders into bulk samples at 1050 �C for 8 min with

a heating rate of 70 �C/min and a constant pressure

of 30 MPa (Fig. 1a), followed by furnace cooling. The

vacuum pressure was kept at\ 10 Pa during SPS.

Following SPS, the SPS-ed samples with size of

Ø20 9 10 mm were obtained, as shown in Fig. 1b.

The SPS-ed samples for subsequent testing and PTA

remelting experiments were sectioned by electrical

discharge machining.

The SPS-ed samples for PTA remelting experi-

ments were cut into rectangular sheets with sizes of

15 9 2.5 9 1.0 mm, as displayed in Fig. 1c. The sur-

faces of the processed samples were polished to

remove oxide. The PTA remelting experiments were

performed using a homemade plasma machine [39].

The operating principle of the PTA remelting system

was schematically shown in Fig. 1d. During remelt-

ing, PTA with a high energy density was ignited, and

the PTA beam diameter was 4 mm. The surface of

15 9 2.5 mm of the SPS-ed sample was heated along

the direction of length, from one end to the other, as

shown in Fig. 1e. The diameter of the PTA beam

(4 mm) was larger than the width of the sample

(2.5 mm), and the sample thickness was only 1.0 mm.

This ensured that that the SPS-ed samples were

thoroughly remelted after a single-pass heating.

During remelting, argon was used as the working

and shielding gas to prevent surface contamination.

The optimized PTA remelting parameters are listed

in Table 1. The remelted samples for subsequent

characterization were also cut by electrical discharge

machining.

Characterization

A D/Max 2500 PC Rigaku X-ray diffractometer

(XRD) with a Cu Ka radiation (k = 0.15405 nm) was

used to analyze the phase constituents of the sam-

ples. Microstructures were characterized in an FEI

Nova NANOSEM 450 scanning electron microscope
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(SEM), and energy-dispersive X-ray spectroscopy

(EDS, INCAR, OXFORD) was applied to analyze the

chemical compositions. The polished surfaces of both

types of samples were studied by electron backscatter

diffraction (EBSD) (XL-30 FEG FEI Philips), and the

EBSD data were obtained by Orientation Imaging

Microscopy hardware and were analyzed by the HKL

Channel 5 software. Transmission electron micro-

scopy (TEM) studies were performed on an FEI

Tecnai G2 F20 S-TWIN operated at 200 kV. The

chemical compositions of the nanoprecipitates were

measured by a Super-X EDS detector equipped on an

FEI-TITAN G2 TEM operating in a high-angle

annular dark-field scanning TEM (HAADF-STEM) at

300 kV. An FEI Helios Nanolab 600i dual-beam

focused ion beam (FIB) apparatus was used to fab-

ricate the TEM foils. Compression tests were carried

out utilizing an Instron 5500 testing system at a

constant strain rate of 1 9 10-3 s-1 at ambient tem-

perature. The size of compression test samples was

U3 mm 9 4.5 mm. For each sample type, at least five

samples were tested to confirm the reproducibility

and reliability of the results. Potentiodynamic polar-

ization and electrochemical impedance spectroscopy

Figure 1 Schematic drawings of the HEA preparation procedure. a Bulk sample fabricated by SPS. b The SPS-ed bulk sample. c Sizes of

the machined SPS-ed sample. d The operating principle of the PTA remelting system. e PTA scanning heating process.

Table 1 The optimized PTA remelting parameters

Working current

(A)

Working voltage

(V)

Scanning speed

(mm/s)

Working gas flux (Ar,

l/min)

Shielding gas flux (Ar,

l/min)

Working distance

(mm)

100 30 80 5 6 8
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(EIS) tests were performed on an electrochemical

workstation (Model: Reference 3000, Gamry) with a

three-electrode system. The sample (0.3 cm2), a plat-

inum plate and a standard saturated calomel elec-

trode (SCE) were the working electrode, counter

electrode and reference electrode, respectively. The

tests were performed in the 3.5 wt% NaCl solution at

room temperature. The potentiodynamic curves were

recorded at a sweep rate of 1 mV/s. The EIS tests

were conducted at an alternating current frequency

ranging from 105 Hz to 10-2 Hz. In order to guar-

antee the corresponding reproducibility, each test

was repeated at least three times.

Results

XRD, SEM and EBSD studies

Figure 2a shows the XRD patterns of both the 0 h (as-

blended) and 10 h milled powders. Diffraction peaks

corresponding to all of the elemental components are

evident in both patterns. A comparison of the two

diffraction patterns indicates that there are almost no

differences in the number and intensity of the

diffraction peaks, which indicates that the mechanical

alloying may not occur during ball milling. Note that,

it is rational that the lower rotational speed (250 rpm)

and the relatively short time (10 h) of ball milling

would not lead to the mechanical alloying.

Figure 2b shows the XRD patterns of both the SPS-

ed and PTA remelted samples. The XRD pattern of

the SPS-ed sample is consisted of a primary disor-

dered face-centered cubic (FCC) phase, an ordered

FCC (L12) phase, and an ordered body-centered cubic

(BCC) (B2) phase. The superlattice diffraction peaks

(SDPs) at 2h = 24.8� and 35.1� are attributed to the

respective (100) and (110) planes of the ordered L12
phase, while the SDP at 2h = 31.2� is ascribed to the

respective (100) plane of the ordered B2 phase. After

PTA remelting, only two diffraction peaks at

2h = 43.4� and 50.7� are observed in the XRD pattern,

which are respectively attributed to the (111) and

(200) planes of the disordered FCC phase. Addition-

ally, the shift in the primary FCC diffraction peaks to

left after PTA remelting is observed, which can also

be seen clearly in the magnified image of the

diffraction patterns at 2h = 48-53� (inset in Fig. 2b),

indicating the extended solid solubility of the FCC

solid solution in the PTA remelted sample.

The backscattered electron (BSE) image in Fig. 3a

reveals that the SPS-ed sample possesses a polygonal

equiaxed grain structure. The high-magnification BSE

image (Fig. 3c) indicates that the SPS-ed sample

contains a matrix grain phase, a white phase dis-

tributes in the intergranular region and a gray phase

distributes between the matrix grain and the white

phase. The measured compositions (atomic percent)

of various phases in the SPS-ed sample (based on the

SEM–EDS) indicate the matrix grains are rich in Cr

Figure 2 a XRD patterns of the mixed powders. b XRD patterns of the SPS-ed and PTA remelted samples. Inset shows the diffraction

patterns at 2h = 48-53�.
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(30.62 at.%) and Co (30.19 at.%), the white phase is

rich in Cu (76.54 at.%), while the gray phase is rich in

Ni (37.56 at.%) and Al (34.98 at.%). The EDS ele-

mental distribution maps (Fig. 3c1–c5) corresponding

to Fig. 3c further substantiate the above EDS com-

positional analysis results.

After PTA remelting, the microstructure is trans-

formed from an equiaxed to a dendritic structure

with a directional solidified morphology, as shown in

Fig. 3b. The high-magnification BSE image (Fig. 3d)

and EDS maps of various elements (Fig. 3d1–

d5) reveal that the PTA remelted sample is composed

of only a dendritic matrix phase (27.46 at.% Co, 28.57

at.% Cr, 12.45 at.% Cu, 22.36 at.% Ni, 9.16 at.% Al)

and an interdendritic white phase (66.03 at.% Cu,

13.63 at.% Ni, 10.77 at.% Al, 5.88 at.% Co, 3.69 at.%

Cr). Similar to the SPS-ed sample, the dendritic

matrix phase is also rich in Co and Cr, and the

interdendritic phase is Cu rich; however, the gray Ni–

Al-rich phase is not observed in the PTA remelted

sample. In addition, compared with the SPS-ed

sample, the size of the Cu-rich phase in the

Figure 3 SEM images and

EDS analyses of the HEA

samples. a SEM image of the

SPS-ed sample. b SEM image

of the PTA remelted sample.

c A high-magnification BSE

image of the SPS-ed sample.

c1–c5 EDS elemental

distribution maps

corresponding (c) showing Al,

Ni, Cu, Cr and Co,

respectively. d A high-

magnification BSE image of

the PTA remelted sample. d1–

d5 EDS elemental distribution

maps corresponding

(d) showing Al, Ni, Cu, Cr

and Co, respectively.
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interdendritic region of the PTA remelted sample is

much finer. The mean widths of the Cu-rich phase

perpendicular to the grain boundaries of the SPS-ed

and PTA remelted samples were analyzed by using

ImageJ software, and the results are approximately

4.5 lm and 1.3 lm, respectively. Furthermore, the

measured Cu content in the interdendritic region of

the PTA remelted sample (66.03 at.%) is much lower

than that of the SPS-ed sample (76.54 at.%), which

indicates that Cu segregation is decreased after PTA

remelting.

The XRD results (Fig. 2b) indicate that the primary

matrix phase has an FCC structure in both samples;

thus the Orientation Imaging Microscopy was used to

acquire the FCC grain information. Figure 4 shows

the EBSD inverse pole figures (IPFs) over a large

scanning area (1000 9 1002 lm) for both samples.

The IPF of the SPS-ed sample (Fig. 4a) reveals that the

equiaxed grains have a random orientation; however,

the PTA remelted sample (Fig. 4b) exhibits the pref-

erential growth along the (111) and (001) planes, in

agreement with the XRD analysis (Fig. 2b).

TEM analysis

As shown in the bright-field (BF) TEM image

(Fig. 5a), the SPS-ed sample is composed of the

matrix grain phase, Ni–Al-rich phase, and an inter-

granular Cu-rich phase (confirmed by TEM-EDS),

which is consistent with the SEM observations

(Fig. 3). Selected area diffraction pattern (SADP) of

the Ni–Al-rich phase along the [100] zone axis

(Fig. 5a inset) exhibits reflections of an ordered BCC,

which demonstrates that this phase has a B2 struc-

ture, corresponding to the diffraction peaks of the B2

phase, as marked in Fig. 2b. Figure 5b shows a BF

TEM image of the matrix grain, which exhibits a high

density of plate-like precipitates with diameters of

approximately 130 nm and a mean thickness of

20 nm. SADPs obtained from the matrix grain along

the\ 001[ ,\ 011[ , and\ 111[ zone axes are

shown in Fig. 5c1, c2, and c3, respectively. These

SADPs reveal that the matrix has an FCC structure

(c), and the existence of {001} and/or {011} superlat-

tice reflections indicates the presence of an ordered

L12 phase (c0). STEM-EDS mapping analysis

(Fig. 5d1–d8) along the\ 001[ zone axis reveals that

each of the plate-like precipitates is composed of two

regions: one enriched with Cu (containing 90.42 at.%

Cu confirmed by STEM-EDS) and the other enriched

with Cu–Ni–Al (Cu, Ni and Al comprise 92.50 at.% of

its composition).

The dark-field (DF) TEM image (Fig. 6a) made

from the {100} superlattice spot in the SADP (Fig. 5c1)

reveals that the Cu-rich region of the plate-like pre-

cipitate exhibits a dark contrast, while the Ni–Al–Cu-

rich region exhibits a bright contrast. This indicates

that the Cu-rich region has a disordered structure,

and the Ni–Al–Cu-rich region possesses an ordered

L12 structure. The HRTEM image (Fig. 6b) and the

corresponding electron diffraction patterns of the Ni–

Al-Cu-rich region (Fig. 6c), matrix (Fig. 6d), and Cu-

rich region (Fig. 6e) from Fast Fourier Transform

(FFT) of Fig. 6b also reveal that both the c matrix and

Cu-rich region (further termed as Cu-plate) exhibit

the disordered FCC structure, while the Ni–Al-Cu-

rich region (further termed as cp0) exhibits the

ordered L12 structure. Further observation of the

HRTEM image in Fig. 6b indicates that the atomic

planes across the interfaces of Cu-plate/cp0, cp0/c
matrix and c matrix/Cu-plate are all continuous,

suggesting the three phases are coherent. Moreover,

the three phases have similar lattice constants mea-

sured by using the HRTEM images, with a maximum

difference of approximately 2.1%, which is small

enough to be readily accommodated by elastic

strains.

SADPs, recorded from the intergranular Cu-rich

phase in Fig. 5a, which can be indexed as\ 001[
and\ 114[ zone axes of the FCC structure, are

shown in Fig. 7a and 7b, respectively. Note that the

existence of {001} and/or {011} superlattice reflections

in Fig. 7a and 7b also indicates that the presence of an

L12 ordered phase inside the intergranular Cu-rich

phase. The DF TEM image made from the {100}

superlattice spot in the SADP (Fig. 7a) clearly reveals

that the presence of cubic precipitates with bright

contrast is dispersed in the matrix. The mean equiv-

alent diameter of the cubic precipitates was analyzed

by ImageJ software and was determined to be * 55

nm. Both the HRTEM image (Fig. 7d) and the corre-

sponding electron diffraction patterns of the cubic

precipitate (Fig. 7e) and the matrix (Fig. 7f) from FFT

of Fig. 7d reveal that the cubic precipitates possessing

an ordered L12 structure are coherent with the matrix

that has a disordered FCC structure. The Al, Ni, and

Cu STEM-EDS maps (Fig. 7g-i, respectively) of the

intergranular Cu-rich phase, reveal that the cubic

precipitates are rich in Ni–Al (containing 45.30 at.%

5884 J Mater Sci (2021) 56:5878–5898



Ni and 20.34 at.% Al) relative to the matrix that is rich

in Cu (containing 87.53 at.% Cu, subsequently termed

as Cu matrix).

The above detailed characterization on SPS-ed

sample suggests that, the matrix grains contain the

disordered c matrix, the ordered cp0 and the disor-

dered Cu-plate phases. The intergranular Cu-rich

region consists of a principal disordered Cu matrix

containing the dispersed ordered L12 cubic precipi-

tates. The c matrix, Cu-plate, and Cu matrix have

similar lattice constants and all possess a disordered

FCC structure, which makes them difficult to

distinguish in the XRD patterns (Fig. 2b). Similarly,

the cp0 and the cubic precipitates have nearly the

same lattice constants and both have the ordered L12
structure, leading to a set of diffraction peaks of

ordered L12 in the XRD pattern.

As shown in Fig. 8a, a BF TEM image reveals that

the PTA remelted sample is only composed of a

dendritic matrix phase and an interdendritic Cu-rich

phase, which is consistent with the SEM observa-

tions. SADPs along the\ 001[ and\ 112[ zone

axes (Fig. 8b and 8c, respectively) obtained from the

dendritic matrix phase exhibit reflections of a

Figure 4 EBSD

characterization of the FCC

matrix grains. a Inverse pole

figure (IPF) map of SPS-ed

sample. b IPF map of PTA

remelted sample.

J Mater Sci (2021) 56:5878–5898 5885



disordered FCC structure. In the BF TEM image of

the dendritic matrix phase shown in Fig. 8d, a STEM-

EDS compositional profile along the green arrow

reveals a high amplitude fluctuation of the Cu ele-

ment. The STEM-EDS elemental maps of the den-

dritic matrix shown in Fig. 8e–j, clearly reveal that the

Cu-rich precipitates with several nanometers are

dispersed in the matrix. This indicates the presence of

microscopic Cu segregation within the dendritic

matrix. Furthermore, it can be deduced that both the

Cu-rich precipitates and the matrix possess the same

disordered FCC structure because no additional spots

or superlattice reflections are observed in either

SADP (Fig. 8b or 8c).

SADPs along two different zone axes

(\ 013[ and\ 112[), which correspond to the

interdendritic Cu-rich phase, are displayed in the

insets of Fig. 9a. The main diffraction spots confirm

that the matrix has an FCC structure, and the pres-

ence of faint superlattice reflections at the {001} or

{011} positions indicates the existence of the L12
ordered structure inside the interdendritic Cu-rich

phase. The DF TEM image (Fig. 9a) made from the

{001} superlattice spot reveals that the fine nanopre-

cipitates with bright contrast are dispersed in the

matrix. The HRTEM image in Fig. 9b, obtained from

the square area in Fig. 9a, reveals that the precipitates

possessing an ordered L12 structure with a mean size

of approximately 2 nm are coherent with the

Figure 5 TEM characterization of the SPS-ed sample. a BF TEM

image containing both the matrix grain and intergranular region.

Inset shows the SADP along the [001] zone axis of the B2 phase.

b BF TEM image of the matrix grain. c1–c3 SADPs along

the\ 001[ ,\ 011[ and\ 111[ zone axes of the matrix

grain, respectively. d1–d8 STEM-EDS elemental distribution

maps along the\ 001[ zone axis of various elements, as

labeled in the image.
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disordered matrix. In addition, dislocations and lat-

tice distortions are also observed in the HRTEM

image. Note that the chemical compositions of both

the L12 precipitates inside the interdendritic Cu-rich

phase and the Cu-rich precipitates within the den-

dritic matrix have not been obtained due to their very

small sizes.

Compressive properties

Figure 10 shows the compressive engineering stress–

strain curves of both the SPS-ed and PTA remelted

samples. Table 2 summarizes the experimental data

of yield strength (ry) and fracture strain (ef) for both
samples. After PTA remelting, the sample exhibits a

lower yield strength but a much higher fracture strain

than that of the SPS-ed sample. Note that the PTA

remelted sample can be pressed into flat disk without

fracture (compressive strain above 70%) and can still

maintain an appreciable yield strength of 739.4 MPa,

which indicates that an excellent balance between

strength and ductility has been obtained after PTA

remelting. However, the SPS-ed sample has only a

compressive fracture strain of 21.7% despite a relative

high yield strength of 913.8 MPa. The inferior duc-

tility of the SPS-ed sample can be attributed to the

coarse intragranular plate-like precipitates and the

intergranular B2 phase, which leads to a brittle frac-

ture. The related strengthening mechanisms for both

the SPS-ed and PTA remelted samples will be dis-

cussed in Sect. 4.2.

Corrosion properties

Figure 11a shows the potentiodynamic polarization

curves of samples, both before and after PTA

remelting. The polarization curve of the PTA remel-

ted sample shifts to the upper left compared to that of

the SPS-ed sample, which indicates a reduced

polarized current density and an increased corrosion

potential after PTA remelting. This can be substanti-

ated by the electrochemical corrosion parameters

extracted from the polarization curves, as listed in

Table 3. The PTA remelted sample exhibits a nobler

corrosion potential (Ecorr) and a lower corrosion

current density (icorr) than those of the SPS-ed sam-

ple, which demonstrates an enhanced corrosion

resistance after PTA remelting.

Figure 11b shows the Nyquist plots of both the

SPS-ed and PTA remelted samples. Both of them are

semicircular, indicating a mechanism of charge

transfer. Generally, the larger the radius of the

semicircle, the higher the corrosion resistance of the

sample is. Thus, the Nyquist plots further substanti-

ate that the PTA remelted sample has a better cor-

rosion resistance than that of the SPS-ed sample,

because the PTA remelted sample exhibits a larger

radius of the semicircle. Combining the above

Figure 6 TEM characterization of the plate-like precipitate. a DF

TEM image made from the {100} superlattice spot in the SADP of

Fig. 5c1. b HRTEM image corresponding the area indicated by the

red box containing the c matrix, Cu-plate and cp0. c–e Electron

diffraction patterns of the cp0, c matrix, and Cu-plate, respectively,

from FFT of (b).
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microstructure analyses, the enhanced corrosion

resistance after PTA remelting can be attributed to

the reduced elemental segregation, and the decreased

sizes and types of the precipitated phases; thus, the

galvanic corrosion tendency that is resulted from the

multi-phase structures has been decreased.

Discussion

Microstructural evolution

The above analyses indicate that PTA remelting

greatly affects the microstructures of SPS-ed

CoCrCuNiAl0.5 HEA. Understanding the

microstructural evolution before and after PTA

Figure 7 TEM characterization on the intergranular Cu-rich phase

of the SPS-ed sample. a, b SADPs from

the\ 001[ and\ 114[ zone axes of the Cu-rich phase,

respectively. c DF TEM image made from the {100} superlattice

spot in (a). d HRTEM image of the interface of matrix/cubic

precipitate. e, f Electron diffraction patterns of the cubic

precipitate and Cu-matrix, respectively, from FFT of (d). g–i

STEM-EDS elemental distribution maps of the Cu-rich phase

showing Al, Ni and Cu, respectively.
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remelting is important to further control the

microstructures and macroscopic mechanical prop-

erties of HEAs. Based on the microstructural char-

acterization of both the SPS-ed and PTA remelted

samples, the microstructural evolution was pro-

posed, as shown in Fig. 12.

With regard to the HEA systems containing Cu

element, obtaining the single-phase solid solution is

difficult owing to the large positive mixing enthalpy

between Cu and other elements [44]. Despite such

HEA systems were successively rolled, annealed at

high temperatures, and then water quenched, the

microsegregation of Cu cannot be eliminated [45].

Some recent reports have also indicated that there is

no single, stable, solid-state phase field in the HEA

systems containing Cu between 1000 �C and the

solidus temperature because the enthalpic terms

dominate the behavior of such HEAs; thus, these

HEAs exist as two disordered FCC solid solution

phases within this temperature range, i.e., the Cu-

depleted matrix phase and the Cu-rich interdendritic

phase [46, 47].

In this study, the SPS temperature of

CoCrCuNiAl0.5 HEA system is 1050 �C, which is

between 1000 �C and its solidus temperature; thus, it

can be deduced that two solid solutions, i.e., the

matrix and intergranular Cu-rich phases, exist in

equilibrium at high temperatures (Fig. 12a). This

leads to a reduction in the entopic stabilization of

solid solution phases and increases their susceptibil-

ity to phase decomposition at lower temperatures

[46, 48], which is consistent with the microstructural

Figure 8 TEM characterization of the PTA remelted sample. a BF

TEM image containing both the dendritic matrix and interdendritic

regions. b, c SADPs from the\ 001[ and\ 112[ zone axes of

the dendritic matrix, respectively. d BF TEM image of the

dendritic matrix. Inset shows the STEM-EDS compositional

profile of Cu along the green arrow. e–j STEM-EDS elemental

distribution maps of various elements, as labeled in the image.
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observations containing the various disordered and

ordered phases in the sample after SPS. With the

decrease in temperature after SPS, the portion of Cu

that is retained in the matrix solid solution at high

temperatures is repelled from the c matrix due to

mixing enthalpy to form a disordered FCC Cu-rich

plate-like phase (further termed as cCu) inside the

matrix grains via spinodal decomposition [6, 49], as

shown in Fig. 12b. Then, phase separation in cCu
results in the formation of disordered FCC Cu-plate

and ordered cp0 (Fig. 12c). The phase separation can

also be verified by the Ni–Al–Cu ternary phase dia-

gram [50] and our previous report on the Co25Cr25-
Cu12.5Ni25Al12.5 HEA [6]. The formation of L12 cubic

precipitates inside the intergranular Cu-rich phase

can be ascribed to the process of precipitation and

growth during cooling (Fig. 12d). Such behavior is

similar to the metallurgy of Ni-base super alloys, in

which the solid-state precipitation of the c0 phase

occurs during cooling, forming the typical c ? c0

microstructures [51, 52]. In addition, the Ni–Al-rich

ordered B2 phase is also observed between the matrix

grain and the intergranular Cu-rich phase, primarily

due to the large negative mixing enthalpy between Ni

and Al (-22 kJ mol-1) [44].

After the SPS-ed sample was remelted by PTA

(Fig. 12e), nucleation and growth occur (Fig. 12f). The

PTA remelted sample exhibits a directional solidified

morphology with specific growth orientations

(Fig. 12g). This can be ascribed to the ultrahigh tem-

perature gradient produced by non-equilibrium

plasma beam heating, which results in the preferen-

tial growth of the FCC solid solution along its low-

Figure 9 TEM characterization on the interdendritic Cu-rich

phase of the PTA remelted sample. a DF TEM image made from

the {001} superlattice spot showing the fine-scale precipitates

dispersed in the Cu-rich phase. Inset shows SADPs along

the\ 013[ and\ 112[ zone axes of the interdendritic Cu-

rich phase shown as insets and correspondingly labeled.

b HRTEM image corresponding the area indicated by the red

box in (a) containing the matrix and fine-scale precipitates. ‘‘T’’

and arrows indicate dislocations and precipitates, respectively.

Figure 10 Representative engineering stress–strain curves of the

SPS-ed and PTA remelted samples in compression.

Table 2 Compressive yield strength (ry) and fracture strain (ef) of
the SPS-ed and PTA remelted samples at room temperature

Alloys Yield strength (ry)
(MPa)

Fracture strain (ef)
(%)

SPS-ed sample 913.8 21.7

PTA remelted

sample

739.4 [ 70 (without

fracture)
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index planes. Evidently, the coarse B2 phase has

disappeared after PTA remelting. The B2 phase has a

solvus temperature of approximately 975 �C and can

form after 0.1 h of exposure at 800–900 �C and after

1 h at 700 �C in the intergranular region, while it

needs 50 h of exposure at 700 �C inside the matrix

grain [53]. Hence, the slow cooling rates after SPS can

easily result in the formation and growth of the B2

phase in the intergranular region. While for the PTA

remelting process, the rapid cooling rate can restrict

the formation and growth of the B2 phase. Compared

with the intricate ordered L12 and disordered FCC

phases inside the matrix grains in the SPS-ed sample,

the PTA remelted sample only contains the disor-

dered FCC fine-scale Cu-rich precipitates in its den-

dritic matrix (Fig. 12h), which are also attributed to

the rapid cooling rate during PTA remelting that

leads to the formation of a non-equilibrium phase.

This also suggests that it is difficult to eliminate

microscopic Cu segregation. Combining the evolu-

tion analysis of the cCu phase in the SPS-ed sample,

the formation of Cu-rich precipitates inside the den-

dritic matrix is deduced to result from the rapid

spinodal decomposition. For the SPS-ed sample, the

lower cooling rates can facilitate the spinodal

decomposition, and the phase size resulted from

spinodal decomposition increases with the decrease

of cooling rates [6]; thus, the Cu-rich precipitates

have developed into coarse plate-like shapes in the

SPS-ed sample. However, in the case of PTA remelted

sample, the rapid cooling rate produces a ‘‘rapid

quenching’’ effect [54] that can restrict the diffusion of

the elements during spinodal decomposition and

result in the formation of metastable Cu-rich precip-

itates with the size of several nanometers.

The sizes of the L12 precipitates inside the inter-

granular Cu-rich phase are decreased from * 55 nm

in the SPS-ed sample to * 2 nm after PTA remelting,

which indicates that PTA remelting refines the

nanoprecipitates effectively. The presence of dislo-

cations and lattice distortions in the HRTEM image of

the interdendritic Cu-rich phase (Fig. 9b) can be

explained as follows. In the HEAs containing multi-

ple principal elements, the increased lattice distortion

induced by the interaction of various elements with

different atomic radii results in the formation of a

high density of dislocations in the solid solutions.

This is especially noted during rapid cooling, which

can further restrict the elemental diffusion and is

more conducive to the formation of the HEA super-

saturated solid solutions [55, 56].

Strengthening mechanisms

As indicated in Sect. 3.3, the SPS-ed and PTA

remelted samples exhibit the yield strengths of 913.8

and 739.4 MPa, respectively. The change in yield

Figure 11 Electrochemical test results of the SPS-ed and PTA remelted samples. a Potentiodynamic polarization curves. b Nyquist plots.

Table 3 Potentiodynamic polarization parameters of the SPS-ed

and PTA remelted samples in the 3.5 wt% NaCl solution at room

temperature

Alloys Ecorr (mV/SCE) icorr (lA/cm
2)

PTA remelted sample -271.2 3.11 9 10-2

SPS-ed sample -296.0 1.05 9 10-1
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strength after PTA remelting could be related to dif-

ferent strengthening mechanisms. Both the samples

are polycrystalline materials, and the yield strength

(ry) from various strengthening contributions can be

expressed as [57, 58]:

ry ¼ r0 þ Drss þ Drgb þ Drdis þ Drp ð1Þ

where r0 is the intrinsic lattice frictional stress, and

Drss, Drgb, Drdis, and Drp are strengthening contri-

butions from solid solution, grain boundary, dislo-

cations, and precipitates, respectively. r0 is estimated

to be approximately 115 MPa for both samples by

using the rule of mixtures [58, 59].

The evaluation of Drss in traditional approaches is

usually based on dilute solid solutions, which may

not be valid for HEAs because they are considered to

be highly concentrated. However, for the current Al–

Cr–Cu–Co–Ni system, the lattice strain is mainly

caused by Al due to its larger atomic radius (rAl-

= 0.143 nm) than other alloying elements. Thus,

CrCuCoNi and Al can be simply treated as the sol-

vent and the solute, respectively. A model based on

elastic dislocation–solute interactions can be used to

evaluate the solid-solution strengthening [57, 60]:

Figure 12 The proposed schematic representation of the

microstructural evolution. a Formation of the FCC matrix and

intergranular Cu-rich solid solutions at high temperatures during

SPS. b Formation of the Cu-rich plate-like phases (cCu) inside the
FCC matrix via spinodal decomposition with the temperature

decreasing after SPS. c Formation of the cp0 and Cu-plate via phase
separation in cCu, and nucleation of the L12 cubic precipitates in

the intergranular Cu-rich phase, as well as the formation B2 phase

between the matrix grain and intergranular Cu-rich phase.

d Growth of the cp0, L12 cubic precipitates and B2 phase.

e Formation of molten state during PTA remelting. f Occurrence of

nucleation and recrystallization after PTA remelting. g Formation

of directional solidified morphology with the temperature

decreasing. h The magnified image corresponding the area

indicated by blue circle in (g) showing the Cu-rich precipitates

dispersed in the dendritic matrix and L12 precipitates dispersed in

the interdendritic region.
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Drss = M �G � e3=2s c1=2

700
ð2Þ

where M is the Taylor factor with a value of 3.06,

which indicates the conversion of shear stress to

normal stress for an FCC polycrystalline matrix. G

(shear modulus) is calculated to be * 74 GPa [6]. c is

the total molar ratio of Al in the FCC matrix. es is the
interaction parameter and can be expressed as [57]:

es ¼
eG

1þ 0.5eG
� 3 � ea

�
�
�
�

�
�
�
�

ð3Þ

where eG and ea are elastic and atomic size mis-

matches, respectively, and they can be separately

defined as es¼ 1
G

oG
oc and ea¼ 1

G
oa
oc, in which a is the

lattice parameter of the FCC matrix. The a values for

the SPS-ed and PTA remelted samples are 0.3596 and

0.3703 nm, respectively, based on the XRD results.

Therefore, with these parameters, the strength con-

tributions from solid-solution strengthening (Drss)

are estimated to be approximately 27 and 34 MPa,

respectively. The higher solid-solution strengthening

contribution in PTA remelted sample than that of the

SPS-ed sample can be ascribed to the increased solid

solubility of elements, especially Al, consistent with

the EDS results as indicated in Sect. 3.1.

Contribution from grain boundary can be well

described by the traditional Hall–Petch theory. The

relationship between yield strength and grain size

can be expressed as [57, 61]:

Drgb = KHPd�1=2 ð4Þ

where KHP is the Hall–Petch coefficient with an esti-

mated value of * 0.6 MPa m-1/2 for coarse-grained

FCC-based HEAs [61, 62] and d is the average grain

size of the sample. As shown in Fig. 4a, the SPS-ed

sample exhibits an equiaxed polygonal grain struc-

ture, and its average grain size was calculated to

be * 11.2 lm from the orientation imaging micro-

scopy scan using the equivalent diameter method.

After PTA remelting, the sample microstructure was

transformed into a dendritic one, and the average

size of secondary dendritic arm spacing was carefully

analyzed by using the ImageJ software.[ 5 BSE

images were used and averaged, and the obtained

result was * 3.4 lm. Thus, the calculated values of

Drgb for the SPS-ed and PTA remelted samples

are * 179 and * 325 MPa, respectively.

Dislocation strengthening (Drdis) is resulted from

the interaction of dislocations during deformation.

Generally, a higher dislocation density leads to a

higher yield strength. A Bailey-Hirsch formula

[57, 61] is used to calculate the Drdis and can be

expressed as:

Drdis = MaGbq1=2 ð5Þ
where a is 0.2 for FCC metals, which represents a

correction factor. b is the Burgers vector, and can be

calculated as b =
ffiffi
2

p

2 a, in which a is the lattice

parameter for the FCC matrix; thus, the b values for

the SPS-ed and PTA remelted samples are deter-

mined to be 0.2543 and 0.2618 nm, respectively. q is

the dislocation density and can be calculated as

[57, 61]:

q ¼ 2
ffiffiffi

3
p

e
Db

ð6Þ

where e and D are the micro-strain and crystallite

size, both of which are calculated from the XRD

patterns by using the Williamson–Hall method [63].

In the XRD pattern, the true XRD peak broadening B

consists of crystallite size broadening and microstrain

broadening, and the relation among B, D and e can be

defined as: Bcosh ¼ Kk
D þ (4sinhÞe [57, 63], in which h

is the Bragg angle of the certain peak, k = 0.15405 nm

is the wavelength of Cu Ka radiation, and K is a

constant with a value of * 0.9. The parameter e can
be determined from the slope of the linear fit of the

Bcosh-4sinh Hence, with these parameters, the q
values for the SPS-ed and PTA remelted samples are

determined to be 5.9 9 1013 m-2 and 3.6 9 1014 m-2,

respectively. From Eq. (5), the strengthening contri-

butions from dislocation are evaluated as 88.4 MPa

and 224.9 MPa for the SPS-ed and PTA remelted

samples, respectively. Compared with the SPS-ed

sample, the strengthening contribution from dislo-

cation in the PTA remelted sample is much higher.

This can be attributed to the rapid cooling rate during

PTA remelting, which results in the formation of a

high density of dislocations due to the extended solid

solubility and hence the increased lattice distortion.

As indicated in the above microstructural obser-

vations, both the SPS-ed and PTA remelted samples

contain matrix grains and intergranular Cu-rich

regions. A composite model can be used to evaluate

the precipitation strengthening (DrpÞ [57]:
Drp ¼ Drm � fm þ Dri � fi ð7Þ

where Drm and Dri are the precipitation strength-

ening from the matrix grains and intergranular Cu-
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rich regions, respectively; fm and fi represent the

volume fractions of the matrix grains and intergran-

ular Cu-rich regions, respectively, which are ana-

lyzed by the ImageJ software. Quantitative analysis

of the BSE images shows that the fm and fi in the SPS-

ed sample are 78.83% and 16.09%, respectively. The

fm and fi of the PTA remelted sample are 89.42% and

10.58%, respectively. For the SPS-ed sample, the

precipitates inside the matrix grains are plate-like, a

modified Orowan–Ashby equation can be used to

calculate the precipitation strengthening caused by

the plate-like precipitates (Drm) [64]:

Drm¼
Gb

2p
ffiffiffiffiffiffiffiffiffiffiffi

1� t
p 1

1.145

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

0.306pdpt
f

r

� pdp

8

� �

� 1.061t

0

B
B
@

1

C
C
A
ln

0.981
ffiffiffiffiffiffiffi

dpt
p

b

ð8Þ

where dp, t and f are the mean diameter, the mean

thickness and volume fraction of the plate-like pre-

cipitates, respectively. The dp, t and f are analyzed by

using the ImageJ software, and obtained results are

approximately 128.9 nm, 16.9 nm, and 26.7%,

respectively. t is Poisson’s ratio with a value of 0.33.

Thus, the Drm is determined to be 578.6 MPa via

Eq. (8).

The L12 cubic precipitates inside the intergranular

Cu-rich region have a similar size with the plate-like

precipitates; thus, the strengthening contribution

produced by the cubic precipitates (Dri) can also be

evaluated using the modified Orowan–Ashby model

by treating the cubic precipitates as the plate-like

inclusions of dc = tc (dc and tc represent the mean

diameter and thickness of the cubic precipitates). By

using the same method, the Dri is estimated as

397.5 MPa. Therefore, the Drp was determined to be

520.1 MPa from Eq. (7).

The precipitation strengthening would be domi-

nated by the particle shearing mechanism when the

precipitates are sufficiently small and coherent

[57, 65]. Both the precipitates within the dendritic

matrix and inside the interdendritic Cu-rich phase

are several nanometers in the PTA remelted sample;

furthermore, both types of precipitates are coherent

with their matrix. Hence, a particle shearing model

[57, 66] is used to estimate the precipitation

strengthening in the PTA remelted sample. Three

contributing factors should be considered for the

shearing mechanism [65, 67], which can be expressed

as follows:

Drcs = M � ae G � ecð Þ3=2 dsfs
Gb

� �1=2

ð9Þ

Drms = M � 0.0055 � DGð Þ
3
2

2fs
G

� �1=2 ds

2b

� �3m
2 �1

ð10Þ

Dros = M � 0.81 �
capb
2b

3pfs
8

� �1=2

ð11Þ

where Drcs, Drms and Dros are coherency strength-

ening, modulus mismatch strengthening and order

strengthening, respectively. Drcs and Drms play the

role prior to the shearing, while Dros works during

the shearing. Thus, the larger contribution of Drcs þ
Drms or Dros determines the strengthening contribu-

tion from the nanoprecipitates. ae is a constant with a

value of 2.6 for the FCC structure, and ec is the con-

strained lattice parameter mismatch and can be cal-

culated as ec � 2
3

Da
a

� 	

, in which Da is the difference of

the lattice parameter between the nanoprecipitate

and matrix. ds and fs are the average diameter and the

volume fraction of the nanoprecipitates, respectively,

which are analyzed by the ImageJ software. The

values of ds are determined to be * 5 nm and * 2

nm within the dendritic matrix and inside the inter-

dendritic Cu-rich region, respectively. The corre-

sponding values of fs are * 8.2% and * 10.4%,

respectively. DG is the mismatch of shear modulus

between the nanoprecipitate and matrix. m is a con-

stant with a value of 0.85, and capb is the anti-phase

boundary free energy. The values of DG and capb are

determined as 4 GPa and 0.12 J/m2 [68], respectively.

The nanoprecipitates inside the dendritic matrix have

a disordered FCC structure; and thus only the Drcs is
considered. With the related parameters, the calcu-

lated value of Drcs is 104.8 MPa. For the interden-

dritic Cu-rich region, the nanoprecipitates have an

ordered L12 structure; and thus, the above three

strengthening contributions should be considered.

The calculated values of Drcs, Drms and Dros for the

interdendritic Cu-rich region are 424.9 MPa,

10.3 MPa and 198.6 MPa, respectively. The value of

Drcs þ Drms (435.2 MPa) is much larger than that of

the Dros (198.6 MPa). Thus, the Drcs þ Drms determi-

nes the resultant contribution in the interdendritic

Cu-rich region. Consequently, the Drp is determined

to be 139.7 MPa from Eq. (7).

Based on Eq. (1), the values of ry for the SPS-ed

and PTA remelted samples are calculated as 929.5

and 838.6 MPa, respectively, both of which are
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somewhat higher than that of the respective experi-

mental results. However, the agreement between the

calculated and experimental values is acceptable. For

the SPS-ed sample, the precipitation strengthening

offers the largest strength increment (520.1 MPa), but

the coarse precipitates lead to the brittle fracture.

While for the PTA remelted sample, the grain

boundary strengthening offers the largest strength

increment (325 MPa), followed by dislocation

strengthening (224.9 MPa). These two strengthening

mechanisms tremendously increase the strength of

the PTA remelted sample and do not result in the

brittle failure. Therefore, an excellent balance

between strength and ductility has been obtained

after the PTA remelting treatment.

Conclusion

The CoCrCuNiAl0.5 HEA was prepared by SPS and

subsequently was performed by PTA remelting. The

microstructures and properties of both the SPS-ed

and PTA remelted samples were investigated and

compared. The following conclusions were reached:

(1) The microstructures transformed from an

equiaxed structure in the SPS-ed sample to a den-

dritic structure with a directional solidified mor-

phology after PTA remelting under the effect of

ultrahigh temperature gradient produced by non-

equilibrium plasma beam.

(2) After PTA remelting, the coarse plate-like pre-

cipitates with * 130 nm in diameter and * 20 nm

in thickness containing ordered L12 and disordered

FCC structures were replaced by the disordered FCC

spherical Cu-rich precipitates with several nanome-

ters in the intragranular region. In the intergranular

region, the brittle B2 phase was disappeared, and the

extent of Cu segregation was decreased. Further-

more, the size of the L12 cubic precipitates was

decreased from * 55 nm to * 2 nm, and disloca-

tions and lattice distortions were observed.

(3) The SPS-ed sample has a compressive yield

strength of 913.8 MPa and a fracture strain of 21.7%.

After PTA remelting, the sample exhibits a much

higher fracture strain ([ 70%, without fracture) and

an appreciable yield strength of 739.4 MPa, which

indicates an excellent balance between strength and

ductility was achieved. The quantitative

contributions from each strengthening mechanism

were estimated using available strengthening theo-

ries. Grain boundary strengthening and dislocation

strengthening are principally responsible for the

measured yield strength of the PTA remelted sample.

Precipitation strengthening offers the largest strength

increment for the SPS-ed sample, but the coarse

precipitates leads to a brittle fracture.

(4) The PTA remelted sample exhibits the nobler

corrosion potential (Ecorr) and the lower corrosion

current density (icorr) than that of the SPS-ed sample.

This indicates the enhanced corrosion resistance after

PTA remelting due to the decreased elemental seg-

regation, and the reduced sizes and types of the

precipitates.
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