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Introduction

Structural o- and near-o Ti alloys are used extensively
in the production of the heat exchange equipment
and other construction units for modern nuclear
power plants (NPP) [1-6]. Besides, a- and near-o Ti
alloys are used widely in petrochemistry, shipbuild-
ing, in production of engineering structures operated
at low temperatures, etc. [3-10], the requirements to
the reliability and resources for which are getting
stricter continuously. Therefore, the requirements to
the mechanical and operational properties of the a-
and near-a Ti alloys are growing.

To improve the strength of modern Ti alloys, the
technologies based on the optimization of their
composition and different types of thermo-mechani-
cal processing modes are applied widely at present
[3, 5, 6]. One of the most promising ways to improve
the mechanical properties of the Ti alloys is to form
an ultrafine-grained (UFG) structure in these ones
using different methods of severe plastic deformation
(SPD), including the technology known as equal
channel angular pressing (ECAP) [11-14], high-pres-
sure torsion [15-18], multiaxial forging [19, 20], rotary
swaging [21, 22], etc. This approach ensures a unique
combination of high strength, ductility, corrosion
resistance, superplasticity, etc. This, in turn, opens
the prospects to ensure a high performance and
lifetime of the NPP heat exchange equipment.

One of the key challenges obstructing an extensive
application of the UFG Ti alloys is the problem of
welding. Traditional argon-arc welding [23, 24] or
electron-beam welding [25, 26] accompanied by
metal melting fails to preserve the UFG structure
with high mechanical properties in the weld. Such
solid-phase technologies as conventional diffusion
bonding [27, 28], friction stir bonding [29-31], or
superplastic forming [32, 33] require high tempera-
tures and long holding times that lead to the growth
of grains. Thus, all the unique properties of the UFG
materials are lost. Note also that in the case of a- and
near-o Ti alloys, the weld performance is impossible
to improve through additional local heat treatment,
which ensures the hardening of the weld as a result
of the precipitation of the B-phase particles. In this
case, the welds in the UFG o- and near-a Ti alloys
have much poorer properties and therefore worsen
the service life and safe operation of the entire
steelwork.
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Spark plasma sintering (SPS) offers better oppor-
tunities to obtain the high-strength joints since the
idea underlying this innovative technology involves
rapid heating in vacuum or in an inert ambient. This
effect is achieved by sending the high-power mil-
lisecond direct current (DC) pulses through the
specimen along with applying a uniaxial pressure
[34-38]. This technology produces the high-density
structures in the UFG materials at lower optimal
sintering temperatures [39-41]. High heating rates
and faster diffusion at lower heating temperatures
are crucial for restricting the grain growth and pre-
serving the UFG structure in the material [34—41].

Note that obtaining a high-density weld as strong
as the base metal is a scientific challenge. The high-
density structure requires longer holding times at
elevated temperatures, while the UFG structure can
be preserved through restricting the grain growth by
reducing the process time only. This problem can be
solved by the diffusion mass transfer mechanism
associated with the non-equilibrium grain bound-
aries during the rapid heating of the UFG metals.

This paper aims to explore the potential of SPS for
the diffusion bonding of the high-strength corrosion-
resistant UFG o-Ti alloys used in nuclear engineering.

Materials and methods

The study was focused on the Ti—4.73wt.%Al-
1.88wt.%V alloy used in the production of the heat
exchange equipment for modern NPPs. The chemical
composition of the alloy is presented in Table 1. This
alloy is one of the near-o Ti alloys, for which the
volume fraction of the B-phase does not exceed 5%.
General chemical analysis of the alloy was carried out
using FOUNDRY ®-Master™ spectrum analyzer. The
concentrations of oxygen, nitrogen, carbon, and
hydrogen were measured by reductive melting using
ELTRA® ON-900 (O,, C, Ny) and ELTRA® OH-900
(Hy) analyzers.

The UFG structure in the alloy was formed by
ECAP in the B. pressing mode (the number of the
ECAP cycles N =4, the ECAP temperature was
450 °C, and the ECAP rate was 0.2 to 0.4 mm/s).
ECAP was performed using Ficep® HF400L hydrau-
lic press. Before pressing, the specimens of
14 x 14 x 140 mm in size were held in the operating
channel of the ECAP setup for 10 min. The accuracy
of temperature control during ECAP was + 10 °C.
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Table 1 Composition of the titanium alloy (wt%)

J Mater Sci (2019) 54:14926-14949

Ti Al \%

Fe Si 0, N, C H,

Balance 4.73 1.88
Balance 3.5-5.0

Tested alloy
Russian standard GOST 19807-91

0.019 0.11 0.03 0.042 0.01
1.2-2.5 <0.30

0.0024 0.004

<025 <012 <015 <004 <O0.1 < 0.006

The diffusion bonding of the specimens of
7 x 7x3.5 mm in size was performed using Dr. Sin-
ter® SPS-625 setup (Fig. 1). Dr. Sinter SPS-625 setup
allows heating the specimens in the automatic (con-
trolled) regime with the maximum rate up to 700 °C/
min; in the manual regime, heating can be performed
with the rate up to 2500 °C/min.

The specimens for investigations were obtained by
spark cutting into pieces of 14 x 14 x 140 mm in
size. The difference in height between the bonded
specimens did not exceed 0.02 mm. The surface
roughness Rz in the specimens was 40-60 pm. The
scatter Rz in the values of the surface roughness
originated from the polishing with diamond polish-
ing wax with different diamond grain dispersions.

L current
WATER CO0ONG

TAIMESS STEEL

TAIMESS STEEL
PUNCH

WATER COOOING
T ressurre

Figure 1 Schematic representation of the spark plasma sintering
apparatus for high-rate diffusion bonding.
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The decrease in the surface roughness leads to a
slight decrease in the shrinkage L without any sig-
nificant change in the slope of the dependence of the
shrinkage on the heating temperature T L(T) (Fig. 2).
In further analysis of the experimental data, the effect
of roughness was accounted for as an error when
determining the diffusion bonding activation energy
(see “Discussion” section).

The heating rate V}, varied from 10 to 350 °C/min,
the bonding temperature T ranged from 600 to
1140 °C, and the applied pressure P changed from 50
to 100 MPa. The temperature was measured by
infrared pyrometer Chino IR-AH focused onto the
bonded specimen surface. The degree of shrinkage
Legs and shrinkage rate S.s was monitored by a
dilatometer integrated into Dr. Sinter® SPS-625 setup.
The accuracy of temperature control was =+ 10 °C,
and the uncertainty of the shrinkage measurements
was £ 0.01 mm. Bonding was performed in vacuum
(6 Pa).

To account for the contribution of the thermal
expansion of the Dr. Sinter® SPS-625 sintering setup
itself into the measured shrinkage L., the measure-
ments of the background shrinkage (without a spec-
imen) L, were performed. Afterward, the corrected
temperature dependence of the shrinkage was cal-
culated using the formula L(T) = Leg (1) — Lo(-
T) (Fig. 2). This procedure helped to avoid the artifact
of “negative shrinkage” (expansion) of the specimens,
which was observed in the temperature dependen-
cies of the shrinkage during continuous heating often
[42].

The structure investigations were carried out using
Jeol® JSM-6490 scanning electron microscope (SEM)
with Oxford Instruments® INCA 350 energy disper-
sion spectroscopy (EDS) X-ray microanalyzer and
Jeol® JEM-2100 transmission electron microscope
(TEM) with JED-2300 EDS microanalyzer. The elec-
tron backscatter diffraction (EBSD) analysis was car-
ried out using Tescan® Vega™ 2 SEM with
Nordlys™ 2 analyzer. To identify the alloy
microstructure with the use of SEM, electrolytic



J Mater Sci (2019) 54:14926-14949

(a)

1A

L, mm
0.5 |
3)
T, °C
0 +——mmam . . . )
500 550 750 800
(1)

-0.5 - Q)

-1
(b)
0.5 7

L, mm
0.4 1
0.3 1
Gle
&
021 ﬁé @)
&
; (H
0.1
& T, °C
O '—V—V_@&&

300 400 500 600 700 800 900 1000

Figure 2 Dependence of the shrinkage on the heating
temperature in the CG specimen of the titanium alloy: a thermal
expansion contribution accounting procedure (line (1)—measured
(effective) shrinkage; line (2)—apparatus-contributed thermal
expansion; line (3)—true shrinkage; b impact of the initial
roughness Rz on the shrinkage of specimens during continuous
heating (line (1)—roughness 3-5 um, line (2)—roughness
20-28 um, line (3)—roughness 40—60 pm).

etching was performed at room temperature in a
solution of 75% H,50, + 15% HNO3 + 10% HF. The
thermal stability of the UFG structure of the Ti alloy
was studied by analyzing the structure after 30-min
annealing, as well as by step-by-step heating of the
specimen in situ from 300 °C up to the temperature
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Tann = 900 °C. The temperature increment was 50 °C,
and the pause between the heating steps was 30 min.

The microhardness H, measurements were carried
out using Duramin® Struers'™ 5 with the load of
2 kg. In order to study the mechanical properties, the
relaxation tests were performed to determine the
values of the macroelastic limit oy and the yield
strength ¢, (see Appendix A in [43]). The rectangular
specimens of 3 x 3 mm in cross section and 6 mm in
height were used in these measurements. The
uncertainties of the ¢, and o, measurements were
+ 30 MPa. The loading rate was 0.13%/s, the loading
time was 0.3 s, and the relaxation time was 60 s. The
tensile tests of the double blade-shaped flat speci-
mens with the working part dimensions of
2 x 2x3 mm were performed using Tinius Olsen®
H25 K-S stress machine at the deformation rates
ranging from 3.3 x 107> s~

The electrochemical studies were carried out in the
aqueous solution of 10%HNO; + 0.2%HF using R-8
potentiostat. Based on the analysis of the Tafel slope
in the potentiodynamic dependencies [the potential
E vs the current density i in the semilogarithmic axes
E — In(®)], the corrosion current density i.,, and the
corrosion potential E ., were determined. Prior to the
electrochemical tests, the specimen surfaces were
covered by the corrosion-resistant coating except a
4.5 mm? open area located in the center of the spec-
imen cross sections in the joint area. Before starting
the electrochemical tests, the specimens were kept in
the electrochemical cell in the aqueous solution of
0.2%HF 4 10%HNO; until a stationary potential
value was reached (the holding time was not less
than 2 h). Afterward, the E(i) dependencies were
measured at the potential scanning rate of 0.5 mV/s.

Experimental results

The Ti alloy in the initial state was featured by an
irregular grain size distribution. The average grain
size varied from 10-20 pm to 50-100 pm (Fig. 3a).
The structure of the coarse-grained (CG) alloy inclu-
ded the equiaxed o-phase grains and the elongated
o/-phase grains (Fig. 3a, b). The TEM studies of the
CG alloy structure revealed a random distribution of
the dislocations inside fine o-Ti grains. Some dislo-
cations form the low-angle boundaries. The TEM
studies have shown the grain boundaries in the CG
alloy to contain the B-phase particles with increased
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Figure 3 Structure of the
coarse-grained titanium alloy:
a, b—alloy microstructure; c—
f—precipitation of the B-phase
particles (TEM) (B-phase
particles are shown with
arrows); e—f EDS results for
the grain boundaries
composition.

 TiO156at%
[ AL659at%
- V-186at%

e

concentration of Fe and V (Fig. 3c—f). The SEM
studies have shown the B-phase particles to be loca-
ted along the o’-phase platy grain boundaries mainly.
The z-contrast (the atomic number contrast) analysis
has shown the B-phase particles along the grain
boundaries to have a different contrast as compared
to the one of the o-Ti alloy crystal lattices (Fig. 3b).
This observation proved also the -phase particles to
have an increased concentration of the doping
elements.
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The average grain size after N =4 ECAP cycles
was 0.2-0.5 um (Fig. 4). The EDS analysis proved the
variations in the local concentration of Al and V
along different grain boundaries were insufficient.
No precipitation of the B-phase particles along the
grain boundaries was found in the UFG alloy.

The in situ TEM studies performed during the
step-by-step heating demonstrated the recrystalliza-
tion (the onset of the grain growth) during the
annealing of the UFG alloy at 500 °C and above.
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Figure 4 Microstructure of
the UFG titanium alloy:

a bright-field TEM image;

b dark-field TEM image;

¢ electron diffraction pattern;
d EDS results for the grain
boundaries composition.

Along with the onset of grain growth, the TiC
nanoparticles with the average size of 5-15 nm were
observed in the UFG alloy. Figure 5 shows the pre-
cipitation of the TiC particles marked by arrows.'
After heating up to 700-800 °C, the average size of
the TiC particles reached 30-50 nm and the average
grain size in the UFG alloy was 7-9 um (Fig. 6). The
analysis of the results of the titanium alloy structure
by in situ transmission electron microscopy has
shown no significant differences in the average sizes
and in the volume fractions of the TiC particles in the
CG and UFG alloys.

The investigations of the mechanical properties
proved the formation of the UFG structure in the Ti
alloy by ECAP to improve the macroelastic limit og
from 400-420 MPa up to 730-750 MPa, the yield

"'In our opinion, the origin of the forming of the TiC
nanoparticles is the presence of carbon in the titanium alloy
(see Table 1), the concentration of which does not exceed the
permissible value but appears to be enough for forming the
TiC particles.

o Ti-91.39at% (d)
% ) Al - 7.67at.%
V094 at%

.87 at.%
AL 8.63at.%
V —1.50 at.%, =

stress g, from 600-620 MPa to 1020-1050 MPa, and
the microhardness limit H, from 2.0-2.1 GPa up to
3.1-3.2 GPa, respectively. The investigations of the
thermal stability of the mechanical properties
demonstrated the softening of the UFG alloy to start
after the heating up to 500-550 °C (Fig. 7) that cor-
responded to the recrystallization temperature. A
slight increase in the macroelastic limit and yield
stress of the Ti alloy at lower temperatures (T
< 450-500 °C) results from the precipitation of the
TiC nanoparticles apparently.

The stress (o)-strain (¢) dependencies for the CG
and UFG alloys are presented in Fig. 8a, b, respec-
tively. Figure 8c shows the dependencies of the flow
stress o5 and of the ultimate elongation to failure 6 on
the deformation temperature. The comparative anal-
ysis of the tensile mechanical tests at the elevated
temperatures has shown the UFG alloy to be featured
by a higher plasticity and lower flow stress at high
temperatures. At the deformation temperatures
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Figure 5 Precipitation of the titanium carbide particles while
studying the UFG titanium alloy by TEM while heating up in situ.
Precipitated particles are marked by arrows. Heating the UGF
alloy up to 600 °C and holding 30 min. a; heating up to 700 °C
and holding for 30 min (b).

increasing from 600 °C up to 800 °C, the flow stress
in the CG alloy decreased from 355-360 MPa down to
125-130 MPa, while the plasticity ¢ increased from
230% up to 360% (at T = 700 °C). The results of test-
ing the UFG alloy specimens in similar conditions
demonstrated o, to decrease from 165 MPa down to
70 MPa, while 6 increased from 190% up to 470-475%
with increasing the deformation temperatures from
600 °C up to 800 °C (Fig. 8c).

Figure 9a shows the dependencies of the shrinkage
on the heating time t L(t) for the CG and UFG alloys.
Also, Fig. 9a shows the temperature curve during

@ Springer
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Figure 6 SEM micrographs of the UFG titanium alloy after
annealing at 600 °C, 30 min (a) and 700 °C, 30 min (b).

heating. Figure 9b presents the dependencies
L(T) and S(T) while continuous heating of the CG and
UFG alloys. The analysis of the L(T) dependencies
revealed a monotonous increase in L during contin-
uous heating, while the S(T) dependencies exhibited
two stages with a maximum that is typical for the
S(T) dependencies observed during sintering the
UFG materials [44, 45]. One can see the shrinkage (the
diffusion bonding) of the UFG specimens to start at
lower temperatures than the one of the CG specimens
in similar heating conditions. The degree of shrink-
age for the UFG alloy was higher visibly than the one
for the CG alloy.”

The general results of the structural analysis sup-
port the observed effect of faster bondability in the
UFG alloys. As shown in Fig. 10, there was practi-
cally no joint visible in the UFG-bonded specimens.

% The differences in the initial shrinkage level result from the
~ 0.02 mm difference in the specimen heights.
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Figure 7 Dependence of the microhardness  (circles),
macroelastic limit (squares), and yield strength (thombus) on the
annealing temperature (30 min) for the CG (light markers) and
UFG (dark markers) titanium alloy specimens.

The EBSD analysis helped to locate the joint correctly
and to measure the joint width in the bonded speci-
mens from the CG alloy. The TEM studies demon-
strated the average size and the volume fraction of
the pores to be much smaller in the UFG specimens
than in the CG ones (Fig. 11). Note that SPS provides
very thin joints (Fig. 11b) that ensure much higher
operational reliability of the bonded structures. The
analysis of the histograms in Fig. 11c, d showing the
pore size distributions (corresponding to Fig. 11a, b)
revealed the CG metal joint to have bigger pores with
an average size of & 1.5 pm, while the UFG one had
the pores with the average size of 0.25-0.5 pm.

The studies of the mechanical properties demon-
strated the hardness of the joints obtained by SPS at
the temperatures below the recrystallization thresh-
old to correspond to the hardness of the base metal
measured on the base metal out of the joint at the
distances of not less than three joint widths from the
seam edge (Fig. 12).

Let us analyze the impact of the key factors (the
temperature T, the pressure P, the heating rate Vi,
and the holding time f) on the microstructure
parameters of the bonded joints obtained by SPS
during the high-speed bonding of the specimens
made from the UFG Ti alloy. The dependencies of L,
the shrinkage L and the shrinkage rate S, on the
above parameters are shown in Fig. 13. Figure 13a
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<«Figure 8 Results of mechanical testing at elevated temperatures:
a-b stress (g)-strain (¢) curves for the CG (a) and UFG titanium
alloy (b); ¢ dependencies of yield stress (g5) and of ultimate
elongation to failure (J¢) on the deformation temperature for the
CG alloy (1) and for UFG alloy (2). Deformation rate
33 x 10725

(a)

750 - T, oC Lmm |

700 4

650 -

600 4

550 -

500 T T T 0
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(b)
10 £
- 0.025
1+
- 0.015
0.1 ¢
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0.001 4 T T T T -0.005
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Figure 9 Shrinkage curves (bonding diagrams) for the CG and
UFG alloy specimens (V =100 °C/min, P = 100 MPa):
a dependence of temperature and shrinkage on the heating time
for CG (1) and for UFG (2) alloy; b dependences of shrinkage and
shrinkage rate on the bonding temperature for CG (1) and UFG (2)
alloy.
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shows the L(T) and S(T) dependencies (the latter can
be also interpreted as the temperature dependence of
the bonding rate) for the specimens made from the
CG and UFG alloys. As one can see in Fig. 13a, within
the range of T below the o < P phase transition
temperature, the maximum shrinkage L.« and
maximum shrinkage rate Sp,.x in the UFG alloy were
several times higher than Ly,,x and Spyax in the spec-
imens made from the CG alloy. Within the tempera-
ture range above 1000 °C (exceeding the temperature
of o < B phase transition), there was no visible dif-
ference between the values of L., and S, for the
CG and UFG alloys. Thus, one can conclude that at
low T the bonding intensity in the UFG alloy was
much higher than the one in the CG alloy. This was
accompanied by a decrease in the typical scale of the
diffusion mass transfer x, which is proportional to the
grain size in the UFG metals: x = d/2, and therefore,
by a decrease in the standard time of the diffusion
mass transfer tgy; = 0Dy/x° where 6 is the grain
boundary width and Dy, is the grain boundary dif-
fusion coefficient. A small grain size in the UFG Ti
alloy reduces 14y and, hence, the time required for
the diffusion-controlled dissolution of the pores
located near the non-equilibrium grain boundaries
drastically [44].

Figure 13b shows the L,.(P) and Spy.x(P) depen-
dencies. As one can see in Fig. 13b, the increase in
P from 50 MPa up to 100 MPa resulted in the increase
in Sy from 1.5 x 107> mm/s up to 5.8 x 1073 mm/
s for the CG alloy and from 1.6 x 10~ mm/s up to
23 x 10~° mm/s for the UFG alloy. We suppose the
results of this study to evidence a significant role of
the plastic deformation processes in the diffusion
bonding of the CG and UFG Ti alloys (for more
details, see “Discussion” section). This conclusion
was supported also by a significant shrinkage of the
specimens (Lpax = 1-8 mm) exceeding the surface
roughness of the specimens after their mechanical
polishing (< 40-60 pm).

The analysis of the Spax(Vi) and Liax(Vy) depen-
dencies presented in Fig. 13c has shown these
dependencies for the CG alloy to be descending
monotonously; L.k decreased from 0.80 mm down
to 0.0l mm, while S,, decreased from
4.0 x 107> mm/s down to 1.5 x 107> mm/s with
increasing Vy, from 10 °C/min up to 350 °C/min.
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Figure 10 Microstructure of the metal in the joint obtained during the diffusion bonding of CG (a) and UFG (b) alloys. EBSD analysis.

The low-angle boundaries are marked by white.

This effect can be attributed obviously to the decrease
in tq4i within which the diffusion bonding of the
specimens takes place, and consequently, to the
decrease in the time required for the diffusion-con-
trolled dissolution of pores in the joint.

The Smax(V) and Lyax(V) dependencies for the UFG
alloy were more complex. As one can see in Fig. 13c,
Lmax decreased from 2.14 mm down to 1.23 mm with
increasing Vj, from 10 °C/min up to 350 °C/min,
while Spax changed with increasing Vi non-mono-
tonously. When V}, increases from 10 up to 100 °C/
min, Sp.. increased from 3 x 107° up to
1.6 x 1072 mm/s. With further increase in V;, up to
350 °C/min, S,y decreased down to 8 x 107> mm/
s. We suppose that this result can be explained as
follows. When V), grows, the size of the recrystallized
grains d decreases, leading to the decrease in typical
scale of the diffusion mass transfer x and, conse-
quently, to the decrease in the time required to
complete the metal sealing and the dissolution of
pores in the joint. With further increase in Vy, the
factor of reduced bonding time becomes crucial again
and the sealing rate decreases. This conclusion was

supported by the results of studying the porosity of
the joints in the UFG alloys obtained using diffusion
bonding at various temperatures and heating rates
(Figs. 14, 15).

As it has been shown above (Fig. 12), during the
high-rate low-temperature diffusion bonding of the
UFG alloy, the joint hardness was rather high
(3.2-3.3 GPa) and approached the joint hardness of
the UFG alloy after ECAP (3.5-3.6 GPa). Besides, it
exceeded the joint hardness achieved by the argon-
arc bonding (2.35-2.40 GPa) or by electric fusion
bonding (2.40-2.45 GPa). The microhardness of the
bonded joints in the CG specimens was 2.4-2.6 GPa
and was almost independent of the diffusion bonding
modes.

It is noteworthy that the joint microhardness dur-
ing bonding of the UFG alloy specimens at low
temperatures (600-700 °C) was less than the one of
the base metal away from the joint by 0.4-0.6 GPa.
Thus, after the diffusion bonding of the UFG alloy at
600 °C (V}y =100 °C/min, P =50 MPa, t = 10 min),
the joint microhardness was 2.7 GPa, while the
microhardness of the base metal away from the joint

@ Springer
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Figure 11 Joints from the CG (a) and UFG (b) alloys made at the
same bonding temperature (T = 850 °C), heating rate
(Vy, = 50 °C/min), and pressure (P = 50 MPa); the histograms of

was 3.0-3.1 GPa. Note also that with increasing T up
to 800 °C, the joint microhardness decreased down to
2.5 GPa, while the metal microhardness away from
the joint decreased down to 2.6-2.7 GPa. Thus, one
can conclude the bonded metal obtained after bond-
ing the UFG alloy to be featured by a lower hardness
than the base metal away from the joint.

Similar results were obtained while studying the
impact of V, and P on H, in the UFG alloy. The
analysis of these results has shown H, to increase
slightly from 2.4 up to 2.6 GPa with increasing V},
from 50 to 350 °C/min (P =50 MPa, t = 10 min),
while H, of the base metal away from the joint
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pore size distributions in the CG (c) and UFG (d) alloys. White
arrows mark the pores.

increased from 2.7-2.75 up to 2.9 GPa. The increase in
P from 50 to 100 MPa (V;, = 100 °C/min, ¢ = 10 min)
resulted in a slight increase in H, from 2.4 up to
2.5 GPa and to an increase in Hy in the metal away
from the joint from 2.7-2.8 up to 3.0-3.1 GPa.

The values of H, on the joints in the CG specimens
were equal to the ones of the metal away from the
joint at T < 700 °C and S < 50 °C/min, which was
higher than the ones of the metal away from the joint
by 0.1-0.15 GPa. We attribute the increased H, of the
joint in the CG alloy to the plastic deformation in the
surface layers of the CG alloy and, consequently, the
strain-induced hardening (work hardening) of this
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Figure 12 Distribution of microhardness in the cross sections of
the joints from UFG alloy made by different bonding
technologies: (1) diffusion bonding using SPS (T = 600 °C,
V =100 °C/min, P =100 MPa, ¢t =0 min); (2)
welding; (3) electron-beam welding (h is the distance from the

center of the joint seam).

argon-arc

one. Since the defect structure recovery rate in the CG
alloy during the high-rate heating is rather low, the
hardened layer can survive during the low-temper-
ature sintering.’

The analysis of the joint grain structure parameters
has shown the average grain size d in the bonded
joint to be affected mostly by the bonding tempera-
ture T and by the heating rate V},. As one can see in
Fig. 16, the increase in T from 600 °C up to 800 °C
(P =50 MPa, V}, =100 °C/min, t = 10 min) resulted
in the increase in d in the UFG alloy joint from
3-3.8 pm (Fig. 16a) up to 5.9-6.9 um (Fig. 16b). The
increase in Vjy from 10 °C/min up to 350 °C/min
(P =50 MPa, T =700 °C, t = 10 min) resulted in the
reduction in d in the UFG alloy joint from 6.8-7.0 pm

® Since the average grain size in the weld in the UFG alloys
was almost the same to the one of the metals outside the weld
(Fig. 14), the origin of the reduced weld microhardness in the
UFG alloys is still unclear. We think the reduced weld
microhardness in the UFG alloys to be related most probably
to the grain boundary recovery leading to the reduced density
of defects in the UFG alloy grain boundaries. The second
probable origin of the increased microhardness of the weld-
affected zone in the CG alloys may be the creep (as discussed
in more detail below), which is known to be accompanied by
the formation of the dislocation substructures and low-angle
boundaries [46, 47]. This hypothesis was confirmed by the
results of EBSD analysis of the welds for the CG materials
(Fig. 10a), in which the low-angle boundaries with the grain
boundary angle of less than 2° were observed outside the weld
predominantly (Fig. 10b).
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<«Figure 13 Dependencies of the maximum shrinkage L., and
maximum shrinkage rate S, during the high-rate diffusion
bonding of the CG (1) and UFG (2) titanium alloys: a impact of
bonding temperature (V = 100 °C/min, P = 50 MPa); b impact of
the applied pressure (T = 700 °C, V = 100 °C); ¢ impact of the
heating rate (T = 700 °C, P = 50 MPa).

Figure 14 Microstructure of the UFG alloy joints: V = 100 °C/
min, P =70 MPa, t =10 min, T = 600 °C; b V = 10 °C/min,
P =50 MPa, t = 10 min, T = 700 °C. The arrows mark the joint.

down to = 3.8 pm (Fig. 16¢, d). The values of d in the
bonded joints of the CG specimens corresponded to
the ones in the CG alloy within the measurement
uncertainty.

We have compared the d(T) dependencies
(t = 10 min) to the ones for the CG and UFG alloys
during the 30-min annealing [14] and found that
during the diffusion bonding, the grain growth star-
ted at lower temperatures, while the intensity of the
grain resizing during the diffusion bonding at the
elevated temperatures appeared to be much lower
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(Fig. 17). At high T, this allows obtaining the homo-
geneous fine-grained structure with smaller grain
size unlike ordinary annealing (Fig. 17). Note also
that the same effect was observed in both CG and
UFG alloys.

We suppose the obtained result to prove the
recrystallization (the grain growth) mechanisms
during the diffusion bonding to differ from the
recrystallization mechanisms during annealing of the
UFG alloy. The preserved equiaxial grain structure
and weak grain growth may indicate that the
recrystallization process during the diffusion bond-
ing of the CG and UFG alloys, in the first approxi-
mation, can be presented as a competition of two
processes:

1. the formation of the submicron fragments (“re-
crystallization nuclei”) during the high-tempera-
ture plastic deformation, and

2. fast migration of the fragment boundaries.

Let us analyze the corrosion resistance in the bon-
ded joints obtained.

When comparing the potentiodynamic dependen-
cies (Fig. 18) for the CG and UFG alloys after the
diffusion bonding, we noted the values of i, for the
joints from the UFG alloy to be lower than the one in
the CG alloy joints obtained at similar values of T and
Vi (Table 2). Note that at higher T, the differences in
the corrosion resistances between the CG and UFG
alloy joints increased. After bonding at 600, 700, and
800 °C, the values of the ratio of the i.,, values for the
UFG alloy joints and the CG ones were 1.17, 1.84, and
1.97, respectively. Note that the i, (T) dependencies
were manifested differently in the CG and UFG
alloys (Table 2). The non-monotonous i..(T) depen-
dence with the maximum at T = 700 °C has been
observed during bonding of the CG alloy specimens
in the a-phase temperature range (Table 2). For the
UFG alloy, i,y decreased monotonously with
increasing T in the a-phase temperature range. The
corrosion potential for the UFG alloy was more neg-
ative (by 10-15 mV) as compared to the one for the
CG one. Diffusion bonding in the B-phase area
resulted in the formation of the martensite structure
(Fig. 19) and reduced the corrosion resistance of the
joints (Table 2).

The analysis of the potentiodynamic dependencies
has shown the higher heating rates to result in a
bigger corrosion resistance of the joints. The values of
icor in the UFG alloy joints obtained at V}, = 50 °C/
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Figure 15 Histograms of the
pore size distributions in the
UFG alloy joint in the
frequency (N/Ns-)—pore size
R axes: a T = 600 °C,

V =100 °C/min,

P =50 MPa, t = 10 min;

b T =800 °C, V =100 °C/
min, P = 50 MPa, t = 10 min;
¢ T =700 °C, V = 10 °C/min,
P =50 MPa, t = 10 min;

d T =700 °C, V =350 °C/
min, P = 50 MPa, t = 10 min.

Figure 16 Microstructure of
the UFG alloy joints:

a V =100 °C/min,

P =50 MPa, t = 10 min,

T =600 °C; b V=100 °C/
min, P = 50 MPa, t = 10 min,
T =800 °C; ¢ V = 10 °C/min,
P =50 MPa, t = 10 min,

T =700 °C; d V=350 °C/
min, P = 50 MPa, t = 10 min,
T =700 °C.
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Figure 17 Dependence of the average grain size on the annealing
temperature (30 min) (black markers) (see [14]) and dependence
of the average grain size on the temperature of the diffusion
bonding (white markers) for the CG (square markers) and UFG
alloys (round markers).

min were 1.32 mA/cm?, while at V = 350 °C/min
icor & 0.18 mA/cm?. The values of i, for the CG
alloy joints obtained at V}, = 50 and 350 °C/min were
1.51 and 0.99 mA/cm?, respectively. Note that the
icor(Vn) dependencies (bonding at T = 700 °C) were
non-monotonous with the maxima at Vy, ~ 100 °C/
min for the CG alloy and V} =~ 50 °C/min for the
UFG ones.

The analysis of the dependence of the corrosion
potential on the holding time ¢ (Fig. 18b, see also
Tables 2 and 3) has shown the steady potential for the
UFG alloy joints to be somewhat less than the one for
the CG ones that also confirms the increased corro-
sion resistance of the UFG alloy joints.

Thus, one can conclude the corrosion resistance of
the UFG alloy joints to be higher than the one of the
CG alloy joints.

Figure 20a and b shows the images of the surfaces
of the CG and UFG alloy specimens, respectively,
after the corrosion electrochemical investigations. As
one can see in Fig. 20, rather active corrosion decay
occurred in the joint during the electrochemical
investigation. Also, it is evident from Fig. 20 that
etching (corrosion decay) was observed during the
testing at the grain boundaries of the Ti alloys. This
suggests any changes observed in the corrosion
properties to be primarily due to the processes
occurring at the grain boundaries during the high-
rate diffusion bonding.
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Figure 18 Potential-current density (a) and potential-holding
time (b) dependencies for the CG (1-4) and UFG (5-8) titanium
alloy joints formed using different regimes of the diffusion
bonding by SPS: (1), (3) 600 °C, 100 °C/min, 10 min, 50 MPa;
(2), (4) 800 °C, 100 °C/min, 10 min, 50 MPa; (5, 6) 700 °C,
10 °C/min, 10 min, 50 MPa; (7, 8) 700 °C, 350 °C/min, 10 min,
50 MPa.

We ascribe the increased corrosion resistance of the
UFG alloy to the changes in the structural phase
composition of the grain boundaries in the Ti alloy
during ECAP (Fig. 4). As it has been mentioned
above, ECAP performed at elevated temperatures
(450-475 °C) resulted in reduced concentrations of
the detrimental corrosive element (V) along the grain
boundaries and in reduced differences in the con-
centrations of V (ACy) and Al (AC,)) in the crystal
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Table 2 Results of electrochemical studies of the joints from the CG and UFG alloys (V}, = 50 °C/min, P = 50 MPa, { = 10 min)

State SPS bonding temperature T (°C) Corrosion current density ico, (mA/cm?) Corrosion potential E,. (mV)
CG alloy 600 1.21 — 471
700 1.69 — 500
800 1.30 — 456
1030* 1.74 — 467
UFG alloy 600 1.03 — 486
700 0.92 — 507
800 0.66 — 468
1140* 0.82 — 499

Analysis of the impact of the diffusion bonding temperature on the corrosion resistance

“Diffusion bonding in the B-phase temperature range

50um ' 1145 BEC

11 45 MIX

Figure 19 Microstructure of the CG (a) and UFG (b) titanium
alloy after diffusion bonding at the temperature exceeding the
temperature of (o < f§) phase transition.

lattice C, and at the grain boundaries Cp: ACy.
= Cywvy — Covyy ACar = Cyan — Cpap- The differ-
ences in the concentrations of Al and V between the

crystal lattice and at the grain boundaries in the CG
Ti-5Al-2V alloy may reach ACx; = 5.6 at.% and
ACy =129 at.%, respectively. The studies of the
grain boundary composition in the UFG alloy after
ECAP revealed AC,; and ACy to be 0.35-0.40 at.%
that exceeds slightly the range of the experimental
uncertainty of determining the Al and V concentra-
tions by EDS (£ 0.2-0.3 at.% [14]).

While heating the UFG alloy to the temperatures
exceeding the recrystallization threshold, fast
migrating grain boundaries capture the atoms of the
doping elements (Al and V) distributed in the crystal
lattice uniformly that leads to the increase in ACx;
and ACy again. In this case, the concentration of
doping elements at the grain boundaries will obvi-
ously be proportionate to the typical distance over
which the grain boundaries move and, consequently,
to the size of the recrystallized grains. Thus, a
decrease in the migration rate of the grain boundaries
due to the increased S or decreased T was expected to
boost the corrosion resistance of the Ti alloys. This
effect was observed in the experiment indeed (see
Table 3).

Discussion

Let us analyze the joint sealing parameters during the
high-speed diffusion bonding of the CG and UFG Ti
alloys. As mentioned above, L(T) and S(T) depen-
dencies for the CG alloys are featured by two stages
usually, while the L(T) and S(T) dependencies for the
UFG alloys have more complex multistage character
(Fig. 9b).
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Figure 20 Surface of CG (a) and UFG (b) alloy joints after
corrosion electrochemical investigation. The CG and UFG alloy
specimens were obtained in similar bonding regimes (V = 10 °C/
min, P = 50 MPa, t = 10 min, T = 700 °C).

First, it is noteworthy that the temperature range
T = 600-800 °C (that makes (0.44-0.56)T,,, where
Tm = 1933 K is the o-Ti melting point) and the stress
range (50-100 MPa that makes (1.1-2.3) x 107> G,
where G = 43.6 GPa is the shear modulus of a-Ti) of
the diffusion bonding in the M.F. Ashby deformation
mechanism maps [48] correspond to the exponential
creep range (Stage III in the deformation mechanism
maps). According to [48], the dependence of the
strain rate (é) on applied pressure (g5) and the test
temperature for Stage III can be described by the
following  equation: & = ADe(Gb/kT)(0,/G)",
where A, is a numerical coefficient, D¢ is the effec-
tive diffusion coefficient, b is the Burgers vector, and
k is the Boltzmann constant. Based on mass empirical
generalization, M.F. Ashby had shown [48] the
exponential creep activation energy may correspond
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Table 3 Results of electrochemical studies of the joints from the
CG and UFG alloys (T =700 °C, P =50 MPa, t = 10 min).
Analysis of the impact of the heating rate during the diffusion
bonding on the corrosion resistance

Corrosion current Corrosion
density i, (MA/cm?) potential Eq,,

State  Heating rate
Vi (°C/min)

(mV)

CG 10 1.12 — 473
alloy 50 1.51 — 476
100 1.69 — 500

350 0.99 — 509

UFG 10 0.66 — 500
alloy 50 1.32 — 479
100 0.92 — 507

350 0.16* — 180*

#Specimen while holding in the electrolytic solution remained in
the passive state (the surface corrosion was not observed)

to the grain boundary diffusion activation energy
Qv = 97 kKJ/mol, D.g = 6Dy, or to the bulk diffusion
activation energy Q, = 242 kJ/mol, Dok = D, subject
to the grain sizes.

To identify the creep mechanism during the dif-
fusion bonding of the Ti alloy specimens, the
dependencies of the shrinkage L on the isothermic
time t at 700 °C under different stresses (50, 70, and
100 MPa) were analyzed.* These L(t) dependencies
for the CG and UFG specimens are presented in
Fig. 21a, b. As one can see from these data, the stage
of steady flow was observed in the L(t) dependencies
for all alloys. Based on the assumption that at this
stage the shrinkage is proportional to the deforma-
tion of the specimen, the usual procedure of plotting
the Ig(a,) — Ig(I) dependence can be used to estimate
the index n, while the creep activation energy Q. can
be determined by the slope of the In(L) — Ty/
T dependence.

This procedure revealed the index n determined

from the slope of the lg(a,) — lg(L) dependence for
the CG alloy at 700 °C (approximately 0.51T,,) to be
5.6 £ 0.8 (Fig. 22a). This value exceeds the tabular
value n = 4.3 published for o-Ti [46] slightly that can
be related to the impact of the B-phase particles on
the creep rate in the Ti alloy leading to significant
increase in n [49, 50]. The analysis of the

4 The weld specimen was heated at the same rate (100 °C./min)
up to 700 °C and then was held at this temperature for 10 min
under different values of the uniaxial pressure o5 = 50, 70, and
100 MPa (Fig. 21).
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Figure 21 Dependences of shrinkage on the isothermic time for

the CG (a) and UFG (b) titanium alloy joints under different
applied pressure (test temperature 700 °C).

L(t) dependencies for different temperatures (600 °C,
700 °C, and 800 °C) under a constant pressure
(P = 50 MPa) revealed the value of Q., for the CG Ti
alloy to be ~ 14.9 kT, (~ 240 kJ/mol, Fig. 22b) that
appears to be close to the activation energy of the
exponential creep, the rate of which is limited by the
o-Ti lattice diffusion intensity [48].

Similar analysis of the L(t) dependencies under
different stresses (50, 70, and 100 MPa) at different
temperatures (600, 700, and 800 °C) has shown the
values of Q. in the UFG alloy during the isothermic
holding to be ~ 6.2 kT,, (~ 100 kJ/mol, Fig. 22b).
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Figure 22 Dependences of shrinkage rate on the stress in the
lg(L) — lg(a,) axes (test temperature 700 °C) (a) and dependences
of shrinkage rate on the reciprocal homologic temperature in
lg(L) — T./T axes (test pressure 50 MPa) (b).

This value of Q,, is close to the grain boundary dif-
fusion activation energy Qp and to the lattice dislo-
cation nuclei activation energy Q. in o-Ti
(Qp = Q. =97 KJ/mol [48]). The index n determined
from the slope of the lg(a,) — lg(L) dependence for
the UFG alloy was 2.1 — 2.7 (Fig. 22a). The values of
Q. are in good agreement with the literature data on
the creep flow in the UFG Ti and Ti alloys [51, 52]. On
the other hand, the values of n and Q. obtained for
the UFG Ti alloy are in good agreement with the
values for the exponential creep, the rate of which is
limited by gliding and climb (creep) of dislocations
[48].
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Figure 23 Analysis of the dependences of flow stress on the
deformation rate for the CG (1) and UFG (2) alloys shown in
Fig. 8. Deformation temperature 700 °C dependencies shown in
Fig. 8.

When studying the thermal stability of the UFG
alloy, the nanoparticles of the second phase (pre-
sumably TiC) were found to precipitate. These ones
were expected to hinder the movement of the lattice
dislocations and to increase the index n in the expo-
nential creep equation. According to the results of the
above analysis, the values of the index n in the UFG
alloy appear to be lower than the theoretical value
1 = 3 for the exponential creep mechanism [48],
below n = 4.3 typical for the CG Ti [48], and much
below the values of n observed in the UFG Ti [53, 54].

Note that some authors [53, 54] attributed the low
values of the n observed in the UFG metals and low
values of Q. comparable to the grain boundary dif-
fusion activation energy Qy, to the superposition of
several mechanisms of plastic deformation with low
and high values of n during the creep tests. In the
case of the plastic deformation of the UFG alloys at
relatively low temperatures, the Coble creep
(¢2 = By(6Dy/d®) (b /kT) [55]) or the grain boundary

sliding (¢35 = Ay(6Dy/kT)(b/d)*(/G)* [56, 571, where
Bs and Ay are the numerical coefficients, 6 = 2b may
occur.

The analysis of the results of the mechanical tensile
tests performed at elevated temperatures allows
determining the strain rate sensitivity coefficient m
from the slope of the dependencies of the flow stress
os on the deformation rate ¢ in the logarithmic axes
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Figure 24 Analysis on the basis of the Young—Cutler model of
dependencies of shrinkage on heating temperature during
continuous heating (V = 100 °C/min, P = 50 MPa) for the joint
seals in the CG and UFG alloys in the In(Tde/dT) — T,,/T axes:
(1) CG alloy (V =100 °C/min, P = 50 MPa); (2) UFG alloy
(V =10 °C/min, P = 50 MPa); (3) UFG alloy (V = 100 °C/min,
P = 50 MPa).

m = 0ln(c*)/0In(é). The analysis of the o5 (¢) depen-
dencies presented in Fig. 23 has shown m in the CG
titanium alloy at T = 700 °C to be 0.24-0.28, while in
the UFG alloy m = 0.50-0.56. High values of m in the
UFG alloy evidence a significant contribution of the
grain boundary sliding mechanism into the total
elongation of the UFG alloy specimens during the
deformation at elevated temperatures.

Thus, one can assume two simultaneous processes
to take place during the isothermic joint sealing in the
UFG Ti alloy:

1. the exponential creep associated with the gliding
and climb of dislocations, the activation energy of
which corresponds to the diffusion activation
energy in the lattice dislocation nuclei, and

2. the grain boundary sliding or Coble creep, the

activation energy of which corresponds to the
grain boundary diffusion activation energy.

Let us analyze the joint sealing patterns in the CG
and UFG alloys during continuous heating.

The analysis of the dominant diffusion mecha-
nisms observed at early sintering stages during con-
tinuous heating can be carried out using the Young-
Cutler model [58] for the non-isothermic sintering



J Mater Sci (2019) 54:14926-14949

modes. According to this model, the effective sinter-
ing activation energy in the continuous heating con-
ditions mQs where m is a numerical coefficient
(m = 1.2 in the case of the diffusion in the bulk crystal
lattice and m = 1/3 in the case of the grain boundary
diffusion) [58-60] can be determined from the slope
of the In(Tde/dT) — T/T dependence [58], where
e=1L / L().

Figure 24 shows the L(T) dependencies for the CG
and UFG alloys in the In(Tde/dT) — Ty,/T axes. The
analysis of the obtained results has shown that the
above dependencies can be approximated by a
straight line with a reasonable degree of accuracy.
The values of mQ, for the CG joint sealing did not
depend on S within the experimental uncertainty and
equals to (8.2-9.3)kTy,. If m = 1/2, the CG alloy seal-
ing activation energy during the continuous heating
makes (16.4-18.6)kT,, (265-298 kJ/mol), which is
rather close to the exponential creep activation
energy in o-Ti limited by gliding and climb of dislo-
cations (Q. = 242 kJ/mol [48]).

The values of mQs in the UFG Ti alloy appeared to

depend on S: mQ, decreased from (4.1 & 0.3)kTy,
down to (2.2 &+ 0.5)kT,, with increasing S from 10 to
100 °C/min. Further increase in S up to 350 °C/min
resulted in a slight increase in mQ, up to
32+ 04)kTy. If m=1/3, the values of Qg
(6.6-12.3)kT,,, = 106-197 kJ/mol are close to the ones
for the grain boundary diffusion in pure o-Ti (Qp.
=97 kJ/mol) and to the recrystallization activation
energy in the UFG alloy ~ 6.7kT,, ~ 108 kJ/mol
[61]. Higher activation energy values
(106-197 kJ/mol) in the UFG alloy Ti-5Al-2V were
ascribed to the impact of the doping elements on the
diffusion permeability of the grain boundaries in the
UFG Ti alloy. As has been shown above (Fig. 4c), the
grain boundaries in the UFG Ti alloy contain an
enhanced concentration of Al and V (see also
[14, 61]).

Note that the non-monotonous character of the
dependence of the joint sealing activation energy in
the UFG alloy corresponds to the non-monotonous
S(Vy) dependence. This fact can be considered as an
indirect proof of the analytical method chosen to be
correct.

Thus, one can conclude that the high rates of the
diffusion bonding of the UFG Ti alloy result from the
small grain sizes that reduces typical scale of the
diffusion mass transfer significantly as well as from
the change in the diffusion mechanism: The diffusion
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in the crystal lattice is replaced by the diffusion along
the grain boundaries, the latter being much more
intensive than the former. This allows using the SPS
technology for making the high-density fine-grained
structure in the joint featured by high density and
corrosion resistance.

Conclusions

1. SPS is shown to allow efficient high-speed diffu-
sion bonding of o-Ti alloys and, at the same time, to
preserve the UFG structure, high hardness, and
corrosion resistance in the joint. The pores in the
UFG alloy joints were found to diffuse faster due to
highly intensive diffusion processes taking place
along the non-equilibrium grain boundaries and
the small-scale diffusion mass transfer, typical
scale of which is proportional to the grain size.

2. The dependence of the joint sealing rate (bonding

rate) on the heating rate was shown to be
different for the CG and UFG alloys. An increase
in the heating rate in the CG alloys leads to a
monotonous decrease in the sealing rate caused
by the reduced bonding time at high heating
rates. The joint sealing rate in the UFG alloys
depended on the heating rate non-monotonously
(with a maximum) that was attributed to the
decrease in the recrystallized grain size with
increasing heating rate leading to the decrease in
the typical scale of diffusion mass transfer and,
consequently, to the decrease in the standard
time required to complete the metal sealing and
to the dissolution of the pores in the joint. The
factor of the reducing the bonding time becomes
crucial again with increasing heating rate, and the
sealing rate decreases.

3. At the stage of the continuous heating, the

kinetics of the joint sealing in the CG and UFG
Ti-5A1-2V alloys can be described by the Young-
Cutler model. The joint sealing activation energy
in the CG Ti alloy during the continuous heating
was close to the exponential creep activation
energy in o-Ti limited by gliding and climb of
dislocations. The joint sealing activation energy
during the diffusion bonding of the UFG alloy
was close to the grain boundary diffusion activa-
tion energy.

4. At the stage of isothermic holding, the kinetics of

the joint sealing in the Ti alloys is limited by the
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exponential creep processes, the rate of which in
the CG Ti alloy is determined by the intensity of
diffusion in o-Ti crystal lattice. In the UFG alloy,
the exponential creep processes associated with
gliding and climb of dislocations, the activation
energy of which corresponds to the diffusion
activation energy in the lattice dislocation nuclei,
may take place simultaneously with the grain
boundary sliding and Coble creep, the activation
energy of which corresponds to the grain bound-
ary diffusion activation energy.
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