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ABSTRACT

In this work, the thermal stability of the strongly elongated and textured

ultrafine-grained microstructure of a high-strength low-alloy steel processed by

linear flow splitting is investigated. The annealing behavior is studied for a- and
c-fiber orientations, which are dominant in the rolling type texture of the

material and are known for their differences in stored energy in conventionally

cold rolled steels. Electron backscatter diffraction is used to assess contributions

from curvature-driven boundary migration while the contribution of strain-

induced migration is investigated by comparing the annealing behavior of

prerecovered to non-prerecovered samples. The exact nature of the coarsening

process is studied using in situ TEM heat treatments and complementary

ACOM analysis. The results show that the observed preferred growth of a-fiber
grains can be fully described by curvature-driven grain boundary migration and

that there is no indication for the relevance of gradients in dislocation density.

Introduction

A common characteristic of most ultrafine-grained

(UFG) metals is an intrinsic instability at elevated tem-

peratures and in some cases even at room temperature

[1, 2] caused by the high defect density that results from

severe plastic deformation (SPD) processing [3]. To

utilize the full potential of UFG materials for structural

or functional applications, the microstructure and

related properties have to be optimized by subsequent

annealing [4–7] and need to be stable during service.

Even if limited microstructural and thus property

alterations are tolerable to some extent, they need to be

predictable. Understanding the activemechanisms and

driving forces that promote thermally activated coars-

ening processes is therefore not just an interesting topic

for fundamental research but also of substantial tech-

nological relevance.

UFG materials take a special role with respect to

thermal stability and annealing phenomena. Being
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generated by severe cold working during SPD pro-

cessing, they obviously qualify as deformation

microstructures, yet they lack some of the key fea-

tures that are typical for conventional deformation

microstructures such as a variety of subgrain struc-

tures (cell walls, dense dislocation walls, microbands,

etc.). This is due to the fact that the misorientation of

subgrain structures increases with the imposed strain

and most of them are transformed into high-angle

grain boundaries (HAGBs) [1, 8]. Hence, UFG

microstructures combine characteristics of deforma-

tion structures in terms of stored energy with those of

recrystallized microstructures, which typically con-

sist of a majority of HAGBs with little to no sub-

structures. As the annealing behavior strongly

depends on the deformation substructure, there have

been approaches to describe the annealing behavior

of UFG microstructures in terms of the fraction of

substructures to the total boundary density. The role

of the subgrain structure on the grain break-up dur-

ing annealing was demonstrated by experiments and

Monte Carlo-Potts simulations by Pragnell et al. [9].

A more quantitative approach using Humphrey’s

theory for the stability of cellular microstructures [10]

was successfully applied to describe the transition

from continuous to discontinuous coarsening during

annealing of severely cold rolled aluminum as a

function of the HAGB fraction and the subgrain

misorientation [11]. Hence, it appears that models,

which neglect driving forces from stored energy

(dislocation density) in the interior of grains or sub-

grains, can be sufficient to capture the general

annealing behavior of severely deformed metals.

However, the driving forces for strain-induced

boundary migration (SIBM) caused by local varia-

tions in stored energy could potentially be quite sig-

nificant in UFG metals, considering that the

dislocation densities after SPD processing are typi-

cally in the range of high 1014 m-2 to low 1015 m-2

[12–14]. One example that indicates a stored strain

energy effect on orientation selective grain growth is

the annealing behavior of UFG high-strength low-

alloy (HSLA) steel processed by linear flow splitting

(LFS) [15]. The material exhibits a very strong bcc

rolling texture that consists of\110[ ||RD (a-fiber)
and \111[ ||ND (c-fiber) orientations (coordinate

system see Fig. 1). During heat treatment, a-fiber
grains, especially those having a {100}\110[ orien-

tation (rotated cube), show a preferred growth up to

the point where they form a network of immobile

low-angle grain boundaries (LAGBs) and discontin-

uous growth of other orientations occurs. The pro-

nounced orientation selective growth could be

understood in terms of SIBM as the rotated cube

orientation is the texture component with the lowest

Taylor factor and supposedly lowest stored energy

among all relevant components [16]. There are other

examples for orientation selective growth in UFG

materials such as the investigation on a cryo-SPD

processed Al-alloy [17]. The general annealing

behavior is similar to the aforementioned HSLA steel,

with orientation selective growth that results in a

transition from continuous to discontinuous coars-

ening by orientation pinning. Yet, the reason for the

selective growth could not be directly related to the

stored energy, since the texture components that

increase during annealing belong to orientations of

high stored energy (copper) as well as low stored

energy (cube, goss) [18].

The present work is motivated by the insufficient

knowledge on the active grain growth mechanisms

during annealing of UFG metals produced by SPD.

The aim is to identify the cause for orientation

selective growth in an UFG material based on a

detailed analysis of electron backscatter diffraction

(EBSD) data as well as in situ TEM heat treatments.

For this purpose, a LFS processed HSLA steel is

chosen which, as mentioned before, is known for its

orientation selective grain growth [15] and also offers

advantages related to the LFS process. The defor-

mation mode in the UFG region near the split surface

of LFS samples (Fig. 1) is plane strain compression,

which results in a very strong bcc rolling texture [15]

with well-known Taylor factors for all relevant

components. Due to the strength of the deformation

texture, the intensities of both low and high Taylor

factor orientations facilitate a statistical concept for

reasonably sized EBSD maps. Quantifying the stored

energy based on the Taylor factor alone is certainly

an oversimplification, as the evolution of the Taylor

factor during deformation is neglected [19]. Such an

approach would not make any sense for SPD pro-

cesses based on shear deformation such as ECAP or

HPT with highly transient texture components.

However, the stability of bcc rolling texture compo-

nents is relatively high and there are numerous

examples that confirm the validity of a qualitative

correlation between Taylor factor and stored energy

for cold rolled ferrite steels [16, 20].
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Despite the similarities, the LFS microstructure

does not undergo primary recrystallization that is

usually observed in these cold rolled steels and leads

to an increase in c-fiber area fraction [21, 22]. This is

in line with Humphrey’s theory as the LFS

microstructure exhibits a large fraction of HAGBs

inhibiting primary recrystallization [9, 11, 15, 23].

Therefore, the possible coarsening mechanisms near

the flange surface of LFS profiles are SIBM and cur-

vature-driven grain growth. While there is little

doubt that curvature-driven grain growth does play a

role, there certainly is a question mark behind SIBM

considering the absence of substructures and the

facilitated recovery in UFG microstructures. Conse-

quently, a central aspect of this work is to find

experimental proof for the presence or absence of

orientation dependent variations in stored energy, by

comparing the annealing behavior of prerecovered

LFS profiles to profiles without thermal pretreatment.

Materials and methods

A LFS profile from HC480LA with the following

chemical composition: 0.07 wt% C, 0.71 wt% Mn,

0.1 wt% Cr, 0.047 wt% Si, 0.034 wt% Nb, and

0.016 wt% Al was used, the sample geometry is

shown in Fig. 1. Details on the process and process-

ing parameters can be found elsewhere [24, 25]. Half

of the used samples were subjected to a recovery

annealing procedure in a furnace at 375 �C for 10 h.

Then, pairs containing one prerecovered and one

non-heat treated sample were simultaneously

subjected to heat treatments in a salt bath furnace at

600 �C with varying annealing times. After 10 s, 20 s,

30 s, 60 s, 90 s, 120 s, 180 s, 300 s, 600 s, 720 s as well

as 900 s one of the pairs was removed from the salt

bath and water-quenched to room temperature. One

pair of samples was not subjected to any salt bath

annealing and used as references. For microstructural

analysis, the samples were ground and polished

down to 0.25 lm diamond suspension, and the final

polishing step was performed using OPS suspension

for 5 min. EBSD measurements were carried out

using a TESCAN MIRA3-XM SEM equipped with an

EDAX TSL DigiView EBSD system. They were per-

formed on a cross section (RD-ND-plane) of the

samples with the center of the measured area being

50 lm below the split surface. The step size was

chosen to be 20 nm with a covered area of at least

450 lm2 containing a minimum of 500 grains (typi-

cally 2000–3000 grains at low annealing times).

All EBSD measurements were analyzed using the

TSL OIM Analysis software. The cleanup routines

Grain CI Standardization and Grain Dilation (single

iteration) were performed on all datasets. Only points

with a confidence index exceeding 0.1 were consid-

ered in the evaluation. Grains were defined with a

minimum misorientation of 10� the minimum grain

size was set to be 5 pixels, and the deviation of the

reconstructed boundaries from the boundary seg-

ments was defined as the step size. The comparably

high minimum misorientation in the grain definition

ensures that all grains are separated by mobile high-

angle grain boundaries (see chapter in situ experi-

ments); low-angle grain boundaries are treated as

Figure 1 Linear flow split

profile with coordinate system;

dimensions refer to the

samples used in this work.
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subgrain structures. Grains were divided into three

categories: Grains belonging to the a-fiber (\110[ II

RD with 10� tolerance), grains belonging to the c-fiber
(\111[ II ND with 10� tolerance) and grains

exhibiting orientations that do not fall into the first

two categories.

For mechanical characterization, all samples were

subjected to hardness measurements. At 50 lm dis-

tance to the split surface, 10 HV0.05 indents were

performed on each sample (RD-ND plane) and

averaged.

Additionally, in situ heat treatment experiments

were conducted on a TEM lamella that was extracted

from an LFS profile by FIB milling (Strata 400 S, FEI

Company) at a position equivalent to the areas

measured by ESBD. The RD-ND oriented lamella was

analyzed by ACOM-TEM using the ASTAR system

(NanoMegas) installed on a Tecnai F20 ST (FEI

Company) before starting the heat treatment using an

Aduro MEMS-based heating holder (ProtoChips

Inc.). The lamella was heated up to 300 �C, and then

the temperature was increased in steps of 50 �C every

10 min. After reaching 500 �C, i.e., after 40 min, the

lamella was cooled down to room temperature and

another ACOM measurement was performed. Then,

the heat treatment was resumed at 500 �C and the

temperature was increased in 25 �C/10 min steps.

Reaching 625 �C (after 100 min), the lamella was

cooled down to 400 �C to perform another ACOM

scan, thereby reducing further grain growth to a

marginal level while avoiding the thermal distortions

that occur after cooling to room temperature.

For all ACOM maps, the TEM was operated at

200 kV in microprobe STEM mode using a condenser

aperture of 30 lm, extraction voltage of 4.5 kV, gun

lens 3, spot size 8 and camera length 8 cm. Each map

was acquired using a probe that scanned the sample

with a step size of 5 nm and processed at an angle of

0.4� at each step. The ACOM maps were processed

using the ASTAR software package by a template

matching procedure for rapid indexing of spot

diffraction patterns adopted by Rauch et al. [26]. The

indexing was performed using softening loops 1, spot

enhance loops 3, spot detection radius 5 and noise

threshold 10 within the software. After indexing, the

resulting maps were corrected for 180� ambiguity to

account for the ambiguous intragranular misorienta-

tions in the crystallites that result from relative low

Bragg’s angle in case of the TEM spot diffraction.

Results

Ex situ experiments

The microstructure of the non-heat treated reference

sample shown in Fig. 2 top left exhibits an elongated

UFG structure which is characteristic for the region

near the split surface of LFS processed material

[15, 27]. The dark spots in the inverse pole fig-

ure (IPF) maps are non-indexed points caused by

carbides. The corresponding texture is represented by

the /2 = 45� section of the orientation distribution

function (ODF) and reveals a fiber texture that is

characteristic for bcc rolling (Fig. 2a right). It consists

of an a-fiber (\110[ II RD) and a c-fiber (\111[ II

ND), with the highest intensity (52 9 random) at the

rotated cube orientation, which is part of the a-fiber.
Annealing for 900 s at 600 �C results in a coarser,

more equi-axed microstructure with a unimodal

grain size distribution lacking signs of discontinuous

growth, as shown in Fig. 2b). The corresponding

/2 = 45� section of the ODF shows an increase in a-
fiber intensity to a maximum of 1059 random,

especially for the rotated cube orientation, and a

vanishing c-fiber, which is in line with previous

investigations on linear flow split steels [15]. This

change in texture during annealing without the

occurrence of discontinuous growth processes such

as primary recrystallization will be referred to as

(orientation) selective grain growth.

The microstructure and texture of the prerecovered

samples prior to salt bath heat treatment in Fig. 3

exhibit very similar features to its not prerecovered

equivalent. The strongly elongated microstructure

shows the same rolling type texture with a maximum

intensity of 639 random, the intensity along the c-
fiber is slightly lower than without preannealing.

After 900 s of annealing, the microstructure of the

prerecovered sample exhibits the same features as its

non-prerecovered counterpart. The IPF map shows a

continuously coarsened microstructure and the

/2 = 45� section of the ODF displays an increase in a-
fiber intensity and a decrease in c-fiber intensity. The
decrease in c-fiber is less pronounced than without

preannealing, whereas the maximum intensity at the

rotated cube orientation is slightly higher at 1349

random.

The evolution of the a- and c-fiber area fractions

with increasing annealing time quantified in Fig. 4

shows a preferred growth of a-fiber orientations, i.e.,
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selective grain growth. The area fraction of the a-fiber
increases from 53 to 79% in the not preannealed

samples over 900 s of annealing, while the c-fiber
area fraction is reduced from 17 to 3%. The prere-

covered samples display an increase in a-fiber area

fraction from 58 to 74% and a decrease in c-fiber
fraction from 13 to 6% over the same period. In both

cases, the grains belonging to other orientations

exhibit a behavior comparable to the c-fiber. It should
be noted that both fibers overlap at {111} \110[ so

that the area fractions of a-fiber, c-fiber and all other

orientations do not add up to 100%.

The selective grain growth can also be observed in

the evolution of the fiber grain sizes with annealing

time. Due to the strong elongation of the grains as

well as the strong texture (see Fig. 2), huge networks

with small interconnecting areas where the misori-

entation is less than 10� are defined as single grains,

especially in case of rotated cube oriented areas that

dominate the crystallographic texture. Consequently,

the grain area or average grain radius is not suit-

able to describe their growth. Therefore, the more

suitable inverse of the grain boundary density Sv is

used to quantify the changes in grain size. In Fig. 5, it

can be seen that the overall inverse grain boundary

density of the not prerecovered samples changes

from 0.14 lm at the beginning of the heat treatment

to 0.93 lm after 900 s. The development of inverse

grain boundary densities of the prerecovered sam-

ples is very similar, starting at 0.17 lm and increasing

over time to a maximum of 0.9 lm. In Fig. 5b, it is

obvious that these changes in grain size are primarily

carried by the growth of a-fiber grains from S�1
v ¼

0:17 lm to S�1
v ¼ 1:27 lm in the not prerecovered

samples and from 0.22 to 1.29 lm in the prerecovered

case, while c-fiber grains only exhibit minor grain

growth from S�1
v ¼ 0:1 lm to S�1

v ¼ 0:3 lm and from

0.13 to 0.39 lm, respectively. The inverse grain

boundary density evolution of the grains not

belonging to either a- or c-fiber equals the behavior of
the c-fiber grains in both cases.

The strong increase in a-fiber grain size and area

fraction over annealing time also influences the grain

Figure 2 IPF with underlying image quality (left) and ODF /2 = 45� section (right) of non-prerecovered samples a without salt bath heat

treatment, b after the maximum of 900 s salt bath heat treatment at 600 �C. Red line indicates the a-fiber, and blue line marks the c-fiber.
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boundary character distribution that has a strong

influence on the expected coarsening behavior. In this

work, 10� is chosen as minimum misorientation for

grains due to mobility reasons (see ‘‘In situ

experiments’’ section). To avoid confusion that might

be caused by different criteria for the grain/subgrain

and HAGB/LAGB distinction, 10� is also chosen to

be the minimum misorientation for HAGBs. How-

ever, since the most common value in the literature is

15�, the curve considering 15� as threshold is also

shown. As shown in Fig. 6, the initial HAGB fraction

amounts to 72% if HAGBs are defined with a

misorientation of 15� and 82% if boundaries with a

misorientation higher than 10� are considered

HAGBs. Over the course of annealing, this initially

high value decreases to 41% ([ 15�) or 59% ([ 10�),
respectively. For clarity, only the results without

recovery pretreatment are displayed as the prere-

covered samples exhibit the same trend.

Since they are a measure for curvature-related

driving force, the average difference in triple junc-

tions between grains and their nearest neighbors is

displayed in Fig. 7. (Exemplary distributions of this

difference in triple junctions can be found in ‘‘Ap-

pendix’’). Grains belonging to the a-fiber exhibit

Figure 3 Microstructure and texture of prerecovered samples: a without salt bath heat treatment, b after the maximum of 900 s salt bath

heat treatment at 600 �C.

Figure 4 Area fraction of a, c-fiber and other orientations over

annealing time at 600 �C.

10494 J Mater Sci (2019) 54:10489–10505



significantly higher values than c-fiber grains. On

average, a-fiber grains exhibit one to three triple

junctions more than the surrounding grains, c-fiber
grains have on average 0.5 to 1.5 triple junctions less

than their neighbors. In these plots as well as in the

following, the results for grains not belonging to a-or
c-fiber will not be displayed in the interest of clarity.

Their behavior has constantly be found to match the

values found for the c-fiber grains.
The change in defect density in the material during

annealing can also be observed in the change in

microhardness. As shown in Fig. 8, the hardness

without prerecovery treatment drops from

318 HV0.05 to 230 HV0.05 after 900 s at 600 �C, with

the major reduction taking place within the first 100 s

of heat treatment. The prerecovery heat treatment

reduces the initial hardness from 318 to 300 HV. In

the first few seconds of annealing, however, the

hardness of the preannealed samples levels with the

hardness of the not pretreated samples, leading to a

joint hardness curve over the course of the salt bath

treatment.

In situ experiments

In Figs. 9 and 10, enlarged sections (right) of the

complete IPF and IQ maps (left) of the TEM lamella at

different annealing times allow a qualitative discus-

sion of the local coarsening behavior of the material.

To give guidance and facilitate the interpretation of

the maps, some stationary grains are marked with

Figure 5 Inverse of the grain boundary density over annealing time at 600 �C.

Figure 6 HAGB fraction over annealing time at 600 �C. Figure 7 Average difference in number of triple junctions in

comparison with the neighboring grains over annealing time at

600 �C.
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black numbers. White labeled grains experience sig-

nificant changes in their area over the course of

annealing; the migration direction of some of their

triple junctions is depictedwithwhite arrows. Looking

at these arrows it is obvious that the main migration

direction of the triple junctions is parallel to the pan-

cake elongation. Mostly, thin grains decrease their

length due to migration of triple junctions in elonga-

tion direction toward their lowest angle, as shown in

grains #5, #7, #8 and #11. The majority of these grains

belong to the c-fiber (due to the strong texture) are

surrounded by (bigger) a-fiber grains. The decrease in
length of these grains therefore frequently leads to new

a-a- vicinities, i.e., grainswith similar orientations then

neighbor each other leading to the formation of

LAGBS. This can be observed for grains #1 and #2 for

instance that are separated from their common

neighbor by high-angle grain boundaries. After their

thin, shared neighbor vanishes, the two grains end up

as neighbors separated by only a very low-angle

boundary. The same holds true for the grains #2 and

#10 that at the beginning are separated by grain #7 and

high-angle boundaries and end up divided by only a

low-angle grain boundary. This way, a decrease in the

HABG fraction can be observed.

The color coding of grain boundaries in the IQ

maps of the TEM lamella in Fig. 10 shows that most

of the migrating grain boundaries are HAGBs with

[ 10� misorientation. The boundary #B surrounding

grain #5, for example, exhibits a misorientation of

12.5� or higher and migrates significantly. However,

there are some exceptions such as grain boundary #A

surrounding parts of grain #1 that exhibit a

misorientation of 12.5�–15� and a strong curvature

but does not migrate. Grain #11, on the other hand, is

surrounded by grain boundaries with low misorien-

tation, partially below 7.5� that are mobile during

annealing. Yet, 10� misorientation appears to be a

tipping point as the majority of boundaries below 10�
are immobile, while those above 10� misorientation

tend to migrate in regions of pronounced curvature.

To allow a comparison with the ex situ experi-

ments, the microstructural changes occurring in the

lamella are quantified in the same manner. During

the heat treatment, the area fraction of the a-fiber
within the lamella increases with annealing time

from 70% over 78% at 40 min to 81% after 100 min

while the area fraction of the c-fiber drops from 9%

over 7% to 5%. The fraction of HAGBs decreases from

79 to 68% after 40 min and is further reduced to 59%

over the course of the heat treatment.

Discussion

Since the main goal of this work is to identify the

underlying mechanisms causing the observed selec-

tive grain growth, the contributions of the different

driving forces will be discussed separately in the

following sections.

Differences in dislocation densities
as driving force for selective grain growth

The dislocation density that can act as a driving force

during grain growth consists of dislocations that can

be stored in different places within a material: there

are statistically stored dislocations randomly dis-

tributed within the grain interior or stored in low-

angle substructures and geometrically necessary

dislocations arranged in subgrain boundaries. The

distinction between statistically stored dislocations

and dislocations arranged in significant substructures

is fluent and will here be made in terms of misori-

entation of the created structures: Dislocation sub-

structures with resulting misorientation angle below

2� will be treated as part of the statistically stored

dislocations, while dislocations organized in subgrain

boundaries with a misorientation higher than 2� will

be defined as geometrically necessary dislocations.

The influence of dislocation densities stored at these

different places on the annealing behavior will be

examined in the following.

Figure 8 hardness HV0.05 over annealing time at 600 �C. Error
bars indicate the standard deviation.
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The influence of the statistically stored dislocation

density can be estimated by comparing the behavior

of the preannealed samples to their not preannealed

counterparts.

The preannealing of the samples was shown to

cause a slight increase in grain size. In a ‘‘recovery

type’’ material with high stacking fault energy such

as iron, it is known that significant recovery processes

take place before grain growth occurs [28]. Because of

that, it can be assumed that the recovery treatment of

the samples caused a reduction of the statistically

stored dislocation density.

In the present experiments, the preceding recovery

treatment, even though it affects the mechanical

properties, does not influence the subsequent

annealing behavior of the material as the texture and

Figure 9 IPF maps of the

TEM lamella during heat

treatment a at the beginning of

the heat treatment, b after

40 min, c after 100 min.
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grain size evolution of the preannealed samples are

equal to those found without preannealing. There-

fore, the decrease in statistically stored dislocation

density has no influence on the annealing behavior of

the investigated material. Hence, it can be concluded

that a difference in stored energy due to statistically

stored dislocations in the grain interior of the two

fibers, if existing, is not a significant driving force for

the selective grain growth that is observed.

In contrast to the dislocations in the grain interiors,

the dislocations stored in subgrain structures such as

LAGBs could have an effect on the annealing

(a)

(b)

(c)

Color code grain boundary misorientation:
2°-5° 5°-7.5°  7.5°-10° 10°-12.5° 12.5°-15° 15°-65°

1

1

1

3

3

3

4

4

4

7

7

2

2

2

A

A

A

B

B

B

11

11

10

10

10

5

5

5

6

6

6

8

8

8

Figure 10 IQ and grain

boundary misorientation map

of the TEM lamella a at the

beginning of the heat

treatment, b after 40 min,

c after 100 min.
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behavior of the material. Those boundaries with low

mobility might not have been affected by the recov-

ery treatment and are a possible source for a signifi-

cant driving force for grain coarsening due to

gradients in stored energy. Taking into account the

observations of the lamella where boundaries with

h\ 10� were found to be mostly immobile, these will

be referred to as subgrain boundaries and will be

treated as source of stored energy. In contrast,

boundaries with h[ 10� will be considered mobile

and not be taken into account for estimating the

stored energy, but will later be used to estimate the

curvature-related driving force.

The dislocation density stored in subgrain bound-

aries can be calculated from the length of subgrain

boundaries per area and their average misorientation

h. The following equation allows the calculation of

the distance of dislocations D with the Burgers vector

b in a subgrain boundary from its misorientation

angle h [29]:

sin
h
2

� �
¼ b

2D
ð1Þ

Dividing the length of subgrain boundaries per

area by this distance gives the number of dislocations

per area, i.e., the dislocation density q. The stored

energy Estored can then be calculated from the dislo-

cation density q using [28]:

Estored � 0:5qGb2 ð2Þ

where b is the Burgers vector of iron and G is its shear

modulus.

Figure 11 displaying the calculated results for the

stored energy shows higher values for a-fiber grains
than for c-fiber grains for all annealing times. The

initial values of a-fiber grains are in the order of

2 MPa while c-fiber grains exhibit slightly lower

values in the order of 1.7 MPa. Over the course of the

annealing, the stored energy in the c-fiber is strongly
reduced while a-fiber grains show no significant

change in their stored energy.

The initial difference between the fibers is caused

by the strong rolling texture. The large amount of a-
fiber results in a statistically high amount of a-fiber
grains with similar orientations neighboring each

other. Their similar orientations result in a joint

boundary with low misorientation, which causes the

two grains to be treated as one grain containing a

substructure. This effect is most pronounced in the

rotated cube orientation that exhibits the highest

predominance in the as-deformed microstructure.

However, during continuous grain growth, the

growth behavior of a grain is not determined by its

own stored energy, but by the difference in stored

energy to its neighbors. Considering this, Fig. 11

suggests a driving force that favors the growth of the

lower energy c-fiber, which is contrary to the exper-

imental observations. Using the initial differences in

stored energy of both fibers, this driving force can be

estimated to be in the order of 10-1 MPa. Due to the

increase in stored energy differences between c-and
a-fiber over the course of the annealing, the driving

force for preferred c-fiber growth increases over

annealing time.

This finding stands in strong contrast to the stored

energy estimation using the Taylor factor. According

to this estimation, the high Taylor factor c-fiber
should exhibit a higher dislocation density than the

low Taylor factor a-fiber. Although this relation has

been confirmed for conventional rolled steels

[16, 20, 30, 31], there seem to be no significant dislo-

cation density differences in the grain interiors

between the two rolling texture components in the

case of the LFS produced UFG microstructure. This

can be explained by the fact that the grain substruc-

tures created at conventional strain ranges transform

into high-angle boundaries during the high straining

in LFS. This leaves only few substructures such as cell

walls and dislocation walls in the microstructure

after LFS. This is a key difference to conventionally

rolled materials consisting of a high fraction of

Figure 11 Estimated stored energy over annealing time at

600 �C.
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substructures and explains the difference in driving

forces due to grain interior dislocation density.

However, the different deformation behavior of the

two fibers due to the difference in their Taylor factors

still has an impact on the initial microstructure: The

initial grain size of the a-fiber has been found to be

much higher than the c-fiber starting grain size (see

Fig. 5). This can be traced back to the higher dislo-

cation activities in c-fiber grains compared to a-fiber
grains, causing the c-fiber to undergo stronger grain

fragmentation during the LFS process, while the a-
fiber and especially rotated cube orientation with its

lower Taylor factor exhibits less dislocation activity

and undergoes fewer fragmentation processes.

Another factor is the probability of two grains with

similar orientation neighboring each other resulting

in a low-angle grain boundary between them, which

causes them to form a single grain. This likelihood

increases with increasing dominance of an orienta-

tion or fiber in the microstructure. The given

microstructure especially grains of rotated cube ori-

entation and a-fiber grains in general exhibits an

increased probability for this texture-related merging

of grains, contributing to their initial grain size

advantage.

Grain boundary curvature as driving force
for selective grain growth

Another possible driving force for the observed

selective grain growth are differences in grain

boundary curvature. The curvature of a grain is

influenced by its size, the character of its boundaries,

and the number of its triple junctions. Whether a

grain shrinks or grows can be determined purely by

topological factors if a constant grain boundary

energy and mobility are assumed. This assumption is

reasonable, given that grains are defined as being

separated by high-angle grain boundaries (minimum

misorientation of 10�) in this work. A grain that

exhibits less triple junctions than its neighbors is

likely to exhibit a majority of convexly shaped grain

boundaries, while a grain with more triple junctions

than its average neighborhood is predominately

surrounded by concave boundaries. Therefore, the

first grain is likely to grow while the second grain

with less triple junctions than its surrounding will

shrink [32, 33]. Even though this approach neglects

the intrinsic waviness of the grain boundaries that

can be observed in Fig. 10, it can be assumed that the

contributions of these curvatures do not favor certain

grain orientation dependent migration directions.

Consequently, the fact that a-fiber grains always

exhibit a higher number of triple junctions than their

direct neighbors while c-fiber grains have less triple

junctions than their vicinity (Fig. 7) implies an

advantage of a-fiber grains over c-fiber grains in

terms of curvature-related driving force for grain

growth on a local scale. This advantage fits the

observed increase in a-fiber area fraction and

decrease in c-fiber fraction, suggesting curvature-

driven grain boundary migration to be the main

coarsening mechanism here.

In the literature, a certain pattern of triple junction

movement during curvature driving grain growth

has been reported. In severely rolled aluminum with

lamellar microstructure, triple junctions formed by

three lamellar boundaries were found to migrate

parallel to the grain elongation direction toward the

smallest triple junction angle, leading to a shortening

of thin lamellar grains [34]. This fits the observations

from the TEM lamella presented in Figs. 9 and 10,

where grain growth was found to be carried by the

migration of these low-angle triple junctions. How-

ever, it can be argued that the coarsening mecha-

nisms in the TEM lamella do not necessarily have to

match the ex situ bulk heat treatments. The high

amount of free surface and the different temperature

profile that is necessary to keep the coarsening pro-

cesses at an observable speed might have a substan-

tial influence on the occurring microstructural

processes. Still, the grain coarsening exhibits the

same characteristics found in the ex situ experiments,

an increase in a-fiber area fraction without signs of

discontinuous processes. Because of that, it is

assumed that the microstructural processes during

the in situ and ex situ experiments are comparable.

Therefore, the local coarsening mechanisms observed

in the TEM lamella are likely to occur during the ex

situ experiments as well. This allows the conclusion

that the grain growth observed during annealing can

be attributed to the curvature-related driving force,

the amount of which will be estimated in the

following.

The driving force for curvature-driven grain

growth depends on both the grain boundary energy c
and the mean curvature radius R [28]. The von

Neumann–Mullins relation [35] allows a topology

based calculation of the integral curvature of a grain

from the number of neighbors assuming all triple
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junction angles sufficiently mobile and therefore

always in their equilibrium state. Dividing this inte-

gral curvature by the perimeter of the grain results in

the average curvature radius of the grain. To consider

local configurations, the average difference in num-

ber of triple junctions DTJ of a grain to its neighbors is

used instead of the difference in number of triple

junctions from the topologically stable configuration

with six triple junctions. Therefore, the driving force

acting on a grain boundary of a grain is calculated

using:

Pcurvature ¼
p
3
c � DTJ

C
: ð3Þ

C denotes the circumference of the grain. The grain

boundary energy c will be assumed as constant and

equal to the value found for iron and therefore taken

from literature: c ¼ 1:03 J
m2 [36].

The average driving force on a grain boundary of

an a-fiber grain is found to be higher than the driving

force for c-fiber grains at all regarded annealing times

(Fig. 12). The driving force for curvature-driven grain

growth of the a-fiber grains decreases from 0.8 to

0.5 MPa over the course of the annealing while the

driving force of the c-fiber scatters around 0.2 MPa.

Therefore, the estimated curvature-related driving

force is in the same order of magnitude as the esti-

mated driving force by stored energy. However, the

grain coarsening process has been observed to be

very anisotropic; as has been discussed above, the

coarsening is carried by the movement of triple

junctions at the tips of the grains where nearly the

complete boundary curvature is concentrated. This

means that most of the boundary area of a grain is

approximately stationary during grain growth, which

raises doubts whether an average boundary

approach is suitable for a driving force estimate.

Therefore, the local driving force at the grain tips will

be estimated in the following.

The main parameter influencing the local curvature

radius R at the grain tips is the thickness d of the

lamellar grains. The local driving force can therefore

be estimated by:

Pcurvature;tip ¼
2c
R

¼ c
2n
d

ð4Þ

n is a proportionality factor that is chosen to be 1

here. To determine the direction of the estimated

driving force, the sign of the average difference in

triple points (Fig. 7) is used. Grains with a positive

average difference in triple junctions are assumed to

grow, i.e., exhibit a positive driving force, while

values in average difference below zero indicate

shrinking due to a negative driving force.

As shown in Fig. 13, the driving force due to grain

boundary curvature of a-fiber grains is positive while

the c-fiber grains exhibit negative values, consistently
to the trend in their average differences in triple

junctions. The amount of driving force, however,

strongly decreases over the annealing time as the

grains grow in thickness and the grain boundary

curvature is reduced. The driving force for a-fiber
grains decreases from 13 to 2 MPa, while the c-fiber
driving force increases from - 17 to - 6 MPa over

the course of annealing. The values are of course

strongly dependent on the proportionality factor n
that is only estimated, i.e., the numbers should be

treated with caution, yet, the general trends do not

depend on n.
On this local scale, the curvature-related driving

force is two orders of magnitude higher than the esti-

mated average stored energy-related driving force;

while at higher annealing times, they slowly converge

to the same order of magnitude. This development in

local driving force fits very well to the evolution of the

fiber area fraction over time that also exhibits a strong

changewithin the first 200 s of the annealing and levels

off toward higher annealing times.

Considering these results, the selective grain

growth observed in LFS profiles is plausible with

regard to the higher initial grain size of the a-fiber
grains that, as has been discussed before, can be

Figure 12 Average driving force from grain boundary curvature

over annealing time at 600 �C.
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attributed to the lower Taylor factor of the a-fiber
under plane strain compression as well as its strong

predominance in the initial microstructure. The size

advantage results in a higher average number of tri-

ple junctions, which implies a concave curvature of

the grain boundaries to maintain the triple junction

equilibrium. This leads to a driving force favoring the

growth of the bigger a-fiber grains with a high

number of triple junctions. Therefore, it can be con-

cluded that the increase in a-fiber area fraction and

the decrease in c-fiber amount during annealing of

the LFS material can indeed be attributed to the dif-

ferences in Taylor factor between the a- and c-fiber.
However, the reason for the change in texture is not

the higher Taylor factor of the c-fiber leading to a

higher dislocation density in these grains and thereby

creating a stored energy-related driving force toward

their shrinking and growing of a-fiber grains.

Instead, the high Taylor factor leads to smaller c-fiber
grains, causing a curvature-related driving force

toward their disappearance.

Overall driving force

In general, the selective grain growth can be attrib-

uted to the high curvature-related grain growth

caused by the initial differences in grain size of the

rolling fibers. Despite Taylor factor-based estima-

tions, stored energy differences in the grain interiors

do not influence the coarsening behavior and the

energy stored in subgrain structures in the fibers

favors the growth of c-fiber grains and therefore

counteracts the observed trend. Due to the high

amount of grain boundary curvature, the curvature-

related driving force dominates the growth behavior

of the microstructure.

However, as shown in Fig. 6 for the ex situ

experiments the strong increase in a-fiber area frac-

tion over annealing time leads to an increasing

amount of LAGBs. The replacement of mobile

HAGBS by less mobile LAGBs around a-fiber grains
counteracts the reduction in stored energy due to the

increase in grain size of the a-fiber and gives rise to

an increase in stored energy-related driving force, an

effect that is often referred to as orientation pinning

[37–39] and can be observed in Fig. 11. This stored

energy-related driving force favoring the smaller c-
fiber grains containing fewer substructures is com-

peting with the decreasing curvature-related driving

force favoring a-fiber grains displayed in Fig. 13.

At the beginning of the annealing, the driving force

at the grain tips strongly favors a-fiber grains, while c-
fiber grains show a strong tendency to shrink. Over the

course of the annealing, the driving forces for growth

of a-fiber and shrinking of c-fiber grains decrease. At

the endof theheat treatment, small grainswith a size of

about 0.25 lm belonging to the c-fiber and other ori-

entations are surrounded by a matrix of big a-fiber
grains with an inverse grain boundary density of

1.3 lm exhibiting a high amount of subgrain bound-

aries and nearly no driving force for grain coarsening.

The small grains that are surrounded by mostly high-

angle grain boundaries due to the strong texture

exhibit little to no subgrain boundaries. This promotes

discontinuous growth of the small grains that has also

been observed in the literature [15].

Summary and conclusions

In this work, the annealing behavior of a ferrite steel

subjected to severe plane strain compression via lin-

ear flow splitting is investigated. The resulting

ultrafine-grained microstructure exhibits strongly

elongated grains and a bcc rolling texture consisting

of a- and c-fibers. These predominant fibers are

known for their pronounced differences in Taylor

factor during plane strain compression.

To identify the underlying coarsening mechanisms,

ex situ EBSD analyses were used to capture general

and grain orientation selective trends, whereas in situ

TEM investigations were used to directly observe the

coarsening behavior.

Figure 13 Local driving force from GB curvature over annealing

time at 600 �C.

10502 J Mater Sci (2019) 54:10489–10505



• The grain refinement induced by the linear flow

splitting process is more pronounced for c-fiber
orientations as compared to a-fiber orientations,

which is attributed to the difference in Taylor

factor between the two fibers during plane strain

compression as well as the initial texture.

• The differences in grain size lead to a grain

boundary curvature-related growth advantage for

the a-fiber, causing an increase in texture strength

of the a-fiber and especially the rotated cube

component.

• A potential effect of grain orientation specific

differences in the statistically stored dislocation

density on the annealing behavior was not

observed. Thus, strain-induced boundary migra-

tion (SIBM) is not a decisive mechanism in the

early stage of annealing.

• In situ TEM investigations confirm that the main

coarsening mechanism is curvature-driven

boundary migration and reveal that the coarsen-

ing is predominately carried by the motion of

triple junctions toward their smallest angle.

• Due to the increasing intensity of the a-fiber and

especially the rotated cube orientation during

annealing, the initially high fraction of HAGBs

decreases due to orientation pinning.

• Orientation pinning leads to the formation of

small grains surrounded by HAGBs within an a-
fiber matrix with a high LAGB percentage, which

is a typical starting configuration for

discontinuous coarsening that has been observed

in literature.

• The occurrence of discontinuous coarsening at

higher annealing times despite the high initial

HAGB fraction is not captured by the unified

model for grain growth. Thus, not only the initial

grain boundary character distribution needs to be

considered but also its change due to texture

evolution during annealing, for a correct predic-

tion of the growth behavior.
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Appendix

See Fig. 14.

Figure 14 Distribution of the difference in number of triple

junctions in comparison with the average surrounding before (left)

and after 720 s (right) of annealing at 600 �C. The difference in

average values between a- and c-fiber can be attributed to the

higher frequency of a-fiber grains at high differences while the

distributions are very similar around their center of gravities

around zero difference.
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