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25 January 2018 electron channeling contrast imaging and transmission electron microscopy,
after interrupted tempering at 700 °C. It was found that quenching of 1-mm-

© The Author(s) 2018. This thick samples in brine was sufficient to keep most of the carbon in solid solution

article is an open access  in the martensite constituent. The high dislocation density of the martensite

publication decreased rapidly during the initial tempering but continued tempering beyond
a few minutes did not further reduce the dislocation density significantly. The
initial martensitic microstructure with both coarse and fine laths coarsened
slowly during tempering for both alloys. However, a clear difference between
the two alloys was distinguished by studying units separated by high-angle
boundaries (HABs). In the low-Cr alloy, M5C precipitates formed and coarsened
rapidly, thus they caused little hindrance for migration of HABs, i.e., coarsening
of the HAB units. On the other hand, in the high-Cr alloy, M;C; precipitates
formed and coarsened slowly, thus they were more effective in pinning the
HABs than M;C in the low-Cr alloy, i.e., coarsening of HAB units was minute in
the high-Cr alloy.

Introduction tempering treatment to improve the toughness before

it is put to use [1, 2]. The tempering of martensite has
As one of the main strengthening constituents in  been investigated for a long time, and the develop-
high-performance steels, martensite has been  ment of transition carbides and cementite as well as
attracting significant attention. The martensitic defect annihilation during tempering of martensitic

microstructure with high defect density and units carbon steels is well known [3-12]. However, when it
arranged in different hierarchic levels is complex and comes to highly alloyed steels that are tempered at
can be considered to be a low-ductility microstruc-  high temperatures, the literature is scarce [13-15]. It is

ture. Therefore, it must in general undergo a  in particular difficult to find quantitative studies on
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the evolution of different microstructural parameters
such as the evolution of the size distribution of laths
[1] during tempering of alloyed steels.

Fe-C—Cr is the base system for important steel
categories such as hot-work tool steels. Further
developments of these steels rely on an improved
understanding of the microstructural evolution dur-
ing tempering and subsequent service which, in
general, occurs at a somewhat lower temperature
than the tempering treatment. Therefore, it is essen-
tial to gain an understanding of softening of the
martensitic matrix by defect annihilation and
microstructural coarsening, but it is also quite
important to understand the precipitation of carbides
during tempering. To retain their hot hardness, these
steels often rely on a multistage precipitation
sequence where the formation of different transition
metal carbides at different points in time during
service enables preservation of the hardness [1-3].
Recent improvements in theoretical and experimental
analysis of steels, inspired by the trend toward inte-
grated computational materials engineering (ICME)
[16], enable more computationally driven develop-
ment of tempered martensite. However, further
improvements in the predictive capabilities of mod-
els predicting microstructure and correlating with
properties rely on an improved understanding of the
microstructure evolution during tempering. The
modeling of precipitation must consider the different
potency of nucleation sites and the diffusional
mobilities in the bulk and through crystal defects,
including their evolution during tempering. Fur-
thermore, models correlating structure and proper-
ties must be able to predict both the potential
precipitation hardening effect and how this is coun-
teracted by softening of the matrix which occurs by
defect annihilation and carbon migration.

The purpose of the present work was, therefore, to
investigate the microstructure evolution of marten-
sitic Fe-C—Cr alloys during tempering. Two model
alloys both resulting in a lath martensitic
microstructure [17], with varying additions of chro-
mium—a slow diffusing substitutional element
compared to carbon, were investigated. The evolu-
tion of the martensitic microstructure and precipita-
tion during tempering was evaluated using X-ray
diffraction (XRD), electron backscatter diffraction
(EBSD), electron channeling contrast imaging (ECCI)
and transmission electron microscopy (TEM). The
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effect of varying Cr composition on the evolution of
the microstructure is discussed.

Experimental methods

The chemical compositions of the steels studied are
listed in Table 1, and the preparation procedures for
these alloys can be seen elsewhere [17]. The M,
temperatures were calculated using the model pro-
posed by Stormvinter et al. [18] and are also listed in
Table 1. The ternary Fe-C—Cr alloy samples
(10 x 10 x 1 mm) were austenitized at 1100 °C for
10 min, followed by quenching in brine to room
temperature. Thereafter, the quenched specimens
were tempered at 700 °C for 5 s, 5 min, 30 min and
5000 h and immediately quenched to room temper-
ature in order to follow the microstructure evolution
during tempering. To eliminate the influence of the
heating time, short-duration tempering treatments
(5s and 5 min) were performed in a Sn-Bi metal
bath, whereas the longer heat treatments were per-
formed in an argon atmosphere in a tube furnace
(30 min). The sample tempered for 5000 h at 700 °C
was vacuum encapsulated in a quartz tube and
intended to be used as a reference sample.
Measurements of dislocation densities and lattice
parameters were performed using XRD. Prior to XRD
measurements, all specimens were polished
mechanically and electrolytically to make sure that
no strain was introduced into the sample surface
during metallographic sample preparation. The
measurements were performed using a Bruker D8
Discover instrument in Bragg-Brentano geometry
using Cu-K, radiation. The diffraction patterns were
recorded from 40° to 145° 20 with angular steps of
0.01° and a counting time of 6s per step. The
diffraction peaks 110, 200, 211, 220, 310 and 222 were
used in the subsequent analysis. No retained
austenite was found by XRD in the as-quenched
microstructure. The background and the Cu —K,,
signals were subtracted from the diffraction patterns
prior to further analysis. Least-square fitting of a
pseudo-Voigt function was applied to find the peak
centers and the full width at half maximum (FWHM).
The instrumental peak broadening was evaluated
using an AlO; reference sample, and it was sub-
tracted from the measured peak width. A polynomial
function was applied to fit the peak broadening with
respect to the 20 angle [19]. A combination of the
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Table 1 Chemical composition of the investigated alloys (in wt%), and the corresponding calculated Ms temperature using the model

proposed in Ref. [18]

Samples C Cr Si Mn S Al Cu Ni Ms [°C]
0.15C-1.0Cr 0.14 0.983 0.021 0.07 0.06 0.014 0.011 0.017 465
0.15C+4.0Cr 0.16 4.05 0.028 0.08 0.05 0.02 0.009 0.015 408

modified Williamson-Hall (MWH) and modified
Warren—-Averbach (MWA) methods was used to
evaluate the dislocation densities. The analysis pro-
cedure presented in Refs. [20-22] was adopted and
further details can be found there. The tetragonality
of the martensite obtained was evaluated by consid-
ering the ratio between the 310 and 222 peaks [2, 23].
The c/a ratio obtained in both the as-quenched and
the reference conditions was unity, within the error
margins obtained, and thus the structure was treated
as BCC. The lattice parameter was calculated from
the d-spacing of the 222 peak and used to evaluate
the carbon content of the matrix for the different
conditions. The reference sample, tempered for
5000 h at 700 °C, was used to estimate the lattice
parameter of the matrix at equilibrium carbon con-
tent. Then, the difference in lattice parameter (Aa [A])
with respect to the equilibrium lattice parameter gave
the solute carbon levels (C) in wt%, in accordance
with [23]:

C=31xAa (1)

Samples for SEM analyses were prepared by
mechanical grinding and polishing, finishing with an
alumina slurry with a particle size of 0.05 pm. ECCI
images were acquired in randomly selected grains for
the evaluation of lath size. The thickness of the laths
was evaluated with a linear intercept method using
lines drawn perpendicular to the length direction of
the laths. For each sample, more than 600 laths in
several locations were counted to provide sufficient
statistics. Orientation maps obtained through auto-
mated EBSD was also utilized to study the hierarchic
structure of fresh and tempered martensite. Both
EBSD and ECCI measurements were performed
using a JEOL JSM-7800F field-emission SEM operated
at 15 kV. The EBSD analysis was acquired using a
Bruker e-flash"'® detector, the scan step size was
either 50 or 100 nm, and data acquisition and post-
processing were performed using the Bruker Quan-
tax software.

The SEM analysis was complemented by TEM
analysis to evaluate the microstructure and to iden-
tify the precipitates that formed. The TEM analysis
was conducted using a JEOL JEM-2100F microscope,
equipped with energy-dispersive X-ray spectroscopy
(EDS) and operating at 200 kV. TEM samples were
prepared using the carbon extraction replica tech-
nique. Further details can be found in Ref. [24]. Thin-
foil TEM samples were also prepared from the as-
quenched and tempered samples for the analysis of
the microstructure. The thickness of the laths was
measured from TEM micrographs using a similar
linear intercept method as employed in SEM-ECCL
The TEM lath thickness measurements were rela-
tively less statistically populated since the idea was to
compare and validate the SEM-ECCI measurements.
To quantitatively analyze the precipitates, all the
precipitates were assumed to be spherical and the
number density of precipitates was evaluated using
the equation:

Ny=" @)
where N, is the number of precipitates in the mea-
sured area A.

Results and discussion

Dislocation density evolution from X-ray
diffraction measurements

An example of the XRD pattern for the as-quenched
0.15C—4.0Cr alloy is shown in Fig. 1. In Fig. 1a, BCC
martensite peaks and a representative 211 diffraction
peak fitted using a pseudo-Voigt function are shown.
The intensities of the peaks increase and the widths
of the peaks decrease significantly already after 5-s
tempering at 700 °C, see example in Fig. 1b. The
same behavior was found for the 0.15C-1.0Cr alloy.

Figure 2 shows the peak broadening of all the BCC
peaks for the as-quenched and tempered conditions
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of alloys 0.15C4.0Cr (Fig.2a) and 0.15C-1.0Cr
(Fig. 2b). The peak broadening is given by AK= cos 0
(2A0)/ 2 [19, 21, 22], where 4 is the wavelength of the
Cu — K, X-rays (0.15406 nm), and 2A0 is the FWHM.
It is clear that the peak broadening decreases rapidly
during the initial 5 s of tempering and thereafter the
rate of change is lower.

The dislocation density evolution during temper-
ing in both alloys is shown in Fig. 3a. It should be
noted that other types of defects such as twins were
assumed to not contribute to the peak broadening.
The dislocation density evolution shown in Fig. 3a is
in good qualitative agreement with data reported in
the literature for martensitic microstructures in fer-
rous systems [10, 14]. It can be seen that the dislo-
cation density in alloys 0.15C—4.0Cr and 0.15C-1.0Cr
decreases quickly during the initial tempering of 5 s
to (7.54 £ 0.61) x 10" m™? and to (6.31 £ 0.64) x
10" m~2, respectively. The slightly higher rate of
decrease for the dislocation density in alloy 0.15C-
4.0Cr may be caused by a higher strain energy stored,
i.e.,, higher initial dislocation density in that alloy.
After the initial decrease in the dislocation density,
further reduction in the dislocation density in both
alloys is much slower. After 5000-h tempering, the
dislocation densities in alloys 0.15C—4.0Cr and 0.15C-
1.0Cr are (525 + 0.41) x 10°° and (3.64 + 0.14) x
10" m™?, respectively. These values are slightly
lower than the dislocation density (6 x 10" m™3)
reported by Pesicka et al. [14] in a P91 alloy after
tempering at 750 °C for 100 h. The difference in
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dislocation density between these alloys after long-
term tempering could be ascribed to the difference
in alloying elements, e.g., 7.38 wt% Cr in P91
alloy, heat treatment and/or the evaluation meth-
ods [14].

The dislocation densities of fresh martensite, eval-
uated for the two alloys in the present work, are
compared to data from the literature in Fig. 3b
[10, 21, 25-30]. It can be seen that the data from the
present work are in good agreement with previous
studies with similar carbon contents. It should,
however, be mentioned that in addition to carbon,
other alloying elements will also affect the dislocation
density of martensite [9, 25, 28]. This is also seen in
the present work where the high-Cr alloy has a
slightly higher dislocation density than the low-Cr
alloy in the as-quenched condition and is in agree-
ment with our prior observations that Cr has a sim-
ilar effect to C on the lath martensite microstructure
[17]. It may be related to the slight lowering of the Ms
temperature (Table 1) when the Cr content increases
[14, 17]. It should also be noted that there is a dif-
ference in the prior austenite grain size between the
two alloys of 40 &+ 6 um for 4% Cr alloy and
65 + 8 pm for 1% Cr alloy [17]. Though it is generally
believed that the prior austenite grain size affects the
dislocation density of martensite, the difference in
prior austenite grain size between the two alloys here
is small and the effect of the difference due to alloy-
ing element content is believed to be larger [14, 17].
After long-term tempering, the dislocation density in
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Figure 1 a XRD pattern of as-quenched 0.15C—4.0Cr alloy, inset shows the 211 peak fitted using a pseudo-Voigt function; b X-ray
diffraction peak 110 for the 0.15C—4.0Cr alloy in as-quenched and 5 s at 700 °C tempered conditions.
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Figure 2 XRD peak broadening of each reflection defined by AK for as-quenched and tempered conditions of alloys 0.15C—4.0Cr (a) and

0.15C-1.0Cr (b).
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Figure 3 a Evolution of dislocation density in martensitic Fe—C—Cr alloys during tempering at 700 °C. b Dislocation density depending
on carbon content of the steel alloys as compared with the literature data. Circled points in “b” are the values obtained in the present work.

the high-Cr alloy is slightly higher than that in the
low-Cr alloy. It could be related to the difference in
Cr content [14] although the difference in dislocation
density between the two conditions is too small to
draw any conclusion.

Table 2 shows the experimentally determined lat-
tice parameters and the estimated carbon contents for
the different conditions, i.e., as-quenched, room
temperature aged and reference conditions. The
evaluated interstitial solute carbon (Cgs) in the matrix
phase is about 0.1-0.14 wt% in both alloys in the as-
quenched condition, see Table 2. This indicates that
all the carbon in the parent austenite phase is kept in

solid solution in the martensite after quenching. It
should be noted, though, that if the martensite is kept
at room temperature for an extended period, carbon
will segregate and the lattice parameter (ass.q+) will
be closer to the reference sample with an equilibrium
amount of carbon in the martensite, see Table 2.

Microstructure evolution from ECCI
and EBSD

In this section, the evolution of the hierarchical

martensitic microstructure, consisting of fine laths,
sub-blocks, blocks, packets and prior austenite grain
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Table 2 Carbon in solid solution (Cs;) as determined from the lattice parameters of as-quenched (aas.q), room temperature aged (aas.q*)

and reference conditions (arer) of the martensitic steels

Samples ager (A) Apsq A) Cgs Wt% Aps-q* A) Cgs Wt%*
0.15C—4.0Cr 2.8695 2.8739 0.1387 + 0.0235 2.8708 0.0415+ 0.0235
0.15C-1.0Cr 2.8689 2.8724 0.09983 + 0.0235 2.8701 0.0356=+ 0.0235

*Left at room temperature for 250 days

boundaries, is presented. The fine laths are about
50-100 nm thick, whereas the EBSD scan step size
used in this study is of the same order. It could be
possible to optimize the resolution of the EBSD and
use a smaller step size, but the amount of time nee-
ded to capture a statistically populated set of data for
lath thickness would be costlier in comparison with
other competitive techniques like ECCI and TEM.
Compared to the quantification of the thickness using
TEM, the main advantage of ECCI is its capability to
capture a large amount of laths in a quicker way. It
has proven to be a powerful tool when combined
with EBSD to evaluate microstructural parameters
like misorientation distribution [31]. EBSD analysis
was specifically used here to evaluate the “unit size”
and to perform correlative work with ECCI so as to
identify precipitation at certain boundaries. In the
present work, the term “unit” represents regions
separated by misorientation angles larger than 5°
within a packet of martensite [32] in order to collec-
tively specify features which are otherwise called by
various names such as sub-block, block, domain and
colony [14, 22, 23].

Figure 4 shows inverse pole figure (IPF) color-
coded orientation maps of the as-quenched marten-
site in both alloys. The general microstructure is
typical for fresh martensite in low carbon low alloy
steels [23, 25, 28, 33]. A detailed explanation of the
microstructural features can be found in Ref. [17].

Evolution of lath thickness

Figure 5a shows an example of the evaluation of the
lath thickness by the line intercept method that was
performed on ECCI micrographs. Examples of coarse
and fine laths are shown in Fig. 5b. Thick laths of
approximately 2.0 pm and thin laths of about
0.1-0.5 pm thickness are typically observed in the
microstructure. It should be kept in mind that this is a
2D representation of a 3D microstructure, but within
a packet where the laths align parallel to each other, it
is believed to be a fair representation of the difference
in lath thickness. Previous works using 3D data have
revealed similar differences in coarseness of the
martensite laths [33-35]. The potential change upon
tempering was also investigated, and the results from

S nowa

Figure 4 Inverse pole figure color-coded maps of as-quenched microstructures of both alloys a 0.15C—4.0Cr; b 0.15C—1.0Cr obtained
from SEM-EBSD. A standard stereographic triangle with colors indicating different orientations in the maps is given as inset.
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Figure 5 ECCI micrographs
of a martensite laths
displaying the measurement of
lath thickness by the line
intercept method. A
representative line (in red) and
the intercepts are marked.

b Heterogeneous nature of the
martensitic microstructure:
representations of a coarse lath
(red arrow) and a thin lath
(white arrow).

ECCI are shown in Fig. 6 together with results
obtained from bright-field TEM images. The TEM
and ECCI data are in good agreement, and the larger
scatter of the ECCI data is due to the heterogeneity of
the martensite lath thickness and the larger statistical
sampling. Here, it should also be pointed out that the
results shown in Fig. 6 might be a minor overesti-
mation of the average lath thickness since it cannot be
guaranteed that the contrast of laths in some cases is
very similar making them virtually invisible. How-
ever, this effect is ensured to be minimal by applying
a careful examination procedure.

Unit boundary evolution and influence of precipitates

When using standard grain boundary misorientation
distribution plots for the EBSD data, as employed in

(a) 750 7F
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o TEM
g
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= S00F
=
G
o
2 As-quenched
o
E 250 /
=
=
0 ,I,V aal 1 1
10 100 1000
Time, s

[23], it was not possible to identify any clear evolu-
tion of the boundaries in the present alloys with
tempering. The martensite unit sizes in terms of their
mean linear intercept lengths, where different
misorientation criteria has been used to define the
unit boundaries, could provide a better quantification
method to distinguish these structures as suggested
by Hutchinson et al. [23]. By employing this proce-
dure, mean linear intercept values for misorientations
larger than specific values were obtained for all
samples. A typical micrograph with martensite
packets and representative lines for the measure-
ments is shown in Fig. 7a. Using this method, it was
possible to identify differences in the evolution of
size of the units, defined by different levels of
misorientation. The mean linear intercept for units
with high-angle boundaries (for example >15°) in

(b) 750 Za

e ECCI
o TEM
£
=
< 500 F
=
s As-quenched
g / %
=
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Figure 6 Variation in thickness of laths measured with TEM and ECCI images in the two alloys at the tested tempering durations.

a 0.15C4.0Cr; b 0.15C-1.0Cr.
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Figure 7 a EBSD pattern quality map overlaid with the unit
boundaries (in black line) with misorientation > 5°. The red lines
indicate the way the line profiles were drawn to acquire
misorientation profiles and the mean linear intercept lengths. b,

alloy 0.15C—4.0Cr is nearly constant among the tem-
pered samples as shown in Fig. 7b; whereas in the
alloy 0.15C-1.0Cr, the increase in mean linear inter-
cept at different durations of tempering shows the
increase in unit size after 5 min and 30 min of tem-
pering, see Fig. 7c.

Figure 8 shows the ECCI micrographs of both
alloys after 30-min tempering at 700 °C. The general
lath martensitic microstructure in both alloys is sim-
ilar to the as-quenched state, but the thickness of
laths has increased (quantitatively seen in Fig. 6) and
the shape of the laths are not as sharp, i.e., corners are
rounded-of. From Fig. 8, it is further seen that the
precipitates formed during tempering along the lath

@ Springer

20 30 40 50

¢ Tllustrates the variation of the mean linear intercept lengths for
different misorientation criteria in the as-quenched and tempered
alloys: 0.15C—4.0Cr (b) and 0.15C-1.0Cr (c).

and unit boundaries in 0.15C—4.0Cr are smaller and
more numerous as compared to what is found in
0.15C-1.0Cr, see Fig. 8a, b. Obtaining this type of
information on both the fine-scale lath microstructure
and the distribution of nano-sized precipitates
simultaneously is difficult in normal secondary elec-
tron imaging of SEM.

Figure 9 shows typical TEM bright-field images of
precipitates together with their selected area electron
diffraction (SAED) pattern and EDS spectrum in both
samples. It was confirmed from SAED patterns that
the precipitates in 0.15C—4.0Cr were mainly M;Cj
while the precipitates in 0.15C-1.0Cr were mainly
M;C. The Cr content of M3C, estimated using EDS
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Figure 8 ECCI micrographs
showing laths and precipitates
in a 0.15C4.0Cr; b 0.15C—
1.0Cr after tempering for

30 min at 700 °C.

Figure 9 TEM bright-field G .
image for precipitates (a, d), : . 4
SAED pattern (b, e) and EDS % ..
spectrum (d, f) in a—c 0.15C— \’ e VS s
4.0Cr and d—f 0.15C-1.0Cr »
after tempering for 30 min at S e
700 °C. Red circles in the s
bright-field TEM images ! :
indicate the precipitates from . b
which SAED patterns and 0.5 um‘ b
EDS spectra were obtained. %) =
Zone axis of SAED patterns is g e -
noted in square brackets in - P
(b) and (e). PR
y X ‘
@
-®
» o *
O SR ImEa®

analysis of the metallic elements and assuming stoi-
chiometric C, is 11.8 wt%, while in M,Csz it is
55.5 wt%. The measured Cr content in both cases is
lower than the equilibrium values which are
18.0 wt% in M3C and 70.7 wt% in M,Cs. The size
(radius) and number density of precipitates evalu-
ated for alloy 0.15C—4.0Cr were 24.5 + 3.1 nm and
(5.99133 + 0.55) x 10'* m~2[24], and for alloy 0.15C~
1.0Cr, they were 38.2 + 4.6 nm and
(7.09 £ 0.57) x 10" m?, respectively. It should be
noted that observations of M;C3 in 0.15C-1.0Cr and
My3Ce in 0.15C—4.0Cr were also made, but these
precipitates were rare and can be considered of minor
importance for the microstructure evolution. After
tempering for 5000 h, only one type of precipitate
was found in each alloy, i.e., M;C; in alloy 0.15C-
4.0Cr and M;C in alloy 0.15C-1.0Cr.
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12
£
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Z
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A representative region from both alloys tempered
for 30 min, where the effect of the precipitates on the
coarsening of the microstructure is shown in Fig. 10.
In both cases, lath boundaries are decorated with
precipitates, but as seen in Fig. 10(b, b1, b2), some
boundaries in alloy 0.15C-1.0Cr seem to bow out
between precipitates (red and blue arrows), indicat-
ing coarsening of both the laths and the units. In
contrast, the unit boundaries in alloy 0.15C—4.0Cr
(blue arrows in Fig. 10a2) are mostly straight with
precipitates densely populated along them. By col-
lectively observing Figs. 8 and 10, it can be seen that
the bowing of unit boundaries is heterogeneous
within a specific alloy. However, after comparison of
numerous micrographs of both alloys tempered to
30 min, we observe that the bowing of unit bound-
aries is more pronounced and the occurrence is more
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Figure 10 Correlated EBSD-
ECCI images in a, al and a2
for 0.15C—4.0Cr, and in b, b1
and b2 for 0.15C-1.0Cr after
tempering for 30 min at

700 °C. Black lines in IPF a,
b show the boundaries with
misorientation > 5°. al, b1
and a2, b2 are the areas
marked by red and blue
rectangles, respectively. The
red and blue arrows represent
the lath boundaries and “unit”
boundaries, respectively.

frequent in the case of alloy 0.15C-1.0Cr, as com-
pared to the 0.15C—4.0Cr alloy, where very few unit
boundaries are bowing and the magnitude of the
bowing is lower.

The observations of boundary pinning give an
important clue about the precipitation event. In our
previous work [24], a significant amount of precipi-
tates was found in the microstructure for the same
alloys after 5-s tempering. This means that the pre-
cipitates form early during microstructure coarsen-
ing. Thus, the difference in unit size evolution
between the alloys considered in this study should
depend on the precipitates type, size distribution,
number density and their effectiveness in pinning the
unit boundaries. The slower coarsening of the units
in alloy 0.15C-4.0Cr as compared to alloy 0.15C-
1.0Cr is most likely a result of pinning by the pre-
cipitates. Hence, these observations give an indica-
tion that the M;C; precipitates found in alloy 0.15C—
4.0Cr are more effective in pinning than the M3;C
precipitates found in alloy 0.15C-1.0Cr. The recovery
and dislocation annihilation are not expected to be
affected significantly by the small precipitates at the
early stages of aging as seen in [36].

The as-quenched martensitic microstructure usu-
ally contains a highly dense network of dislocations.
During the initial stages of tempering these disloca-
tions tend to recover and after prolonged tempering
recrystallization of the microstructure occurs, a

@ Springer

J Mater Sci (2018) 53:6939-6950

process very much dependent on the alloy composi-
tion [1, 2, 37]. From the TEM and SEM microstruc-
tural observations, only dislocation recovery was
found in all the stages of tempering in the two alloys
discussed here. This is evidenced by (1) the
stable dislocation density (~ 5 x 107'* m™) after
about 30 min of tempering; (2) the rather stable dis-
tribution of misorientation angle boundaries, i.e., no
newly formed high-angle grain boundary due to
recrystallization; and (3) no visible appearance of
equiaxed grains. The dislocation density even after
5000-h tempering is two orders of magnitude larger
compared to the dislocation density of annealed cold-
rolled steels (10'° to 10" m™?) [2]. It is often believed
that the recrystallization could occur in low carbon
(< 0.2 wt%) martensitic steels at 600-700 °C temper-
ing, but not when alloying elements such as Mn, Cr
are present [1, 5, 6]. However, recrystallization in
steels containing extra-low/low carbon/medium
carbon, tempered at 700 °C, has been reported pre-
viously [1, 37, 38]. The reason for these contradicting
results in the literature is still unknown. In the pre-
sent work, it can be speculated that the pinning effect
of carbides on boundaries is high, and a large driving
force is thus needed for recrystallization to occur.
However, the sharp drop in dislocation density even
after short-term tempering at 700 °C leads to a
reduction in the driving force available for
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recrystallization. This may explain why no recrys-
tallization is observed here.

Conclusions

e The dislocation density of fresh martensite and
martensite tempered at 700 °C has been investi-
gated for two alloys: Fe-0.15C—(1.0, 4.0) Cr (wt%).
The high dislocation density of the fresh marten-
site decreases rapidly during the initial tempering
of 5 s but tempering beyond a few minutes does
not further reduce the dislocation density
significantly.

e The initial lath martensitic microstructures of both
investigated alloys with coarse and fine laths
coarsen slowly during tempering. However, a
clear distinction between the low- and high-Cr
alloys was found regarding the mobility of unit
(high-angle) boundaries. In the low-Cr alloy,
cementite forms and coarsens rapidly and thus
causes little hindrance for coarsening of the units.
On the other hand, in the high-Cr alloy, M;C;
forms more densely at unit boundaries and
coarsens more slowly, leading to an effective
pinning of the unit boundaries.
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