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ABSTRACT

In the present work, the effect of strain path reversals on dynamic transfor-

mation (DT) above Ae3 temperature was studied using an API grade X-70

microalloyed steel deformed by torsion with single and multiple strain path

reversals. The results revealed the important role played by strain path reversals

on influencing the evolution of austenite grain boundaries through inhomoge-

neous deformation, therefore, affecting DT behaviours. In addition to flow

stress–strain analysis and microstructure investigation, finite element method

combined with 3D digital materials representation approach was used to gain

insights into the effects of deformation with strain path reversals on the

development of microstructural features in the prior-austenite grains.

Introduction

Dynamic strain-induced transformation (DSIT) have

received considerable attention in the past decade

from not just academia but also industry [1–5] due to

its great potential as a relative simple processing

route to produce steels containing ultrafine ferrite

(UFF). However, despite considerable investments

made to industrialise this process, the fundamental

mechanism of DSIT is still not well understood. The

dynamic austenite to ferrite phase transformation

generally occurs during concurrent deformation of

the austenite at temperatures below or around Ae3.

The dynamic nature of DSIT was confirmed by in situ

X-ray diffraction studies [6, 7]. Furthermore, the

requirement of the minimal strain ec,DSIT which is the

critical strain to initiate DSIT in austenite when

deforming at a certain temperature was established

[8–10]. As the onset of DSIT introduces relatively soft

ferrite into the austenite matrix, it was generally

believed that this would be reflected on the flow

stress–strain curves as well. Therefore, whilst the
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direct observation of DSIT nucleation when strained

to ec,DSIT remains challenging, a number of studies

[11–13] successfully used the Poliak–Jonas ‘‘double-

differentiation’’ peak method [14] to analyse the flow

stress–strain curves to determine the value of ec,DSIT.

Very recently, several studies from different

research groups also reported that dynamic transfor-

mation (DT) was observed when the deformation

temperatures were above the Ae3 [15–18]. This was

probably due to the fact that plastic deformation of

austenite could increase the driving force for ferrite

transformation and reduce the energy barriers for

ferrite nucleation, therefore, effectively raising the Ae3
temperature of deformed austenite. The discovery of

DT above Ae3 could have a profound impact on

accelerating the commercial application of the DT

processing methods. By far the biggest obstacle is that

the roll force required to produce large reductions at

low temperatures below Ae3 exceeds the capacity of

current rolling technology. Although innovative pro-

cessing technology such as ‘‘Super Short Interval

Multi-pass Rolling Process’’ has been developed [2],

full commercial application remains challenging. If

the production of ultrafine ferrite steel can be

achieved via a DT/DSIT process at temperatures close

to or above the Ae3, the required roll force could be

significantly reduced. However, at higher tempera-

tures, substantial larger reduction might be needed to

achieve the required ferrite grain refinement, there-

fore, requiring multipass deformation inevitably

involving strain path changes. A number of studied

showed that simple strain path reversal during hot

working of austenite could affect the subsequent

recrystallisation, precipitation and phase transforma-

tion [19, 20]. A more recent study by the authors

showed that DSIT can be completed suppressed by

strain path reversals even when deformed to a very

high von Mises equivalent strain of 2.0 at tempera-

tures below Ae3 [13]. Furthermore, if the deformation

temperature is high enough, dynamic recrystallisation

(DRX) of austenite could be activated when deformed

to high strains. As DRX nucleation takes place pre-

dominantly at austenite grain boundaries where local

serration and bulging develops with straining [21], it

could potentially compete with DT nucleation and

undermine the effectiveness of the latter process to

produce UFF steel. Microalloying elements in solid

solution, particularly Nb, were reported to produce a

retardation effect on DRX, resulting in higher critical

strains required for its initiation [22, 23]. Therefore,

DT could be better realised in microalloyed steel

grades than in conventional C-Mn steels. Neverthe-

less, it is still necessary to understand the interactions

among strain path changes, DT and DRX to further

utilise DT above the Ae3 as a commercial viable pro-

cess for producing UFF steels.

In the present study, the effect of strain path

reversals on DT above the Ae3 temperature was

studied using an API grade X-70 microalloyed steel

deformed by torsion with single and multiple strain

path reversals. In addition to flow stress–strain

analysis and microstructure investigation, finite ele-

ment method (FEM) combined with 3D digital

materials representation (DMR) approach was used

to gain insights into the effects of deformation with

strain path reversals on the development of

microstructural features in the prior-austenite grains.

The results revealed the important role played by

strain path reversals on influencing the evolution of

austenite grain boundaries through inhomogeneous

deformation and therefore affecting DT behaviours.

Experimental

Strain path testing

A commercially produced low-carbon microalloyed

X-70 pipeline steel was used in this study as a repre-

sentative microalloyed steel composition, containing

0.036C-1.56Mn-0.31Si-0.16Cr-0.16Ni-0.16Cu-0.039Nb-

0.029Al-0.014Ti-0.005Mo-0.004 V-0.008P-0.0006S (wt%).

The as-received plate with a thickness of 19 mm was

homogenised at 1250 �C for 3 h in a N2 atmosphere

followed by immediate water quenching to maintain

the alloy elements present at 1250 �C in solid solu-

tion. A microstructure of equiaxed austenite grains

of fairly uniform diameter was achieved after the

homogenisation heat treatment (micrograph can be

found in REF [13]). The austenite grain size was

65.1 ± 3.7 lm in the original rolling direction, and

65.6 ± 4.3 lm in the transverse direction (errors

represent 95% confidence intervals). Solid bar torsion

specimens of 20 mm gauge length and 10 mm

diameter were then machined according to the

geometry given elsewhere [20, 24].

Hot torsion tests with single and multiple strain

reversals were conducted using the servo-hydraulic

arbitrary strain path (ASP) testing machine at The

University of Sheffield. The testwas conducted in air as
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the oxidation/decarburisation zone was limited to

\50 lm, i.e. 1% of the gauge radius determined by

metallographic examination. Specimenswere heated at

12 �C s-1 by an induction method to 1250 �C for

equilibration of 2 min. The specimenswere then cooled

at 5 �C s-1 to the deformation temperature of 920 �C.
This is well above the Ae3 temperature of the heat-

treated and undeformed X-70 steel, which is approxi-

mately 844 �C based on its chemical composition cal-

culated using both MatCalc and JMatPro

thermodynamic software. Cyclical torsion tests of two

(2-pass) and eight (8-pass) passes were conducted

isothermally. By applying a constant angular speed, a

constant strain rate of 1 s-1 was produced at the effec-

tive radius, i.e. *72.4% of the gauge radius as

schematically shown in Fig. 1a. By applying the con-

cept of effective radius, the complexity of deriving the

shear stress (hence von Mises equivalent stress) from

recorded machine torque data for torsion tests can be

significantly reduced. Meanwhile, the effective radius

provides a basis for consistent microstructural and/or

textural analysis. Detailed discussions on effective radius

for solid bar torsion testing can be found in Ref. [25, 26].

For the 2-pass test, the specimen was forward tor-

sional deformed to a von Mises equivalent strain of

1.0 (evm = 1.0 at the effect radius), immediately fol-

lowed by reverse torsion of evm = 1.0 to a total

accumulative strain of 2.0, albeit a net strain of 0. The

delay due to reversing the straining direction was

\0.2 s. The 8-pass test consisted of four cycles of

forward–reverse torsion with each pass of evm = 0.25,

producing the same amount of accumulative strain of

2.0 and a net strain of 0. After deformation,

specimens were water quenched. The delay between

the end of straining and the onset of quenching was

\0.2 s. The recorded cooling rate during quenching

from deformation temperature 920� to 200 �C was

[180 �C s-1. Based on previous studies on the CCT

behaviour of similar X-70 steels [27, 28], this cooling

rate should be able to minimise the ferrite formation

during quenching.

Metallographic specimens of tested materials were

taken on the tangential plane that is normal to the

radius direction (r) at the effective radius (0.724r) and

at 90% of the gauge radius (0.9r) and contains the

axial (Z) and shear (h) directions of the torsion test as

outlined in Fig. 1a. All microstructural observations

were made along the central line of the tangential

planes as schematically illustrated in Fig. 1a. Sec-

ondary electron micrographs were taken at both the

effective radius and 0.9r on specimens etched by 2%

Nital using a FEI InspectF FEGSEM at 20 kV. EBSD

data were collected only at the effective radius on

specimens mechanically polished by colloidal silica

using an Oxford Instruments HKL Nordlys camera

with Channel 5 software in the same FEGSEM oper-

ating at 20 kV. Typical areas of 400 lm (in Z direc-

tion) by 300 lm (in h direction) were mapped using a

step size of 0.25 lm. An indexing rate of at least 80%

was achieved, then a post-acquisition noise reduction

procedure outlined elsewhere was applied [29].

FEM multiscale modelling using 3D-DMR

In order to understand better the effects of defor-

mation with strain path reversals to the development

Figure 1 a Schematic illustration shows the position of the two

planes revealed for microstructural observation at the effective

radius (0.724r) and at 90% of the radius (0.9r) within the gauge

section of a solid bar torsion specimen. b The von Mises

equivalent stress–strain curves of the microalloyed steel subjected

to 2-pass and 8-pass cyclical torsion tests at 920 �C.
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of microstructural features in the prior-austenite

grains, FEM combined with a 3D DMR approach was

used. The general idea of DMR is a finite element

representation of microstructure with its features

represented explicitly. This approach has been suc-

cessfully used for simulations of deformation beha-

viour of various materials under a wide range of

processing conditions [30–33]. In the present work,

the material behaviour was described using elasto-

plastic model with a combined isotropic-kinematic

hardening rule [34]. The evolution law of this flow

rule consists of the two main components: first is a

nonlinear kinematic hardening component which

describes the translation of the yield surface in stress

space through the backstress a:

_ak ¼ Ck
1

r0
r� að Þ _�epl � ckak _�e

pl; a ¼
XN

k¼1

ak; ð1Þ

where ak is the backstress, N is the number of back-

stresses, r0 the equivalent stress defining the size of

the yield surface and Ck and ck are material parame-

ters; second is an isotropic hardening component

describing the change in the equivalent stress defin-

ing the size of the yield surface, as a function of

plastic deformation:

r0 ¼ r0 þQ1 1� e�b _�e
� �

; ð2Þ

where r0 is the yield stress at zero plastic strain and

Q? and b are material parameters. A combination of

kinematic and isotropic hardening rules allows not

only to change the value of the radius of yield surface

but also to move it within the stress space, what

enables capturing such phenomena as Bauschinger

effect, and hence, makes it possible to account for a

proper description of the deformation behaviour

during strain reversals.

Parameters of the utilised model can be specified

directly, calibrated based on a half-cycle test data

(unidirectional tension or compression), or can be

obtained based on the test data from a stabilised cycle

(when the strain–stress curve no longer changes

shape from one cycle to next). In the present study,

the model parameters were described using data

from the torsion test provided as a half-cycle curve.

The multiscale model of the torsion test was

designed according to that illustrated in Fig. 2. A

concurrent multiscale computing method—namely

submodelling—was used here to bridge different

length scales. The general idea of this approach is

solving a problem first with one, coarse mesh

describing the global domain; then, another and

generally finer mesh is used to reanalyse a certain

subpart of the global domain which is of particular

interest. Thus, either the displacement field or the

stress field of a global domain is interpolated to the

cutting boundary of a submodel having a fine mesh

along the edges. In this study, the global model rep-

resenting the entire geometry of the strain gauge of

the torsion sample geometry was prepared and

analysed using Abaqus Standard code.

Next, the submodels were generated using the

DMR approach and calculations were performed

again. Two unit cells (100 9 100 9 100 lm) with 37

grains each were created to capture the effect of the

process on inhomogeneity of both strain and

microstructure. They were placed in the positions

along the gauge radius that correspond to the effec-

tive radius (0.724r) and near the surface at 0.9r. Both

flow stress data and the parameters of the combined

material hardening model applied in the submodel

were additionally diversified using the Gauss distri-

bution function to reflect differences in the crystal-

lographic orientations.

Results

Macroscopic flow behaviour

The recorded torque–angle data were converted to

isothermal stress–strain curves using the methods

outlined in Ref. [25]. The results are shown in Fig. 1b.

The overall flow stress during the 2-pass deformation

is higher than that during the 8-pass test. Small

amount of Bauschinger softening were observed

upon each strain reversal for both tests. These

observations are consistent with several previous

studies [13, 25, 35], however to a lesser extent, prob-

ably due to the higher deformation temperature

adopted in the current work as it is known that the

extent of Bauschinger softening decreases with

increasing deformation temperature [36, 37].

For the 2-pass test, no significant amount of work

hardening was observed when strained beyond evm
of 0.5 during the forward torsion. Afterwards, a

quasi-steady state was reached with small amplitude

fluctuations of the flow stress with both dynamic

softening and work hardening occurring. A small

drop in the flow stress (*10 MPa) was observed
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immediately after the strain path reversal. The overall

trend of the flow stress during the reverse torsion

remained at a similar quasi-steady state comparable

to that during the forward torsion in the first pass.

Furthermore, small amplitude fluctuations of the

flow stress were also observed during the second

pass.

As the deformation temperature of 920 �C is rela-

tively high, both DRX of austenite and DT could have

occurred during deformation causing dynamic soft-

ening to the flow stress of the X-70 steel. Previously,

the ‘‘double-differentiation’’ method developed by

Poliak and Jonas [14, 38] for studying the initiation of

DRX was used to determine the critical stress/strain

for the onset of DT deformed at lower temperatures

near or below the Ae3 [11, 13]. The critical stress and

strain condition was determined by the stationary

point (-q(qr/qe)/qr = 0) on the double-differentia-

tion curve, i.e. the derivative of strain hardening rate

(H = qr/qe) with respect to flow stress r. The

rationale is that both DT and DRX as softening

mechanism are believed to affect the strain hardening

behaviour of the deformed material. Therefore, the

initiation of such softening would be reflected as an

inflection point on the plot of strain hardening rate

(H = qr/qe) against flow stress (r) (i.e. the Kock–

Mecking plot [39]) or as an stationary point on the

‘‘double-differentiation’’ curve (qH/qr vs. r) [11, 14].
However, a recent study by Jonas et al. [40] showed

that by first fitting flow curves with very high degree

of polynomial equations (11 or above for the whole

flow curve or at least 8 for the ascending part of the

flow curve) then applying the ‘‘double-differentia-

tion’’ method, two (instead of one) stationary points

were found on flow curves obtained at temperatures

above Ae3. The authors attributed the first stationary

point to the onset of DT and the latter one for the

initiation of DRX. Assuming the above method is

Figure 2 General concept of multiscale modelling approach utilised in the current work.
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indeed valid, the critical conditions for DT and DRX

were determined for the current work following a

similar approach: Firstly, the strain hardening rate

(H = qr/qe) was plotted against the flow stress r,
from the forward torsion part of the 2-pass test

(shown in Fig. 3a). Secondly, the H-r plot was fitted

by a degree of 9 polynomial equation as shown in

Fig. 3a. Finally, differentiation of the fitted polyno-

mial curve with respect to the flow stress r gave the

‘‘double-differentiation’’ curve with two stationary

points as shown in Fig. 3b. These results suggest that

a critical stress (rC,DT) of 137 MPa and a critical strain

(eC,DT) of 0.20 are required for the onset of DT under

the current experiment conditions. For the initiation

of DRX, the critical conditions are rC,DRX & 154 MPa

and eC,DRX & 0.30.

For the 2-pass deformation, the forward strain to

evm = 1.0 in the first pass was significantly higher

than both of the critical strains. Therefore, DT and

possibly DRX would have been activated during the

forward torsion. However, for the 8-pass test, the

forward torsion to evm of 0.25 was only marginally

higher than the eC,DT of 0.20 and still below the eC,DRX

of 0.30. As both DT and DRX are believed to be highly

dependent on the increment and shape change, i.e.

serration and bulging, of austenite grain boundaries;

the small amplitude of forward strain (0.25) during

the 8-pass test probably could not cause enough

changes to the austenite grain boundaries. As a

result, retardation of DRX and retardation of DT were

expected at the effective radius in the 8-pass test. This

is supported by the microstructural observations

presented in the following section.

Microstructure at the effective radius
(0.724r)

Inverted secondary electron contrast in SEM

The microstructure of the 2-pass tested specimen is

shown in Fig. 4a, b by inverted secondary electron

contrast from SEM. It can be seen that more than half

(56.5 ± 7.0 vol%, measured by point counting) of the

austenite had already transformed to fine quasi-

polygonal ferrite, which is believed to be produced

by the DT mechanism during deformation. However,

considerable amount of the austenite, mainly in the

interior of the grains, remained untransformed after

deformation. Therefore, during the rapid quenching,

the remaining austenite transformed to lath

martensite by displacive transformation mechanism.

Such martensite can be seen in Fig. 4b indicated by

the letter M.

These observations are in broad agreement with

the flow curve/work hardening rate analysis that

indicates the forward torsion strain of evm = 1.0 far

exceeded, in fact, is about 500% of the critical strain

eC,DT of 0.20 for initiating the DT. Therefore, the

deformed austenite transformed to the fine ferrite

grains by the DT mechanism during further straining.

However, the amount of DT ferrite is much lower in

the current work than the DSIT ferrite observed in a

previous study of the same material tested by the

same 2-pass deformation but at the lower tempera-

ture of 820 �C [13].

Analysed using the ‘‘double-differentiation’’

method, the previous study suggested what the crit-

ical strain of DSIT at 820 �C was eC,DSIT = 0.5 [13].

Therefore, the monotonic forward strain to evm = 1.0

is only 200% of eC,DSIT. Yet after the 2-pass defor-

mation, the majority of the austenite transformed to

fine-grained ferrite via a DSIT mechanism, only a

very small fraction of austenite remained, hence

producing martensite after quenching. The lower

fraction of DT ferrite observed in the current work

when the deformation temperature is well above the

Ae3 temperature of the X-70 steel is probably due to

low chemical driving forces for phase transformation

at higher temperatures, and to some lesser extend

due to other dynamic softening mechanisms com-

peting with DT during deformation, especially the

DRX of the austenite, as both DT and DRX are

believed to primarily nucleate on serrated and bulged

austenite grain boundaries. This will be discussed

further in ‘‘The effect of deformation temperature and

the role of PAGBs on DT’’ section.

Micrographs by inverted secondary electron con-

trast taken at the effective radius in the 8-pass defor-

mation specimen are shown in Fig. 4c, d. The vast

majority of the transformation products are lath

martensite that was produced from quenching the

untransformed austenite after deformation. A very

small amount of DT ferrite was produced during the

8-pass deformation (indicated by black arrows in

Fig. 4c, d). Furthermore, by judging the length of the

martensite lath, little DRX occurred during the

deformation. The amounts (vol%) of DT ferrite after

the 2-pass tested and 8-pass tested samples measured

by a standard point counting method are given in

Table 1. Clearly, the volume fraction of DT ferrite in
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the microstructure after the 8-pass test is significantly

lower than that after the 2-pass test (56.5 ± 7.0%).

These observations all indicate that DT was sup-

pressed during the 8-pass test.

The retardation of DSIT and DRX by multiple

strain reversals combined with small strain ampli-

tude during the 8-pass deformation were previously

studied using the same X-70 steel [13] and a non-

transforming 316L stainless steel [25], respectively. It

was established that the main reason is probably due

to the forward strain to evm = 0.25 before each strain

reversal is not large enough to cause enough serra-

tion and bulging of austenite grain boundaries to

facilitate the DSIT or DRX [13, 25]. In the present

study, the forward strain of evm = 0.25 in the 8-pass

test is greater than the eC,DT of 0.20 but smaller than

the eC,DRX of 0.30 derived by flow curve analysis.

Consequently, a small fraction of DT ferrite was

produced during forward torsion deformation before

strain reversal when the monotonic strain exceeded

the critical strain for DT nucleation.

EBSD orientation image microscopy

From the large EBSD dataset (about 400 by 300 lm)

taken at the effective radius, a smaller subset is used to

plot various maps to highlight the typical

microstructural features of the transformation prod-

ucts. These maps are given in Fig. 5 for the specimen

deformed in 2-passes and in Fig. 6 for the specimen

deformed in 8-passes.

Band contrast (pattern quality) map superimposed

on boundary map with high angle boundaries (HABs)

of disorientation (h)[15� as black lines and low angle

boundaries (LABs) of 2�\ h B 15� as red lines of the

2-pas test is shown in Fig. 5a. It can be seen that the

small quasi-polygonal ferrite grains produced by the

DT mechanism are separated by HABs and exhibit a

low number of LABs in the grain interiors. This

observation is well illustrated by the disorientation

line scan from point A–B shown in Fig. 5d. The pres-

ence of substructure in these DT ferrite was possibly

due to further deformation after the DT ferrite was

formed. Conversely, the martensitic areas show a low

density of HABs (black) and a high density of LABs

(red) on the boundary map due to the shape defor-

mation associated with the displacive transformation

that occurred during quenching of the untransformed

austenite [41]. Such an example is given by the dis-

orientation profile along the line from C–D shown in

Fig. 5d. The corresponding inverse pole figure (IPF)

coloured orientation map of the same area is given in

Fig. 5b with the large martensitic area labelled with

‘‘M’’. Furthermore, a ‘‘local misorientation map’’ was

produced by using a 5 pixel by 5 pixel filter disre-

garding disorientations greater than 5� (shown in

Fig. 5c). The low variations of local orientation (rep-

resented by the blue colour) exhibited by the small

quasi-polygonal ferrite grains also suggest that they

were produced by the DT mechanism and underwent

dynamic recovery during further deformation whilst

areas with high local misorientations (green–yellow)

are mainly martensite produced from the untrans-

formed austenite.

Similarly, the boundary map superimposed with

band contrast map, the IPF coloured orientation map

and the local misorientation map of the microstruc-

ture from the 8-pass test are given in Fig. 6a, b, c,

respectively. In this case, the vast majority of the

microstructure consisted of martensite. The disori-

entation profile of line EF (given in Fig. 6d) along the

long axis of a martensite lath showed only LABs of

Figure 3 a Strain hardening rate (H = qr/qe) derived from the

flow curve of the forward torsion part of the 2-pass test and its 9�
polynomial fit plotted against the flow stress r; b derivative of the

polynomial fitted H with respect to r showing two stationary

points, which are corresponding to the onset of DT and DRX,

respectively.
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disorientation less than 15�. The disorientation line

profile of GH across several martensite lathes also

revealed similar features, i.e. mainly LABs within the

martensite block. These observations are consistent

with reported crystallographic features of lath

martensite in low-carbon steels [42].

Table 1 Fractions (vol%) of dynamically transformed DT ferrite after the 2-pass and 8-pass tests at different gauge radius positions

Position Total accumulative strain 2-pass 8-pass

Strain per pass DT ferrite fraction (vol%) Strain per pass DT ferrite fraction (vol%)

Effective radius

0.724r

2.00 evm = 1.00 56.5 ± 7.0 evm = 0.25 2.8 ± 0.9

Near surface

0.9r

2.48 evm = 1.24 90.4 ± 3.7 evm = 0.31 13.8 ± 1.0

Errors represent the 95% confidence intervals of the measurement

Figure 4 Micrographs

showing inverted secondary

electron contrast of the

microstructure at effective

radius in the 2-pass deformed

specimen (a and b) and in the

8-pass deformed one (c and d).
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Based on the entire EBSD datasets, the relative

frequency of disorientation angles from 4� to 62.8� are
plotted as distribution histograms (shown in Fig. 7)

to reveal the crystallographic boundary characteris-

tics of the microstructures after the 2-pass and the

8-pass tests. The relative frequency of HABs between

15� and 55� is much higher after the 2-pass test than

that of the 8-pass test. The substantial amount of DT

ferrite formed during the 2-pass test contributed

greatly to this high fraction of HABs. For the 8-pass

deformed test, the high fraction of LABs is the result

of the shape deformation associated with martensitic

transformation during quenching. The peaks around

60� of disorientation are believed to due to the

specific orientation relationships (OR) required for

displacive phase transformations.

All the above microstructural and crystallographic

observations indicate an incomplete DT after the

2-pass test and an almost complete suppression of DT

after the 8-pass test. Assuming that the critical strains

derived by the ‘‘double-differentiation’’ method are

reliable, for the 2-pass test, the forward strain to

evm = 1.0 in the first pass was significantly greater

than the critical strain eC,DT, therefore, allowing DT to

Figure 5 Selected area EBSD maps of the 2-pass deformed steel

at the effective radius: a band contrast map superimposed on

boundaries map, black line represent high angle boundaries

(h[ 15�) and red lines represent low angle boundaries

(2�\ h B 15�); b inverse pole figure coloured orientation map;

c local misorientation map produced by a 5-by-5 filter disregarding

boundaries with disorientation greater than 5�; d disorientation

profiles along line A–B and line C–D as shown in (a).
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be activated. However, for the 8-pass test, the for-

ward strain of evm = 0.25 was only marginally higher

than the eC,DT of 0.20 and still below the eC,DRX of

0.30. As a result, both DT and DRX were retarded by

the subsequent strain reversal. The activation and

retardation of DT are believed to be highly dependent

on the increment and shape change in the austenite

grain boundaries as demonstrated by previous

studies. The importance of austenite grain bound-

aries for DT can be seen more clearly in the following

section as the microstructural observations were

made near the outer surface the sample gauge at 90%

of the gauge radius where the strain experienced by

the material was higher than that at the effective

radius.

Microstructure near surface at 90%
of the gauge radius (0.9r)

Figure 8a and b shows the micrographs by inverted

secondary electron contrast taken at 90% of the gauge

radius (0.9r) of the 2-pass test. A majority of the

austenite was transformed to very fine DT ferrite,

with only a small amount of martensite produced by

Figure 6 Selected area EBSD maps of the 8-pass deformed steel

at the effective radius: a band contrast map superimposed on

boundaries map, black line represent high angel boundaries

(h[ 15�) and red lines represent low angle boundaries

(2�\ h B 15�); b inverse pole figure coloured orientation map;

c local misorientation map produced by a 5-by-5 filter disregarding

boundaries with disorientation greater than 5�; d disorientation

profiles along line E–F and line G–H as shown in (a).
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the displacive decomposition of the remaining

austenite (marked by letter M in Fig. 8a). The mea-

sured volume fraction of DT ferrite at 0.9r is around

90.4 ± 3.7%, much higher compared to that of

56.5 ± 7.0% determined at the effect radius (see

Table 1). The increased forward strain (evm = 1.24)

and total accumulative strain (evm = 2.48) at this

position are believed to be the main reasons for

facilitating further dynamic transformation to pro-

duce more DT ferrite.

The microstructures at 0.9r after the 8-pass test are

given in Fig. 8c, d. It is clear that there is an increased

amount of DT ferrite nucleated primarily at prior-

austenite grain boundaries (PAGBs), compared to the

microstructure at the effect radius after the same test

(Fig. 8c, d). The measured volume fraction of DT

ferrite is 13.8 ± 1.0%, compared to 2.8 ± 0.9% at the

effective radius (see Table 1). Furthermore, the signifi-

cance of the PAGBs as the nucleation sites for the first

generation of DT ferrite grains is nicely demonstrated

in Fig. 8d: DT ferrite exhibiting a typical allotri-

omorphic morphology (labelled as A) populated the

PAGBs; the interior of the austenite grains remained

untransformed during deformation, and subse-

quently decomposed to martensite (labelled as M)

after quenching. Additionally, certain ferrite grains

show a distinctive secondary Widmanstätten mor-

phology, for example the one labelled as W in Fig. 8d.

As the cooling rate is not infinite (*180 �C s-1)

during water quenching which allows the diffusion

of carbon, the secondary Widmanstätten ferrite is

believed to be developed from existing allotriomor-

phic DT ferrite present in the microstructure after

deformation. Therefore, these secondary Wid-

manstätten ferrite were not dynamically but statically

transformed by a displacive mechanism after the

deformation. The possible transformation mechanism

of DT is discussed in ‘‘The effect of strain path

reversal on DT above Ae3’’ section.

The evolution of austenite microstructure
revealed by FEM 3D-DMR modelling

Application of a multiscale modelling approach com-

bined with a 3D digital materials representation pro-

vided much more detailed solution regarding strain

deformation compared to macroscale simulation as

shown in Fig. 9. The equivalent plastic strain (PEEQ)

distribution at 0.724r and 0.9r after the 7th deforma-

tion pass (as indicated by the arrow on the macro-

scopic flow curve) are given in Fig. 9c, d, e, f,

respectively. It can be clearly seen that the solution

obtained in the microlevel submodel (Fig. 9d, f) pro-

vides a much higher resolution of the equivalent

plastic strain distribution maps across the deformed

microstructures, compared to the results obtained for

the strain gauges at themacrolevel (Fig. 9c, e). It can be

seen that the steel deformed at 0.9r undergoes much

higher local strains compared to the similar area of the

steel deformed at the effective radius of 0.724r.

An implemented modelling approach also allowed

for the obtaining of detailed information regarding

the deformation gradient at the austenite grain

boundaries. Figure 10 presents the strain distribution

in selected adjacent austenite grains within unit cells

placed at the effective radius (0.724r) and near the

torsion specimen’s surface (0.9r). It can be clearly

observed that not only the strain magnitude but also

the strain localisation at the PAGBs is much more

significant at 0.9r near the specimen surface (Fig. 10h,

i) than at the effective radius of 0.724r (Fig. 10e, f).

These results may explain the reason for the

increased amounts of DT ferrite nucleated primarily

at the prior-austenite grain boundaries.

Discussion

The effect of deformation temperature
and the role of PAGBs on DT

Compared to the same material deformed at a lower

temperature of 820 �C which is about 15 �C lower

Figure 7 Histograms showing the relative frequency of the

magnitude of disorientation angles for the as-quenched

microstructures after the 2-pass and 8-pass tests.
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than the measured Ae3 from a previous study [13],

deformation at 920 �C (a temperature * 75 �C above

the measured Ae3) in the current study leads to a

much smaller amount of DT ferrite, i.e. incomplete

transformation (*56% transformed) for the 2-pass

deformed steel compared to almost no transforma-

tion after the 8-pass deformed steel. Interestingly, the

critical strain eC,DT at the higher deformation tem-

perature of 920 �C is 0.20, smaller than the eC,DSIT of

0.50 at 820 �C. This observation indicates that the

driving force from stored energy of deformation is

probably not the key factor to determine the initiation

of DT, as the smaller strain (eC,DT = 0.20) at higher

temperature (920 �C) should result in a lower stored

energy, in addition to the already-negative chemical

driving force forcing the c to a phase transformation

(*75 �C above the Ae3). However, this is based on

bulk analysis of the deformation process. On the

microstructure level of polycrystalline materials, the

deformation is always heterogeneous, especially at

the vicinity of the grain boundaries and triple junc-

tions due to compatibility constraints [43]. This type

of strain localisation is clearly demonstrated by the

FEM 3D-DMR modelling in ‘‘The evolution of

austenite microstructure revealed by FEM 3D-DMR

modelling’’ section, which shows higher local

Figure 8 Micrographs

showing inverted secondary

electron contrast of the

microstructure near surface at

90% of the gauge radius in the

2-pass deformed steel (a and

b) and in the 8-pass deformed

steel (c and d).
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accumulated plastic strains near the PAGBs than in

the grain interiors (see Fig. 10). The high localised

strain causes serration and bulging of the PAGBs,

which have been shown to be responsible for the

initiation of DRX [21, 25, 44] and DSIT [13]. Therefore,

at the high deformation temperature of 920 �C, the
increased tendency for pronounced serration and

bulging of the PAGBs, and hence inhomogeneously

distributed stored energy, could partly compensate

for the low driving force for DT leading to the low

critical strain of eC,DT = 0.20 for initiation. A recent

review [45] suggests that the transformation mecha-

nism of DT could be a displacive one assisted by

mechanical (stress) activation. However, the model

was developed assuming homogenous deformation.

The results from the current study showed that

Figure 9 FE mesh in the undeformed strain gauge part of torsion

specimen (a) and unit cell (b); equivalent plastic strain distribu-

tions simulated in the 8-pass deformed steel (after 7 passes) at

planes parallel to deformation axis corresponding to 0.724r (c,

d) and 0.9r (e, f) in gauge length area (macrolevel) and unit cells

(microlevel), respectively.
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further consideration and research are needed to

understand the importance of inhomogeneous

deformation on DT transformation mechanism.

The observations of incomplete DT after the 2-pass

deformation to a total strain of 2.0 together with low

critical strain eC,DT = 0.20 for DT initiation suggest

that although deforming at a higher temperature

above the Ae3 could reduce the required strains to

initiate DT, the total strain (hence rolling reduction)

required to complete DT would be much higher. This

Figure 10 Equivalent plastic strain distributions in unit cell and

selected prior-austenite grains in undeformed specimen (a, b,

c) and after 7 passes of deformation at 0.724r (d, e, f) and 0.9r (g,

h, i), respectively. Equivalent plastic strain distributions simulated

in the 8-pass deformed specimen (after 7 passes) at planes parallel

to deformation axis corresponding to 0.724r (c, d) and 0.9r (e, f) in

gauge length area (macro level) and unit cells (microlevel),

respectively.
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is probably due partly to other dynamic restoration

processes, such as dynamic recovery and DRX of

austenite, occurring more rapidly at higher temper-

atures. For example, from the analysis shown in

Fig. 3, DRX could be initiated at strain of 0.30 at

920 �C. These dynamic restoration processes will

compete with the DT process as DRX nucleation also

takes place preferentially at serrations and bulgings

of the PAGBs. Therefore, the choice of deformation

temperature is critical for further industrialisation of

DT processing technologies. Suppression of DRX

through microalloying could also be beneficial.

The effect of strain path reversal on DT
above Ae3

Similar to previous work on deformation at temper-

atures below the Ae3 [13], the small amplitude of the

forward strain at the effective radius (evm = 0.25) with

multiple strain path reversals deformed at tempera-

ture above the Ae3 also leads to the suppression of

DT. The mechanism of such suppression is believed

to be that the forward strain amplitude of 0.25 is not

large enough to cause sufficient serration and bulging

of the PAGBs to initiate DT before the reverse

straining restoring the grains to their original shape.

Therefore, when deformed to the same total accu-

mulated strain of 2.0, the repeated strain path rever-

sals during the 8-pass deformation leads to a very

low volume percentage of DT compared to the 2-pass

test deformed to the same total accumulative strain.

Near the surface of the gauge radius (0.9r), the

strain amplitude of the forward passes is higher than

that at the effective radius, generating a evm of 0.31 for

the 8-pass deformation and a evm = 1.24 for the

2-pass deformation. As demonstrated by the FEM

3D-DMR modelling results shown in Fig. 10, higher

local strains were developed near the PAGBs at 0.9r

compared to the effective radius of 0.724r, which in

turn caused further serration and bulging of the

PAGBs to facilitate the nucleation of DT ferrite.

However, it is believed that the amplitude of forward

strain in relation to the critical strain of DS initiation

(eC,DT) is the key factor determining the amount of

DT ferrite generated after deformation. As shown in

Fig. 11, there is a good linear correlation between the

amplitude of the forward strain and the volume

percentage of DT ferrite after the total deformation.

More importantly, when extrapolating the linear

regression line to 0% DT ferrite, the threshold

of * 0.2 for the forward strain amplitude is in good

agreement with the eC,DT = 0.2 derived from the

‘‘double-differentiation’’ analysis of the flow stress–

strain curve (see Fig. 3b). The implication is that

during multipass deformation with full strain path

reversals (i.e. the amplitude of forward strain is equal

to that of reverse strain whilst the direction is oppo-

site to each other), if the strain amplitude of forward

deformation is less than the threshold strain (eC,DT) of

0.2, no DT could be initiated, even when deformed to

very large total accumulated strains. On the other

hand, a forward strain amplitude of evm = 1.44 is

required to produce 100% of DT.

It is clear that although multiplass deformation at

temperatures above the Ae3 could reduce the

demands on the capacity/roll force of the rolling

mills to lower the barrier for industrial application of

the DT process [3, 4], it also reduces the effectiveness

of strain accumulation when strain path changes are

involved. Particularly, strain path reversals should be

avoided. Furthermore, at higher temperatures, DRX

could compete with DT, further reducing the effec-

tiveness of the deformation. Therefore, a careful

choice has to be made for the deformation tempera-

ture to balance the conflicting demands of reducing

roll force for DT and producing a minimal amount of

DRX.

Conclusions

In the present work, the effect of strain path reversals

on DT above the Ae3 temperature in a microalloyed

steel was studied by forward and reverse hot torsion

with 2-pass and 8-pass deformations to the same total

accumulative strain of 2.0. Flow stress–strain and

Figure 11 A linear correlation is observed between the strain

amplitude of the forward torsion pass during multipass deforma-

tion and the amount of DT ferrite produced after the entire test.
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microstructural analysis, together with FEM mod-

elling by 3D DMR, revealed the critical role played by

the strain amplitude of the monotonic forward tor-

sion on influencing the evolution of austenite grain

boundaries through inhomogeneous deformation

and therefore affecting the DT behaviour of the

microalloyed steel. The following conclusions can be

made:

1. After both the 8-pass and 2-pass torsional defor-

mation to the total accumulative strain of

evm = 2.0 at 920 �C, DT was observed even when

the deformation occurred at a temperature

*75 �C above the Ae3. However, compared to

the extensive DT ferrite observed after the 2-pass

deformation with a large strain amplitude in each

pass (evm = 1.0) and a single strain path reversal

in-between, deformation with a small strain

amplitude in each pass and multiple strain path

reversals, i.e. 8-pass with evm = 0.25 at each pass,

leads to the suppression of DT.

2. Using a modified ‘‘double-differentiation’’

method to analyse the macroscopic flow stress–

strain data from the forward torsion of the 2-pass

test, critical strains for DT and DRX of austenite

were determined as eC,DT = 0.2 and eC,DRX = 0.3,

respectively. The activation of dynamic restora-

tion process such as DRX is believed to compete

with the DT process as both DT of ferrite and

DRX of austenite take place preferentially at the

serrations and bulgings of the PAGBs acting as

nucleation sites.

3. During multipass deformation with full strain

path reversals, the strain amplitude of the mono-

tonic forward torsion pass was shown to correlate

linearly with the amount of DT ferrite produced

after the entire deformation process. The small

strain amplitudes (0.25 at the effective radius and

0.31 at 0.9r) in each forward pass of the 8-pass test

were just above the critical strain of 0.2. There-

fore, the forward straining could not cause

sufficient serration and bulging of the PAGBs to

initiate the DT process leading to a very limited

amount of DT ferrite. On the other hand, the large

strain amplitude (evm = 1.0 at effective radius and

evm = 1.24 at 0.9r) during forward torsion of the

2-pass test could cause substantial serration and

bulging of PAGBs to facilitate DT, therefore,

producing extensive DT.

4. Multipass deformation at temperatures above the

Ae3 could reduce the required roll force, thereby

lowering the technological barrier for industrial-

isation of DT process. However, it also reduces

the effectiveness of strain accumulation when

strain path changes, in particular full strain path

reversals, are involved. Furthermore, at higher

deformation temperatures above the Ae3, DRX of

austenite could be activated to compete with the

DT process. This further reduces the effectiveness

of straining on DT. Therefore, the choice of an

optimal deformation temperature is of critical

importance to maximise the benefits from reduc-

ing roll force for DT whilst limiting the amount of

DRX of austenite that competes with the DT

process.
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