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ABSTRACT

The slip systems for B1MX compounds (M=Ti, Zr,Hf, V,Nb, Ta andX=C,N) have

been studied extensively both experimentally and computationally as they

influence the materials mechanical behavior at both high and low temperatures.

Despitemany investigations, thedifferences in observed slip systems, either f111g
or f110g, in thesematerials remain an open question. In this paper, the factors that

may determine the slip preference of these compounds have been studied based

on the results from first principle calculations. The generalized stacking fault

surfaces for all of the materials were computed and used to provide a more

comprehensive understanding of slip plane choices. Through analysis of this data,

it is found that among different indicators of slip, the normalized splitting width

and the intrinsic stacking fault energy are the most useful indicators of the choice

of slip planes in thesematerials. In addition, these indicators of slip are controlled

by the structural energy differences between the B1 and tungsten carbides struc-

tures, which are correlated well with the number of valence electrons.

Introduction

Ultrahigh temperature ceramics (UHTCs) are a class

of materials that exhibit melting temperatures above

3000 K, which is limited to roughly 30 known com-

pounds [1, 2] and are of particular interest in high-

temperature applications. A major subclass of

UHTCs are the rocksalt (B1)-structured transition

metal carbides and nitrides (TMC/Ns). These mate-

rials have applications including use as structural

components, thermal barrier coatings and cutting

tools due to their thermal stability and high hardness.

Similar to most other ceramics, TMC/Ns are hard

and brittle at room temperature. However, above

roughly 30% of their melting temperature, Tm, they

undergo a classic brittle to ductile transition [3] and

exhibit classic ductility. Numerous investigation have

been undertaken to understand the fundamental

reasons behind the transition between brittle behav-

ior at low temperatures and ductile behavior at high

temperatures [3].

The high-temperature ductility of the TMC/Ns

was attributed to the thermal activation of a sufficient

number of high-mobility slip systems. The von Mises
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criterion for general plastic deformation [4] states

that a sufficient number of mobile slip systems must

be activated for a material to behave in a ductile

manner. Hollax et al. [5] have suggested that the von

Mises criterion as applied to the transition metal

carbides works well at high temperatures because all

of the group IVB and VB carbides slip on f111g
planes, among others, which more than satisfy this

criterion.

However, at low temperatures (e.g., room tem-

perature) where these materials are classically brittle,

many of the TMC/Ns exhibit different slip systems.

All of these slip systems involve the h110i direction,
but differ in the operative slip plane, which primarily

slip on the f111g or f110g with the occasional report

of f100g. This is in spite of the fact that these mate-

rials have the same structure (B1) as well as similar

types of bonding. Two major experimental methods

have been widely used to identify the slip system in

these materials. The first method is hardness aniso-

tropy (HA) which measures the variation of inden-

tation hardness with respect to the angle of Knoop

indenter on a specific surface (usually the f100g and

h100i in a cubic crystal) [6]. The variation of the

hardness with angle allows one to infer which slip

systems are active. The other method uses transmis-

sion electron microscopy (TEM) to directly observe

the slip systems in the crystal through dynamical

imaging. The advantage of the TEM is that these

observations are direct and do not rely on theoretical

models to infer slip systems. However, the use of

TEM can be tedious and cannot eliminate certain slip

systems since one can always argue that the slip

systems are actually present but were simply not

observed in the particular area of investigation. It is

interesting to note, however, that HA measurements

have been largely verified by direct TEM evidence.

For the transition metal carbides, the group IVB

carbides, TiC [7], ZrC [8] and HfC [9] have been

found to predominantly slip on the f110g planes at

room temperature from HA. ZrC has also been found

to slip on the f100g and f111g planes, depending on

the stoichiometry and loading conditions [10], with

the dominant slip system being the standard

h110if110g from observations in TEM. TEM evidence

has also demonstrated that both TiC [11, 12] and

HfC [9] slip only on the f110g planes. For the group

VB carbides, the non-stoichiometric B1 structure

VC0:84 has been found to slip on both the f111g and

f110g planes using HA [13] with no TEM

investigations completed to date. It is worth noting

that VC does not form the normal rocksalt structure,

but is always significantly sub-stoichiometric with

the aforementioned experiments occurring at

approximately VC0:84. This is a result of the lack of

thermodynamic stability of stoichiometric VC, which

is the only known group VB transition metal carbide

to exhibit this behavior. HA measurements in NbC

have also shown slip to occur on both the f111g and

f110g planes; however, TEM evidence has only

reported f111g slip [14]. Finally, TaC has been shown

to slip on the f111g planes using both HA [9] as well

as direct TEM observations [15].

For the transition metal nitrides, TiN has been

identified to slip on the f110g[16, 17], f100g [18] or

f111g [18] planes in thin films using the TEM.

However, bulk TiN has been found to slip on

f111g [19] by HA. TEM work in ZrN has shown slip

on both the f111g and f110g planes [20]. Finally,

recent experiments on the deformation of HfN at low

temperatures have conclusively shown slip on the

f111g planes in this material using direct TEM

observations [21]. For the group VB nitrides, the

authors are unaware of any experimental investiga-

tions of slip in these materials. However, this may be

in large part because the B1 structure is often listed as

a high-temperature phase with reports of a low-

temperature B1 structures existing as thin films. This

structure is likely locked in due to the high temper-

atures associated with processing inherent to physi-

cal vapor deposition. The small-scale nature of these

materials perhaps as inhibited the use of mechanical

deformation studies on this B1 class of nitrides.

These experimental studies demonstrate that the

choice of slip systems of the TMC/Ns at tempera-

tures below the brittle to ductile transition (e.g., room

temperature) is indeed complex. In order to under-

stand the factors that control the differences in slip

system choices of the TMC/Ns, several theoretical

studies have investigated this phenomenon

[9, 15, 22–24]. Hollox and Rowcliffe [9] used a hard

sphere model, based on the ionic radii of the con-

stituent elements, and the principle of minimum

uplift to compute the preferred slip planes. This

model favors f111g slip in all of the carbides and fails

to accurately capture even the trends. More recent

work by Zhang et al. [22] investigated the different

plastic behavior between TiN and TiC as a case study

for general TiC/Ns using density functional theory

(DFT). They suggested that different stacking fault
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energy and bonding strength is the key to TMC/Ns’

plastic behavior, although they overlooked the

importance contribution that intrinsic stacking fault

(ISF) can play in plastic behavior. De Leon et al. [15]

also used density functional theory to compute

stacking fault energies in TaC and HfC to understand

the experimentally observed differences in slip

planes. The authors pinpointed the existence of the

ISF in VB carbides and being a key factor in deter-

mining the slip planes and demonstrated, using a

Peierls-Nabarro (PN) model, that this has a dramatic

effect on the dislocation splitting width and thus slip

resistance on the f111g planes. They further postu-

lated that the existence of the ISF was a result of the

valence electron charge (VEC). Thus, the VEC can

potentially control the slip plane choices in these

materials. The VEC has previously been regarded as

a key parameter that controls the hardness and

stiffness of TMC/Ns and their alloys [23–25].

In this paper, we seek to extend the work of De

Leon et al. [15] to understand the slip in all of the B1-

structured TMC/Ns at low temperatures. Notably,

we will determine which of the group IVB and VB

carbides and nitrides have ISFs and determine if this

simple marker correlates well with the observation of

slip on f111g planes. Since many materials exhibit

several slip systems, alternative criteria, such as dis-

location splitting widths on the f111g planes, may

provide a better indicator of slip plane preferences. In

addition, we will investigate how well the VEC

model is able to predict the formation of an ISF by

examining correlations between the VEC and the

value of ISF. This will provide important information

regarding the validity of the VEC as a parameter

controlling the ISF because the VB carbides and IVB

nitrides have the same VEC. This study will also

extend our knowledge of the stacking fault energy

curves to all of these materials including the VB

nitrides, which have not been studied to date. A

thorough investigation of the stacking fault energies

as they relate to other structural parameters will

further provide insight into what other physical

properties of the materials may control stacking fault

energies and, eventually, the slip planes of these

materials.

Methods

Density functional theory calculations

In order to study the slip systems in B1 TMC/Ns, we

calculated the generalized stacking fault (GSF)

energy surfaces using electronic structure density

functional theory. These calculation were done using

the Vienna ab-initio Simulation Package [26–29]

(VASP) using a plane wave basis. The projector

augmented wave [30, 31](PAW) psuedopotentials

were used in all calculations, and the exchange-cor-

relation energies were evaluated using the formula-

tions of Perdew–Burke–Ernzerhoff (PBE) within the

generalized gradient approximation (GGA) [32]. The

electrons explicitly involved in the calculations are

listed in Table 1. The cutoff energy for the plane wave

was 600 eV and found to be sufficient to converge the

total energies. Structural relaxations were performed

using the conjugate gradient method for ion relax-

ation and the criteria used for termination of the ionic

relaxation was set to 1e-4 eV. K-space integration

was performed using a Gamma-centered

scheme where the number of integration points were

kept at 9� 9� 1 for structural relaxation and 15�
15� 1 for density of states (DOS) calculations.

GSF calculation

The calculation of all of the GSF surfaces used large

supercells based on the extension of the B1 structure.

The lattice constants, a0, of the B1 structures for all of

the compounds were computed via conjugate gradi-

ent minimization in small periodic cells, and these

lattice parameters were used as the basis for the

supercells used in the computation of GSF surfaces.

The structure used in computation of the GSF

Table 1 Number of electrons

explicitly modeled in the DFT

simulations for each element

Element Electrons modeled Element Electrons modeled Element Electrons modeled

Ti 3d24s2 V 3d34s2 C 2s22p2

Zr 4d25s2 Nb 4p64d45s1 N 2s22p3

Hf 5d26s2 Ta 5d36s2
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surfaces for the f111g plane was described using a

trigonal basis a; b; c where the bases vectors are

aligned with the ½�110�,½10�1� and [111] directions rela-

tive to the B1 structure. For the f110g GSF surface, an

orthorhombic setting was used where the a; b; c vec-

tors are set to the [110],[001] and ½1�10� in the B1

structure. All of the GSF supercells contain 24 layers

of atoms normal to the slip plane, and a vacuum gap

was used to create free surfaces and break the peri-

odicity in the z-direction. The 15 Å gap was deter-

mined from DFT calculations of the separation of a

f111g plane in TaC where the gap was increased from

0 to 20 Å. At 15 Å, the fluctuation in the as-computed

GSF energy is 2:8mJ=m2 for gaps ranging from 10 to

20 Å, demonstrating that the change in gap is

insignificant compared to the energies reported

below. The fault was created in between the middle

metal–nonmetal planes. The GSF energy surfaces are

then computed as the structural energy differences

between faulted and un-faulted structures.

Results

GSF surfaces and curves

The GSF surfaces for the f111g planes in all of the

group IVB and VB carbides and nitrides were com-

puted using DFT. An example of such a GSF surface

is shown below in Fig. 1 for the case of niobium

carbide. This GSF surface is very reminiscent of what

a GSF surface would look like in a face-centered-cu-

bic (FCC) metal with the existence of a local mini-

mum near at the 1
6 h112i point. At this point, the

symmetry of the f111g plane dictates that this point

must be a local extremum (minimum, maximum or

saddle point) and the local energy minimum is

associated with a stacking fault in this material. In the

case of the B1 structure, the stacking sequence

transforms from :::AcBaCbAcBaCb::: of the perfect

crystal to the stacking sequence of the ISF, which is

:::AcBaCb j CbAcBa:::, as illustrated in Fig. 2, where ‘‘

j ’’ indicates the position of faulted plane. Further

along the h112i path, the curve reaches a global

maximum which corresponds to the stacking of a

metal atom directly above the nonmetal atom, i.e.,

:::AcBaCb j BaCbAc::: which is the most unfavorable

stacking position.

Slip on the f111g planes should occur via a perfect

dislocation with Burgers vector a
2 h110i. However, the

existence of an ISF makes it possible for the perfect

dislocation to split into two Shockley partial dislo-

cations with Burgers vectors in the h112i directions as
shown in Fig. 1. As noted previously, De Leon

et al. [15] pointed out that in the case of the IVB

carbides, such a local minimum, e.g., the ISF, does not

exist which would favor slip on the f110g planes.

However, the total GSF surface was not computed

nor were the GSF curves for the group IVB and VB

nitrides, which also form the B1 structure.

Figure 3a1–d1 shows representative GSF surfaces

for each of the group IVB carbides, VB carbides, IVB

nitrides and VB nitrides, respectively, with the GSF

curves for the h110i and h112i directions on the f111g
planes as well as the h110i direction on the f110g
planes. A general feature that is consistent between

all of the carbides and nitrides studied here is that the

GSF curves for the h110i directions on the f110g
planes are lower than those on the f111g planes. This

feature would suggest, in the absence of the potential

for slip via partial dislocations, that the f110g planes

would be favored as the slip planes, which happen to

be the dominant slip planes in ionic bonded B1-

structured crystals like NaCl. However, the rest of the

GSF surfaces differ between the transition metal
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Figure 1 A contour plot of the GSF surface for NbC on the f111g
plane, in mJ=m2. The arrows highlight the perfect dislocation

(solid line) and how the perfect dislocation may separate into two

partial dislocations (dashed line) as slip proceeds through the ISF

configuration (circled by the redshort dashed line) and the energy

barrier it has to overcome, which is the unstable stacking fault

(USF) (circled by the blue long dashed line).

6238 J Mater Sci (2017) 52:6235–6248



group as well as nonmetal atoms, and these features

will be discussed in the following paragraphs.

In the group IVB carbides, shown in Fig. 3a1, a2,

the GSF surface lacks a local minimum, or ISF, as

pointed out by De Leon et al [15]. As dictated by

symmetry, the ISF must be an extremum; however, in

this material class the extremum becomes a point of

inflection, rather than a classic saddle point or a local

minimum or maximum. In fact, the shape is com-

monly referred to as a ‘‘monkey saddle’’ [33]. The

existence of the point of inflection is clear since all

directions about the point where the ISF would nor-

mally be located, the local second derivative is zero.

The existence of this inflection eliminates the USF,

which is the maximum between the global minimum

(un-faulted structure) and the ISF and should occur at
a
12 h112i if one relies solely on a simple hard sphere

model. Since the GSF surface must obey the threefold

symmetry of the h111i zone, the maximum and

minimum take on triangular shapes in the plane. This

may also be an indicator of a stronger, directional

bonds between the atoms.

The group VB carbides were discussed above in the

case of NbC and the other group VB carbides have

similar GSF surfaces and curves, as shown in

Fig. 3b1, b2. All of the energies are lower than the

group IVB carbides, and the presence of the ISF and

the associated local minima is clear. A local maxima

occurs in between the global and local minima,

known as the USF, at around the a
12 h112i point. In this

case, the shape of the GSF surface changes. The ISF

and global minimum (un-faulted structure) appear

both triangular in nature and thus split in the area of

the global maximum into what appears to be a more

hexagonal or circular shape.

In the case of the group IVB nitrides, Fig. 3c1, c2,

the GSF surface still possess a local minimum at the

ISF position and a USF at roughly the same point as

the VB carbides. This results in a curve that is similar

shape to the VB carbides. The USF in both classes of

materials are very similar; however, the IVB nitrides

have a higher ISF compared to VB carbides. Thus, the

global maximum appears to have a hexagonal shape

that is more distorted, i.e., it appears less of a regular

hexagon than the VB carbides. The other interesting

phenomenon that occurs in the group IVB nitrides is

the emergence of another local minimum at the
2a
6 h112i position. In the carbides, as well as closed

packed metals, this is the position of a global maxi-

mum. The local minimum is very shallow for TiN,

but its depth increases with increasing atomic num-

ber is well established in HfN. This new local mini-

mum indicates reduced repulsion when the metal

atom is sitting right above the nonmetal atom, i.e., Aa

A B C A B C 

AγBαCβAγBαCβ AγBαCβCβAγBα CβCβCβCβCβCβ

A B C 

(c)(b)(a)

<112> 

<111> 

Figure 2 An illustration of the stacking sequence of the a rocksalt

structure b the rocksalt structure with a stacking fault and c the

tungsten carbides structure. The red balls represent metal atoms

and black balls represent nonmetal atoms. The blue dashed line

denotes the shear plane, which is always between metal and

nonmetal atoms. The thin box highlights the 4 atoms closest to the

shear plane. The black dashed line encloses the second nearest

neighbor metal and nonmetal atoms away from the shear plane.

Using this as a guide, one can see the similarity of local stacking

sequences of the faulted B1 structure and the tungsten carbide

structure.
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stacking, compared to the slightly shifted stacking.

However, we expect this to have no affect on slip,

despite its emergence in the nitrides.

For the group VB nitrides, Fig. 3d1, d2, the ISF

configuration appears to be more stable than the B1

structure. This suggests that the B1 structure is not

the lowest energy structure predicted by DFT at 0K.

In both NbN and TaN, the hexagonal epsilon phase is

usually predicted to be more stable at low tempera-

tures. However, the B1 structure is often reported as a

high-temperature polymorph for these materials and

can be fabricated as thin films and stabilized at room

temperature [34]. Thus, the GSF surfaces are very

similar to the group IVB nitrides and the locations of

the global and local minima are switched. The other

interesting feature is the 2a
6 h112i point, which is a

local minimum even lower than the IVB nitrides.

However, this configuration is surrounded by rela-

tively high local maxima which likely would prevent

slip through this position. Thus, the new local min-

ima likely have no influence on slip.

Determining the predictors of low-
temperature slip

The hypothesis put forth by De Leon et al. [15] states

that f111g slip in the B1 TMC/Ns is controlled by the

existence of an ISF in the material. They also pointed

out that the presence of an ISF coincided with an

additional valence electron in the B1 structure and

thus suggested that the presence of f111g slip in these

materials, i.e., a more ductile behavior, can be linked

to a VEC argument. The inclusion of the B1 struc-

tured transition metal nitrides will allow us to test

this hypothesis, especially since the IVB nitrides and

VB carbides have the same VEC, as well as search for

other indicators of f111g slip in these materials. In

addition, such a study will allow us to better identify

the underlying causes that transition the ISF from a

local minimum to an inflection point.

The first idea we will present is the hard sphere

model. This model is based on geometric arguments

centered on the radius ratio of the nonmetal atom to

the metal atom, r / R. The idea put forth by Van Der

Walt and Sole [35], and applied to the carbides by

Rowcliffe and Hollox [9], suggests that f110g slip

occurs for r=R\0:414, f111g slip for

0:414\r=R\0:633 and f100g slip for r=R[ 0:732.

This model also predicts that dislocations will split

on the f111g plane for r=R[ 0:732. Hollox and

Rowcliffe suggested that while the model strictly

predicted f111g slip for all the compounds, there was

still a tendency for materials with smaller radius

ratios to slip on the f110g planes. However, such

work is based on the use of ionic radii and the TMC/

Ns are not ionic solids. This raises the question of

whether or not DFT can provide better input to this

model using computationally derived atomic sizes.

This can be approached using Bader charge analy-

sis[36], which can be used to estimate atomic volume

and hence atomic radius ratios. Our results from DFT

and Bader charge analysis give the radius ratios of

near 1 for all the compounds. Obviously, the combi-

nation of the DFT volume analysis and the hard

sphere model are incapable of differentiating either

the existence of stacking faults, which could be

potentially atomic size dependent, or the choice of

slip planes. The Bader derived atomic ratios are too

uniform to be any indicator of slip planes choice or

stacking fault energies. Thus bonding is key in

determining slip as expected [15, 22, 37].

The GSF curves along the h110i directions on the

f111g and f110g planes do not provide a good indi-

cator of the preference of slip planes either. However,

it does provide evidence that perfect slip on the f111g
plane is unlikely to happen. As shown in Fig. 3a2–d2,

the energy barrier of h110if111g is always higher than

of h110if110g. An alternative measure of the resis-

tance to slip is the maximum of the stress required to

move along this path, which is a measure of the ideal

shear strength. These shear stresses, which we have

denoted as s, have been computed and are listed in

Table 2. The general trend is sh110if110g\sh112if111g
\sh110if111g with exceptions of group VB nitrides.

However, since the VB nitrides do not form the B1

structure at room temperature, this deviation is not

surprising. The ideal shear stress results also suggest

that the h110if111g is unfavorable compared to the

other two slip systems. This evidence suggests that

bFigure 3 a1–d1 Representative GSF surfaces on the {111}

planes for the four representative TMC/Ns. a2–d2 The GSF

curves for each of the TMC/N materials plotted in fractional

coordinates. The coordinate is normalized by the length of the

perfect Burgers vector (a0=
ffiffiffi

2
p

) as shown in Fig. 1. The GSF curve

for the h110if110g is represented by diamonds, the h110if111g
by dots, and the h112if111g by triangles. Note that the directions

of the h110if111g and h112if111g GSF curves are given in

Fig. 1.
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the only possible mechanism to slip on f111g plane is

through partial dislocations. We note that the ratio of

the ISF to USF does provide a trend that the higher

this ratio, the less likely the material is to slip on

f111g planes. Please note that in our evaluation of the

USF, we use a strict geometric definition and evaluate

it at the a=12h112i position. However, the USF (see

Table 2) varies little between the materials(if we omit

the VB nitrides), which indicates it is indeed the

value of the ISF that really controls the slip planes.

Thus, it is very important to consider the ISF value

and what controls its value.

The VEC parameter has been used previously to

describe property variations like hardness [25, 38–40]

in these materials and may correlate with the ISF [15].

To test this idea, we plot the VEC versus ISF value in

Fig. 4a. To make this comparison concrete, we have

taken the values for the ISF to occur exactly at the
a
6 h112i point on the GSF surfaces which is necessary

to include the IVB carbides. For the VEC, it is com-

mon in these materials to take it as the number of

valence electrons, which are the 2s and 2p electrons

in the nonmetal atoms and the outermost s and d

shells of the transition metal atoms, and report the

number per formula unit. A simple correlation coef-

ficient analysis, which tests for linear correlation,

results in a value of -0.89. This suggests a relatively

strong correlation between the VEC and the ISF

value. On the other hand, the charge transfer De� of

B1 TMC/Ns was also tested and presented in

Table 2. However, this value does not predict the slip

system well. For instance, the De� for HfC and TaC is

very close with difference less than 2%, while HfC is

confirmed to slip on f110g plane and TaC slip on

f111g plane and have large differences in stacking

fault energies.

The correlation of the VEC and ISF values does not,

however, provide a deeper understanding into the

causes of the change of ISF with VEC. Furthermore, it

cannot explain why the ISF becomes negative in the

VB nitrides or the differences between IVB nitrides

and VB carbides. To provide a better structural

Table 2 Structural and material parameters calculated from DFT simulations as well as derived parameters that may indicate these

materials’ choice of slip planes

TiC ZrC HfC VC NbC TaC TiN ZrN HfN VN NbN TaN

a0(Å) 4.34 4.73 4.65 4.16 4.50 4.48 4.25 4.61 4.54 4.13 4.45 4.44

VEC 8 8 8 9 9 9 9 9 9 10 10 10

De� 1.44 1.67 1.73 1.32 1.70 1.70 1.55 1.67 1.71 1.54 1.66 1.67

DESL -0.04 -0.15 -0.10 0.44 0.45 0.51 0.20 0.16 0.22 -0.22 -0.32 -0.51

ISF ðJ/m2Þ 2.67 2.62 2.79 0.55 0.61 0.55 0.95 1.01 1.03 -0.39 -0.16 -0.19

USF ðJ/m2Þ 1.93 1.78 1.92 1.46 1.42 1.58 1.46 1.46 1.52 0.62 0.67 0.63

ISF/USF 1.39 1.47 1.45 0.37 0.42 0.35 0.65 0.70 0.68 -0.64 -0.23 -0.31

c11ðGPaÞ 530 474 525 652 562 685 613 630 659 582 679 738

c12ðGPaÞ 130 115 118 141 166 163 134 103 107 185 115 130

c44ðGPaÞ 163 144 164 188 149 158 169 124 128 92 70 35

d�0� 0.34 0.33 0.35 1.94 1.42 1.89 1.04 0.96 0.97 – – –

d�30� 0.39 0.39 0.41 2.23 1.71 2.27 1.21 1.16 1.18 – – –

d�60� 0.49 0.49 0.50 2.76 2.24 2.85 1.50 1.36 1.37 – – –

d�90� 0.54 0.54 0.55 3.04 2.52 3.18 1.65 1.51 1.52 – – –

Anisotropy factor 0.82 0.80 0.81 0.74 0.75 0.61 0.71 0.47 0.46 0.46 0.25 0.11

r / R 1.13 1.05 1.04 1.08 1.00 1.00 1.10 1.01 1.00 1.08 0.97 0.96

sh112if111gðGPaÞ 28.0 23.6 25.7 24.4 22.3 25.3 23.7 22.2 23.9 12.8 12.2 12.5

sh110if111gðGPaÞ 37.7 31.1 34.5 32.2 28.6 33.7 30.4 28.9 31.2 18.9 19.3 21.9

sh110if110gðGPaÞ 26.4 21.4 23.3 20.5 20.5 24.6 21.2 20.2 21.6 12.5 29.6 29.2

The reported ISF and USF values were taken from the expected geometric points, rather than using the local minimum and maximum

values, which was done because the IVB carbides have neither a local maximum nor minimum. The normalized splitting width, d� ¼ d=a0,

was calculated for different angles between dislocation line direction and Burgers vector, which is denoted in the subscript. The maximum

stress values s were computed from the slope of the GSF curves in the indicated directions. The charge transfer De� for B1 TMC/Ns was

computed using Bader charge analysis. DESL represents the intensity of the nonlocal effect, which quantifies the deviation in Fig. 4c, units

in eV/atom on the plane
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understanding, we examine the local stacking

sequence of the ISF in these materials, which is:

:::AcBaCb j CbAcBa:::. A close inspection of the

stacking sequence shows that the fault itself centers

around a stacking sequence of :::Cb j Cb:::, which

locally has the tungsten carbide (WC) structure. This

may indicate that the local bonding in the ISF is

similar to the WC structure and the value of the ISF

may be controlled by the associated structural energy

differences. To test this, we computed the structural

energy differences, per atom, of the B1 and WC

structures for all 12 of the compounds studied here as

shown in Fig. 4b. From this plot, it is clear that the B1

structure is favored over the WC structure for all of

the carbides and the IVB nitrides, all of which have

positive stacking fault energies. For the VB nitrides,

the structural energy difference is negative which

agrees with the negative stacking fault energies. The

correlation coefficient computed is high, 0.82,

between the structural energy differences and VEC. It

is interesting to note that we see little difference

between the IVB nitrides and VB carbides. This sug-

gests that differences in the computed ISF values are

not directly related to the structural energy differ-

ences between the B1 and WC structures.

Since the B1 and WC structural energy differences

are similar among the IVB nitrides and VB carbides,

this suggests the difference in stacking fault energies

between these two groups of compounds is related to

bonding that extends beyond the first 4 layers of

atoms around the slip plane (see Fig. 2). In order to

test this idea, the local density of states (LDOS) and

partial density of states (PDOS) of the metal and

nonmetal atom that are second nearest to the shear

plane have been calculated and plotted in Fig. 5. By

comparing the LDOS/PDOS before and after shear-

ing, the effect of shearing on these second nearest

atoms can be determined. For TiC, the change in all

types of bond is minimal, suggesting that these atoms

are minimally influenced by shearing in the crystal.

For TaC, the most discernible change takes place

around -5 eV which shows strong evidence of p-d
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Figure 4 Selected

correlations between

computed parameters in the B1

TMC/N. a The ISF value

plotted as a function of the

VEC. b The structural energy

differences between the perfect

tungsten carbide and B1

structures as a function of the

VEC, the units of energy

difference is eV/atom. c The

relationship between the

perfect B1 and WC structural

energy differences versus the

short range structural energy

differences, units in eV/atom

on the plane. d The inverse of

edge dislocation splitting

width plotted as a function of

the stacking fault energy. The

group VB nitrides are not

included in the plot since they

would have infinite dislocation

splitting width due to negative

ISF value.
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bonding. The decrease in the DOS of Ta-d and Ta-p is

obvious, as opposed to the C-p, which do not change.

For TaC, there is also a change in DOS around the

Fermi level, which is controlled by the ddmetal bonds

in the material. For TiN, the change is not as notice-

able as TaC, but larger than TiC. This provides some

insight into the electronic structure origins of the role

nonlocal contributions to the stacking fault energies,

but fails to provide quantitative evaluation of this

effect.

To investigate this quantitatively, we plot the per-

fect B1-WC structural energies versus those for a

short range structural energy differences in Fig. 4c.

The short range structural difference differs from the

ISF in that it represents the energy difference per

atom on the plane rather than per unit area. The short

range WC has the stacking sequence of the ISF, while

the short range B1 has the original stacking sequence

before shearing. The straight line with slope of one

plotted here indicates a perfect dependence of the

short range energy difference on the perfect B1-WC

structural energy difference and points lying on this

line indicate the stacking fault energies are com-

pletely determined by the four atoms closest to the

slip plane. It is clear that the group VB carbides

deviate from this ideal relationship more than group

IVB nitrides, with the energy deviation from this

straight line provided in Table 2. This deviation,

DESL, is computed as the difference between the short

range energy B1-WC minus the perfect B1-WC

energy differences. This is indicative of higher-order

interactions being important in determining stacking

fault energies. We have noted in previous work [41]

that the stacking fault phases in tantalum carbides

have higher-order interactions that are necessary to

describe the faults; this may be a universal charac-

teristic in the bonding of the group VB carbides. This

helps explain why VB carbides and IVB nitrides have

significant differences in ISF energies, Table 2, while

having the same VEC. Although this nonlocal effect

can also be found in group VB nitrides, it is not quite

as strong.

This finding provides a detailed understanding of

what controls the values of the ISFs; however, we still

need to provide an indicator of f111g slip that is

better than the VEC. To provide an improved dis-

cussion on the stabilization of dislocations on the

f111g planes, we appeal to the idea of dislocation

splitting widths. This was pointed out to be impor-

tant [15] in determining the slip planes in TaC and

ORG Conf. 

ISF Conf. 

ORG Conf. 

ISF Conf. 

ORG Conf. 

ISF Conf. 

Figure 5 LDOS/PDOS computed at the metal and nonmetal

atoms shown in Fig. 2 in the dashed ellipse. These atoms are

closest to, but not directly involved in, the bonding around the slip

plane and thus potentially contribute to higher-order effects in the

stacking fault energies.
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HfC, but was not developed for other carbides or

nitrides nor was it used as a clear indicator of slip

plane preference. While the PN model used previ-

ously is robust, it is not expedient and thus we

investigate classical models of the splitting width as

given in Hirth and Lothe [42] for anisotropic cubic

materials. The computed dislocation splitting widths

for dislocations with varying line directions are

shown in Table 2 and demonstrate that the splitting

widths are greatest in the VB carbides and smallest in

the IVB carbides.

Figure 4d shows the inverse of the splitting width

of edge dislocation with respect to the stacking fault

energies, giving the expected linear trend as the

variation of elastic constants is minimal compared to

the stacking fault energies. This linear relationship

can be written as 1=d ¼ b0 þ b1 � ISF, where b0 and

b1 are related to the dislocation line direction. The

two constants for the different dislocation line

directions have been provided in Table 3. The group

VB nitrides are excluded because the splitting width

should be infinite owing to the negative stacking fault

energies, and this issue will be discussed in detail

later.

The dislocation splitting width becomes a critical

parameter in determining slip planes because the

smaller the splitting width, the larger the stress is

required to move the dislocations. As the splitting

width is reduced to zero, the dislocations no longer

follow the h112i path and rather form perfect h110i,
which are energetically more favored to move on the

f110g plane by our GSF calculations. Therefore, the

larger the splitting width, the more likely the material

is to slip on the f111g planes. Another advantage of

using the dislocation splitting width as an indicator

of the preference to the slip planes is that the

parameter is continuous, as opposed to the existence

of an ISF as suggested in [15], which has the potential

to allow for a continuous transition from f111g to

f110g slip. This feature is probably desirable because

we note that in experiments, in some materials both

f110g and f111g slip are observed and that additional

factors, such as load type, might influence the choice

of slip planes. However, we note that dislocation

splitting widths are not scale independent and thus

we choose to normalize by the lattice constant, i.e.,

d� ¼ d=a0, so that this normalized splitting width can

be used as an indicator of the materials preference to

f111g slip at low temperatures.

High-temperature approximation in group
VB nitrides

As previously mentioned, the bulk group VB nitrides

are found to form other structures at low temperature

and thermodynamically form the B1 structure at

higher temperatures. Experimental results suggest

that VNx forms the B1 structure above 1000K [43],

NbN above 1200K [44] and TaN forms rocksalt

structure at near 2000K [45]. The negative ISF energy

and direct DFT simulations have shown that the

tungsten carbide structure is more stable than the B1

structure at 0K. Thus, if the B1 structure were stabi-

lized at room temperature, which has been reported

experimentally, then we would expect slip to be

favorable on the f111g planes but we expect that the

deformation would be through faults converting the

less favorable B1 structure to the more favorable

tungsten carbide structure.

This apparent preference to f111g slip agrees with

the simple VEC argument, nevertheless it does not

provide enough insight to understand what would

happen at higher temperatures where the B1 struc-

ture is stable. Recent work [46, 47] has suggested that

it is insightful to look at the properties of the lattice as

it expands to approximate crystal properties at ele-

vated temperatures. We have conducted a similar

study here where we have expanded the B1 lattice of

NbN and computed the GSF energy curve in the

h112i direction as shown in Fig. 6. The ISF increases

as the lattice constant increases, with the ISF becom-

ing positive around 0.012 volumetric strain and

eventually the GSF curve becomes similar to the

group IVB nitrides and IVB carbides. The increase in

ISF, achieving positive values, indicates that lattice

expansion favors the B1 structure over the tungsten

carbide structure. It is also interesting to note that the

2a=6h112i point slightly decreases as well, which

indicates that lattice expansion further reduces the

repulsion between the ions in that stacking sequence.

Table 3 Numerical b factors that relate the splitting width to the

stacking fault energies for the cubic transition metal carbides and

nitrides with positive stacking fault energies

Element 0� 30� 60� 90�

b0 -0.00673 -0.01210 -0.00617 -0.00622

b1 0.00024 0.00021 0.00017 0.00015
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The observations noted above are a consequence of

lattice expansion caused by the increase in tempera-

ture. It is also important to note that with an increase

in temperature, the entropy also affects the free

energy. Since the B1 becomes stable at higher tem-

peratures, it can be assumed that its free energy

decreases faster than the WC structure, which should

cause the ISF (which is related to these structural

energy differences) to rise. These trends suggest that

when the group VB nitrides form the B1 structure at

elevated temperatures, dislocation should dissociate

on the f111g planes and thus f111g would be the

more preferred slip plane.

Discussion

The choice of low-temperature slip planes in the B1

structure TMC/Ns is complicated. However, in this

work we investigated the factors that likely con-

tribute to the dominance of certain slip planes. To this

end, we computed the GSF surfaces on the f111g and

f110g planes for all 12 MX compounds (M=Ti, Zr, Hf,

V, Nb, Ta and X=C, N). We found that the group IVB

carbides do not have an ISF or USF, but these types of

faults do exist in all the other carbides and nitrides.

Using DFT-derived atomic ratios, we demonstrated

that the hard sphere model is still insufficient even

when using DFT-derived atomic sizes in predicting

the existence of ISFs or the choice of slip planes as the

radius ratios of all the compounds were similar. Rigid

slip values, computed from the slopes of the GSF

curves, also provided no consistent trends as to

which slip system should be preferred. However, as

it is common to use the USF to ISF ratio to indicate

ductility, this appears to hold true for these materials

as the group IVB carbides have the largest ratio and

are the most brittle in room temperature indents.

Though the ratio of the USF to ISF does a good job of

indicating f111g slip, it is dominated by changes in

the ISF, which varies significantly between these

materials while the absolute value of the USF varies

significantly less. Thus, the ISF is clearly one of the

dominant factors in determining the slip planes.

The normalized splitting width, d� is a better

indicator of the general preference of the slip planes.

This work shows that the most dominant factor in

determining the splitting width is the ISF, with lattice

constants and elastic constants playing minor roles.

The splitting widths of the group IVB carbides are

found to be very small, less than a single atomic

spacing in the Burgers vector direction, suggesting

that dislocations on f111g plane would have very low

mobility. The group IVB nitrides and VB carbides

have increased splitting widths compared to the

group IVB carbides, indicating a stronger preference

to slip on f111g planes. It is important to note that d�

indicates a trend, not a strict cutoff, which is rea-

sonable because TMC/Ns such as TiN are found to

slip on either f110g or f111g planes experimentally. It

is also interesting to note that our work demonstrates

that the mobility of screw dislocations should be

lower than those of edge dislocations. A higher

density of straight screw dislocations has been

observed in low-temperature plasticity in both

TaC [48] and HfN [21], providing some experimental

validation. On the other hand, the VEC can be used

as general guide indicating trends, which requires

minimal calculation, but is not as precise as d� espe-

cially in the case of differentiating the group VB

carbides and group IVB nitrides. This difference is

thought to arise from higher-order interactions that

are intrinsic to the group VB carbides.

For the group VB nitrides, the negative ISF value

indicates that the stable structure at 0K for those

materials is not the B1 structure. The B1 structure of

these compounds is most often reported as a high-

temperature phase. To understand the potential role

lattice expansion plays in altering the ISF of these

materials, we computed the ISF as a function of lattice

strain, which can mimic the effects of temperature. At
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Figure 6 GSF curves of NbN along h112if111g subjected to

different volumetric strains. The higher volumetric strains increase

the ISF energy indicating that the rocksalt structure becomes more

favorable than the tungsten carbide structure.
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high-volumetric strains, the ISF changes fromnegative

to a small positive value, suggesting that high-tem-

perature slip in the group VB nitrides should be closer

to that of the group VB carbides and IVB nitrides.

These results also demonstrate that the structural

energy differences in these materials can influence

the tendency of the material to slip on certain slip

planes. The increase in the number of valence elec-

trons makes the tungsten carbide structure more

favorable, which lowers the stacking fault energy

which widens dislocations on the f111g planes,

reducing their resistance to slip. Ultimately, the

availability of the f111g planes from slip makes these

materials a little more ductile at room temperature.

Conclusion

In this paper,wehavedemonstrated that thenormalized

splitting widths of dislocations is a good parameter to

determine, comparatively, thepropensity of thematerial

to slip on the f111g planes. This parameter is largely

governed by the ISF value, and the normalize splitting

width was chosen over the ISF since it is dimensionless

and represents a mechanistic link to dislocation motion.

The ISF energy is largely controlled by the struc-

tural energy differences between the B1 and WC

structures. The structural energy differences can be

related to the VEC, which correctly captures the

trends and can be used as a guide. However, it fails

when higher-order effects are important in deter-

mining the stacking fault energies and cannot dis-

tinguish between the IVB nitrides and VB carbides.

The group IVB nitrides should have a low ISF value

when the B1 structure is stable. This material would

prefer to slip on f111g planes when present.

The results presented here can be potentially used

to guide alloying and its effects on the choice of slip

planes. Alloying presumably will be able to change

the VEC and hence structural energy differences,

influencing the dislocation splitting widths and the

choice of slip planes. Experimental efforts in this area

would be useful in validating these predictions.
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