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ABSTRACT

Solute and vacancy depletion have long been investigated to reveal the forma-

tion mechanism of grain boundary precipitate-free zones (GB-PFZ) during

ageing, yet there is no conclusive explanation due to the simultaneous

appearance of the two in GB-PFZ. In this study, the evolution of GB-PFZs and

solute distributions in the vicinity of grain boundaries (GBs) were studied

during the homogenisation of an Al–Cu–Mg–Mn alloy using transmission

electron microscopy, high-angle annular dark field scanning transmission

electron microscopy, and energy-dispersive X-ray spectroscopy. Results indi-

cated that the evolution of GB-PFZ during homogenisation can be divided into

the following three stages: Stage I, formation and recession of GB-PFZ; Stage II,

absence of GB-PFZ, and Stage III, the reappearance and broadening of GB-PFZ.

The results also revealed that the GB-PFZ in Stage I is totally devoid of solute

depletion and its formation can be attributed to vacancy depletion alone. The

GB-PFZ at Stage III solely caused by solute depletion and excludes vacancy

depletion.

Introduction

Precipitation hardening is one of the most important

strengthening techniques used on Al-based alloys [1].

Its main principle is to produce a homogeneous dis-

tribution of fine precipitates in the alloy which pro-

vides barriers to dislocation motion [2]. However,

owing to performance differences between GB and

the matrix, inhomogeneous distributions of precipi-

tates always exist in the vicinity of GBs [3, 4]. A very

noticeable feature is the existence of ‘‘precipitate-free

zones’’ (PFZs) [5, 6].

Generally, PFZs are thought to be ‘‘weak zones’’ in

an alloy, since they are free of precipitates and softer

than other regions in the matrix. Further studies

revealed that the mechanical behaviour, fracture
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resistance, and stress corrosion cracking resistance of

alloys had a close relationship with PFZ features [5,

6]. Therefore, the formation mechanism and evolu-

tion of PFZs have become hot topics in materials

science.

Previous studies on PFZ formation mainly focused

on the ageing process. It was revealed that the PFZ

always appears at the same time as inner grain pre-

cipitation [10] and its width constantly increases with

age [11–13]. Two mechanisms were put forward to

account for PFZ formation: vacancy depletion and

solute depletion. The vacancy depletion mechanism

takes the effects of vacancy sinks during quenching

into account, which results in retarded precipitation

around GBs compared with that in the inner grain

[11]. Under the solute depletion mechanism, the

suppressed precipitation around GBs is attributed to

the decreased supersaturation of solute atoms, which

is frequently induced in conjunction with the for-

mation of more stable, coarsened GB precipitates [12].

Although the mechanisms of vacancy depletion

and solute depletion are now widely accepted, it

remains unclear as to whether only one mechanism

individually, or both collectively, lead to the forma-

tion of PFZs [11]. There has been no evidence for one

mechanism to function alone in the ageing process.

For example, vacancy depletion is considered to be

the dominant mechanism in the early stage of GB-

PFZ formation; however, a certain level of solute

depletion induced by the preferential precipitation at

GBs can still be detected [12–14]. Besides, at the later

stage of ageing in which the solute depletion mech-

anism is considered to be dominant in GB-PFZ for-

mation [15], severe vacancy depletion may also exist

because of the constant consumption of vacancies by

the precipitation [16, 17].

Besides those seen at GBs, the formation of PFZs

has been widely observed at the interface region of

the matrix and reinforcement particles or fibres in

several different ages of different alloys [18–20].

Recently, GB-PFZs were also observed in some Al

alloys during homogenisation [21, 22] but unfortu-

nately have not drawn enough attention, probably

due to less technical interest. In particular, more

studies are required to better understand the forma-

tion mechanism of GB-PFZs. In our previous study

[23], the simultaneous formation of two PFZs during

the initial stage of homogenisation in an Al alloy was

first observed with one near GBs and the other at the

grain centres (GC-PFZ). Microstructural analyses

indicated that the formations of these two types of

PFZs might be due solely to solute and vacancy

depletion, respectively.

In this study, a systematic investigation on the

precipitation behaviour of an alloy near GB regions

during homogenisation was carried out. The main

objectives were to reveal the mechanisms underpin-

ning the formation and evolution of GB-PFZ during

homogenisation, and better understand the formation

mechanism of PFZ.

Experimental conditions

The material used in this study was a 2524 alloy

provided by Northeast Light Alloy Co. Ltd with

chemical compositions of 1.92 % Cu, 1.71 % Mg,

0.22 % Mn, 0.03 % Fe, 0.06 % Si, and Al (the

remainder) (all in at.%). All samples were taken from

the mid-radius of the cast ingot ([120 9 L200 mm)

and cut to sheets measuring 10 mm 9 10 mm 9

1 mm. Homogenisation annealing was performed in

an electric furnace at 485 �C for a series of designed

holding times followed by water quenching.

Transmission electron microscopy (TEM) and high-

angle annular dark field scanning transmission elec-

tron microscopy (HAADF-STEM) analyses were then

performed using a FEI Tecnai G2 F 20 electron

microscope operated at 200 kV. Electrolytic polishing

was conducted using an electrolyte composed of

25 % nitric acid and 75 % methanol at -25 �C.

For the measurement of the PFZ widths, at least 10

different GBs were investigated for each homogeni-

sation condition. The PFZ width was measured as the

average shortest distance between the GB and five

nearest precipitates/dispersoids. Care was taken to

align the grain boundaries so that they were parallel

to the electron beam direction, so that a true width of

the PFZ was acquired. The solute concentrations in

the matrix were assessed by using energy-dispersive

X-ray spectroscopy (EDX, INCA Energy 200, Oxford

Instruments) with a probe size of 80 nm. Inside the

precipitation area, EDX was performed between

precipitates, with a spacing of at least 200 nm

between scans. Five measurements were taken and

the average values and standard deviation were

reported as individual data points in the solute con-

centration curve. The horizontal error bar represents

the probe size considering beam spreading in the

sample.
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It was revealed that the measurement of Cu con-

centration exhibits an apparent dependence on the

foil thickness in regions of\200 nm thickness, due to

redeposition of Cu on the surface during electropol-

ishing [24]. This effect decreased rapidly with

increasing foil thickness and it no longer influenced

the measured Cu content for foil thicknesses in excess

of 200 nm [24, 25]. For this reason, the results from

regions measuring 200–250 nm in thickness were

analysed. The foil thickness was measured by

counting thickness fringes at s = 0, and by measuring

the separation between contamination spots [25].

During EDX analysis, all the X-ray spectra were gen-

erated for a fixed AlKapeak integrated intensity of 20,000

counts in the samples. The collected spectra were quan-

tified through an analysis software package, Desktop

Spectra Analyser (DTSA). The counting time varied

within the range 90–110 s depending on sample thick-

ness. To test the accuracy of the K values used in the

analysis, the sample homogenised at 485 �C for

30,000 min was used as a standard. X-ray spectra were

generated from thecentreof thegrainsusing EDXinTEM.

The X-ray intensities used in this study are inte-

grated intensities (I) of the characteristic Ka X-ray

peaks, corrected for background intensity.

The concentration ratios were calculated from the

measured intensity ratios using the Cliff–Lorimer

method, which for elements A and B, are formally

described by the equation [24]:

IA
IB

¼ k
CA

CB
½24�; ð1Þ

where IA and IB are the intensities of the characteristic

X-ray peaks of A and B, CA and CB are the concen-

trations of A and B (by weight fraction), and k is the

Cliff–Lorimer factor. The value of k was found to be

independent of foil thickness (t) and concentration in

this study. Therefore, it was considered as a constant.

This criterion considers only the effect of X-ray

absorption, and is stated as [13]:

1

2
vB � vAð Þqt\0:1 ½13�; ð2Þ

where

v ¼ q
l
csc a ½13� ð3Þ

q/l is the mass absorption coefficient, q is the den-

sity, and a is the take-off angle.

Experimental results

Figure 1a shows a typical TEM image of the as-cast

alloy obtained from the\010[zone axis of Al matrix.

In agreement with previous observations [23], no

precipitates were observed within grain interiors.

This can be also confirmed by the inserted selected

area diffraction pattern (SADP). However, along GBs,

large primary a(Al) ? h(Al2Cu) ? S(Al2CuMg)

eutectic particles [26, 27] are found. The solute con-

centration profiles from the GB into the grain interior,

as measured by EDX, are shown in Fig. 1b: the con-

centrations of alloying elements were extremely high

in the matrix adjacent to the GB, especially for Cu and

Mg which were measured to be about 3.1 at.% and 3.7

at.%, respectively. The concentrations of alloying

elements rapidly decreased and became constant

when approaching the GC: such observations are

typical of an as-cast alloy ingot with dendritic seg-

regation as seen elsewhere [26, 28].

Figure 1 a Typical TEM

micrographs and

b concentration depth profiles

of solutes (Cu, Mg, and Mn)

near the GB of an as-cast Al–

Cu–Mg–Mn alloy.
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When the alloy was homogenised at 485 �C for

1 min, a large number of precipitates grew as laths on

the {100} planes of the Al matrix as shown in Fig. 2a.

Meanwhile, a PFZ with a width of 0.8 lm formed in

the vicinity of the GBs. SADP revealed that these

precipitates possessed an orientation relationship

with the Al matrix of [100]P//[100]Al, [010]P//[02-

1]Al, [001]P//[012]Al, with lattice parameters

a = 4.05 Å, b = 9.26 Å, and c = 7.25 Å, which there-

fore can be identified as an S (Al2CuMg) phase.

The S-phase is the main strengthening phase of this

alloy, which usually forms during ageing (at

150–350 �C) [29, 30]. Previous studies showed that an

S-phase can present at temperatures up to about

500 �C [19]. In the as-cast alloy, the precipitation of

the S-phase at such a high temperature (485 �C) was

probably due to the segregated structure (Cu and Mg

solutes is highly segregated in this region).

As a result of S-phase precipitation, the solute

concentrations of Cu and Mg (Fig. 2b) dropped from

3.1 to 2.8 and 3.7–3.1 at.%, respectively, in the GB-PFZ

after homogenisation for 1 min; however, the deep

gradients of solute concentrations inherited from

casting showed little change, possibly due to the

limited solute diffusion within such a short time. As

can be seen in Fig. 2b, the Cu concentration in the

GB-PFZ was over 50 % higher than in the precipitate-

rich matrix and the Mg concentration in the GB-PFZ

was also over 40 % higher than in the precipitate-rich

matrix. This differed from the GB-PFZ formed during

ageing where the solute concentrations were always

lower in the GB-PFZ than in the precipitate-rich

matrix. For example, in Hirosawa’s work [12] on a

binary Al–Cu alloy, the Cu concentration in the GB-

PFZ was about 50 % lower than in the precipitate-

rich matrix in the early stages of ageing and further

increased to over 75 % in time. In Raghavan’s work

[13] on the GB-PFZ formation in an Al–Zn–Mg alloy,

it is also shown that the Zn and Mg concentrations in

the GB-PFZ were over 50 and 20 % lower than that of

the precipitate-rich matrix, respectively.

With such a high supersaturated solute concentra-

tion, the GB-PFZ formed at the initial stage of

homogenisation could not be contributed to any solute

depletion. Thus, vacancy depletion was more likely to

be the only formation mechanism for the GB-PFZ.

As homogenisation continued, the GB-PFZ quickly

decreased in width. As can be seen in Fig. 3, after

homogenisation at 485 �C for 10 min, S-phase parti-

cles formed closer to GB and the width of the GB-PFZ

decreased significantly.

As the homogenisation time increased, the lath-

shaped S-precipitates dissolved gradually and tiny

rod-shaped phase particles nucleated on every single

S-precipitate. After homogenisation for 30 min, the

original S-precipitate finally broke up into a chain of

tiny rod-shaped phase particles (Fig. 4a). Further-

more, it was worth noting that, adjacent to the GB,

many rod-shaped particles formed and the GB-PFZ

had completely vanished (Fig. 4b).

Figure 4c, d shows the HRTEM images of the cross

sections of this rod-shaped phase, which indicated

Figure 2 a Typical TEM micrographs and b concentration depth profiles of solutes (Cu, Mg, and Mn) near the GB of the Al–Cu–Mg–Mn

alloy after homogenisation at 485 �C for 1 min, immediately followed by water quenching.

J Mater Sci (2016) 51:7780–7792 7783



that these newly formed precipitates had the fol-

lowing lattice parameters: a = 24.2 Å, b = 12.5 Å,

and c = 7.8 Å. The results of element mapping in

Fig. 4e reveal that Cu and, in particular, Mn were

highly enriched in this phase. Thus, this phase could

be determined to be T (Al20Cu2Mn3) phase [31],

which was the main dispersoid in this alloy [32]. The

precipitation of T-phase during homogenisation was

mainly because of the low solubility of Mn in the Al

matrix.

With further homogenisation, the T-phase contin-

ued to grow and the GB-PFZ remained absent, or was

extremely narrow (Fig. 5a). As can be seen in Fig. 5b,

after a 1440-min homogenisation period, T-phase

particles had grown to over 1 lm in diameter, and

the width of GB-PFZ was less than 0.2 lm. Besides,

multiple-twinned T-phase particle were found

(Fig. 5c) and its composite SADP showed 10-fold

symmetry (Fig. 5d), in good agreement with Feng

[31].

Figure 6a, b shows the TEM micrographs and

solute concentration profiles of the alloy after

homogenisation at 485 �C for 6000 min. The T-phase

had apparently coarsened after the long homogeni-

sation time and more importantly, a wide PFZ was

again observed in this alloy. The matrix solute con-

centrations from the GB into the grain interior

demonstrated opposite solute concentration profiles

compared to Fig. 2b. The profile showed that the

Figure 3 Typical TEM micrographs near the GB of the Al–Cu–

Mg–Mn alloy after homogenisation at 485 �C for 10 min,

immediately followed by water quenching, showing the S-precip-

itate and its further growth into the GB-PFZ.

Figure 4 Microstructures

near the GB of the Al–Cu–

Mg–Mn alloy after

homogenisation at 485 �C for

30 min, immediately followed

by water quenching, showing

the original S-precipitates

acting as nucleation sites for

the T-dispersoids.
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solute concentrations were lower in the GB-PFZ than

in the precipitate-rich matrix, especially for Cu and

Mn. Since Cu and Mn are the major elements com-

prising this T-phase, the lower concentration of Cu

and Mn indicated that the formation mechanism of

GB-PFZ may have switched from vacancy depletion

at the beginning of homogenisation to solute deple-

tion in its later stages.

At the later stage of homogenisation, the T-phase

continued to coarsen and the width of the GB-PFZ

also increased. After homogenisation for 30,000 min,

the width of the GB-PFZ increased to over 1 lm

(Fig. 7a). The Cu and Mn concentrations in the GB-

PFZ dropped to 1.1 and 0.1 at.%, respectively, which

were about 35 and 65 % lower than those in the

precipitate-rich matrix (Fig. 7b), suggesting solute

depletion in the GB-PFZ.

The mean widths of the GB-PFZ were measured at

different stages of homogenisation (Fig. 8). Unlike the

GB-PFZ formed during ageing, whose width mono-

tonically increased with ageing time, the evolution of

the GB-PFZ during homogenisation could be divided

into three stages.

Stage I: a wide GB-PFZ developed and narrowed

gradually until vanishing when the homogenisa-

tion time reached 30 min.

Stage II: the GB-PFZ remained absent, or was

extremely narrow, for homogenisation times

between 30 and 1440 min.

Stage III: the GB-PFZ continued broadening with

time.

Discussion

Based on the above results, a proposed precipitation

process in the vicinity of GBs during homogenisation

can be shown schematically in Fig. 9.

It is known that the redistribution of solutes during

solidification of an alloy leads to micro-segregation of

most of its elements. The distribution coefficients

(CS/CL) of Cu and Mg elements in Al were greater

than 1 [26]. Thus, during casting, the Cu and Mg

concentrations in the later solidification areas were

higher than those in the earlier solidification areas. In

other words, the GC was purer than its sides.

Therefore, a rising solute concentration profile

towards the GBs could be seen (Fig. 9a). At the end of

solidification, a(Al) ? h(Al2Cu) ? S(Al2CuMg)

eutectics [26] form at GB due to the extremely high

Cu and Mg concentrations. Assuming the later

solidification areas retained fewer vacancies due to

Figure 5 Microstructures

near the GB of the Al–Cu–

Mg–Mn alloy after

homogenisation at 485 �C for

1440 min, immediately

followed by water quenching.
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lower solidification temperatures, a declining profile

of vacancy concentration towards GB can be plotted

[23, 33].

As homogenisation starts, a large number of lath-

shaped S-phase particles quickly precipitated out.

The driving force for S-phase precipitation was the

local supersaturation of Cu and Mg. While in the

matrix close to the GB (up to 0.8 lm from it), no

S-phase precipitation was found and a wide PFZ

formed (Fig. 9b). The formation mechanism of this

GB-PFZ was different from that formed during

ageing.

Before ageing, the as-quenched alloy after solution

treatment exhibited a uniform solute distribution

from grain-to-grain across the GBs [34, 35]. Once

ageing starts, the preferential precipitation at GBs

grabbed solutes from nearby regions and inevitably

Figure 7 a Typical TEM micrographs and b concentration depth profiles of solutes (Cu, Mg, and Mn) near the GB of the Al–Cu–Mg–Mn

alloy after homogenisation at 485 �C for 30,000 min, immediately followed by water quenching.

Figure 8 Change in GB-PFZ width during the homogenisation of

an Al–Cu–Mn–Mg alloy at 485 �C.

Figure 6 a Typical TEM micrographs and b concentration depth

profiles of solutes (Cu, Mg, and Mn) near the GB of the Al–Cu–

Mg–Mn alloy after homogenisation at 485 �C for 6000 min,

immediately followed by water quenching.
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produced a declining solute profile from GC to GB in

the region adjacent to the GB. In other words, in the

GB-PFZ formation during ageing, solute depletion

could ever exist. For example, in Tolley’s work [17]

on PFZ formation in an Al–Cu Alloy during ageing, it

was found that a certain level of Cu solute depletion

occurred at the beginning of GB-PFZ formation and

the solute depletion became more obvious in time.

Before homogenisation, in the as-cast alloy, the solutes

were highly segregated towards the GBs. It produced a

sharply rising profile of matrix solute concentrations

from GC to GB. Even though the matrix solute concen-

trations next to GBs decreased to a certain extent due to

precipitation, they were still apparently greater than

those far from the GBs, due to the original local high

solute concentrations inherited from casting. As can be

seen in Fig. 2b, the matrix solute concentrations were

much higher in GB-PFZ than those in precipitation

areas. Therefore, this PFZ formation was unlikely to be

attributable to solute depletion. Since a critical vacancy

concentration was required for the nucleation of pre-

cipitates [36] and a rising profile of vacancy concentra-

tion from GB to GC was anticipated, this PFZ formation

was only be led by vacancy depletion (Stage I).

Since the homogenisation temperature was high

(485 �C) and was close to that used for solution

Figure 9 Schematic

illustration of PFZ evolution in

Al–Cu–Mg alloy during

homogenisation a as-cast

condition b formation of

S-precipitates and GB-PFZ

c narrowing of GB-PFZ

caused by the rising vacancy

concentration d the

heterogeneous nucleation of

T-dispersoids on the

S-precipitates e S-precipitates

completely dissolving f re-

formation and broadening of

GB-PFZ.
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treatment (e.g. 500 �C), the equilibrium vacancy

concentration under homogenisation was signifi-

cantly higher than that under ageing conditions

which were sufficient for precipitate nucleation. As

the homogenisation starts, the vacancy concentration

in the matrix gradually increased with increasing

temperature. As a consequence, precipitation gradu-

ally occurred further inside the GB-PFZ where there

was solute enrichment but vacancy depletion. Thus,

the GB-PFZ became narrower with increasing

homogenisation time, and finally disappeared

(Fig. 9c).

In Al alloys, homogenisation was performed to

redistribute the solutes and dissolve any unwanted

eutectic phases [37]. Thus, during homogenisation,

on one hand, the solutes were transported from the

GB to GC by the diffusion. On the other hand, the

non-equilibrium state eutectic particles at the GB

dissolved gradually and release solutes into the

matrix near each GB [38]. As a result, a high level of

Figure 10 TEM images of a sample homogenised at 485 �C for 1 min, cold rolling to about 10 % deformation, and rehomogenised at

485 �C for 1 min.

Figure 11 TEM images of a

sample homogenised at

485 �C for 14,400 min, cold

rolling to about 10 %

deformation, and

rehomogenised at 485 �C for

1 min.
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solute concentration would remain for a certain (rel-

atively long) time during homogenisation. The

vacancy concentration increased with temperature at

the beginning of homogenisation, and quickly

reached, and remained at, a high level (the equilib-

rium value). Therefore, there existed a period of time

when the solute concentration was at the same level

as the vacancy concentration. In this period, the GB-

PFZs remained absent in the alloy (Stage II).

As homogenisation continued, the soluble eutectics

content decreased and the matrix solute concentra-

tion gradients decreased gradually due to the atomic

diffusion. After a certain homogenisation time, the

S-phase precipitated during the initial stage of

homogenisation redissolved, since the solute con-

centrations had been reduced to a value below which

the S-phase was unstable.

Since Mn had a low solubility in Al, it precipitated

out as the T-dispersoid during the homogenisation of

this alloy. Unlike the precipitates, the dispersoids

were resistant to dissolution and could control the

evolution of both grain and sub-grain, structures

during subsequent processing [39, 40], such as hot

rolling and solution heat treatment [41]. The diffusion

of Mn was much slower compared with that of Mg

and Cu [42]; therefore, the precipitation of the

T-dispersoid was much more sluggish than that of

the S-precipitate.

The T-dispersoids contained Cu atoms and a criti-

cal Cu concentration was probably required for the

T-dispersoids to nucleate. Since the S-phase and the

T-phase shared the same phase-forming element in

Cu, the T-dispersoids were prone to heterogeneous

nucleation on the dissolving S-precipitates where the

Cu atom was enriched (Fig. 9d). This agreed the

investigations by Lodgaard et al. [43] and Hirasawa

et al. [44], which indicated that pre-existing precipi-

tates often act as nucleation sites for Mn-containing

dispersoids. The heterogeneously nucleated T-dis-

persoid will consume the S-precipitate completely

(Fig. 9e) and gradually coarsens with increasing

homogenisation time, as predicted by Ostwald

ripening theory.

During homogenisation, the concentration gradi-

ents of solutes reduced as a consequence of atomic

diffusion [45, 46] and eventually the concentration

difference of solutes in the matrix should be equal-

ised. Then, due to a more rapid coarsening of T-dis-

persoids at GBs, the matrix solute concentrations near

the GBs became lower than that at the GC, and the

GB-PFZs reform and developed gradually (Fig. 9f).

It should be emphasised that the GB-PFZ formed

during the later stage of homogenisation was also

different from that formed during ageing. In ageing

conditions, due to the precipitation, the number of

excess vacancies retained by quenching continued to

decrease. Thus, it is difficult to tell whether vacancy

depletion assisted GB-PFZ formation, in particular,

during late-stage ageing. However, under

homogenisation conditions, owing to the high hold-

ing temperature, the vacancy concentration rapidly

approached, and remained at a high level. Therefore,

the vacancy depletion was not likely to have been the

cause of the GB-PFZ formation in late-stage

homogenisation, but solute depletion (Stage III) was.

It is known that if the PFZ is vacancy depleted but

solute supersaturated, precipitation can be induced

by introducing lattice imperfections by deformation

[13]. Therefore, samples homogenised for 1 min

(Stage I), and 14,400 min (Stage III) were deformed

10 % at room temperature and then rehomogenised

for 1 min at 485 �C to determine whether or not

heterogeneous nucleation of precipitates could be

induced in the PFZ.

Figure 10 shows the bright-field images of a sam-

ple homogenised for 1 min at 485 �C, deformed by

10 %, and rehomogenised at 485 �C for 1 min. As can

been seen, after the second homogenisation treat-

ment, quantities of second phase (as indicated by

white triangles) heterogeneously precipitated on the

dislocation lines in the initial GB-PFZ due to the high

degree of solute supersaturation. For the sample

homogenised for 14,400 min at 485 �C, deformed by

10 %, and rehomogenised at 485 �C for 1 min

(Fig. 11), although many dislocations were induced

by deformation, no second phase formed in the initial

GB-PFZ due to the low solute concentrations. This

confirmed that the GB-PFZ formed in Stage I was led

by vacancy depletion, while the GB-PFZ formed in

Stage III was attributed to solute depletion.

It should be noted that the homogenisation tem-

perature of 485 �C is apparently higher than those

temperatures commonly used for the annealing of

this alloy (250–350 �C) [47, 48]. At such a high tem-

perature, on one hand, the number of dislocations

would decrease rapidly due to the annihilation of

dislocations caused by recovery. On the other hand,

the heterogeneous nucleation of second-phase

J Mater Sci (2016) 51:7780–7792 7789



particles on dislocations could also take place rapidly

under conditions of local solute supersaturation.

Thus, when the deformed alloy is homogenised, there

is a competition between the annihilation of disloca-

tions and the heterogeneous nucleation on the

dislocations.

Dislocation annihilation is known to be a time-

consuming process, which includes glide, climb, and

cross-slip of dislocations [49]. In Michalcová’s work

on microstructural evolution upon annealing of an

Al–Fe–Cr–Ce alloy [50], it is shown that, after cold

rolling and annealing at 400 �C for 100 h, a high

density of dislocations were still present in the

matrix. Similar results were observed by Zeng [51] on

an AA 3004 Al alloy after annealing at 420 �C for 3 h.

Particularly, in Al alloys with a large number of

second-phase particles, the process of dislocation

annihilation was retarded, since the these particles

have a strong pinning effect on dislocation motion.

Lucadamo’s work [52] on a 5083 Al alloy revealed

that, even after annealing at 500 �C for 2 h, a high

density of dislocations surrounding precipitates was

still observed. In this study, the retention of disloca-

tions after homogenisation is probably due to the

limited homogenisation time (1 min) and the pinning

effect of second-phase particles on dislocations.

The heterogeneous nucleation of second-phase

particles on dislocations is widely observed in Al

alloys not only during ageing but also during

homogenisation. For instance, in Tsivoulas’s work

[53] on the homogenisation of an Al–Cu–Li-Zr-Mn

alloy, it is revealed that the Al3Zr and T(Al20Cu2Mn3)

phases had a strong tendency to undergo heteroge-

neous nucleation on dislocations. Similar heteroge-

neous precipitation is also reported by Marquis [54]

in Al–Sc alloys during homogenisation. Furthermore,

Robson [55] concluded that a high dislocation density

can increase the frequency of heterogeneous precip-

itation of Al3Zr dispersoids.

Solute segregation at dislocations was thought to

be the key reason for this heterogeneous nucleation,

since it produces a high level of local supersaturation.

Likewise, the Cu segregation at dislocations should

respond to the heterogeneous nucleation of second-

phase particles in this alloy (both S-precipitates and

T-dispersoids contain Cu). In Al alloys, the Cu atom

is sensitive to dislocation, since it has a much smaller

radius (0.128 nm) than that of Al (0.182 nm) [56].

After deformation, to release local compressive stress,

Cu atoms are prone to gather along dislocation lines,

which results in the segregation of Cu atoms at dis-

locations (this gathering effect of Cu atoms in Al–Cu–

Mg–Mn alloys has already been proved elsewhere

[57, 58]). During homogenisation, even though some

dislocations were quickly annihilated, the local solute

segregation at dislocations was retained, which pro-

vided a large number of heterogeneous nucleation

sites for second-phase precipitation.

Conclusions

The microstructural evolution and solute distribu-

tions in the vicinity of GBs during homogenisation at

485 �C were investigated in an Al–Cu–Mg–Mn alloy.

The main conclusions are summarised as follows:

1. Quantities of S-precipitates formed rapidly at the

edge of each grain due to local high solute concen-

trations induced by micro-segregation. As a conse-

quence of atomic diffusion, this micro-segregation

gradually disappeared and the S-precipitates were

finally replaced by T-dispersoids.

2. A wide GB-PFZ featuring extremely high solute

concentrations formed within 1 min of

homogenisation, and decreased in thickness with

increasing homogenisation time. The GB-PFZ

was absent within homogenisation times between

30 and 1440 min, after which the GB-PFZ reap-

peared and broadened.

3. The early stage of GB-PFZ formation was exclu-

sively led by vacancy depletion, while the later

stage of GB-PFZ formation was solely attributed

to solute depletion.
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