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Abstract Bulk nanostructured and ultrafine-grained bi-

nary Al–Fe alloys have been studied in the past for their

remarkable strength, hardness, and thermal stability. These

properties have been attributed to a combination of solid

solution strengthening, precipitate strengthening, and grain

boundary strengthening. However, to date, no systematic

investigation has been performed to address the factors that

govern the evolution of the various metastable and equi-

librium precipitates that form as a result of thermal expo-

sure. In this study, Al–2at.%Fe and Al–5at.%Fe powders

were synthesized via helium gas atomization and argon gas

atomization, respectively. Cooling rates upwards of 106

K s-1 were achieved resulting in an intermetallic-free

starting structure, and a map of the structure as a function

of cooling rate was established. Electron backscatter

diffraction analysis revealed the presence of a larger

number of low-angle grain boundaries relative to high-

angle grain boundaries, which influenced nucleation and

precipitation of the metastable Al6Fe phase. Cryomilling of

the atomized powder was subsequently performed, which

led to grain refinement into the nanometer regime, dis-

persion of the Fe-containing phases, and forcing of 2at.%Fe

into solution within the Al matrix compared to negligible

Fe in solution in the as-atomized state. Finally, differential

scanning calorimetry was utilized to elucidate the meta-

stable Al6Fe precipitation temperature (*300 �C) and

subsequent phase transformation to the equilibrium Al13-
Fe4 phase (*400 �C). An activation energy analysis uti-

lizing the Kissinger method revealed three important

factors, in order of importance, for ease of Al6Fe pre-

cipitation: segregated regions containing iron, availability

of nucleation sites, and the number of diffusion pathways.

Introduction

The family of Al–Fe alloys is both scientifically and

technologically interesting for several reasons. First, the

low solubility (0.03 at.%) and diffusivity of Fe in Al (10-16

m-2 s at 500 �C), as illustrated in the phase diagram in

Fig. 1 [1], suggest that the alloys containing these two

elements should be thermally stable. The low solubility of

Fe in Al has been noted and referenced especially in many

studies looking to extend this value via non-equilibrium

processing routes [1–5]. Second, published results suggest

that there is a range of intermetallic phases, including the

metastable orthorhombic Al6Fe and the equilibrium

monoclinic Al13Fe4, for example [5], the formation of

which depends on various factors, including thermal and

solidification conditions [1, 3, 5–7]. Third, from a sus-

tainability standpoint, both Al and Fe are present in bauxite

ore; Al is currently mined from bauxite ore, which is
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composed of alumina and upwards of 30 % Fe-oxide, yet

the Fe-oxide is generally discarded as a waste by-product

[8]. Fourth, the above-listed characteristics render this

system ideal for the development of a family of low-cost,

thermally stable materials that can be used in numerous

applications [1].

In the past few decades, the study of nanostructured

(\100 nm) and ultrafine-grained (*100’s nm) Al–Fe al-

loys has yielded some interesting results. There are nu-

merous published studies on the application of rapid

quenching methods, such as melt-spinning [6], e-beam

evaporation [9] sputtering [7], mechanical alloying, and

severe plastic deformation techniques such as planetary

ball milling [3, 5], SPEX� milling [10], and high-pressure

torsion (HPT) [11] to fabricate Al–Fe alloys. In related

work, Sasaki et al. demonstrated that planetary ball-milled

and spark plasma-sintered Al–5at.%Fe can exhibit com-

pressive strengths[1 GPa and significant compressive

strain to failure [3]. Subsequent work suggests that these

mechanical properties are due to a combination of grain

boundary strengthening, load transfer, and Orowan

strengthening, with the latter two derived from a range of

intermetallic phases including metastable orthorhombic

Al6Fe and equilibrium monoclinic Al13Fe4 [5]. Moreover,

these studies almost always report increased (e.g., non-e-

quilibrium) solubility of Fe in Al. Specifically, solid solu-

bility extensions between 2 and 10 at.%Fe in Al have been

reported via X-ray diffraction (XRD) analysis [3, 5, 10, 12,

13]. For example, Sasaki et al. [3] used planetary ball

milling to process 10 g of Al–5at.%Fe powder for upwards

of 150 h and showed via XRD a lack of intermetallic peaks

and approximately 3 at.%Fe in solution. Subsequently,

phase contrast SEM imaging, however, provided a clear

indication of second-phase particles, suggesting a

discrepancy in the data [3]. The conditions used in this

study, namely an extremely long time and a small amount

of powder, suggest that the energy introduced during mil-

ling plays an important role in the formation of a non-

equilibrium solid solution, although it is clear that more

work is required to ascertain this hypothesis. In a related

study, Nayak et al. [5] reported what appears to be the

highest value of Fe in solution with Al (10 at.%), resulting

from the mechanical alloying in a planetary ball mill for

20 h. Binary compositions ranging from 2.5 to 20 at.%Fe

in Al were investigated. XRD analysis utilizing the (111)

Al diffraction peak was performed with peak shift analysis

to support the value of 10 at.%. However, microscopy of

the powders was not provided in support of the XRD

analysis. Utilizing mechanical alloying of 1–25 at.%Fe in

Al in a SPEX� mill, for 20 h, Mukhopadhyay et al. [10]

reported 4.5 at.%Fe in solution, as deduced from the (311)

Al peak in an XRD pattern. In addition, this study, along

with previous ones [3, 5, 10], contradicts the work done by

Fadeeva and Leonov [12] regarding the amount of Fe that

can be forced into solution (not more than 2 at.%). In the

absence of unequivocal microstructural evidence, these

apparent contradictions possibly originate from the inap-

propriate reliance on the presence (or lack thereof) of low-

angle intermetallic peaks in Al–Fe XRD patterns. The use

of low-angle Al XRD peaks (e.g., Al (111) and Al (311))

for lattice parameter calculations can lead to systematic

errors in the value of sinh, which leads to error and sub-

sequent erroneous values for the lattice parameter and

amount of solute in solution with the matrix [13].

As a result of the low solubility of Fe in Al seen in the

phase diagram in Fig. 1, any Fe forced into solution, re-

gardless of the actual value, will eventually precipitate out

as the equilibrium Al13Fe4 phase when exposed to elevated

temperatures. However, dependent on variations in process

conditions, metastable phases can also form. Ball-milled

powders, when exposed to temperature, can reveal the

formation of both metastable Al6Fe and Al5Fe2 in both the

as-milled state and after thermal exposure up to 400 �C,
with the Al6Fe phase being more commonly observed in

alloys with less than 10 at.%Fe [3, 5, 10]. Thermody-

namically, a phase transformation to equilibrium Al13Fe4
will eventually occur with traditional elevated temperature

powder metallurgy-based consolidation methods, typically

imparting enough energy to catalyze that transformation

[5]. Interestingly, however, and despite numerous pub-

lished studies on ball-milled Al–Fe alloys, detailed infor-

mation on the influence of processing conditions on both

microstructure and thermal stability of Al–Fe alloys is

limited. This lack of fundamental information severely

limits our ability to design the microstructure of Al–Fe

alloys in order to obtain optimal combinations of physical

and mechanical properties.

Fig. 1 Binary Al–Fe phase diagram generated with Thermo-Calc� in

composition range of interest
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In view of the above discussion, the present study was

motivated by the following questions. First, what is the

influence of atomization parameters and milling conditions

on the solubility, segregation, and precipitation behavior of

Al–Fe alloys? Second, how are these factors influenced by

Fe content? To address these questions we implemented

the following approach. First, we used high-angle XRD and

electron microscopy to measure the amount of Fe forced

into solution as a result of two highly non-equilibrium

methods, helium powder atomization and cryogenic ball

milling. Second, we applied a combination of electron

backscatter diffraction (EBSD) and electron microscopy to

obtain quantitative microstructural data for two different

powder cooling rates and Fe contents; we then related

microstructure to subsequent diffusion and phase formation

phenomena. Third, we used cryogenic ball milling (cry-

omilling) in order to limit diffusion-mediated events during

the ball milling process to effectively study the role of

plastic deformation on phase formation. Finally, thermo-

dynamic analysis via differential scanning calorimetry

(DSC) was used to reveal the relative amounts of phases

formed as a result of process conditions, in addition to

elucidating differences in activation energy for phase for-

mation, to provide insight into the precipitation reactions.

Materials and methods

Material fabrication and processing

The starting materials for atomization in this study were

99.97? wt% pure Fe pieces and Al–25wt%Fe ingot for the

target Al–5at.%Fe and Al–2at.%Fe powders, respectively;

each was balanced with 99.9 wt% pure Al ingot to create

the target composition. The selection of these two Al–Fe

compositions was prompted by the following factors. First,

the Al–5at.%Fe composition was selected to provide a

comparison to the literature, namely the work done by

Sasaki et al. [3]. Second, the Al–2at.%Fe composition was

selected based on a conservative upper bound for the

amount of Fe that can be forced into the Al matrix, thus

creating an intermetallic-free starting structure [12]. Pow-

der was created via two separate gas atomization ex-

periments, the parameters for which are listed in Table 1.

Additional information on gas atomization can be found in

Ref. [14]. Materials in this condition will be hereafter

designated ‘‘as-atomized.’’

Each type of atomized powder was subsequently cry-

omilled in liquid nitrogen in a modified Szegvari attritor.

The parameters used were as follows: stainless steel ball

milling media in a 32:1 stainless steel ball-to-powder

weight ratio, 180 rpm impeller speed, 12 h milling time,

and the use of 0.2 wt% stearic acid (C18H36O2) as a process

control agent (PCA) to reduce cold welding of the powder

to the balls and vessel, as well as to prevent agglomeration

of the powders [15]. For the Al–5at.%Fe material, a 1 kg

charge of alloy powder was used, whereas for the Al–

2at.%Fe a 500 g charge was used.

Chemical analysis of both the as-atomized and cry-

omilled powders was performed by Luvak Inc. and LECO

Corp., using inert gas fusion-ASTM E 1019-08 (for oxygen

and nitrogen) and direct current plasma emission spec-

troscopy-ASTM E 1097-07 for iron.

Material characterization

Thermodynamics and kinetics

A model NETZSCH DSC 404 F3 Pegasus differential

scanning calorimeter (DSC) was used for thermal analysis.

Alumina crucibles were used in order to mitigate any re-

action products between the Al–Fe powder (*30 mg) and

the crucible. Heating was performed from room tem-

perature (25 �C) to 600 �C, with the melt temperature of Al

being 660 �C. Heating rates of 5, 10, 20, and 30 �C min-1

were used for construction of Kissinger plots [16]. For each

sample and heating rate, three DSC runs were performed:

one with two empty alumina crucibles, one with an empty

alumina crucible and an alumina crucible filled with the

powder of interest, and a re-run of the second scan as a

sintering and degassing correction step; in this third run,

any baked out moisture, gasses and sintering will mostly

have occurred already in the second run, thus allowing

them to be subtracted out of the final curve. All DSC scans

were performed against a standard calibration performed at

that heating rate and temperature range, under a protective

argon atmosphere.

An equilibrium Al–Fe phase diagram was created with

the use of Thermo-Calc� version 5.0 (Thermo-Calc�

Software AB, Stockholm, Sweden) over the relevant

composition and temperature range values used in this

study. This allowed a more appropriate definition for the

x-axis (i.e., the range of Fe content) when compared to

traditionally published binary Al–Fe phase diagrams.

Table 1 Gas atomization parameters

Parameters Al–5at.%Fe Al–2at.%Fe

Atomization gas Argon Helium

Gas pressure (psi) 200 400

Charge (kg) 2.2 2.2

Melt temperature (�C) 1100 1100

Time @ melt temperature (min) 30 30

Nozzle diameter (in/mm) 1/25.4 1/25.4

Powder yield (%) 97.3 46
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Phase identification and microstructure

Phase identification of the powders was carried out via XRD

using a ScintagX-ray diffractometer equippedwith a graphite

monochromator using CuKa radiation (k = 0.15406 nm), in

order to determine the specific intermetallic phases present, or

lack thereof. In addition, anOxford InstrumentsNordlysNano

electron backscatter diffraction (EBSD) detector, equipped to

a Phillips XL-30 SFEG scanning electronmicroscope (SEM),

was used for targeted phase identification of intermetallics as

well as overall mapping of cross-sectioned powder particles.

Cross-sectioning of the powder particles was performed by

first mounting the powder particles using conductive (Kon-

ductomet) mounting medium mixed with the powder in a

Buehler SimpliMet 3000 mounting press. The resulting cou-

pons were subsequently sectioned using a diamond saw into

rectangular prism shapes that were then cross-section ion

polished with a JEOL SM-09010 cross-section ion polisher

for 8 h at 6 kV and 120 lA. Post-processing of the EBSDdata

was carried out using Oxford Channel 5 software.

Microstructural analysis of cryomilled powder thin foils

was accomplished with the use of a Phillips CM-12 trans-

mission electron microscope (TEM) operating at 100 kV,

using a tungsten filament, as well as a JEOL JEM-2500SE

high-resolution transmission electron microscope (HRTEM)

operating at 200 kV. Energy-dispersive X-ray spectroscopy

(EDXS) analysis was carried out using a Thermo FisherNoran

System Six on the HRTEM in scanning transmission electron

microscopy (STEM) mode. TEM powder samples were pre-

pared by embedding the powder in a resin that was allowed to

cure overnight followed by sectioning into 80–90-nm-thick

sections using an LKB NOVA microtome with a DiATOME

diamond knife. Sectionswere then placed onto 3.0-mm copper

grids with underlying amorphous carbon support.

Heat treatments

Based on data from DSC, heat treatments were performed

at temperatures above and below potential precipitation/

phase formation exotherms by placing powder in sealed

stainless steel vials, and placing the vials into a Thermoline

48000 furnace for 1 h and subsequently quenching in ice

water. Heat-treated powder samples were then analyzed by

XRD, thus allowing for the identification of phases pro-

duced by the exothermic reactions.

Results

Chemical analysis

The target and actual compositions of the powders are

shown in Table 2. The conversion from at.%Fe to wt%Fe is

5 at.% = 9.82 wt% and 2 at.% = 4.05 wt%. From that

conversion, it can be seen in Table 2 that the Al–5at.%Fe

as-atomized powder was within 0.1 wt% of the target Fe

composition. Cryomilling led to a 0.5 wt% increase in Fe

content as a result of diffusion from the stainless steel balls,

as commonly reported for ball-milled alloys. The as-at-

omized Al–2at.%Fe powder was 0.42 wt% over the target

Fe composition, whereas after cryomilling the Fe content

increased by 0.07 wt%. For simplicity, the target compo-

sitions of Al–5at.%Fe and Al–2at.%Fe will be used here-

after for labeling purposes. Nitrogen was seen to increase

in the material due to the use of liquid nitrogen during

cryomilling as well as an increase in oxygen and as a result

of surface oxidation of the freshly milled powder and the

stearic acid PCA, respectively.

Microstructure

Solidification structure of the as-atomized powder

Figure 2 shows backscattered electron/phase contrast SEM

images of the as-atomized powder cross-sections. Impor-

tant to note here is the difference in the solidification

structure between the two different powders: fully formed

intermetallics in the Al–5at.%Fe (Fig. 2a) material and no

intermetallics, yet a structure of segregated Fe, in the Al–

2at.%Fe material (Fig. 2b–e). This is a result of the faster

cooling rate achieved in the Al–2at.%Fe material which is

shown graphically as a function of powder particle di-

ameter in Fig. 3a. In fact, the maximum cooling rate is

estimated to be an order of magnitude higher for the Al–

2at.%Fe material versus that of the Al–5at.%Fe powder,

due to the atomization parameters used. Figure 3b shows

the atomized powder diameters obtained by sieving, which

highlights a shift in the distribution to smaller powder

particle diameters for the Al–2at.%Fe powder.

Cooling rate calculations for Fig. 3a were performed

based on the heat balance analysis of Boettinger et al. in an

Al–Fe system as follows [17]:

Cooling Rate ¼ 12� kgas � DT1
c� d2

; ð1Þ

where kgas is the gas thermal conductivity, DT? is the

difference in temperature between the melt particle and the

gas, c is the liquid heat capacity per unit volume (2.67 J

cm-3 K-1), and d is the powder particle diameter. Calcu-

lations were based on the powder solidification initiating

with heterogeneous nucleation at the powder surface (an

assumption that is supported by results in Fig. 2). Gas

thermal conductivities of 0.016 W m-1 K-1 for argon and

0.142 W m-1 K-1 for helium were used. An assumption of

the starting tanks of helium gas and argon gas being at

room temperature (25 �C) was also made. Due to the
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Joule–Thomson effect, the expansion of the gas as it leaves

the tank’s valve should result in a temperature drop, with

the exception of helium due to its Joule–Thomson inver-

sion temperature being much below room temperature [18].

Argon, however, has a Joule–Thomson coefficient of

0.1890 �C atm-1 and therefore expands and cools to ap-

proximately -4 �C upon exiting a tank at a pressure of

154 atm (2200 psig) [19]. For the sake of completeness and

accuracy, these values are provided and included in the

analysis. However, the two dominating factors in the

cooling rate calculations are found to be, first, the particle

diameter and, second, the gas thermal conductivity [17].

Figure 4a shows XRD patterns for the as-atomized

powders. The as-atomized Al–5at.%Fe powder shows fully

indexed peaks for two intermetallic phases (Fig. 4b):

equilibrium, monoclinic Al13Fe4 and metastable,

orthorhombic Al6Fe. In comparison, the as-atomized Al–

2at.%Fe powder has a short, broad bump (see the red arrow

in Fig. 4) between 42� and 44� 2h; this bump indicates the

weak crystallinity of a phase within the angle range of the

strongest reflections for elemental Fe, Al6Fe, and Al13Fe4.

In order to display high Z-contrast, Fig. 5a shows a dark-

field STEM image of an approximately 4-lm-diameter

powder particle. A particle designated by the yellow arrow

indicates a possible heterogeneous nucleation point with a

dendritic/cell-like structure radiating outward. These cell-

like structures of a-Al are bordered in white as previously

seen in Fig. 2b–e, indicating a higher density phase than

the surrounding matrix. Figure 5b shows the region marked

by the dashed box in Fig. 5a and indicates that these white

borders are seen in some places to be made of distinct

particles or islands. In Fig. 5c, EDXS analysis is observed

across two white cell borders as marked by the dashed line

in Fig. 5a. Two Fe peaks are observed corresponding to the

boundary positions, as well as a relatively constant Al

signal; this analysis provides evidence that the white cell

Table 2 Chemical analysis of the as-atomized and cryomilled powders performed by Luvak Inc. and LECO Corp., using inert gas fusion-ASTM

E 1019-08 (for oxygen and nitrogen) and direct current plasma emission spectroscopy-ASTM E 1097-07 for iron

Material Fe (at.%) Fe (wt%) N (wt%) O (wt%)

As-atomized Al–5at.%Fe 4.93 9.7 0.006 0.161

Cryomilled Al–5at.%Fe 5.1 10.2 0.662 0.329

As-atomized Al–2at.%Fe 2.21 4.47 \0.001 0.199

Cryomilled Al–2at.%Fe 2.25 4.54 0.324 0.636

Fig. 2 Cross-sectioned as-atomized powders showing solidification

structure via backscatter electron/phase contrast imaging: a represen-

tative as-atomized Al–5at.%Fe with the structure of fully formed

Al13Fe4 intermetallics, b 40-lm-diameter Al–2at.%Fe showing a-Al
cells bordered with bright Fe-rich regions, c 60-lm-diameter Al–

2at.%Fe showing the addition of an a-Al/Al6Fe eutectic and a more

dendritic structure, d 70-lm-diameter Al–2at.%Fe showing an

addition of larger regions of segregated Fe, and e 85-lm-diameter

Al–2at.%Fe with a dominant structure of large Fe-enriched regions

(large lighter gray regions)
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borders are indeed regions of segregated Fe. An electron

diffraction pattern of the powder particle was obtained as

shown in Fig. 5d. This pattern indexes as a-Al in the 1�1�2½ �
zone axis with no detectable presence of other crystalline

phases.

Figure 6 displays maps derived from EBSD using a

150 nm step size and powder particles that are represen-

tative of the average particle sizes. Figure 6a, d are band

contrast maps, which are gray-scaled to show pattern

quality; low-quality areas (grain boundaries, non-indexed

points, deformed regions, etc.) are displayed in black,

while regions that generated the best-quality Kikuchi pat-

terns approach very light gray/white in color. For both

compositions, these maps show a structure within the

grains that was not indexed, corresponding mostly to the

Fe-segregated regions observed in Figs. 2 and 5 for Al–

2at.%Fe, as well as intermetallics in the case of Al–

5at.%Fe.

Figure 6b, e are orientation maps with inverse pole

figure Z coloring (crystal directions parallel to sample

surface normal), high-angle grain boundaries ([15�
misorientation) highlighted in black and low-angle grain

boundaries (15�[misorientation[ 2.5�) highlighted in

silver. Powders of both compositions are seen to be crys-

talline and for particles greater than 5–10 lm in diameter,

polycrystalline. The representative 45-lm-diameter Al–

2at.%Fe powder particle in Fig. 6b shows an intermetallic-

free structure with a large number of high-angle grain

boundaries (118 grains). In contrast, the representative

95-lm-diameter Al–5at.%Fe powder particle in Fig. 6e

shows that monoclinic Al13Fe4 (displayed in white) is

present both at grain boundaries (both high angle and low

angle) and within the grains; only 27 grains were present

within this particle.

Figure 6c, f are recrystallized fraction maps. This type

of map displays deformed grains in red, substructured

grains in yellow, and recrystallized grains in blue, which is

determined on the basis of the internal average
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Fig. 3 Effect of atomization gas (argon for Al–5at.%Fe vs. helium

for Al–2at.%Fe) on cooling rate and thus atomized powder diameters:

a calculated cooling rates as a function of powder particle diameter

showing higher achievable cooling rates for helium-atomized Al–

2at.%Fe, b powder diameter histogram showing the effect of higher

cooling rates due to helium gas atomization causing a shift in the Al–

2at.%Fe particle sizes to less than 90 lm in diameter

Fig. 4 a X-ray diffraction (XRD) of the as-atomized powder and

b XRD of the as-atomized Al–5at.%Fe powder highlighting the range

of 20�–50� 2h, in order to more clearly distinguish the intermetallic

peaks
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misorientation within the grain. If this average misorien-

tation exceeds that of the user-defined value to define a

sub-grain (2.5 degrees in this study), then the grain is

classified as deformed. If the grain consists of sub-grains

for which the average misorientation is under this value,

yet the misorientation from grain to grain is between 2.5

and 15 degrees, the grain is classified as substructured. All

of the remaining grains are classified as recrystallized [20,

21]. As seen in Fig. 6c, a majority of the Al–2at.%Fe

powder particles are recrystallized with most of the rest

being substructured; very few deformed regions are ob-

served. In contrast, there is a larger amount of substructure

seen in the Al–5at.%Fe powder (Fig. 6f) relative to re-

crystallized region. Again, a small amount of deformed

regions (red) are observed; however, all of the deformed

regions are within the Al13Fe4. Figure 6g provides a

stacked histogram of the misorientation angle distribution

for both compositions. Misorientations between 2.5 and 60

degrees are observed with a much larger presence of low-

angle grain boundaries (73 %) in the Al–5at.%Fe powder

(red histogram) relative to the Al–2at.%Fe powder (27 %,

black histogram).

Cryomilled powder

As a result of severe plastic deformation (SPD) induced by

cryomilling, the regions of segregated iron in the Al–

2at.%Fe powder were broken up and dispersed as seen in

the phase contrast imaging in Fig. 7a. An illustration of the

processes at work during cryomilling is also observed in

Fig. 7a, namely the crushing of the powder between

stainless steel balls, then folding and cold welding of the

powder particles. In related studies, the strain energy im-

parted to the powder, as a result of the high-speed attritor

and resulting ball-to-powder collisions, was shown to

positively correlate with the amount of grain refinement

and the speed of that refinement [22, 23]. Figure 7b is a

dark-field STEM image of the same cryomilled Al–

2at.%Fe powder. Again, the phases can be distinguished

with the denser phase in white (minus the amorphous

carbon support film) and the matrix in black/gray. Electron

diffraction was carried out (inset Fig. 7b) and showed no

presence of any second phase; all rings indexed as alu-

minum. Dark-field TEM by exciting the partial {111}

diffraction ring (Fig. 7c) was performed providing even

Fig. 5 a Scanning transmission electronmicroscopy (STEM) image of

microtomed, as-atomized Al–2at.%Fe powder particle indicating a

possible solidification nucleation point with yellow arrow, b higher

magnification image of area indicated by dashed box in (a), c energy–
dispersive X-ray spectrometry (EDS) line scan across cell boundary,

and d electron diffraction pattern of powder particle in [1-1-2] zone axis
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stronger evidence for the lack of intermetallics and the

highly deformed, nanocrystalline nature of the grains. An

HRTEM image of the cryomilled Al–2at.%Fe powder,

however, shown in Fig. 7d, shows a second-phase particle

(indexed as either Al6Fe or Al13Fe4), in the size range of

5–10 nm, observed sparingly in the microstructure.

Within the cryomilled Al–5at.%Fe powder (Fig. 7e) the

pre-existing intermetallic phases were broken up and dis-

persed within the structure as evidenced by the white

particles. This powder was also nanostructured as shown

by the inset STEM image in Fig. 7e. Finally, Fig. 7f shows

the XRD results for the cryomilled powders. The Al–

2at.%Fe pattern shows no distinct second phases, minus a

‘‘bump’’ between 2h values of 40� and 43�, indicated by

the red arrow, as also observed in the as-atomized powder.

The Al–5at.%Fe powder, however, shows distinct Al13Fe4
peaks.

Lattice parameters

Before a complete analysis of the phase formation se-

quence is performed, it is necessary to understand where

Fig. 6 Electron backscatter diffraction (EBSD) of the as-atomized

powders comparing the Al–2at.%Fe a–c and Al–5at.%Fe d–f compo-

sitions. The step size used for these maps was 150 nm. a, d Band

contrast/pattern quality maps. b, e Orientation maps with inverse pole

figure Z coloring and high-angle grain boundaries in black and low-

angle grain boundaries in silver. The Al13Fe4 phase is shown in white

for Al–5at.%Fe. c, f Recrystallized fraction maps [grain boundaries

not overlaid in (f); refer to (e)]. g Misorientation distribution for both

compositions using stacked bar charts
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the Fe resides in the microstructure. XRD patterns in the

range of 110�–140� 2h values were obtained for all four

powders. In addition, two XRD scans were run for each

material to ensure repeatable results. Lattice parameters, a,

were calculated from the XRD patterns using a combined

equation of Bragg’s Law and geometric relations for an

FCC unit cell:

a ¼ k
2 sin h

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

h2 þ k2 þ l2
p

; ð2Þ

where k = 1.5406 Å for Cu Ka radiation. The highest

angle peaks, (Al (331), Al (420), and Al (422)), were

chosen for the lattice parameter calculation because the

systematic error in sinh decreases as h increases, resulting

in better accuracy [24]. Experimentally obtained lattice

parameters were plotted versus cos2h/sinh as the largest

single source of error in XRD is the displacement of the

specimen from the diffractometer axis given by

Dd
d

¼ �D cos2 h
R sin h

; ð3Þ

where R is the radius of the diffractometer circle and D is the

displacement of the specimen surface from the center of the

diffractometer [24]. From these plots, a best fit line was ex-

trapolated to the y-axis to obtain the lattice parameter at an

effective 2h of 180� (cos2h/sinh equals zero), which would

represent theminimal obtainable, systematic error; systematic

error in the case of this study was reduced to at least 0.15 %

using the highest possible angle Al XRD peak: Al (422). The

resulting extrapolated lattice parameter values are listed in

Table 3. Both the as-atomized powders have a calculated

lattice parameter of 0.4050 nm, essentially the same as the

value for pure Al. Both the cryomilled powders have lattice

parameters of 0.4036 nm, indicating that the smaller Fe atoms

are forced into substitutional sites in the Al matrix as a result

of cryomilling, thus reducing the lattice parameter. This effect

of cryomilling forcing solutes into the matrix lattice (FCC-Al

in this case) has been documented in the literature, especially

for the case of Mg in Al [25, 26]; however, to the authors’

knowledge, this is the first report of a supersaturated solid

solution of Fe in Al as a result of cryomilling.

Phase formation

Figure 8 shows DSC results for the four different powders

at four different heating rates for subsequent activation

energy analysis. The main features of these curves are the

two exotherms corresponding to Al6Fe precipitation

at *300 �C and a phase transformation from metastable

Fig. 7 Cryomilled powder a phase contrast (backscattered electrons)

SEM image of cross-section ion-polished Al–2at.%Fe powder,

b dark-field scanning transmission electron micrograph (STEM) of

microtomed Al–2at.%Fe on amorphous carbon support with inset

diffraction pattern, c dark-field TEM of Al–2at.%Fe excited with Al

{111} diffraction ring, d high-resolution transmission electron

micrograph (HRTEM) of cryomilled Al–2at.%Fe powder showing

2nd phase, e phase contrast (backscattered electrons) SEM image of

Al–5at.%Fe (inset bright-field TEM image showing nanocrystalline

grains), and f X-ray diffraction (XRD) of both Al–2at.%Fe and Al–

5at.%Fe cryomilled powders
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Al6Fe to equilibrium Al13Fe4 at *400 �C, as verified by

XRD after heat treatments were applied at temperatures

above and below that of the exotherms. The peak onsets

and peak areas (reaction onset and reaction enthalpy, re-

spectively) for a 20 �C min-1 heating rate are displayed in

Table 4. These values are used later in the phase formation

analysis.

Discussion

Atomized powder starting structure

It is of interest to note that helium has *9 times the

thermal conductivity of argon allowing for the observed

higher cooling rates (Fig. 3a), in addition to the fact that

Table 3 Summary of the lattice

parameter (a), amount of Fe in

solution calculated via XRD,

and the powder starting

structure as a function of

processing

Material a (extrapolated) Fe in solution (at.%) 2nd phases present

Pure Al 0.4049 0 None

As-Atomized Al–2at.%Fe 0.4050 0 None

As-Atomized Al–5at.%Fe 0.4050 0 Al6Fe and Al13Fe4

Cryomilled Al–2at.%Fe 0.4036 2–2.5 (Al6Fe or Al13Fe4)*

Cryomilled Al–5at.%Fe 0.4036 2–2.5 Al13Fe4

* Very small amount; undetectable by diffraction techniques
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Fig. 8 Differential scanning calorimetry (DSC) a as-atomized Al–2at.%Fe, b as-atomized Al–5at.%Fe, c cryomilled Al–2at.%Fe and

d cryomilled Al–5at.%Fe
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helium can be accelerated much faster than argon because

of its molecular weight [27, 28]. As a result, a distribution

of smaller particle sizes was observed for the Al–2at.%Fe

powder relative to the Al–5at.%Fe powder (Fig. 3b).

Because of the wide size distribution present in the in-

termetallic-free Al–2at.%Fe powder, it is possible to map

the microstructure evolution as a function of cooling rate

(i.e., small powder particles cooled faster than large pow-

der particles). Figure 2b–e shows progressively larger

40–85-lm-diameter Al–2at.%Fe powder particles with a

structure that has evolved from purely cells to

cells ? dendrites, followed by the addition of an a-Al/
Al6Fe eutectic [29, 30], and finally the presence of large

Fe-enriched regions as observed most prominently in

Fig. 2e. This structure agrees with previous reports of the

solidification sequence for Al–Fe alloys, of varying com-

position, as a function of powder particle diameter [17, 31].

In addition, the non-equilibrium nature of this segregated

structure is evidenced by the presence of equilibrium

Al13Fe4 intermetallics in the Al–5at.%Fe atomized powder

(Figs. 2a and 6e) synthesized at a slower cooling rate. As

introduced in the Results section, there is evidence in

Fig. 2b, d suggesting that the solidification sequence began

via heterogeneous nucleation; this suggestion is consistent

with other observations in the literature, although it is

difficult to prove [32, 33].

Amount of Fe in solution

Extrapolated lattice parameters were compared to a master

plot of lattice parameter versus atomic percent Fe to de-

termine the amount of Fe in solution [10]. As seen in

Table 3, the extrapolated lattice parameters calculated for

both the as-atomized Al–2at.%Fe and Al–5at.%Fe were

0.4050 nm, corresponding to negligible Fe in solution,

even though cooling rates upwards of 106 K s-1 were ob-

tained in the Al–2at.%Fe powder. Subtracting out noise

using a baseline for the XRD data, it would be easy to miss

the broad bump shown between 40� and 44� 2h in Fig. 4,

indicating a phase with weak crystallinity. Solidification

front velocities determined by the cooling rate, and thus

external heat extraction during gas atomization, determine

the resulting microstructure [14, 17]. As a result,

solidification front velocities/cooling rates (Fig. 3a) that

were achieved in this study demonstrated the smallest

powders to have a microcellular structure (Fig. 2b) that

resulted from solute rejection by dendrites during solidifi-

cation [17]. Less time was available for lateral diffusion of

the rejected solute due to the high cooling rates [14]. The

highest observed cooling rates in this study, 105–106 K s-1,

agree with the published literature on atomized or melt-

spun Al–Fe powder (104–106 K s-1, respectively) [2] and

various other atomized or melt-spun conventional alu-

minum alloy powders (103–106 K s-1) [14, 34].

Both the cryomilled powders had extrapolated lattice

parameters of 0.4036 nm, corresponding to approximately

2.5 at.% in solution when referencing the master plot

derived from the literature (again listed in Table 3) [10].

However, from chemical analysis (Table 2), the composi-

tion of the nominal Al–2at.%Fe cryomilled powder is ac-

tually approximately Al–2.2at.%Fe. This value falls below

the value of 2.5 at.%Fe obtained from the empirically

derived master plot due to error/uncertainty in the values

the plot is constructed from. Therefore, the amount of Fe in

solution is stated here to belong in the range of 2–2.5

at.%Fe, closer to 2at.%Fe, which agrees with preliminary

atom-probe tomography data (not included here). Increase

in the solid solubility as a result of severe plastic defor-

mation in general can be attributed to the generation of

microstructural defects in the form of grain boundaries,

vacancies, and high dislocation densities, thus promoting

diffusion pathways and sites for solute atoms [35]. Diffu-

sion during traditional mechanical milling is also aided by

local rises in temperature. However, milling of powders in

this study is carried out in a liquid nitrogen slurry (hence

‘‘cryo’’milling), and thus diffusion is severely limited/non-

existent due to a very strong dependence of the diffusion

coefficient on temperature. This cryogenic temperature

allows for accelerated fracturing of the powder particles

and subsequent cold welding, while inhibiting recovery,

thus opening the way for the introduction of large amounts

of defects [36]. Additionally, a minimum grain size model

by Mohamed [37] has shown a minimum grain size of

25 nm obtainable by mechanical milling of aluminum

powder, with decreases in that minimum grain size as a

function of lowered milling temperature and increased

Table 4 Summary of differential scanning calorimetry (DSC) data at 20 �C/min heating rate

Material Al6Fe peak

onset (�C)
Al6Fe peak area/reaction

enthalpy (J/g)

Al13Fe4 peak

onset (�C)
Al13Fe4 peak area/reaction

enthalpy (J/g)

As-atomized Al–2at.%Fe 306 -1.10 419 -7.77

As-atomized Al–5at.%Fe 299 -0.382 412 -2.46

Cryomilled Al–2at.%Fe 288 -23.8 401 -23.2

Cryomilled Al–5at.%Fe 277 -23.9 384 -16.9
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hardness of the material being milled. This model operates

based on a balance between dislocation structure intro-

duced by severe plastic deformation and recovery by

thermal processes [37].

Due to the intense plastic deformation of the powder, the

microstructure is homogenized as seen in the transition

from segregated regions of Fe in the as-atomized Al–

2at.%Fe (Fig. 2b–e) to much finer segregated regions in

Fig. 7a, and from needle-like Al13Fe4 intermetallics in

Fig. 2a to dispersed intermetallics in Fig. 7e, for the as-

atomized and cryomilled Al–5at.%Fe, respectively. The

cryomilling process creates large surface areas on both the

nano- and micro-scale, thus allowing for the non-equilib-

rium dissolution of Fe into substitutional lattice positions at

concentrations upwards of 2at.%Fe, as shown in Table 3.

Specifically, with large amounts of grain boundary area

introduced as a result of severe plastic deformation during

cryomilling, coupled with the introduction of structural

defects and local stress, Fe solute atoms can more easily be

incorporated into the structure and substitute for the Al

matrix atoms [35].

Thermodynamic analysis of precipitation

This study has shown through DSC (Fig. 8) that independent

of composition (up to 5 at.%Fe) and processing, the phase

formation sequence begins with regions of segregated Fe

that then precipitate into metastable Al6Fe at temperatures of

approximately 300 �C (see values in Table 4), and then a

phase transformation from metastable Al6Fe to equilibrium

Al13Fe4 occurs at a temperature of approximately 400 �C.
However, the energetics behind these reactions are shown to

vary as a function of processing route. The precipitation of

Al6Fe is studied in more depth in this paper as it is the most

temperature-sensitive phase; Al6Fe will eventually trans-

form to the equilibrium Al13Fe4 given a high enough tem-

perature [1] as evidenced in this study by the XRD-verified

DSC results in Fig. 8. In order to quantify the Al6Fe pre-

cipitation event, three calculations were performed: peak

onset identified by a change in slope from the baseline

representing the start of the reaction, peak area defining the

reaction enthalpy and indicating the amount of phase

formed, and the activation energy defining the energy re-

quired to start the reaction [38].

Activation energy was calculated based on the Kissinger

method which operates under the assumption that the

maximum reaction rate occurs at the peak temperature of

any given endotherm or exotherm, resulting in the fol-

lowing equation [16]:

d ln /
T2
P

� �

d 1
TP

� � ¼ �EA

R
; ð4Þ

where u = dT/dt is the heating rate in K s-1, TP is the peak

temperature in Kelvin, EA is the activation energy in

kJ mol-1, and R is the gas constant (8.314 J K-1mol-1). It

can be seen that plotting ln TP
2/u versus 1/TP, for different

heating rates, should result in a straight line of a slope EA/

R, thus yielding a value for the activation energy; Fig. 9

shows such a plot for the Al6Fe precipitation peak, for all

four materials, with good linear fit (adjusted R2 C 0.95).

From this plot, the slope was multiplied by the gas constant

giving activation energy values for Al6Fe precipitation,

provided in Table 5. Looking first at the as-atomized

powder, the values in Table 5 show that the activation

energy for precipitation of Al6Fe is 7 % higher in the case

of Al–2at.%Fe (160 kJ mol-1) versus Al–5at.%Fe

(149 kJ mol-1). However, the reaction enthalpy (peak

area) is approximately three times larger for Al–2at.%Fe.

The enthalpy result can be explained simply by observing

the SEM images of the cross-sectioned powder particles in

Fig. 2 and the EBSD maps of the particles in Fig. 6. The

as-atomized Al–5at.%Fe powder was cooled sufficiently

slowly during atomization to allow for the formation of

intermetallics, thus consuming a majority of the available

Fe. However, the Al–2at.%Fe, being cooled an order of

magnitude faster, retained a structure of segregated iron,

devoid of any intermetallic phases. This in turn made more

Fe available for the formation of more Al6Fe phase. This

phase has been reported in previous studies on rapidly

solidified alloys with less than 10 at.%Fe as the first phase

formed at a temperature of approximately 300 �C, which is

consistent with the work presented in this study [5, 39].

Preferential formation of the Al6Fe phase over the forma-

tion of the equilibrium Al13Fe4 may be explained by the

complexity/lack of symmetry of the Al13Fe4 monoclinic
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cell versus the Al6Fe orthorhombic cell [10], in addition to

the larger size of the Al13Fe4 cell having 100 atoms versus

Al6Fe’s 28 atoms [1, 40]. A metastable equilibrium state is

achieved until enough energy is supplied to overcome the

activation barrier for transformation to the equilibrium

Al13Fe4 phase.

Grain boundary-assisted diffusion

The reasons for the activation energy being lower for

precipitation of Al6Fe in the as-atomized Al–5at.%Fe

versus Al–2at.%Fe are complex. The first main difference

between the two as-atomized structures is the obvious

presence of intermetallics in the Al–5at.%Fe and lack

thereof in the Al–2at.%Fe powder. More advanced mi-

crostructural analysis, heretofore unreported in the lit-

erature, in the form of EBSD (Fig. 6) was therefore carried

out on the as-atomized powder. Comparing the orientation

maps (Fig. 6b, e), it is seen that there are generally more

grains per powder particle in the Al–2at.%Fe. In fact, as

calculated in the results, the number density of grains is

approximately 20 times higher in the Al–2at.%Fe powder:

0.0742 grains/lm2 versus 0.0038 grains/lm2, respectively

(a grain being defined in this case as an ordered array of

atoms of one phase separated from another of the same

phase by 15� or higher misorientation, i.e., a high-angle

grain boundary). Looking at Fig. 6g, which shows the

frequency distribution for misorientation angles, it is ob-

served that the as-atomized Al–2at.%Fe powder is com-

posed mostly of high-angle grain boundaries of various

misorientations, whereas the Al–5at.%Fe powder has a

very large fraction of low-angle grain boundaries. Random

high-angle grain boundaries are characterized by poor fit

between adjacent grains and thus a more open structure

than low-angle grain boundaries [41]. This more open

structure traditionally yields good diffusion pathways for

solute atoms [42]; coupled with the larger presence of high-

angle grain boundaries in the Al–2at.%Fe powder, this

would make this powder seem like a more likely candidate

for low-activation energy precipitation than the Al–

5at.%Fe powder. However, the recrystallized fraction maps

in Fig. 6c, f shed more light. A much larger fraction of

substructured and deformed regions are observed in the as-

atomized Al–5at.%Fe powder than in the Al–2at.%Fe

powder. This may be explained due to the Al13Fe4 phase

being present, thus pinning the structure and preventing

recrystallization [43]. These deformed regions are areas of

strain within the material, and the substructured regions

consist of low-angle grain boundaries, which, by definition,

are arrays of dislocations [41]. These microstructural fea-

tures, specifically low-angle grain boundaries, present more

nucleation sites for precipitation of Al6Fe than are present

in the Al–2at.%Fe as-atomized powder [39]. Therefore,

because diffusion of Fe in Al is so minimal (diffusion

coefficient (D) of Fe in Al @ 500 �C = 10-16 m2 s-1 vs.

10-4 m2 s-1 for Al self-diffusion [1]), a large number of

diffusion pathways are less significant than a combination

of, first, localized Fe-rich regions and, second, nucleation

sites for Al6Fe precipitation.

Cryomilling-induced structural evolution

It is now seen that the starting structure in these powders

significantly influences the resulting phase formation.

Therefore, it is expected that cryomilling would induce

major changes to the powder structure and thus the re-

sulting phase formation. Again referring to Table 4, cry-

omilled powder is seen to have close to a 20 % higher

activation energy for Al6Fe precipitation than the as-at-

omized powder, irrespective of composition. To explain

this increased activation energy, it is important to discuss

two important effects of cryomilling: introduction of im-

purities and dispersoids, and severe plastic deformation of

the structure [25].

The chemical composition of the cryomilled powder is

shown in Table 2. One highly cited compositional benefit

of cryomilling is the incorporation of nitrogen into the

powder [44], which again is observed in Table 2. Nitrogen

has been shown to form a hexagonal AlN phase at the grain

boundaries and thus act in a Zener pinning mechanism,

retarding grain growth and thus increasing the thermal

stability of the alloy [44, 45]. These particles, in the

powder form, have been estimated to be on the sub-

nanometer scale and thus highly difficult to observe via

TEM; the volume fraction is also small enough to make it

difficult to observe via XRD [44]. In addition to the nitride

content, cryomilling breaks up the oxide layer on the sur-

face of the powder particles and incorporates these alumina

particles into the microstructure acting as further obstacles

to grain boundary mobility and as a diffusion barrier [36].

Table 5 Summary of activation

energies derived from Kissinger

plots

Material Activation energy for Al6Fe precipitation (kJ/mol)

As-atomized Al–2at.%Fe powder 160

As-atomized Al–5at.%Fe powder 149

Cryomilled Al–2at.%Fe powder 198

Cryomilled Al–5at.%Fe powder 196
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Cryomilling is a severe plastic deformation process and

therefore, by its nature, imposes significant deformation

into the material resulting in a high dislocation density. A

significant portion of dislocations rearrange into disloca-

tion walls with subsequent sub-cell formation and rotation

into high-angle grain boundaries, generating nanocrys-

talline-sized grains [25]. Consequently, the grain size of

both the cryomilled powders was refined to the nano-scale,

as observed in Fig. 7. This again introduced many more

random high-angle grain boundaries and a larger disloca-

tion density, both of which act as diffusion pathways for

mobile solutes in terms of grain boundary diffusion and

pipe diffusion [42]. However, as is the case with the as-

atomized powder, local concentration of Fe is the key in-

gredient for easy, or energetically favorable, precipitation

of Al6Fe. This can be understood by Fick’s laws whereby a

concentration gradient is the driving force for diffusion

[41]. As was mentioned earlier, cryomilling is an effective

method for dispersion as in the case of oxides, second

phases, and hard phases like ceramic reinforcements [25,

35, 46]. As a result, Fig. 7a–c shows that the once segre-

gated structure of Fe in the Al–2at.%Fe has been broken up

and well dispersed. In addition, the Al13Fe4 particles pre-

sent in the as-atomized Al–5at.%Fe powder were broken

up and dispersed (Fig. 7e). This dispersion effectively re-

duces the concentration gradients, thereby reducing the

driving force for diffusion relative to the as-atomized

powder, partially explaining the observed increase in ac-

tivation energy.

To explain the very significant increase in reaction en-

thalpy seen in Table 4 between the as-atomized and cry-

omilled powders, it is necessary to go back and look at the

amount of Fe in solution. As previously mentioned, the

enthalpy is indicative of the amount of phase formed [38].

Because of the intense deformation, upwards of 2.5 at.%Fe

was forced into solution in the cryomilled powders, as

documented in Table 3 and calculated using high-angle

XRD peaks. This Fe in solution within the Al matrix is a

source for Al6Fe precipitation upon heating, as demon-

strated continuously in the literature [1, 3, 5, 11], in con-

trast to the as-atomized powder which contained already-

formed intermetallics in the case of Al–5at.%Fe and a

range of solidification structures and a progression in phase

formation that had already occurred in the case of Al–

2at.%Fe (Fig. 2).

Lastly, comparing the XRD patterns for the Al–5at.%Fe

cryomilled powder (Fig. 7f) and the as-atomized powder

(Fig. 4), the Al13Fe4 peaks are stronger in the cryomilled

powder. Al6Fe peaks are also absent from the pattern,

while they were present in the as-atomized case. This

indicates a deformation-induced phase transformation from

the metastable Al6Fe phase to the Al13Fe4 phase during

cryomilling [47].

Conclusions

Al–2at.%Fe and Al–5at.%Fe powders were synthesized via

gas atomization using argon and helium gas atomization,

respectively. Cooling rates upwards of 106 K s-1 were

achieved resulting in a solidification structure with de-

creasing cooling rate as follows: a-Al cells bordered with

segregated Fe with low crystallinity ? cells ? dendrites

? addition of a-Al/Al6Fe eutectic ? addition of large Fe-

enriched regions ? fully formed, equilibrium Al13Fe4.

EBSD analysis was applied for the first time and demon-

strated that a larger fraction of low-angle grain boundaries

contributed to Al6Fe nucleation and precipitation more so

than a large fraction of high-angle grain boundaries. Cry-

omilling was shown to nanostructure the powder and dis-

perse the Fe-containing phases while subsequently forcing

2 at.%Fe into solution compared to negligible Fe in solu-

tion in the as-atomized state. Activation energy analysis

utilizing DSC and the Kissinger method demonstrated the

following order of importance for ease of Al6Fe pre-

cipitation: (1) localized regions/sources of Fe, (2) avail-

ability of nucleation sites, and (3) number of diffusion

pathways. In addition, metastable Al6Fe precipitation was

observed to occur in all cases upon heating to *300 �C
with a full phase transformation to equilibrium Al13Fe4
at *400 �C.
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