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Abstract
Silicon oxycarbide (SiOC) is a material with a number of advantageous properties that strongly depend on its structure. In 
this study, bulk SiOC ceramics are prepared from polymer precursors with different side groups (Si–H, Si–CH3, Si–CH=CH2, 
and Si–C6H5) to understand the influence of the C content and network on the structures and properties of the resulting SiOC 
ceramics. The influence of the side groups on the thermophysical characteristics, phase evolution, oxidation resistance, and 
electrical conductivity of the SiOC materials is systematically studied. The SiOC samples show superior thermal stability in 
the air atmosphere up to 690–860 °C. The highest electrical conductivity is 705.3 S m−1 at 403 °C, the highest to date for this 
family of materials and 3.5 times that of other reported studies. A new concept of free C connectivity is created to correlate 
with the electrical conductivity. This new conducting behavior with high thermal stability presents promising application 
potentials in high-temperature semi-conducting components.

1  Introduction

Polymeric precursors have been used to produce  
advanced ceramics at significantly lower temperatures 
than conventional powder processing. These precursors  
are polymers with a Si- and O-containing backbone, and 
can yield so-called polymer-derived ceramics (PDCs)  
via elimination of organic moieties. PDCs often contain 
amorphous phases (e.g., SiOC), in which nanocrystallites 
(such as SiC) and free C co-exist and the structure evolves 
with pyrolysis temperature [1]. Because of the formation 
of a homogeneous amorphous plus nanocrystalline mixed 
structure starting from polymer precursors containing 
Si–H, Si–CH3, Si–CH2CH3, Si–CH=CH2, and/or Si–C6H5 
bonds, SiOC is an exciting high-temperature material 
system that can produce a huge variety of compositions and 

microstructures, depending on polymer precursors as well as 
crosslinking and pyrolysis conditions. It has received much 
attention in recent years because of the tailorable chemical  
and physical properties that can be achieved by varying 
starting polymer compositions and synthesis conditions, 
and has been studied as electrodes [2, 3], porous ceramics 
[4, 5], chemical reactors [6], fibers [7], lightweight structural 
materials [8], and gas storage media [1, 9].

SiOC ceramics can be expressed as SiO2(1 − x)Cx + yCfree, 
where x + y is the molar ratio of the C content relative to the Si  
content [10]. The compositions and structural characteristics 
of these materials change continuously with the precursors, 
the conditions used to process the precursors, and any fillers 
that might be employed [11]. The chemical compositions 
can be controlled by varying the molecular architecture of 
the organosiloxane precursors as well as the temperature 
and atmosphere of pyrolysis [12, 13]. Different C content 
influences the compositions, structural characteristics, phase 
changes, and subsequently performance of SiOCs. The free 
C, recognized for its turbostratic and/or graphitic nature, 
can be either advantageous or detrimental, depending on 
the specific application [14]. In inert atmospheres, the free 
C can be advantageous for the formation of SiC and other 
metal carbide phases via carbothermal reduction [10]. It 
can also improve thermal stability by inhibiting or retarding  
transitions from metastable states (oxycarbide phase) to 
more stable phases (SiC and SiO2) [11]. There is a growing 
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interest in SiOC systems of high C content because of their  
high electrical conductivity and high permittivity as anode  
materials for lithium-ion batteries [15, 16], temperature  
sensors, MEMS devices, and conductive coatings [8]. 
Various C-rich SiOC ceramics have been reported to 
exhibit good electrochemical performance in terms of  
lithium insertion/extraction [17–19]. However, when the 
free C amount is excessive, thermal oxidation in oxidative 
atmospheres can quickly degrade the SiOCs.

Various methods were reported for tailoring the chemical 
compositions of SiOCs with a high C content. For example, 
Hourlier et al. [14] used aromatic crosslinker divinylbenzene 
(DVB) and introduced a significantly higher C content com-
pared to tetramethyl-tetravinyl cyclotetrasiloxane (TMTVS). 
Crosslinking agents containing Si–CH=CH2 were also used 
to initiate hydrosilylation reaction [20] and increase the C 
content even though to a lesser extent. However, the effects 
of side groups of polymer precursors in the preparation and 
properties of SiOC bulk ceramics have not yet been system-
atically studied.

In this work, dense SiOC ceramics of varying C con-
tent were prepared using commercially available polysilox-
anes. The ceramization, phase evolution, thermal stability, 
and electrical conductivity of different C-containing SiOC 
ceramics were studied. The influence of side groups (Si–H, 
Si–CH3, Si–CH=CH2, or Si–C6H5), pyrolysis temperature, 
and C content on the thermophysical properties, phase 
evolution, oxidation resistance, and electrical conductiv-
ity of the SiOC ceramics was systematically studied. The 
SiOC ceramics have been characterized using X-ray dif-
fraction (XRD), Fourier transform infrared spectroscopy 
(FT-IR), thermogravimetric analysis (TGA), and Raman 
spectroscopy.

2 � Experimental procedures

All the chemicals were obtained from Gelest Inc., 
Morrisville, PA, USA. They were all of analytical grade and 
were used without further purification. To investigate the 
effects of different C-containing side groups from precursors,  
polyhydromethylsiloxane (PHMS, MW = 1400–1800  g/
mol, 20.00  wt% C in the monomer), vinyl-terminated  
polydimethylsiloxane (PDMS, MW = 5000–7000  g/mol,  
32.43  wt% in the monomer), polyvinylmethylsiloxane  
(PVMS, MW = 1000–1500  g/mol, 41.86  wt% in the  
monomer), and vinyl-terminated polyphenylmethylsiloxane  
(PMPS, MW = 2000–3000  g/mol, 61.76  wt% in the  
monomer) were used as starting materials. These precursors 
contain different amounts of C due to the Si–H, Si–CH3, 
Si–CH=CH2, and Si–C6H5 side groups involved (Fig. 1). 
2.1–2.4 wt% platinum–divinyltetramethyldisiloxane complex  
in xylene was used as a catalyst.

P D M S – 1 5 P H M S ,  P V M S – 1 5 P H M S ,  a n d 
PMPS–15PHMS samples were obtained by catalytic 
crosslinking of PDMS (or PVMS, or PMPS) and PHMS 
without using any solvent. The PDMS (PVMS or PMPS) 
to PHMS weight ratio was 85/15. First, solutions with 
the polymer precursor (PDMS or PVMS or PMPS) and 
PHMS were sonicated for 10 min and then mixed in a 
high-energy mill (SPEX 8000  M Mixer/Mill, SPEX 
Sample Prep, Metuchen, NJ, USA) for 10 min to form a 
homogeneous mixture. Next, the Pt catalyst (5 ppm rela-
tive to PHMS) was added, the mixtures were mixed again 
in the high-energy ball mill for 5 min, and then poured 
into aluminum foil molds. The mixtures were placed in a 
vacuum chamber and vacuumed for 10 min at 1500 mTorr 
to remove any bubbles in the solutions. The filled molds 
were then placed in an oven to crosslink at 50 °C for 12 h 

Fig. 1   Molecular structures of 
the polysiloxanes used in the 
study
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and then at 120 °C for 6 h. When crosslinking PHMS, 
only 2.5 ppm of the above Pt catalyst solution was added 
to slow down the crosslinking and avoid defect formation; 
other steps were the same. The crosslinking for the PHMS 
samples was realized through the hydrolysis of the Si–H 
bonds and then H2O condensation (see Fig. 4).

To prepare the samples for pyrolysis, the cured 
materials were first cut and polished to roughly 
13 mm × 13 mm × 3 mm size. Next, the samples were 
placed in a zirconia crucible between two graphite melts 
to reduce frictional forces due to the shrinkage of the 
green bodies during pyrolysis and allow for uniform 
outgassing of volatiles during ceramization. They were 
then put into a tube furnace (1730-20 Horizontal Tube 
Furnace, CM Furnaces Inc., Bloomfield, NJ). The sam-
ples were pyrolyzed in an Ar atmosphere with a flow 
rate of about 900 std cm3/min at 1000  °C, 1200  °C, 
1300 °C, and 1400 °C, respectively, with a heating rate 
of 1 °C/min for 2 h, then cooled to 400 °C with a rate 
of 1 °C/min, and finally cooled to 50 °C with a rate of 
2 °C/min. The pyrolyzed SiOC ceramic samples were 
named PHMS, PDMS–15PHMS, PVMS–15PHMS, and 
PMPS–15PHMS, respectively. Thus, four SiOC ceramics 
with different amounts of C were synthesized.

The bulk densities of the SiOCs were measured using 
the Archimedes method with water as the saturating and 
submersion medium. The phases were identified by XRD 
using an X’Pert PRO diffractometer (PANalytical B.V., 
EA Almelo, The Netherlands) with Cu Kα radiation (λ) 
1.5406 (Å) at a scan rate of 0.03°/s. The chemical bonds 
were evaluated using FT-IR (Nicolet 8700 with Pike 
GladiATR attachment, ThermoScientific, Waltham, MA, 
USA), recorded between 400 and 4000 cm−1 wavenumber 
with a resolution of 4 cm−1, and averaged between 64 
scans. The thermal stability of the SiOC samples after 
pyrolysis was investigated using a STA 449C Jupiter® 
analyzer (Netzsch-Gerätebau GmbH, Selb, Germany) 
from room temperature to 980 °C at a heating rate of 
5 °C min−1 and an air flow of 40 ml·min−1. The electrical 
conductivity of the samples was measured by a four-point 
probe configuration using a potentiostat (VersaSTAT 3, 
Princeton Applied Research, Oak Ridge, TN, USA) in 
an Ar environment from room temperature up to 700 °C. 
The measurement voltage and current were automatically 
adjusted during the measurements. Raman spectra were 
recorded on a Horiba spectrometer (JY Horiba HR 800) 
with an excitation wavelength of 514 nm produced by an 
Ar laser. The 900–3500 cm−1 spectral range was evalu-
ated using ten scans for each measurement. To determine 
the peak positions and the integral intensities of different 
bands, spectral deconvolution was performed.

3 � Results and discussion

3.1 � Thermophysical properties

Photographs of the green samples after crosslinking are 
shown in Fig. 2a. After reacting for 6 h at 120 °C, the PHMS, 
PDMS–15PHMS, and PVMS–15PHMS mixtures transformed 
from viscous, transparent liquids into hard and transparent 
solid samples, while the PMPS–15PHMS formed a gel with 
a sticky, milky appearance. This difference after crosslinking 
is due to the highly disordered structure of the PMPS with the 
presence of the phenyl group, which serves as a barrier for 
polymer chain alignment. The milky appearance is due to the 
corresponding light scattering effect.

The SiOC ceramics after pyrolysis at different temperatures 
are black and defect free (free of cracks, voids, etc.) (as shown 
in Fig. 2b). The unpolished surfaces are smooth and light 
reflecting, and the polished surface is totally black. Table 1 
shows the volume shrinkage, ceramic yield, and bulk density 
values for the four samples after pyrolysis. The volume shrink-
age for all the samples is in the range of 42.7–59.4%. For the 
same sample, there is no significant shrinkage difference with 
the pyrolysis temperature. At the same pyrolysis temperature, 
the volume shrinkage increases when the C content in the pre-
cursor increases. The ceramic yield values for all the samples 
range from 74.5 to 84.5%. At the same pyrolysis temperature, 
an increase in the precursor C content results in a decrease in 
the ceramic yield. For the same C content, the ceramic yield 
has no obvious change with the pyrolysis temperature increase.

The changes of the ceramic yield and volume shrinkage are 
related to the pyrolysis process. At low pyrolysis temperatures 
(800–1100 °C), the SiOC consists of a homogeneous network 
of mixed Si–O–C tetrahedra and free C species [12]. During 
the pyrolysis at 1100–1400 °C, main reactions take place as 
follows [21]:

(1)SiOC → SiO2(amorphous) + C(graphite) + SiC(β),

(2)
SiO2(amorphous) + 3C(graphite) → SiC(β) + 2CO(g) ↑ .

Fig. 2   Photographs of as-crosslinked (a) and pyrolyzed (b) samples. 
From left to right: PHMS, PDMS–15PHMS, PVMS–15PHMS, and 
PMPS–15PHMS
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Equation  (1) represents the SiOC phase separation 
into amorphous SiO2, SiC(β), and graphite (~ 1300 °C). 
Equation (2) indicates that at T > 1300 °C, a carbothermal  
reaction occurs between SiO2 and graphite, producing 
SiC(β) and CO gas. When introducing more C into the 
sample (PVMS or PMPS), the vinyl or phenyl groups 
lead to more volatile species and pyrolyze into more free 
C at high temperatures. Higher C formation in general 
leads to lower ceramic yield and higher volume shrinkage. 
Therefore, for the same composition, increasing pyrolysis 
temperature leads to more SiC formation and CO release, 
thus the ceramic yield decreases and the volume shrinkage  
increases. Due to the simultaneous phase evolution and  
evaporative species loss, the volume shrinkage and 
ceramic yield show large variations.

The densities for all the SiOC samples are in the range of 
1.56–1.94 g cm−3. At the same pyrolysis temperature, higher 
C content generally leads to lower bulk density (except 
for 1000 °C, at which the reactions according to Eqs. (1) 
and (2) are not extensive yet). This indicates that there is 
indeed more weight loss for higher C content samples, the 
impact is significant enough to affect the resulting densi-
ties at 1200–1400 °C. In general, with an increase in the C 
content, the volume shrinkage increases, the ceramic yield 
decreases, and the bulk density decreases in the wide tem-
perature range of 1200–1400 °C, even though measurement 
errors in sample dimensions introduce some inconsistency 
to this trend. This means that the increased C content in the 
precursors leads to more mass loss but higher free C content 
in the SiOC ceramics. Again, the simultaneous mass loss and 
phase evolution mean that the density change is not strictly 
linear.

3.2 � Structural evolution

The FT-IR results of the crosslinked materials are shown in 
Fig. 3. All the samples show sharp peaks at approximately  
750–865, 1256, and 2965 cm−1, characteristic of the Si–CH3 
group, and a broad peak in the 1000–1100 cm−1 range which  
can be assigned to Si–O–Si [22]. For the PHMS sample, the 
main absorption bands are associated with the Si–H bond 
(2160 cm−1), in addition to the Si–CH3 and Si–O–Si groups 
[2]. Compared to the other samples, the PHMS sample has 

Table 1   Volume shrinkage, 
ceramic yield, and density 
of the SiOC samples after 
1000–1400 °C pyrolysis

a Estimated error using the Archimedes method

PHMS (20.00 wt% C) PDMS–15PHMS 
(30.57 wt% C)

PVMS–15PHMS 
(38.58 wt% C)

PMPS–15PHMS 
(55.50 wt% C)

Volume shrinkage (%)
 1000 °C 43.70 ± 2.35 50.23 ± 1.54 57.12 ± 1.01 59.40 ± 3.23
 1200 °C 44.69 ± 1.20 52.31 ± 0.56 56.09 ± 0.23 56.32 ± 0.09
 1300 °C 42.73 ± 2.15 51.24 ± 0.78 58.21 ± 1.30 58.56 ± 2.40
 1400 °C 44.25 ± 0.39 51.23 ± 1.45 58.45 ± 0.47 59.11 ± 0.03

Ceramic yield (%)
 1000 °C 83.56 ± 1.74 79.12 ± 0.56 79.42 ± 0.65 78.96 ± 0.85
 1200 °C 80.29 ± 2.10 79.26 ± 0.78 77.41 ± 0.87 79.05 ± 1.20
 1300 °C 84.56 ± 0.29 75.03 ± 1.21 78.65 ± 0.45 78.64 ± 1.13
 1400 °C 83.43 ± 0.65 74.59 ± 2.43 78.42 ± 2.10 74.50 ± 1.65

Densitya (g·cm−3)
 1000 °C 1.86 ± 0.02 1.75 ± 0.02 1.82 ± 0.02 1.80 ± 0.02
 1200 °C 1.85 ± 0.02 1.78 ± 0.02 1.56 ± 0.02 1.58 ± 0.02
 1300 °C 1.88 ± 0.02 1.85 ± 0.02 1.68 ± 0.02 1.59 ± 0.02
 1400 °C 1.94 ± 0.02 1.83 ± 0.02 1.60 ± 0.02 1.64 ± 0.02

Fig. 3   FT–IR spectra of the PHMS, PDMS–15PHMS, PVMS–
15PHMS, and PMPS–15PHMS after crosslinking
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the highest intensity of the Si–H group. The crosslinking 
process for the PHMS sample is shown in Fig. 4a. We believe 
that with the presence of moisture (H2O species) in air, 
PHMS undergoes partial hydrolysis to produce PHMS–OH 
[23]. Poly-condensation crosslinking occurs between the 
PHMS and OH species and produces crosslinked PHMS, 
H2O, and H2 gas. The H2 and H2O evolution at this stage 
is associated with dehydrocoupling reactions between two 

Si–OH groups, and between Si–H and Si–OH, according to 
Eqs. (3) and (4) [14]:

(3)
≡ Si–OH + HO–Si ≡ ⟶Pt-catalyst ≡ Si–O–Si ≡ +H2O,

(4)
≡ Si–OH + H–Si ≡ ⟶Pt-catalyst ≡ Si–O–Si ≡ +H2.
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The band at 2160 cm−1 is typical of ν(Si–H) absorp-
tion, suggesting that part of PHMS still remains in the 
crosslinked network, due to incomplete hydrolysis. For 
the PVMS, PDMS, and PMPS samples, the main absorp-
tion bands are associated with Si–CH=CH2 (1400, 1600, 
and 3060  cm−1), and the shoulder peak is assigned to 
Si–CH2–CH2–Si (1120–1180 cm−1) [24]. In addition, only 
the PMPS sample demonstrates extensive Si-phenyl bonding 
at 694 and 730 cm−1 [22]. Compared to the intensity of the 
Si–CH=CH2 peak in Fig. 3, the Si–CH=CH2 peak of the 
PDMS sample is very weak. We believe this is because the 
molecular weight of the PDMS is relatively large and only a 
small amount of terminated vinyl groups exists. During the 
crosslinking process, most of the vinyl groups in PDMS are 
involved in the reaction, thus the remaining unreacted vinyl 
groups are negligible. The main chemical bonds found in the 
FT-IR spectra of the crosslinked polymers are summarized 
in Table 2.

Hydrosilylation reaction is often used for modifying sili-
con-based polymers. Si–H groups within the polymer back-
bone can easily react with vinyl groups of the precursors, as 
represented below [25]:

Due to the large number of available building blocks, 
including monomers, oligomers, and polymers, a wide 
variety of precursors can be employed in this strategy [25]. 
Hydrosilylation reaction is a versatile reaction that provides 
many benefits in relation to other crosslinking mechanisms.  
It can occur at room temperature in the presence of a  
catalyst. In this work, the Si–CH=CH2 of PDMS (or PVMS, 
PMPS) reacts with the Si–H bond in PHMS to produce a 
three-dimensional network structure and thus a higher 
ceramic yield. The ceramic yield values (74.5–78.4%) for the 
PDMS–15PHMS, PVMS–15PHMS, and PMPS–15PHMS 

(5)
≡ Si - H + H2C = CH - Si ≡ ⟶Pt - catalyst

≡ Si - CH2 - CH2 - Si ≡ .

are higher than those reported in the literature (66.5–71.9%) 
under the same conditions [13]. Figure 4b, c shows the  
reactions between PDMS (PVMS, PMPS) and PHMS,  
giving rise to hydrosilylation of the vinyl functional group 
with the Si–H-containing compounds.

Figure  5 shows the XRD patterns of different SiOC 
ceramics pyrolyzed at different temperatures. At a lower 
temperature of 1000  °C, small peaks centered at 26.2°  
and 44.4° are indexed to be graphite (JCPDS Card no. 
00-075-1621) in Fig. 5a [26]. The XRD patterns of all the 
samples (PHMS, PDMS–15PHMS, PVMS–15PHMS, and 
PMPS–15PHMS) pyrolyzed at 1000 °C show an amorphous 
structure with only the presence of the SiO2 halo centered 
at ~ 22° and the SiC peak at 35.7° [27], which means that the 
phase separation is about to happen. However, the tiny XRD 
peaks cannot indicate phase separation difference among 
the samples.

Figure 5b shows the XRD patterns of the SiOC sam-
ples pyrolyzed at 1200 °C. All the samples exhibit a very 
broad peak at ~ 22°, which is attributed to the presence 
of amorphous SiO2. The peaks centering at 35.7°, 41.5°, 
60.1°, and 71.9° are indexed to be β-SiC (JCPDS Card 
no. 01-073-1665) in the PMPS–15PHMS sample, indi-
cating that the crystallization of β-SiC is promoted with 
an  increasing C content. The small peaks centering at 
26.2° and 44.4° are indexed to be graphite. For the other 
three samples (low C content), the phase separation is less 
obvious, especially for the PHMS and PDMS-15PHMS 
samples. This means that the phase separation takes place 
at 1000–1200 °C in the high-C content samples, earlier 
than the low-C content samples. Excessive C accelerates 
the formation of graphitic carbon and the onset of SiC 
crystallization [24].

Figure 5c shows the XRD patterns of the SiOC sam-
ples pyrolyzed at 1300 °C. All the samples exhibit a very 
broad peak at ~ 22°, which again is attributed to amorphous 
SiO2, and the shoulder peaks centering at 26.2° and 44.4° 
are indexed to be graphite. The diffraction peaks at 35.7°, 
41.5°, 60.1°, and 71.9° correspond to the (111), (200), 
(220), and (311) crystalline planes of the β-SiC phase. The 
SiO2, SiC, and graphite diffraction peaks appear due to 
the phase separation of SiOC, as well as the carbothermal 
reduction of SiO2 into SiC by Eqs. (1) and (2). With further 
pyrolysis temperature increase, the β-SiC peaks become 
more intense, indicating an enhancement of β-SiC crystal-
lization. This is because the temperature increase, another 
important parameter influencing SiC crystallization, pro-
motes the carbothermal reaction and generates more SiC(β) 
[28–30].

With the pyrolysis temperature increase from 1300 to 
1400 °C, the SiO2 peak remains broad in all the sam-
ples (Fig. 5c, d), indicating that the domain structure is 
still highly disordered up to 1400 °C. The formation of 

Table 2   Major FT-IR peaks identified in the crosslinked polymers

Wavenumber (cm−1) Functional group References

694 Si–phenyl [22]
730 Si–phenyl [22]
750–865 Si–CH3 [22]
1000–1100 Si–O–Si [22]
1120–1180 Si–CH2–CH2–Si [24]
1256 Si–CH3 [22]
1400 Si–CH=CH2 [24]
1600 Si–CH=CH2 [24]
2160 Si–H [2]
2965 Si–CH3 [22]
3060 Si–CH=CH2 [24]
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crystalline SiO2 is believed to be hindered by turbostratic 
C layers [26]. This is because at higher temperatures 
(T > 1300 °C), the carbothermal reduction of SiO2 can 
take place at a low content of free C, by consuming the 
C phase [25]:

This reaction results in the evaporation of CO and SiO 
gaseous species. At T > 1300 °C with high C contents, 
SiC(s) and CO(g) are the major decomposition products 
according to

Equations (6) and (7) show that the C contents play 
an important role in the reduction of SiO2. With a higher 
C content, the carbothermal reduction of SiO2 produces 
more SiC, as observed for the PMPS–15PHMS and 
PVMS–15PHMS samples.

(6)SiO2(s) + C (s) → SiO(g) ↑ + CO (g) ↑ .

(7)SiO (g) + 2C (s) → SiC(s) + CO (g) ↑ .

3.3 � Thermal stability

SiOC is known for its thermal stability in inert 
atmospheres up to 1300 °C [8]. In this study, the major 
focus on the thermal stability is for air atmosphere, which 
is oxidative. The obtained TGA curves are presented in 
Fig. 6, which shows the mass change as a function of 
testing temperature. At 1400 °C pyrolysis temperature, the 
PHMS, PDMS–15PHMS, and PVMS–15PHMS samples 
are stable up to 864 °C (taking 2 wt% change as the cutting 
point) before a gradual weight gain up to 6.2, 3.5, and 
4.7 wt%, respectively, at 1000 °C. The main weight gain 
occurs above 800 °C. For the PMPS–15PHMS sample, 
however, the sample is stable up to 691 °C before a drastic 
weight loss for the 1400 °C pyrolysis condition, ~ 20 wt% 
at 980 °C. This means that with the high C content in 
this system, the thermal stability decreases significantly. 

Fig. 5   XRD patterns at different pyrolysis temperatures: a 1000 °C, b 1200 °C, c 1300 °C, and d 1400 °C
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At 1300 °C pyrolysis temperature, the PMPS–15PHMS 
sample is stable up to 708  °C before a weight gain 
of ~ 8.0  wt%, with the same trend as for the PHMS, 
PDMS–15PHMS, and PVMS–15PHMS samples after 
1400 °C pyrolysis. This is because the oxidative thermal 
degradation of the studied SiOC materials is related to 
phase separation, which is directly related to the pyrolysis 
temperature [31]. For the PMPS-15PHMS sample, lower 
pyrolysis temperatures (e.g., 1300 °C) lead to less phase 
separation, and higher pyrolysis temperatures (e.g., 
1400 °C) lead to more extensive separation and thus less 
stable SiOC microstructures [8].

Based on the SiOC compositions, there are three unsta-
ble sources—free C, SiOC clusters, and SiC. For the free 
C, tiny graphene layers with edge C atoms can be oxidized; 
the radical species on the surface of free C can also be 
easily oxidized [32]. In the 400–800 °C range, the spe-
cific oxidation mechanism is the combustion of the free 
C phase [33]:

At 800–1000 °C, it can be represented as

At temperatures > 1000 °C, SiC can be oxidized accord-
ing to [31]

Equation (8) leads to weight loss. Equation (9) causes 
the SiOC units to become more vulnerable to oxidation 
although it could lead to weight gain. Similarly, SiC 
oxidation could lead to weight gain. The low-C content 

(8)C(free) + O2(g) → CO
x
(g) ↑ .

(9)SiOC(s) + O2(g) → SiO2(s) + COx(g) ↑ .

(10)SiC(s) + O2(g) → SiO2(s) + COx(g) ↑ .

samples (PHMS, PDMS–15PHMS, and PVMS–15PHMS) 
show lower overall weight gain and indicate that SiOC or 
SiC oxidation is more dominant according to Eqs. (9) and 
(10). The high-C content sample (PMPS–15PHMS) shows 
higher weight loss at 1400 °C, meaning a higher amount 
of free C can be easily oxidized according to Eq. (8). As 
one of these phases (e.g., C) becomes unstable, it creates 
a more vulnerable system for thermal degradation due to 
the simultaneous oxidation of the free C and SiOC [8]. 
The low SiOC content is not effective for the formation of 
a protective SiO2 layer [34].

Based on the thermal stability results in Fig. 6, the SiOC 
materials are relatively stable up to 800 °C in air atmos-
phere. The mixed bond structure of the SiOC and the free 
C network play a key role in the thermal stability of these 
ceramics [35].

3.4 � Electrical conductivity

Figure 7 presents the electrical conductivity results for  
the different samples pyrolyzed at 1400 °C and for the  
PMPS samples pyrolyzed at different temperatures.  
Both the inverse of the temperature in °C−1 and the  
temperature in °C are provided as the x-axis for viewing 
convenience. Figure 7a shows the electrical conductivity  
change with the measurement temperature for the 1400 °C 
pyrolyzed samples. The PHMS, PDMS–15PHMS, and 
PVMS–15PHMS samples have much lower electrical  
conductivity compared to the PMPS–15PHMS sample.  
The conductivity increases from 18.7 S·m−1 at room  
temperature to 198.2 S m−1 at 620 °C for the PHMS. For the 
PDMS–15PHMS sample, the conductivity increases from 
23.3 S·m−1 at room temperature to 234.6 S m−1 at 415 °C. 
For the PVMS–15PHMS sample, the conductivity increases 
from 81.4 S·m−1 at room temperature to 232.8 S m−1 at 
315 °C. For the PMPS–15PHMS sample, the conductivity 
increases from 590.2 S·m−1 at room temperature to 705.3 
S·m−1 at 403 °C before dropping significantly.

Figure 7b shows the electrical conductivity change with 
the pyrolysis temperature for the PMPS–15PHMS sample. 
Higher pyrolysis temperatures lead to higher electrical con-
ductivity. At 1000 °C pyrolysis temperature, the conduc-
tivity increases from 22.5 S·m−1 at room temperature to 
140.4 S·m−1 at 700 °C. At 1200 °C pyrolysis temperature, 
it increases from 89.1 S·m−1 at room temperature to 313.6 
S·m−1 at 313 °C. At 1300 °C pyrolysis temperature, the 
increase is from 246.7 S·m−1 at room temperature to 664.2 
S·m−1 at 303 °C. At 1400 °C, the conductivity increases 
from 590.2 S·m−1 at room temperature to 705.3 S·m−1 at 
403 °C before dropping significantly.

Among all the samples studied, the highest electrical 
conductivity is 705.3 S·m−1. This is the highest value ever 
reported for this family of SiOC materials, 52% higher  

Fig. 6   TGA curves for the SiOCs of different precursor compositions 
and pyrolysis temperatures
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than what was reported in our earlier work [8] and at least 
3.5 times of other reported values [36, 37]. The electrical 
conductivities of several SiOC ceramics are listed in Table 3, 
including the promising ones in this study. All the other 
reported results are considerably lower than that of the 
PMPS–15PHMS at ≥ 1300 °C pyrolysis condition. For the 
same pyrolysis temperature of 1400 °C, the conductivity of 
our samples is at least two orders of magnitude higher than 
the reported values [38].

Figure 7a, b also shows that for all the samples, the 
electrical conductivity increases up to a peak temperature 
before decreasing drastically. At the beginning of the 
measurement, as the temperature increases, the conductivity 
increases. This is believed to result from the electric 

field-assisted ordering of the C phase [42, 43]. The sudden 
increase followed by the sharp drop in electrical conductivity 
is related to the further phase separation of SiOC into free C 
and SiC crystallites [8, 32]. Since the electrical conductivity 
has been conducted in Ar, the oxidation based on Eqs. (8) 
and (9) can be eliminated. With the simultaneous presence 
of high temperature and electrical field, the SiOC structure 
is destabilized. With the significant reorganization of the 
microstructure and species, the electrical conducting path 
is destroyed.

Assuming that the peak electrical conductivity tempera-
ture can be used as an indicator of the SiOC stability under 
an electric field at elevated temperatures, the impact of the 
electric field on the degradation acceleration can be shown 

Fig. 7   a Electrical conductivity curves for the SiOCs pyrolyzed at  
1400  °C with different C contents, and b electrical conductivity  
change with pyrolysis temperature for the PMPS–15PHMS  
sample. The inserts show the degradation temperatures under  

different conditions (TT thermal degradation temperature, TTE  
thermal + electric degradation temperature, TD degradation  
temperature decrease under the electrical field)

Table 3   Comparison of the 
electrical conductivity of 
several SiOC ceramics

Type of SiOC ceramics Conductivity (S m−1) References

PMPS–15PHMS (1400 °C pyrolysis) 705.3 (403 °C) Present study
PMPS–15PHMS (1300 °C pyrolysis) 664.2 (303 °C) Present study
PVMS–15PHMS (1400 °C pyrolysis) 232.8 (315 °C) Present study
PDMS–15PHMS (1400 °C pyrolysis) 234.6 (415 °C) Present study
PHMS (1400 °C pyrolysis) 198.2 (620 °C) Present study
SiOC (80 wt% DVB) 464.0 (350 °C) [8]
SiOC–TiCxOy (30 wt% TiO2) 503.0 (400 °C) [32]
SiC (at 1400 °C pyrolysis temperature) 0.31 (R.T.) [39]
SiOC (1400 °C pyrolysis) 7.1 (R.T.) [38]
SiOC (sintered at 1550 °C) 200.0 (300 K) [36]
PMS (at 1400 °C pyrolysis temperature) 1.0 (1500 °C) [37]
PPS (at 1400 °C pyrolysis temperature) 100.0 (1500 °C) [37]
Turbostratic C and graphite 1–105 (R.T.) [40]
Polyorganosiloxane–divinylbenzene (50 wt%) 

(1100 °C pyrolysis)
2.3 (R.T.) [41]
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as listed in Fig. 7. Since the measurement was carried out 
in an Ar atmosphere, SiOC oxidation degradation effect can 
be ignored. As it shows, the electric field accelerates the 
SiOC degradation (through accelerated phase separation) by 
119–549 °C. Compared to our earlier electrical conductiv-
ity measurement in air at elevated temperatures [8, 32], the 
electrical field has a dominant effect on the degradation of 
the SiOC thermal stability.

Among the phases present in the SiOC samples (C, SiO2, 
SiOC, and SiC), free C should be the conducting phase. 
However, free C can exist as amorphous C, turbostratic C, 
and graphitic C. To better understand the influence of the 
specific C species on the electrical conductivity, the change 
of the C contents in the SiOC materials has been evaluated 
using Raman spectroscopy and presented in Fig. 8.

Figure 8a shows the Raman spectra of the SiOC sam-
ples at 1400 °C pyrolysis temperature. The D band locating 
at ~ 1350 cm−1 is ascribed to the defects and disordering in 
the free C, whereas the G band (in-plane vibrational mode) 
at 1592–1606 cm−1 is attributed to the ordered graphitic 
structure [44]. The broad Gʹ band at 2682 cm−1 and the weak 
band around 2934 cm−1 can be assigned to a combination 
of the defect/disordering and graphitic mode (G + D), which 
are observed for the PVMS–15PHMS and PMPS–15PHMS 
samples. The D and G peaks shift to lower vibrational fre-
quencies and there is a reduction in the full width at half 
maximum (FWHM) of the D band with an increasing C 
content. As a general rule, the more s-character in a hybrid-
ized orbital will lead to a stronger bond, shorter bond 
length, and higher wavenumber in the Raman spectrum. 
A sp2-hybridized orbital contains 33.33% s-character and 
a sp3-hybridized orbital contains 25% s-character. Thus, 
the G bond (sp2) shows a higher wavenumber than the D 
bond. With an increasing carbon content in the SiOC sys-
tem, a more disordered carbon structure will form, which is 

consistent with the increasing intensity of the D bond. With 
less sp2-hybridized orbitals and the s-character, a weaker 
bond will form, which means that the longer bond length 
will cause the Raman peak to shift to a lower wavenumber.

Figure  8b shows the Raman spectra of the 
PMPS–15PHMS samples obtained at different pyrolysis 
temperatures. The free C phase of the SiOC samples dis-
plays the typical spectrum of highly disordered C with 
broad and strongly overlapped D and G bands. With the 
pyrolysis temperature increase, the free C phase under-
goes reorganization to form more ordered C from 1000 to 
1300 °C. To determine the peak positions and the integral 
intensities of different bands, Raman peak deconvolution 
has been performed. The fitted spectra (Fig. 8b insert, using 
the Gaussian function in the Raman spectroscopy software) 
illustrate three contributions centered at around 1345, 1500, 
and 1595 cm−1. The two intense, broad bands at 1345 and 
1595 cm−1 are related to the D1 (turbostratic C) and G bands 
(ordered C) of polycrystalline graphite, whereas the D3 band 
at 1500 cm−1 indicates the presence of amorphous C in the 
samples [45–47]. When the pyrolysis temperature increases 
to 1400 °C, the broad Gʹ band at 2682 cm−1 and the weak 
band around 2934 cm−1 can be assigned to a combination of 
the graphitic and disordered C (G + D). The D1 and G peaks 
shift to higher vibrational frequencies and there is a reduc-
tion of the D and G band widths with increasing pyrolysis 
temperature. This is because with increasing pyrolysis tem-
perature, an enhancement of turbostratic C crystallization 
occurs, which means the s-character will increase due to the 
more sp2-hybridized structure. The stronger bond (the higher 
energy of the sp2 bonds) pushes the vibrational frequency of 
the bonds higher and hence the wavenumber of the bond in 
the Raman spectrum goes higher.

The structural evolution of the free C phase dispersed 
in the SiOC ceramics can be quantified based on the XRD 

Fig. 8   Raman spectra of a SiOCs at 1400 °C pyrolysis and b PMPS–
15PHMS at different pyrolysis temperatures. The insert in b shows 
the deconvoluted spectra of the PMPS–15PHMS sample pyrolyzed 

at 1000 °C (the deconvoluted spectra of the PMPS–15PHMS sample 
pyrolyzed at 1200  °C, 1300  °C, and 1400  °C are similar to what is 
shown in the insert)
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and Raman spectroscopy results (Figs. 5, 8). The integrated 
area percent of the XRD patterns for free C (44.4°) and 
SiC (35.7°, 60.1°, 71.9°) of each sample pyrolyzed at dif-
ferent temperatures can be used for comparison purpose. 
At the pyrolysis temperature of 1400 °C, the PHMS and 
PDMS–15PHMS samples have much lower turbostratic 
and graphitic C compared to the PVMS–15PHMS and 
PMPS–15PHMS samples. The graphitic C is 1.87, 2.10, 
7.95, and 11.37  wt% for the PHMS, PDMS–15PHMS, 
PVMS–15PHMS, and PMPS–15PHMS samples, respec-
tively. The turbostratic C is 3.57, 4.74, 18.44, and 27.39 wt% 
for the PHMS, PDMS–15PHMS, PVMS–15PHMS, and 
PMPS–15PHMS samples, respectively. At the same time, 
the SiC content fluctuates. The free C phase embedded 
within the matrix increases the electrical conductivity com-
pared to SiO2 [48]. Previous structural studies have shown 
that besides bonding to silicon, the majority of the C species 
are bonded to other C atoms to form nanodomains of sp2 free 
C, existing as turbostratic C or graphene-like sheets [49]. A 
well-dispersed free C phase is believed to be composed of 
turbostratic C and graphene-like C. Both C phases appear to 
be tightly bonded to the glassy matrix [44, 48]. The contents 
of the turbostratic and graphitic C and the interconnectivity 
of the C network are believed to exert a major influence on 
the electrical conductivity. High fractions of the turbostratic 
C (~ 27.39 wt%) and ordered C (~ 11.37 wt%) with sp2 
hybridization result in high conductivities for the pyrolyzed 
PMPS–15PHMS [40]. For the PHMS and PDMS–15PHMS, 
the lower conductivity is contributed to the lower free C con-
tent (5.44–26.39 wt%). However, SiC does not seem to have 
an impact on the electrical conductivity due to its discrete 
distribution in the SiOC matrix, resulting from the lower 
amount.

As expected, both turbostratic and graphitic C contents 
increase as the C content in the polymer precursors 
increases. However, the SiC content fluctuates with the 
polymer precursor change but with no direct correlation 
with either the free C or the polycrystalline C content 
(overlapping with each other due to the absence of the 

amorphous C). The specific SiC content is related to the 
intrinsic pyrolysis behavior of the polymer precursors. This 
means that the polycrystalline carbon is the deciding factor 
for the electrical conductivity. With the C content increase 
in the polymer precursor side group, the polycrystalline 
carbon content increases, which in turn leads to higher 
electrical conductivity for the pyrolyzed SiOC. Even with 
the pyrolysis temperature increase and continuous phase 
separation, the turbostratic C and graphitic C contents still 
increase. The only decrease is the amorphous C content, 
which also leads to free carbon content decrease. Thus, the 
total free carbon amount is not an effective gauge of the 
electrical conductivity. It also shows that the SiC formation 
is inversely proportional to the amorphous C content. The 
C species in SiC comes from the amorphous C. When the 
C species evolve into bonded C species (both turbostratic 
C and graphitic C), the tendency to bond with Si greatly 
diminishes and is unlikely to form SiC.

For the same sample, the amount of free C decreases with 
the pyrolysis temperature increase. Although the free C con-
tent decreases due to the sharp decrease caused by the amor-
phous C decrease, the turbostratic C and ordered C contents 
increase. From the Raman peak analysis, the increase in the 
electrical conductivity of the SiOC ceramics with increas-
ing pyrolysis temperature is attributed to an increase in the 
sp2 C bonds. A high fraction of C with sp2 hybridization 
results in high conductivities of the pyrolyzed SiOC materi-
als. Clearly, the total C content is not an effective parameter 
for the electrical conductivity prediction.

C nanofibers are composed of a mixture of defective 
C (corresponding to the turbostratic C in this study) and 
graphitic C. On average, the electrical conductivity is ~ 1000 
S·m−1 [50–52]. If we define the C phase connectivity as 1 
for C nanofibers, then the C connectivity under different 
pyrolysis conditions for the SiOCs in this work can be 
obtained as shown in Fig. 9. It shows that polycrystalline C 
content can affect the electrical conductivity exponentially. 
At room temperature, the general relation is

(11)y = 0.072exp
(

x

4.360

)

− 22.873.

Fig. 9   Correlation of  
polycrystalline C content with 
a electrical conductivity and b 
connectivity

5 10 15 20 25 30 35 40

0

100

200

300

400

500

600

700

800 (a) 

RT
 C

on
du

ct
iv

ity

Pe
ak

 C
on

du
ct

iv
ity

C
on

du
ct

iv
ity

 (S
/m

)

Polycrystalline C content (wt%)
5 10 15 20 25 30 35 40

0.0

0.1

0.2

0.3

0.4

0.5

0.6

0.7

0.8

Polycrystalline C content (wt%)

 (b) 

Pe
ak

 C
on

du
ct

iv
ity

RT
 C

on
du

ct
iv

ity

C
on

ne
ct

iv
ity



	 L. Wang et al.

1 3

395  Page 12 of 13

For the peak electrical conductivity at high temperatures, 
the general relation is

where y is the conductivity, S·m−1; x is the polycrystalline 
C content, wt%. The highest C connectivity sample has the 
highest electrical conductivity of 705 S·m−1 even though the 
polycrystalline C content is only 38.76 wt%. Figure 9 also 
shows that at ~ 35% C, the electrical conductivity and the C 
connectivity drastically increase. We believe that this is the 
connectivity threshold value for the studied SiOCs.

Comparing Fig. 9a and b, it should be noticed that the 
polymer precursor effect on the electrical conductivity is 
far less than the pyrolysis temperature effect for the studied 
systems. The fundamental reason is that the ordering of the 
polycrystalline C directly determines the conductivity and 
not the total amount of C. High pyrolysis temperatures can 
significantly increase the C ordering and connectivity.

There have been increasing needs for high thermal sta-
bility and high electrical conductivity materials. For the 
PMPS–15PHMS (at 1300 °C pyrolysis temperature), this 
semi-conducting behavior with high thermal stability pre-
sents promising application potentials in high-temperature 
semi-conducting components. When the C ordering is too 
high (e.g., 1400 °C), the corresponding oxidation vulner-
ability renders the system unsuitable for high-temperature 
use. Our future studies will focus on increasing the electrical 
conductivity without compromising the thermal stability of 
different SiOC systems.

4 � Conclusions

SiOC ceramics derived from polysiloxane-based polymers 
with different side groups (Si–H, Si–CH3, Si–CH=CH2, and 
Si–C6H5) have been investigated. The effects of C content 
on the phase evolution, thermal stability, and electrical con-
ductivity of SiOC ceramics are examined. With an increase 
in the C content, the volumetric shrinkage increases, the 
ceramic yield decreases, and the bulk density also generally 
decreases in the wide temperature range of 1200–1400 °C. 
Phase separation takes place at 1000–1200 °C in the high-C 
content samples, much earlier than the low-C content sam-
ples. These SiOC composites demonstrate high electrical 
conductivity and thermal stability. In the Ar atmosphere, for 
the PMPS–15PHMS, the highest electrical conductivity is 
705.3 S·m−1 at 403 °C, 52% higher than the results from our 
earlier work and more than 3.5 times of other results. Such 
high electrical conductivity is closely related to the high 
fraction of C with sp2 hybridization and increased ordering. 
A connectivity concept is introduced to explain the electrical 

(12)y = 0.004exp
(

x

3.303

)

+ 202.543,

conductivity. The high-C SiOCs have promising application 
potentials in high-temperature semi-conducting components.
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