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ABSTRACT Spontaneous pattern formation during epitaxial
growth or ion erosion of semiconductor wafers offers an elegant
route towards large-area nanostructured surfaces. In homoepi-
taxy, kinetics may result in rather uniform three-dimensional
islands. In the case of semiconductor heteroepitaxy, strain re-
lief leads to the formation of nanofaceted three-dimensional
crystallites, which may self-organize into quasiperiodic arrays.
By tuning substrate miscut and film thickness, or growing su-
perlattices, a variety of patterns with different symmetries can
be obtained, as will be summarized for the model system of
SiGe on Si(001). Since these self-organized nanostructure ar-
rays cover the entire wafer on which they are grown, they can
serve as large-area nanopatterned substrates for subsequent de-
position of magnetic thin films. It will be demonstrated that
such templates allow the study of correlations between magnetic
and chemical interfacial roughness, as well as the influence of
pattern symmetry on the magnetic anisotropy of thin Co films.
Furthermore, shadow deposition of magnetic material onto spe-
cially faceted nanostructure arrays allows the fabrication of
nanomagnet arrays and the study of their magnetic properties.

PACS 68.55-a; 68.37.Ps; 75.70.-i; 75.75.+a

1 Introduction

The search for efficient fabrication techniques for
nanostructured surfaces is an important issue within the field
of nanotechnology since, due to decreasing structure sizes, the
“top-down” approach using lithography techniques becomes
more and more expensive. Currently, there are two alternative
approaches towards nanostructured surfaces under considera-
tion. The first is based on modern scanning-probe-microscopy
(SPM) techniques such as scanning tunnelling microscopy
(STM) or atomic-force microscopy (AFM), where nanostruc-
tures are achieved by either manipulating single atoms [1] or
by using the probe as a stylus or pen to “write” structures with
dimensions of a few tens of nanometers [2]. The considerable
time exposure of these methods can be overcome by operating
more than one probe in parallel. The successful implementa-
tion of a 32 ×32 tip array [3] has to be considered as a very
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promising step towards efficient SPM-based nanostructure
fabrication. The second – rather elegant – approach is the con-
cept of nanostructure formation by self-organization, where
atoms or molecules spontaneously arrange in rather uniform
aggregates forming large-area nanopatterns. This “bottom-
up” phenomenon can be observed at surface reactions [4],
during epitaxial growth [5, 6], and even in erosion of sur-
faces by ion bombardment [7]. The resulting patterns can be
divided into one-dimensional (1D) ripple structures and two-
dimensional (2D) nanostructure arrays, as is sketched in Fig. 1
for the case of epitaxial growth. Although self-organized
nanostructure formation occurs also on metal and insulator
surfaces, at present semiconductor substrates (especially sili-
con) are advantageous because of their superior quality, large
size and long-term stability. In particular, the widely and in-
tensively studied strained-layer semiconductor heteroepitaxy
can be regarded as a model system for nanostructure self-
organization on solid surfaces [8, 9]. Here, large-area arrays
of rather regular and uniform nanostructures are obtained sim-
ply by growing semiconductor thin films under appropriate
conditions. The self-organization approach has the disadvan-
tage of having less control on structure, size and shape of
the nanostructures compared to man-made structuring. How-
ever, for nanotechnology applications where uniformity of
structures has priority over special size and shape require-
ments, this concept promises to become a cost-efficient route
towards large-scale arrays of nanostructures. A prominent ex-
ample is the utilization of self-organized quantum dots for
optoelectronic applications [10]. A second potential appli-
cation results from the fact that these nanostructure arrays
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FIGURE 1 Schematic presentations for spontaneous pattern formation in
epitaxial growth: a 1D ripple pattern due to bunching of preexisting substrate
steps. b 2D array of faceted crystallites
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cover the area of the entire semiconductor wafer – for sili-
con up to 300 mm in diameter – on which they are grown.
Thus, they can serve as large-area nanopatterned templates
for subsequent deposition of various materials. Depositing
magnetic material onto these templates gives easy access to
nanostructured magnetic thin films and in conjunction with
the technique of shadow deposition even nanomagnet arrays
can be efficiently created [11]. Thus, the combination of self-
organized semiconductor surfaces and thin-film magnetism
represents an interesting variant within the broad efforts of
fabricating magnetic nanostructures [12–14] for future data-
storage applications.

Here, we will first review the different routes towards self-
organized semiconductor nanostructure arrays. The broad
spectrum of possible nanopatterns obtained in strain driven
self-organization will be exemplified for Stranski–Krastanov
growth of SiGe alloy layers on the technologically rele-
vant Si(001) surface. Nanostructure formation in semicon-
ductor homoepitaxy and under ion erosion will be briefly
illustrated for Si/Si(001) growth and Ar+ ion bombard-
ment of GaSb(001), respectively. In the second part, it
will be demonstrated how self-organized patterns can serve
as templates to efficiently fabricate various nanostructured
magnetic thin films. Examples are presented for the in-
fluence of pattern geometry on magnetic roughness and
magnetic anisotropy. Finally, the fabrication of large-area
nanomagnet arrays by grazing-incidence deposition of Co
onto a specially nanofaceted SiGe covered Si template is
demonstrated.

2 Experimental

The SiGe single films and the SiGe/Si superlattices
presented here have been grown by solid-source molecular
beam epitaxy (MBE) on 4-inch vicinal Si(001) wafers, with
the substrate mostly kept at 550 ◦C. For the details of substrate
vicinality, growth conditions and sample structures the reader
is referred to [15]. The GaSb(100) sample was bombarded
with 500-eV Ar+ ions under normal incidence with an ion
current density of about 5 ×1016 cm−2 [7]. During ion sputter-
ing, the substrate temperature was kept below 100 ◦C by water
cooling. The surface morphologies of the semiconductor tem-
plates have been investigated with a Digital Instruments Mul-
tiMode AFM under ambient conditions. For each image pre-
sented, the color-scale range is given with bright correspond-
ing to higher surface features. For the shallow SiGe nanos-
tructures, conventional Si3N4 tips and sharpened Si tips were
sufficient to obtain high-resolution images. In order to provide
high spatial resolution of the ion-bombarded sample, plasma-
sharpened high-density carbon (HDC) tips as well as carbon
nanotube (CNT) tips with an opening angle less than 4◦ and
tip radius of ≤ 5 nm have been used. Integral information on
nanostructure arrangement and their three-dimensional (3D)
shape has been obtained by analyzing 2D power spectra and
histograms of orientations of the local surface normals calcu-
lated from the AFM topographs.

On the native-oxide-covered self-organized SiGe films,
thin Co films were grown by dc magnetron sputtering [16]
or by pulsed-laser deposition (PLD) [11]. To avoid cobalt
silicide formation and oxidation of Co, the film was em-

bedded between two Cu films. To ensure long-term sta-
bility, these sandwiches were finally capped with an Au
film [11] or a passivating Al layer [16]. Figure 2 shows
the general sample composition and illustrates the deposi-
tion geometries for normal incidence and shadow deposi-
tion. Growth was performed under conditions that ensured
smooth films [16, 17]. For normal incidence (Fig. 2b), this
results in continuous films that coherently cover the self-
organized templates, as has been verified by AFM. Under
appropriate grazing incidence conditions only selected facet
types are exposed to the particle beam (Fig. 2c), result-
ing in an array of separated Co nanostructures. Longitudi-
nal magneto-optic Kerr effect (MOKE) measurements were
recorded as a function of the azimuthal sample orienta-
tion to reveal possible anisotropies in the in-plane magne-
tization of the continuous films and the nanomagnets. To
study the structural and magnetic roughness of the contin-
uous Co films, diffuse X-ray resonant magnetic scattering
(DXRMS) measurements were performed using circularly
polarized X-rays tuned to the L3 absorption edge of Co
(E = 775 eV) [16]. To allow an intensity mapping far out in
reciprocal space and to ensure constant-penetration-depth azi-
muthal transverse scans, I(Ω) were measured under a fixed
angle of incidence (θ = 3◦) rather than recording I(2θ) rock-
ing curves.

FIGURE 2 Sample structure and deposition conditions for magnetic thin
films on semiconductor nanostructures in cross-sectional presentation.
a General sample structure: On the native oxide of the SiGe film a Cu/Co/Cu
sandwich is grown. The final cap layer is either of Al or Au. b Normal
incidence onto a self-organized semiconductor surface resulting in a con-
tinuous magnetic thin film. c Shadow deposition by grazing incidence on
a nanofaceted semiconductor template resulting in deposition onto selected
facets only. The arrows represent the direction of incidence
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3 Self-organized semiconductor nanostructures

3.1 Pattern formation in heteroepitaxy

In the presence of lattice mismatch, strain builds
up during heteroepitaxial growth because the film starts to
grow with the lattice constant of the substrate. As a conse-
quence, the growth is influenced by elastic and plastic strain-
relaxation mechanisms. For the case of compressive strain –
as for Ge/Si growth, where the Ge lattice constant is 4.2%
larger than that of Si – the resulting stages of strain relief are
illustrated in Fig. 3. The first stage is the growth of a uni-
formly strained wetting layer, consisting of one or several
monatomic layers where strain is partly vertically relieved
by tetragonal distortion (Fig. 3a). In addition, lateral strain
relief can occur, resulting in surface reconstruction. Never-
theless, the elastic energy increases in this uniformly strained
wetting layer with film thickness. Thus, at a certain num-
ber of smooth layers, the film may become unstable against
a long-wavelength corrugation of the surface, the so-called
Asaro–Tiller–Grinfeld instability [18], and finally 3D islands
(crystallites) are formed. The latter situation corresponds to
the Stranski–Krastanov growth in the thermodynamic clas-
sification of growth modes [19]. The crystallites that form
initially are coherently strained (Fig. 3b) [20]. The increase
of surface energy is overcompensated by a decrease of strain
energy due to elastic strain relaxation towards the bulk lattice
constant in the upper parts of the crystallites. If this mechan-
ism is no longer sufficient to relieve strain, plastic strain relief
sets in by introducing misfit dislocations at the film/substrate
interface. This results in dislocated crystallites that are fully
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FIGURE 3 General scenario of strain relief in heteroepitaxy for the
case that the lattice constant of the film exceeds that of the substrate.
a Pseudomorphic growth of tetragonally distorted wetting layer. b Formation
of coherently strained 3D islands. The arrows indicate the direction of elastic
strain relief. c Strain relaxation by introduction of misfit dislocations in the
3D islands

relaxed at the top, i.e. having the bulk lattice constant of the
film material (Fig. 3c). In principle, in all three stages for-
mation of self-organized surface patterns can be observed.
However, the scheme presented in Fig. 3 is very general and
has to be modified whenever considering a particular growth
system.

For solid-source MBE of pure Ge films or Si1−xGex alloys
on Si(001), the following sequence of strain relief mechan-
isms has been established [15]. Here, emphasis will be on
the morphological properties. For a detailed discussion on
the underlying mechanisms the reader is referred to a recent
review [9].

The first stage of strain relief in Si1−xGex/Si(001) is the
formation of a (2 ×n) surface reconstruction [21–23]. There,
about every 9th dimer is missing in the dimer rows of the
original Si(001) - 2 × 1 reconstruction. The resulting dimer
vacancies, which allow lateral strain relief, self-organize into
well-ordered rows [24]. In a second stage, ripple formation by
step-bunching of the pre-existing steps of the vicinal Si(001)
substrate is observed [25] where the ripple distance can be tai-
lored by varying the polar miscut angle of the substrate [15,
26]. The ripples have a symmetric triangular cross-section and
consist of an extended (001) terrace on the one side and a step
bunch with doubled step density compared to that of the sub-
strate on the other side [15]. Originally, this effect has been ex-
plained solely by a strain-driven phenomenon [27]. Recently,
it has been shown for polar miscut angles less than 1◦ that the
step bunching occurs in the Si buffer layers commonly grown
prior to Ge deposition [28, 29], and is mainly due to a kinetic
growth instability [30]. For polar substrate miscuts of 2◦, how-
ever, the kinetically induced buffer layer morphology does
not show ripples at the employed growth temperature [31],
whereas the subsequently grown SiGe films do show a rip-
pled morphology [9, 26]. Thus, for large miscut substrates we
have to assume a significant strain-driven contribution to the
observed ripples. Figure 4 shows such a rippled morphology
for a 2.5-nm Si0.55Ge0.45 film grown on a Si(001) substrate
with a 2◦ miscut towards [100]. The corresponding 2D power
spectrum (inset of Fig. 4a) exhibits a clear split peak. From its
position and its width, a predominant ripple spacing of 72 ±
10 nm is determined. The average height of the ripples is about
1.5 nm, as can be seen from Fig. 4b.

In a third stage, coherently strained SiGe crystallites
form, which are bounded by {105} facets [32]. The char-
acteristic of the Ge(105) face is that it has a strained re-
bonded step structure, as found recently [33]. In a single
SiGe film grown under the conditions used here, their base
shape is predominantly rectangular, resulting in a “hut”
shape [32]. They form an interlocked array with a broad
size and shape distribution [34, 35]. Uniformity of size and
shape improves a lot when growing a SiGe/Si superlat-
tice [34]. This is demonstrated in Fig. 5, showing the 20th
alloy layer of a 20 × (2.5-nm Si0.25Ge0.75/10-nm Si) multi-
layer stack. The morphology is dominated by rather uni-
form four-sided {105}-faceted pyramids that tend to ar-
range in a close-packed square array (Fig. 5b). Thus, the
entire surface is covered by the {105} facets, which are
tilted 11.3◦ with respect to the (001) surface. The result-
ing 2D power spectrum shows four narrow peaks and even
second-order peaks, indicating the high degree of unifor-
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FIGURE 4 Step-bunched ripple formation in SiGe films grown on large-
miscut Si(001) substrates. a 2.5 µm× 2.5 µm AFM image of a 2.5 nm
Si0.55Ge0.45 film grown on a Si(001) misoriented 2◦ towards [100], color
scale range: 5 nm. The inset shows the corresponding 2D power spectrum.
b Three-dimensional AFM image to emphasize the shallow ridge structure of
the ripples with slopes of about 2◦ with respect to the nominal surface. Please
note that the vertical scale is exaggerated by a factor of about 8

mity present. From quantitative analysis of the 2D power
spectra [15, 34] an average of 85 ± 12.5 nm has been ob-
tained for the edge length of the pyramid bases, resulting
in an average pyramid height of 8.5 ±1.3 nm. The observed
self-organization is due to strain mediation through the Si
spacer layers causing not only a lateral but also a 3D self-
organization of the crystallites with vertical stacking in the
superlattice [36]. This effect is rather general and has also
been observed in III–V semiconductor superlattices (see for
example [37]). In the case of a strong elastic anisotropy of the
spacer layer, as for the IV–VI superlattices PbSe/Pb1−xEuxTe
grown on PbTe, deviations from the vertical stacking can be
observed [38, 39].

It should be noted that ordering of {105} crystallites can
also be achieved in single layers. For example, when growing
a 2.5-nm Si0.25Ge0.25 film on a substrate with 2◦ polar miscut
towards [100], as used for the sample presented in Fig. 4, the
ripple structure guides the later-evolving {105} “hut” crystal-
lites into chains with a very narrow distribution of their base
width [15, 26].

FIGURE 5 Strain mediated self-organization of {105} facetted SiGe crys-
tallites in a SiGe/Si superlattice grown on Si(001). a 1 µm × 1 µm AFM
image of the 20th alloy layer of a 20× (2.5 nm Si0.25Ge0.75/10 nm Si) multi-
layer film, color scale range: 20 nm. The inset shows the 2D power spectrum
calculated from a 5 µm× 5 µm image. b 3D AFM image to emphasize the
laterally close-packed array of the four-sided SiGe pyramids. Please note that
the vertical scale is exaggerated by a factor of about 4

At the next stage of strain relief, 3D crystallites with facets
steeper than {105} arise, allowing the islands to grow larger,
resulting in multifaceted “dome” crystallites [40]. The facets
that have been observed are {113} (tilt angle 25.2◦) [41],
{102} (26.6◦ tilt angle) [40], {15 3 23} (tilt angle 33.6◦) [41,
42]. Finally, the islands have (001) terraces on top, resulting in
mesa structures. In the dome stage, where the shape and size
distribution of the crystallites is rather broad, to our know-
ledge no arrangement into a self-organized pattern has been
observed so far.

With the steeper facets evolving, plastic strain relief sets in
by the formation of misfit dislocations (for a review see [43]).
Misfit dislocations in Ge and SiGe on Si(001) are 60◦ dis-
locations that glide on a {111̄} plane. They manifest them-
selves at the surface by ridges and troughs [41] that are
extended in either [110] or [1̄10] directions. At a sufficiently
high density of dislocations, a misfit dislocation network
occurs at the substrate/film interface that manifests at the
surface as a so-called “cross-hatch” pattern [41]. The pat-
tern is characterized by a network of very straight ridges
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and troughs along 〈110〉, which may extend over several tens
of micrometers. Under certain preparation conditions, pyra-
midal {105}-faceted islands align in 〈110〉 directions and
decorate in this way the misfit dislocations [44]. This pref-
erential nucleation of pyramid-like islands on top of misfit
dislocations has been utilized to create regular island arrays
that are guided by an underlying network of misfit dislo-
cations, which has been created by rather complex growth
procedures [45, 46]. However, the resulting crystallite dens-
ity is small. A simple technological way is a two-stage
growth process originally dedicated to fabricating strain-
relaxed SiGe virtual substrates [47]. There, the SiGe growth
is started at low growth temperatures, just above the amor-
phization temperature. In the second stage, growth proceeds
at 550 ◦C, the usual growth temperature. The dislocation
network and the {105}-faceted islands form simultaneously
when increasing the growth temperature. This interplay of
dislocation-network evolution and crystallite formation re-
sults in chains of pyramidal crystallites that are very straight
and extend over tens of micrometers [48]. By applying ion-
assisted MBE [49], the density of the crystallite chains can
be increased to a close-packed chain array [48]. This is
demonstrated in Fig. 6, which shows an 80-nm Si0.7Ge0.3
alloy film of which the first 30 nm have been grown under
simultaneous 1 keV Si+-ion bombardment at 150 ◦C. The
morphology is clearly dominated by a dense crosshatch pat-
tern that is decorated by uniform pyramid-like islands. The
periodicity of these crystallites in the 〈110〉 directions is about
190 nm, as obtained from the 2D power spectrum (inset of
Fig. 6a). Only a few small areas exhibit an interlocked ar-
ray of disordered hut crystallites. In the dense dislocation
areas, however, we observe a surprisingly uniform surface
pattern (Fig. 6b) that looks like a man-made structure rather
than a spontaneously formed one. The pattern is best de-
scribed by a checkerboard array of four-sided pyramids and
pits. The histogram of orientations of local surface normals
reveals that the pattern consists of {105} facets, which have
a rhombic shape that deviates only slightly from a square
(acute angle of 88.9◦). The edge length of the rhombs is about
95 nm [9].

The driving force for this pattern is assumed to originate
again in the special elastic properties of the Ge{105} facet.
Optimizing the growth conditions, we expect to increase the
areas of perfect order from about 1 µm (now) to several tens
of micrometers. For a fixed Ge concentration and therefore
fixed lattice misfit, we could not change the periodicity of
the pattern and thereby the size of the nanofacets. First at-
tempts using tuneable dislocation networks by twist wafer
bonding [50] resulted in significantly smaller crystallite sizes
which, however, lacked the uniformity obtained here.

The selection of self-organized SiGe nanopatterns pre-
sented in Figs. 4 – 6 already demonstrates a surprising diver-
sity in pattern geometry, and structure size and shape, which
is obtained by utilizing the strain-relief mechanism in one
particular heteroepitaxial system (for more variations see [9,
15]). These mechanisms have been found to occur also in
III–VI, II–VI, and IV–VI heteroepitaxial systems, resulting
in similar patterns where the structure size, facet orientation,
etc. is determined by the particular growth system. Because of
the large parameter set (which can be even increased by dy-

FIGURE 6 Regular nanofacet array due to the interplay of a disloca-
tion network and island formation. a 10 µm ×10 µm image of an 80 nm
Si0.7Ge0.3 film grown in a two-stage process (see text) on Si(001), color scale
range: 15 nm, inset: 2D power spectrum calculated from a 20 µm× 20 µm
image. b 3D AFM image of the area with a dense dislocation network framed
in a showing a checkerboard array of {105} faceted pyramids and pits. The
vertical scale is exaggerated by a factor of about 4

namic variation of growth conditions), a further improvement
of ordering as well as an abundance of novel self-organized
patterns in semiconductor heteroepitaxy is expected.

3.2 Nanostructure formation in homoepitaxy

For a long time, efforts in semiconductor homoepi-
taxy were focused on understanding atomic processes in the
early growth stages and on the fabrication of high-quality
smooth buffer layers (for recent reviews of these efforts on
Si surfaces see [51, 52]). To ensure smooth growth fronts,
low miscut substrates (a few tenths of a degree) are used and
growth conditions are chosen that enable step-flow growth,
where the growth front is copied from layer to layer. However,
also in semiconductor homoepitaxy, 1D and 2D nanostruc-
ture arrays can be achieved. As already mentioned in Sect. 3.1,
it has recently been clarified that in certain temperature
ranges kinetic growth instabilities cause 1D ripple arrays in
Si/Si(001) homoepitaxy [28, 30]. By exploring the growth
at slightly higher miscut (1–2◦ with respect to Si(001)), the
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formation of 2D-like zigzag patterns has been observed [31].
Since these growth structures also exhibit a surprising uni-
formity, Si homoepitaxy on vicinal substrates offers another
route – even simpler than heteroepitaxial growth – for fabri-
cating nanostructured self-organized surfaces.

A promising example is presented in Fig. 7, which shows
the surface morphology of a 10-nm Si film grown by chemical
vapour deposition on a vicinal Si(001) substrate with a 4◦ mis-
cut towards [110] (for details see Sect. 2.2 of [9]). As one can
see from the large-scale image (Fig. 7a), there are 3D crystal-
lites with preferential base edges along the close-packed 〈110〉
direction. The arrangement of the crystallites on the surface is
isotropic, as is reflected in the ring structure of the correspond-
ing power spectrum (labelled A in the inset of Fig. 7a). From
the radius of the ring (dashed line) the preferential separation
of the crystallites of 280 nm is deduced. The high-resolution
AFM image presented in Fig. 7b (especially when looking at
the rims of the image) reveals a mesa-like shape for the crys-
tallites. Analysis of the histogram of the orientations of local
surface normals [9, 41] reveals a (001) terrace on top (tilted
by 4◦ with respect to the nominal surface) and the existence
of {113} facets tilted 25.2◦ with respect to (001). The average

FIGURE 7 Uniform multifaceted crystallites in homoepitaxy on vicinal
Si(001) substrates. a 10 µm× 10 µm image of a 10 nm Si film grown by
chemical vapor deposition on Si(001) misoriented 4◦ towards [110], color
scale range: 15 nm, inset: corresponding 2D power spectrum. b 3D AFM
image revealing the mesa shape of the crystallites. The vertical scale is ex-
aggerated by a factor of about 4. The ring in the 2D power spectrum marked
A originates from the isotropic arrangement of the islands whereas the four
spots (B) reflect the size of (001) tops of the mesas

edge length of these terraces (determined from the position
of the peak marked B in the 2D power spectrum) is about
140 nm. To account for the substrate miscut, the () facets are
larger than the (113), as is seen in the image rim along [110].
According to the facet analysis, there are shallow {117} facets
inserted (11.4◦ tilt angle), resulting in a less abrupt transition
from {113} to (001). The mean height of these multifaceted
crystallites is about 15 nm [9].

3.3 Ion-bombardment-induced self organization

It is well known that ion bombardment of solid sur-
faces causes surface roughening, which is fully undesired in
applying ion sputtering for surface cleaning or layer removal.
However, it has also been known for quite a time that ion ero-
sion may result in microscopic self-organized 1D and 2D sur-
face patterns [53] similar to the ones sketched in Fig. 1 for epi-
taxial growth. Initiated by modern SPM techniques, this phe-
nomenon is now intensively explored on the nanometer scale
because it also bears the potential for large-scale nanostructur-
ing of solid surfaces. Ripple formation has been found under
oblique ion incidence for both metal surfaces [54] and semi-
conductor surfaces [55]. It is explained by a competition of
curvature-dependent sputtering yield and surface-diffusion-
induced smoothing [56]. Bombardment-induced 2D nanos-
tructures are frequently observed on fcc single-crystal metal
surfaces, where the shape of the structures is significantly
determined by surface geometry and the kinetics of surface
diffusion [57–61]. However, for semiconductor surfaces, it
took until 1999 to discover ion-bombardment-induced 2D
nanostructure arrays [7]. For low-energy Ar+-ion bombard-
ment of GaSb(001) under normal incidence, a hexagonally
ordered “dot” pattern evolved from an initially flat surface.
Figure 8 shows high-resolution AFM images of this self-
organized morphology, obtained after 500-eV Ar+-ion bom-
bardment [62]. The 2 µm×2 µm image (Fig. 8a) reveals do-
mains of hexagonally close-packed dot arrays with a lateral
dimension ≤ 0.5 µm. Due to the random azimuthal orienta-
tion of these domains, a ring-like power spectrum is observed.
The high degree of self-organization is evident by the appear-
ance of up to four orders of this ring structure. From the radius
of the inner ring and its width, an average dot diameter of
43 nm ±10% has been determined [62]. Figure 8b presents
an AFM topograph in 3D presentation, recorded with a car-
bon nanotube tip, allowing us to resolve tilt angles in the
depressions between the dots up to 80◦. Line scans through
the centers of the 20–25-nm high dots have almost a semi-
spherical shape with a continuously changing slope, indicat-
ing that the 3D dot shape is a spherical calotte rather than
a cone. The fact of a non-faceted dot shape is supported by the
observation of a 2-nm-thick amorphous surface layer after ion
irradiation [63]. It is worthwhile mentioning that the order-
ing does not depend on surface orientation. The same pattern
has been measured for ion-bombarded GaSb(111) substrates
as well as for amorphous GaSb [63]. This fact can also be
explained by the surface amorphization. Still, the question re-
mains as to why the ordering is hexagonal. Investigations of
the temporal evolution of the pattern showed that the self-
organized morphology, once established, is stable for very
long sputtering times, and the predicted kinetic roughening
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FIGURE 8 Ion bombardment induced hexagonal dot array. a 2 µm×2 µm
AFM image of GaSb(001) bombarded with 500 eV Ar+ under normal inci-
dence for 600 s, color scale range is 50 nm, inset: corresponding 2D power
spectrum. b 3D AFM topograph recorded with a carbon nanotube AFM tip.
It reveals the hemispherical shape of the resulting nanostructures. In contrast
to common presentations the vertical scale is not exaggerated

accompanied by a disappearance of the ordering [64] has not
yet been observed [62]. It should be noted that the same self-
organization effect with very efficient ordering is obtained
under oblique ion incidence and simultaneous azimuthal sam-
ple rotation [65]. Hexagonal dot patterns are not only found
on III–V semiconductors but also on Si(001), however, with
a lower degree of ordering [66]. As all these dot patterns have
been fabricated at rather low substrate temperatures, resulting
in surface amorphization, they exhibit non-faceted nanostruc-
tures with rather continuously changing slopes. Therefore,
they represent an interesting template class complementing
the possibilities offered by the nanofaceted epitaxial patterns
(Sect. 3.1 and 3.2).

4 Magnetic thin films on self-organized templates

4.1 Magnetic roughness

With decreasing thickness of magnetic thin films
used, for example in magnetoelectronic devices, the film in-
terface becomes more and more important. If these films
are embedded in non-magnetic material, there are two inter-
faces: a chemical boundary and a magnetic boundary [67].
The latter is defined by the outermost atoms of the magnetic
film that do follow the applied magnetic field. Modern syn-

chrotron radiation facilities now provide the tools to distin-
guish between both boundaries [68, 69]. This is in particu-
lar possible using DXRMS mesurements [16, 70–72]. There,
azimuthal transverse scans are recorded using elliptically po-
larized photons with an energy tuned to an absorption edge
of the magnetic material. Scattered intensities I+(Ω) and
I−(Ω) are measured with the photon helicity parallel (+) or
antiparallel (−) to the film magnetization M. The average
intensity Iave(Ω) = 1/2(I+ − I−) corresponds to the charge
scattering and reflects the chemical roughness. The differ-
ence ∆I(M,Ω) = I+(Ω)− I−(Ω) is element specific. It was
first identified as purely magnetic scattering, however, a sub-
sequently developed theory identified ∆I(M,Ω) as a cross-
correlation of charge and magnetic scattering [73]. The dif-
fuse components of Iave(Ω) and ∆I(M,Ω) can be analyzed in
terms of the rms roughness σ , the lateral correlation length ξ ,
and the roughness exponent α [9, 16]. The detailed theoretical
formalism for the interpretation of DXRMS measurements
given in [73] allows us to extract the roughness parameters of
the pure magnetic roughness. However, below we will restrict
ourselves to a qualitative interpretation of the results.

In one of the early studies of magnetic roughness using
DXRMS, magnetic thin films grown on self-organized semi-
conductor templates have already been included [16]. The
results are summarized in Fig. 9 (for details see [9, 16]), which
shows ∆I(M,Ω) and I(Ω)ave transverse scans for 2-nm
Al/2-nm Co/1-nm Cu/2-nm Co sandwiches deposited onto
a smooth Si(001) wafer (Fig. 9a) and a Si(001) substrate cov-
ered by an alloy-terminated 40 × (2.5 nm Si0.25Ge0.75/10 nm
Si) multilayer film (Fig. 9b). For each sample, 1 µm×1 µm
AFM images of the corresponding sandwich surfaces are
also presented. The sandwich grown on a smooth Si(001)
wafer has an featureless morphology with a small rms rough-
ness of 0.27 nm. The surface of the sandwich deposited onto
the self-organized {105}-faceted pyramids still reveals the
morphology of the underlying SiGe template (which is very
similar to the one presented in Fig. 5a [35]). The rms value
of σ = 3.8 nm is the same as that for the corresponding SiGe
substrate [35]. Thus, one can conclude that the interfacial
roughness of all individual films in this sample is dominated
by the template morphology. The corresponding DXRMS
results are surprisingly different. For the smooth template,
the diffuse component of ∆I(M,Ω) is significantly smaller
and narrower than that of I(Ω)ave, indicating that the mag-
netic roughness is smoother but has a larger lateral correlation
length than the structural roughness. This behavior is rather
general for magnetic thin films deposited onto smooth sub-
strates independent of the fact of whether they are covered by
a non-magnetic cap layer [16, 70, 72] or are uncapped [71].
In contrast, for the nanofaceted template (Fig. 9b) ∆I(M,Ω)
and I(Ω)ave are identical (within the uncertainty of the meas-
urement). In other words, in this case the structural and the
magnetic boundaries are completely correlated. Because the
same was observed for deposition on an interlocked array of
non-uniform {105}-faceted hut crystallites [9], we have to as-
sume that the behavior is triggered by the existence of the
nanofacets. In Fig. 10, cross-sectional sketches of the upper
Al/Co interface are presented to qualitatively explain the dif-
ferent behaviors on a smooth and a nanostructured substrate.
The randomly rough film (Fig. 10a) has structural asperities
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FIGURE 9 ∆I(M, Ω) and I(Ω)ave transverse scans of 2 nm Al/2 nm Co/
1 nm Cu/2 nm Co sandwiches sputter deposited onto different templates:
a a smooth Si(001) wafer and b a Si(001) wafer covered by an alloy
terminated 40× (2.5 nm Si0.25Ge0.75/10 nm Si) multilayer film with a self-
organized array of {105} faceted SiGe pyramids (see Fig. 5). All scans are
recorded with samples oriented azimuthally such that the [100] direction
is parallel to the plane of incidence. The scans are normalized at Ω = 0.
The insets represent 1 µm× 1 µm AFM images of the corresponding film
morphologies, color scale range: 10 nm (a) and 30 nm (b)

at the interface where the atoms are poorly coupled to the bulk
magnetization. The magnetic moments of these atoms are not
able to follow the magnetization reversal, and thus effectively
do not contribute to the magnetic roughness. Thus, the mag-
netic roughness is smoother and has a larger lateral correlation
length than the structural roughness. On the {105}-faceted
interface segments tilted by 11◦, there is obviously a better
coupling of the magnetic moments at the Co interface to those
in the bulk, as is sketched in Fig. 10b. This picture also agrees
with the finding that the structural interfaces in the sandwich
grown on the smooth substrate are more jagged than the ones
on the patterned templates [9]. In a theoretical investigation
it has indeed been revealed that the magnetization of random
surfaces is more reduced than that of nanofaceted ones [74].

4.2 Magnetic anisotropy

Besides magnetic roughness, self-organized semi-
conductor templates also allow the systematic study of mag-
netic anisotropy as a function of the template symmetry. Here,

FIGURE 10 Sketch of the structural interface (solid line) and the magnetic
boundary (dashed line) of a magnetic thin film with bulk magnetization M.
a Film with random interfacial roughness: The sharp asperities do not con-
tribute to the magnetic interface resulting in a larger lateral correlation length
and a reduced rms value of the magnetic roughness. b Nanofaceted film:
The structural and the magnetic interface are nearly identical. The vertical
scales are exaggerated for better visibility of the different interfaces in both
schemes

preliminary results of in-plane MOKE measurements are pre-
sented using templates that just match the symmetries illus-
trated in Fig. 1. In Fig. 11, hysteresis loops are shown for
a 2-nm Cu/2-nm Co/2-nm Cu film deposited on the rippled
SiGe surface shown in Fig. 4. There is a rectangular-shaped
loop when applying the magnetic field along the ripples
(Fig. 11a) and an s-shaped loop with field direction perpen-
dicular to the ripples. In the latter case, the squareness MR/MS
(derived from the ratio ωo/ωS of the Kerr signals at zero mag-
netic field and in saturation, respectively) decreases to about
0.6. In other words, the 70-nm-rippled template causes a uni-
axial in-plane anisotropy of the 2-nm Co film with the easy
axis of magnetization parallel to the ripples. In the second ex-
ample, the same sandwich is deposited onto a close-packed
array of four-sided {105}-faceted pyramids (see Fig. 5). Fig-
ure 12 shows the squareness of the hysteresis loops as a func-
tion of the azimuthal sample orientation. Here, a slight four-
fold anisotropy is observed. The easy axes are along the 〈100〉
directions, i.e. parallel to the base edges of the pyramids, and
the hard axes are along the 〈110〉 directions. Contrary to this,
the ordered chains of hut crystallites [15, 26] mentioned in
Sect. 4.1 caused a uniaxial anisotropy with the easy axis par-
allel to the long base edges of the crystallites.

5 Fabrication of nanomagnet arrays

Driven by the efforts of the magnetic recording
industry to fabricate ultrahigh-density storage devices, fabri-
cation and characterization of magnetic nanostructures, also
called nanomagnets, become crucial. In the search for effect-
ive and inexpensive ways to fabricate large-area arrays of
magnetic nanostructures, a variety of self-organization phe-
nomena are explored as technologically simple alternatives
with respect to man-made techniques (see recent reviews such
as [13, 14]). Here, we propose the application of grazing-
incidence deposition of magnetic material onto self-organized
nanofaceted semiconductor surfaces, where shadowing re-
sults in the deposition of selected facets only. For this pur-
pose, the templates have to fulfil certain requirements [9].
First, structure size and periodicity should be sufficiently
small to yield a high density of nanomagnets. Second and
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FIGURE 11 In-plane hysteresis loops measured by longitudinal MOKE for
a 2 nm Cu/2 nm Co/2 nm Cu film grown by pulsed laser deposition on the
step bunched SiGe template presented in Fig. 4. Hysteresis loops are meas-
ured in [01̄0] (a) and [1̄00] (b) orientations. In b the Kerr signal at zero
magnetic field, ωo, and the Kerr signal in saturation, ωS, are indicated. The
insets with 1 µm× 1 µm AFM images of the template illustrate the corres-
ponding orientation of the magnetic field with respect to the ripples

FIGURE 12 Squareness (MR/MS) of the hysteresis loops for an 2 nm
Cu/2 nm Co/2 nm Cu sandwich grown by pulsed laser deposition on the
regular array of four-sided pyramids of the SiGe film presented in Fig. 5. The
left inset is a 1 µm×1 µm AFM image of the surface of the Co film, color
scale range: 20 nm. Arrows are shown to identify the orientation of the mag-
netic field with respect to the pyramids for a given azimuthal angle ϕ. The
right inset shows the hysteresis loop for the [01̄0] orientation

equally important, the facet structure of the template should
be such that the resulting nanomagnets are separated from
each other. An ideal candidate for fabricating isolated nano-
magnets would be a template that exhibits just three types
of nanofacets, because this allows the exclusive coverage of
one selected facet type under grazing-incidence deposition.
The {100}-faceted NaCl(111) surface [75] and NaCl thin
films grown on Cu(211) [76] provide such a morphology;
indeed, {100}-faceted NaCl(111) has been used as a tem-
plate for shadow deposition of Fe [77]. However, from an
applications point of view, sodium chloride as a substrate
material has severe disadvantages. A native-oxide-covered
Si1−xGex film grown on the technologically most relevant
Si(001) substrate is much more promising in this respect. Fig-
ure 13 presents such a nanofaceted surface that originates
from a strain-driven step-bunch-to-facet transition [26] oc-
curring in a 2.5-nm Si0.55Ge0.45 film grown on Si(001) with
a 4◦ miscut towards [1̄1̄0]. It shows a distinct zigzag structure
(Fig. 13a). The polar plot of the histogram of orientations of
local surface normals (inset of Fig. 13a) reveals the existence
of {1̄05} and {01̄5} facets and (001) terraces. By transform-
ing the three peaks of the histogram back into a topography
image, we found that the (1̄05) and (01̄5) facets are surpris-
ingly uniform parallelograms with short edges of about 25 nm
and long edges of 35 nm, and an acute angle of 47◦ (Fig. 13b).
They form chevron-like chains. Their areal density is about
0.25 ×1012/in2. The (001) facets are predominantly squares
with a size of 35 nm by 35 nm. The facets form a close-packed
array, causing the observed size uniformity. Figure 13b shows
a 3D model of the ideal nanofacet arrangement [15]. It re-
minds us of a pattern frequently used by M.C. Escher to
pretend three-dimensionality. Here, however, the pattern is
indeed three dimensional, and deposition geometries can be
realized that result in an exclusive covering of one type of
the parallelogram-shaped {105} facets. Figure 13c shows
a scanning electron (SEM) image of a shadow-deposited 2-nm
Co/2-nm Cu double layer [11]. It exhibits bright patches that
are identified as the Co-covered (1̄05) nanofacets [11], while
the continuously deposited crosscheck sample does not show
any distinct contrast in SEM. The area fraction of the bright
patches is 0.25 ±0.02, which is in excellent agreement with
the surface coverage one would expect from the model pre-
sented in Fig. 13b.

Figure 14 shows MOKE hysteresis loops for selected sam-
ple orientations of both the shadow-deposited sample and the
continuous film, whereas the squareness versus the azimuthal
orientation of the external field is plotted in Fig. 15. In order
to increase the Kerr signal of the shadow-deposited sample,
the thickness of the Co film was increased to about 5 nm [11].
There are two significant differences between the two sam-
ples. Firstly, the shadow-deposited film reveals saturation
fields in the range of kOe, which is ten-times higher than
the fields observed for the homogeneous film. Secondly and
most importantly, there is a change in the magnetic anisotropy.
The nanostructured ferromagnets exhibit a strong uniaxial
anisotropy. Along the [1̄00] direction, an s-shaped hystere-
sis is found with almost vanishing remanence, whereas the
easy axis of magnetization is in [010], i.e. parallel to the long
edges of the (1̄05) facets. In Fig. 15a, the theoretical depen-
dence for an ideal uniaxial behavior normalized to the max-
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FIGURE 13 Fabrication of large-area nanomagnet arrays by shadow depo-
sition of magnetic material onto a self-organized semiconductor template.
a 1 µm× 1 µm AFM image of a 2.5 nm Si0.55Ge0.45 film grown on vici-
nal Si(001) substrate with a 4◦ miscut towards [1̄1̄0], color scale range is
5 nm, inset: 2D histogram of the orientations of local surface normals calcu-
lated from the image after correction for the substrate miscut. The histogram
is displayed as a polar plot, with the white circle marking a polar angle of
15◦. It reveals the existence of (001), (1̄05), and (01̄5) facets. b 3D model
of the ideal facet arrangement (to scale). The (001) facets (white) are square
shaped with 35 nm long edges parallel to 〈100〉. The (1̄05) and (01̄5) facets
are parallelograms that are arranged in a chevron array. If this surface is
shadow deposited under the direction indicated by the red arrow only the
(1̄05) facets (red) are coated. Their dimensions are indicated in the sketch
below the model. c 360 nm × 360 nm SEM images of the template shown
in a after shadow deposition of a 2 nm Co/2 nm Cu double layer. The red
arrow denotes the (projected) orientation of the evaporation and the white
parallelogram denotes size and orientation of the (1̄05) facets

imum of the experimental results is also given. The contin-
uous film (Fig. 15d) has nearly isotropic magnetic behavior,
although some uniaxial contribution can be identified with
easy and hard axes along [110] and [1̄10], respectively [11].

FIGURE 14 Longitudinal MOKE hysteresis loops measured in 〈100〉 and
〈110〉 orientations for shadow deposition and normal incidence deposition
onto the nanofaceted template shown in Fig. 13a,b. a Shadow deposition of
5 nm Co onto the Cu covered (1̄05) facets. b Continuous 2 nm thick Co film
prepared by normal incidence deposition. Arrows and insets are shown to
identify the orientation of the magnetic field with respect to the nanostruc-
tures for a given azimuthal angle ϕ. Note the different scales for the magnetic
field in a and b

The strong increase in the saturation field Hs for the shadow-
deposited film indicates that the creation of reversed domains,
and thus domain walls, is impossible due to the small lat-
eral size of the individual nanomagnets. Thus, one has to
assume the magnetization reversal by rotation [78], which
usually happens at higher fields. Summarizing, the MOKE
results indicate the existence of a large-area array of highly
ordered ferromagnetic nanostructures that show uniaxial in-
plane anisotropy and are probably single-domain nanomag-
nets. The obtained areal density is 0.25 ×1012/in2 predefined
by the facet arrangement of the template. The nanomag-
net base size, however, can be tuned from the entire facet
size to a smaller size by further reducing the polar angle
of incidence and varying the azimuthal angle. The example
demonstrates that shadow deposition of magnetic material on
nanofaceted, self-organized semiconductor substrates is an
efficient way of fabricating ultrahigh-density nanomagnet ar-
rays. The SiGe self-organized templates bear the potential
of being easily implemented in mainstream semiconductor
technology. However, it is doubtful that the degree of self or-
ganization can be increased so far that the nanomagnet density
achieved above can be fully utilized in non-volatile storage
devices such as magnetic random access memories [79]. In-
stead, applications are imaginable that do not rely on ideal
periodicity, such as artificial vortex pinning in superconduct-
ing films [80].
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FIGURE 15 Squareness (MR/MS) of the hysteresis loops as a function of
sample orientation with respect to the direction of magnetic field for the
shadow deposited sample (a) and the continuous film (b). The solid line in
a represents | cos(ϕ)| scaled to the maximum of MR/MS

6 Summary and outlook

Routes towards self-organized nanostructured
semiconductor surfaces have been reviewed, with emphasis
on nanostructure size, uniformity and pattern symmetry, i.e.
evaluating their potential usability as templates for prepar-
ing nanostructured magnetic thin films. These films can be
used to study fundamental aspects of magnetism at surfaces
and interfaces. Finally, it was demonstrated that nanomag-
net arrays with an areal density of 0.25 ×1012/in2 and sur-
prising uniformity can be created by shadow deposition of
self-organized nanofaceted semiconductor films. Using the
patterns presented here, many more possible nanomagnet ar-
rays are imaginable. One possibility is utilizing the different
sticking probabilities of the various nanofacets. One can also
imagine filling the pits of the checkerboard pattern (Fig. 6) or
the ion-bombardment-induced dot arrays (Fig. 8) with mag-
netic material by preferential nucleation.

It should be noted that self-organized semiconductor
surfaces may serve as templates for thin films of organic
material as well, like self-assembled monolayers, organic
crystallites and polymer films. Promising investigations have
been started, for example, for protein adsorption on ger-
manium nanopyramids [81]. Furthermore, it is thinkable to
use self-organized semiconductor nanostructures as a stamp,
like in nanoimprint technology [82], to transform the sur-
face patterns of other materials, like polymers, that are sub-

sequently used as nanopatterns themselves [83]. Utilizing
self-organized semiconductor substrates, which is still an in-
teresting subject of basic and applied research on its own, as
templates to create nanostructures of other material classes is
expected to support the exploration of novel physical phenom-
ena in fields like nanomagnetism, organic semiconductors and
nanocomposites.
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