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Abstract
The anisotropy of wire-arc additively deposited nickel-aluminum bronze alloy is studied bymicrostructure observation and room
temperature mechanical property testing. The applied heat treatments have effectively modified the as-fabricated {0 1 1} <2 1 1>,
{1 1 1} <1 1 0> texture into {1 1 1}. According to the microstructures, the single tempering has resulted in lowest anisotropy
while heat treatment with prior homogenization and quenching process induces even intensified annealing textures. However, as
shown by the tensile tests, the quenching process is necessary for favorable mechanical properties in the wire-arc additive
manufacturing fabricated nickel-aluminum bronze component; therefore, a balance between homogenization annealing and κ-
phase precipitation is indicated. Meanwhile, the function of κ-phase precipitates on grain rotation and growth during post-
production heat treatment is explained in detail.
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1 Introduction

Due to the excellent corrosion-erosion resistances in a seawa-
ter environment, nickel-aluminum bronze (NAB) is currently
widely used in the maritime industry as key component ma-
terial (propeller, pump, valve, gland) and surface protection
material for steel and aluminum components [1–4]. Currently,
NAB components are mostly fabricated by sand mold casting,
where porosity is an inevitable problem that reduces physical
properties and service performance [5]. Besides the process
defects, the cast NAB alloy also has microstructural problems.

The microstructure of cast NAB alloy mainly consists of
Widmanstätten α-phase, Ni-Fe-Al κ-phases, and martensitic
β-phase [6]. For cast NAB alloy, the α-phase coarse grains
induced by incidental thick regions during casting would sig-
nificantly decrease the yield strength; the eutectoid α + κIII
structure would induce severe selective phase corrosion; and
the retained β’-phase from high-temperature phase region
would accelerate the fatigue crack growth. In order to obtain
desired microstructure and physical properties, post-
production processes such as heat treatment [7], equal channel
angular extrusion [8], laser surfacing/cladding [9, 10], thermal
spraying [3], and friction stir surfacing [11] have been
employed. The mentioned processes can only solve the mi-
crostructural problems rather than the porosity process defect.
Therefore, a more reliable manufacturing method which can
intrinsically reach full density is desired.

In recent years, an additive manufacturing (AM) process
based on wire filling and robot-assisted arc deposition, so-
called wire-arc additive manufacturing (WAAM) process,
has been used to buildup NAB components [12]. Due to the
AM nature, WAAM can fabricate component from the CAD
environment to an actual part in a completely automatic pro-
cedure [13]. Compared with the powder-based AM processes,
the cost of WAAM is significantly lower [14]. Therefore,
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currently for maritime industries, WAAM is the only AM
process that can be applied. In addition, WAAM is capable
of directly manufacturing parts with full density due to the
high deposition energy [15]. To date, besides NAB alloy
WAAM has been successfully applied to fabricate Ti6Al4V,
iron aluminide, titanium aluminide, and copper aluminide
[16–21].

Due to the intrinsic good weldability, the free-forming and
full density of NAB alloy in WAAM can be easily reached by
cold metal transfer (CMT) process. After standard heat treat-
ment, competitive mechanical properties can be obtained in
the WAAM-fabricated NAB alloy compared with cast alloy
[22]. However, due to the oriented energy deposition during
WAAM, the induced material anisotropy leads to orientation-
dependent mechanical properties [23]. In the case of NAB
alloy, the anisotropy-induced strength difference could reach
40 MPa under as-fabricated condition [24], which causes un-
reliability in the manufactured part. The interface between two
NAB layers contains coarse α-phase and large martensitic β’-
phase which are significantly detrimental to mechanical prop-
erties. The most usual method modifying the anisotropy is
heat treatment [25]; it has been proved by the previous re-
search that the anisotropy in NAB alloy can be modified using
quenching-tempering process. With the increase of tempering
temperature, the anisotropy is reduced accordingly. However,
the crystallographic mechanism of such modification is not
clarified in detail yet.

Anisotropic tensile behavior has continuously been the ob-
stacle blocking metal AM processes being applied in the real
industry [12]. In polymer, AM processes such problem can be
avoided by directional weaving the plastic wires; therefore,
properties in certain orientation can be reinforced [26, 27].
However, the weavingmethod is literally unacceptable inmet-
al AM processes since the full density is a key requirement. It
has been found that the anisotropy of mechanical properties is
highly dependent on the texture and can be modified either by
adjusting the deposition energy in situ or using post-
production heat treatments [28, 29]. And for alloys which
contain significant columnar structures induced by AM pro-
cess such as Ti-based alloys, heat treatment is the effective
way of modifying anisotropic properties [30]. Especially for
Ti-6.5Al-3.5Mo-1.5Zr-0.3Si, the appropriate heat treatment
can transfer the columnar grain structure into entirely
equiaxed grains [31]. Therefore, in the current case, investi-
gation on the influence of heat treatment on the texture in the
WAAM-fabricated NAB alloy is significant for the further
reduction of anisotropic properties in such alloy and the real
industry application of WAAM technology.

The present research focuses on the crystallographic mech-
anism of anisotropy modification inWAAMmade NAB alloy
component. The role of microstructure in the location- and
orientation-dependent properties in WAAM-fabricated NAB
is investigated. Since the mechanical properties of WAAM-

fabricated NAB alloy have been studied in detail and that
columnar microstructure in the WAAM-deposited NAB has
induced a 40-MPa tensile strength difference between longi-
tudinal and normal directions, and the heat treatments can
significantly modify the interpass cyclic inhomogeneous mi-
crostructure of NAB alloy under as-fabricated condition [24],
the aim of this study is rather the characterization of the inter-
nal crystallographic structure, and the influences of corre-
sponding heat treatments on the κ-phase precipitates, than
the WAAM process optimization.

2 Experimental

2.1 Sample preparation

Bulk NAB alloy sample was deposited using the robotic
WAAM system developed in Shanghai Jiao Tong
University. The buildup process was performed using a
Yaskawa YR-MA1400 six-axis robot. The deposition power
source was chosen as a gas metal arc welding (GMAW) torch
using cold metal transfer (CMT) mode (Fronius CMT
Advanced 4000 R nc). In the current case, the NAB deposited
was built up using commercial 1.2-mm diameter ERCuNiAl
welding wire on a 10-mm thick as-cast QAl10-5-5 NAB alloy
substrate. Chemical compositions of both the filler wire and
substrate are shown in Table 1.

Specific deposition parameters are listed in Table 2. In the
present condition, the deposition pass dimensions, width and
height, were controlled at 9.5 mm and 0.9 mm respectively. To
prevent the multi-layer deposit from collapse, the interpass
temperature was controlled at 100 °C. The temperature of
the buildup deposit was measured using a K-type thermal
couple attached on the substrate with 2 mm from the buildup
block. Finally, with 53 layers deposited, a NAB deposit block
sized 100 × 100 × 100 mm (length × width × height) was ob-
tained. In addition, the weld passes were planned as a simple
zig-zag route in every single layer.

2.2 Material assessment

As listed in Table 3, three post-production heat treatments
were applied to the as-fabricated material. The designed heat
treatments aimed to investigate the influence of quenching
process on the tempered NAB alloy, since according to the
previous researches, the quench-tempered process can reduce

Table 1 Compositions of NAB filler wire and substrate (wt%)

Cu Al Ni Fe Mn Si Zn Sn Pb

Wire Bal. 9.0 4.5 3.5 1.3 0.1 0.02 0.1 0.02

Substrate Bal. 10 5.0 5.0 1.1 0.25 0.5 0.02 0.05
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the anisotropy and keep the competitive strength and ductility
compared with the as-fabricated condition [24], while the only
tempered NAB alloy would lose considerable ductility [22].
The 2-h 900 °C homogenization aimed at removing micro-
segregation, internal strength, and local hardness, then water
quenching to obtain α-Cu and α +β phases, which heat treat-
ment method followed by tempering has been proved capable
of increasing the tensile strength of the NAB alloy significant-
ly [32]. The standard 6 h of tempering at 675 °C (Def Stan 02-
833, 02-747, 02-879) aimed at controlling the microstructure
and phase present. Subsequently, the tempered alloys were air
cooled to room temperature. Accordingly, the four samples are
referred to as the AF (as-fabricated) sample, the Q (quenched)
sample, the QT (quench-tempered) sample, and the T
(tempered) sample in the present research.

Metallographic samples were ground and finely polished
using vibration polishing to remove the surface stress for elec-
tron back-scattered diffraction (EBSD) analysis. The sample
extraction information and the definition of texture analysis
coordinate system are provided in Fig. 1. In the present sample
coordinate system, the longitudinal direction (deposition torch
travel direction) was set as X0; the normal direction (sample
buildup direction) was set as Z0, and the transverse direction
was set as Y0. Metallurgical analysis was performed using a
TESCAN®MIRA3 scanning electron microscope (SEM) un-
der back-scattered electron (BSE) mode. And the grain orien-
tation information was obtained using a TESCAN® VEGA3
XMU SEM equipped with an Aztec NordlysMax3 EBSD
detector. The step size used for EBSD was 0.5 μm. The
EBSD data was collected using Aztec and the acquired
EBSD plots were subsequent ly processed using
CHANNEL5 EBSD data processing software.

The macro-phase constituents were characterized using a
GBC®MMA X-ray diffractometer (XRD) with CuKα radia-
tion (λ = 1.5418 Å) at a scanning speed of 2°/min. Vickers
hardness was obtained using a load of 1 kg (Hv1) for a 15-s
indentation time. Ten indentation points were performed on
each sample for the data statistics. Tensile tests were per-
formed on a Zwick® Z100 load unit at a strain rate of 1.8 ×
10−3 s−1 under room temperature. The gauge volume of each

tensile specimen was set as 4 × 4 × 10 mm3 along the longitu-
dinal (X0) direction of theWAAM sample, which direction has
been proved to be the strongest among all the three directions.

3 Results

3.1 Morphology, hardness and phase constituent

Microstructures of the four samples obtained using SEM un-
der BSEmode are shown in Fig. 2. In the present research, the
SEM images are acquired in the longitudinal direction of
WAAM deposition. Under BSEmode, the image contrast rep-
resents the element weight; the dark precipitates are the κ-
phases distributed in the grains and along the grain bound-
aries. In the AF sample (Fig. 2a), globular κII-phases are dis-
tributed along the grain boundaries and acicular κIV-phase
precipitates exist inside the copper grains. Some tiny κIV-
phase particles can be found distributed along the globular
κII-phase boundaries with a half micron distance. Besides
the κ-phase precipitates, twins can be observed in the micro-
structure, which are induced by the quenching process in the
interface between two deposition layers during the WAAM
process. It can be observed that in most of the cases, the
acicular κIV-phase precipitates are generated along the twins;
therefore, the twins can influence the distribution of acicular
κIV-phase precipitates under non-equilibrium condition.

As shown in Fig. 2 b, the homogenization heat treatment
followed by water quenching has entirely transformed the
acicular κIV-phase precipitates into tiny particles distributed
in the β’-phase region. And the size of κII-phase is decreased
in the Q sample compared with the AF sample. Besides the κII
and κIV-phase, κIII-phase can also be observed in the β’-phase
region while they can be merely found in the AF sample. In
addition, large twins can be found in the α-phase grains in the
Q sample, which is due to the water quenching process.
Compared with the twins in the AF sample, twins in the Q
sample are more integrated with no κ-phase accompanied.
When the quenched alloy is further tempered for 6 h (Fig.
2c), the sizes of κ-phases are increased accordingly: κII-phase
becomes a comparable size as in the AF sample; κIV-phase in
α-grains becomes larger while in the residual β’-phase region

Table 2 Deposition parameters of the present WAAM process

Parameters Unit Value

Wire feed rate m/min 7

Deposition rate kg/h 3.73

Travel speed mm/min 500

Average current A 210

Average voltage V 22

Pure Ar flow rate L/min 25

Interpass temperature °C 100

Heat input J/mm 554

Table 3 Post-production heat treatment conditions of the four cross-
sectional samples

Sample
no.

Homogenization
method

Quenching
method

Tempering
method

AF N/A N/A N/A

Q 900 °C, 2 h Water N/A

QT 900 °C, 2 h Water 675 °C, 6 h

T N/A N/A 675 °C, 6 h
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κIV-phase stays the same as in the Q sample, and no acicular
κIV-phase is found; κIII-phase performs significant growth by
the tempering process. Besides, residual twins can still be
observed in the QT sample.

The microstructure of the T sample is shown in Fig. 2 d.
Since the alloy is directly tempered from as-fabricated condi-
tion at 675 °C for 6 h without the homogenization and
quenching process, the iron aluminide-based κII- and κIV-
phases remain inside the grain with little change. Because as
it is known, it usually takes at least 5 to 7 days to transform
[25, 33]. Compared with the AF sample, in the T sample
significant growth of κIII-phase is performed, since κIII-phase
is nickel-based aluminide phase, of which the 675 °C

tempering temperature is right at the phase growth region
according to the binary phase diagram. And compared with
the quenched samples, the chemical composition of grains in
the T sample is relatively uneven and performs different con-
trast under the BSE mode.

Hardness data of the four NAB samples is shown in Fig. 3.
As can be observed, the most significant influence of the ho-
mogenization and quenching process is the reduction of hard-
ness standard deviation in the QTsample compared with the T
sample. This is because in the Q sample the AF alloy has
already been homogenized; therefore, the separation of κ-
phases in the QT sample is much more uniformed than the T
sample, thus making the hardness more stable. And with the
addition of tempering, hardness of the QT sample is increased
from the quenched state and becomes competitive to the AF
and T sample. Such a phenomenon is inclined to the micro-
structure change: the significant hardness decrease in the Q
sample is caused by the absorption of κ-phases into α-grains;
with further tempering, κ-phases separate out from α-grains

Fig. 1 Sample extraction locations and EBSD texture analysis coordinate
system

Fig. 2 Microstructures of the
NAB alloy samples: a the AF
sample; b the Q sample; c the QT
sample; d the T sample

Fig. 3 Hardness of the NAB alloy samples (over 10 indents have been
included for statistics)
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and grow, thus increasing the average hardness back to the
original state; however, without the homogenization process,
the microstructure stays almost the same; therefore, the hard-
ness stays as well.

X-ray diffraction patterns of the four NAB samples are
shown in Fig. 4. Generally, according to Fig. 4 a, the heat

treatments have not influenced the peak intensity too much,
but with the tempering process, iron/nickel aluminide κ-
phases at 4 0 0 and 4 2 2 reflections have appeared in the
QT and T samples which indicates the growth of κ-phases
during the tempering process. The κ-phase dissolving can be
revealed by the peak shifting of 1 1 1 reflection of α-phase

Fig. 4 XRD patterns of the NAB alloy samples: a diffraction patterns of all reflections from 30 to 100°; b magnified 1 1 1 reflection of α-phase; solid
lines are the main peak positions and dash lines are the secondary peak positions (peak fitted using the Gauss algorithm)

Fig. 5 EBSD IPF maps of α-
phase grains in the NAB alloy
samples: a the AF sample; b the Q
sample; c the QT sample; d the T
sample

Int J Adv Manuf Technol (2019) 103:3199–3209 3203



which is shown in Fig. 4 b. Since Al has larger atom radius
than Fe and Ni, the solid lines (main peak) represent the Al
solid solution, and dashed lines (secondary peak) represent the
Fe and Ni solution. As can be observed, the homogenization
and quenching process has dissolved relatively more κ-phases
than the other three samples; therefore, the main peak and
secondary peak at 1 1 1 reflection have moved to 42.749°
(d = 2.11362 Å) and 42.854° (d = 2.10851 Å) respectively,
which result is consistent with the SEM observation. With
further tempering process, κ-phases start to separate out;
therefore, the secondary peak of the QT sample moves to
42.915° (d = 2.11082 Å), while the main peak stays relatively
still. Without the homogenization and quenching process, in
the T sample, the tempering process directly absorbed the κ-
phases, thus moving the main and secondary peaks to 42.773°
(d = 2.11232 Å) and 42.902° (d = 2.11157 Å) respectively,
from their original spacings in the AF sample. Generally, al-
though from different paths, the QT and T samples reach al-
most same interplanar spacings.

3.2 Grain orientation analysis

EBSD inverse pole figure (IPF) maps of α-grains in the four
samples are shown in Fig. 5. As can be observed from Fig. 5 a,
in the AF sample, the grains are dominated in <1 0 1> and <1
1 1> directions. And the T sample has shown relatively
inherited grain orientations from the AF sample. When the
homogenization heat treatment is applied to the as-fabricated
alloy, most of the grains turn to <1 1 1> and <0 0 1> rather

than <1 0 1> in the Q sample. Subsequently, with the further
tempering process, the grains are refined and further turn to <1
1 1> direction in the QT sample.

Pole figures of the four NAB samples are shown in Fig. 6:
the AF sample shows {1 1 1} <1 1 0> texture, the Q and QT
samples show strong {1 1 1} texture, and the T sample shows
a relatively isotropic lattice plane distribution. The {1 1 1}
texture in the Q samples is the annealing texture induced by
the homogenization process. At the 900 °C temperature, the κ-
phases have been decomposed and absorbed into theα-grains;
thus, the grains are no longer limited by the κ-phases precip-
itates; therefore, the grains are transformed into their prior
growing orientation. Subsequently, the QT sample inherits
the {1 1 1} texture from the Q sample and further evolves to
a stronger {1 1 1} texture. The T sample is evolved from the
AF sample by tempering process; thus, there is some residual
{1 1 1} <1 1 0> texture but with very weak relative intensity.
This is because the grains are pinned by the κ-phases precip-
itates; therefore, the grain growth is relatively isotropic com-
pared with the Q and QT sample.

Grain orientations are further counted by inverse pole fig-
ures shown in Fig. 7. Generally, grains of the AF sample
exhibit <1 1 1> in the Y0 direction and some <1 1 0> in the
Z0 direction which explains the appearance of {1 1 1} <1 1 0>
texture in Fig. 6. After the homogenization and quenching
process, orientation concentration of the grains in the Q sam-
ple exhibits relatively multi-directional and performs <1 1 1>
in Z0 direction, <1 1 0> in the Y0 direction, and <1 1 2> in the
X0 direction. Subsequently, with the further tempering

3204 Int J Adv Manuf Technol (2019) 103:3199–3209
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process, grains in the QT sample show notorious <1 1 1> in
the Z0 direction with some <1 1 0> in the Y0 direction. When
the NAB alloy is tempered without the homogenization and
quenching process, as shown by the T sample, the grain ori-
entations show a relatively isotropic distribution compared
with the previous three samples. In addition, according to
the obtained grain orientation concentration densities, the
QT sample shows the highest concentration density and the
T samples shows the lowest density; therefore, the anisotropy
of the NAB sample is weakest in the T sample as anisotropy is
positively correlated with the texture intensity.

Orientation distribution function (ODF) maps of the four
NAB samples are shown in Fig. 8: the AF sample exhibits a
strong {1 1 1} <1 1 0> texture with some {0 1 1} <2 1 1>
shown inφ2 = 0°; the Q and QTsamples exhibit intensified {1
1 1} <1 1 0> and {1 1 1} <1 1 2> textures, and the Q sample
additionally exhibits a mild {0 0 1} <1 1 0> texture, as the Q
sample is directly water quenched from the 2-h 900 °C an-
nealing; the T sample shows copper type {1 1 2} <1 1 1>
texture in ϕ2 = 45° and some rotated cube {0 0 1} <1 1 0>
texture but with low intensity.

As it is known, texture roughly has 20–50% effect on the
intrinsic properties of manufactured specimens such as elastic
modulus, Poisson’s ratio, and mechanical properties [34–37].
Yuan et al. [34] studied the tensile behavior of friction stir

welding (FSW) processed magnesium alloy with strong basal
texture and showed that strong tensile anisotropy exists in
longitudinal and transverse directions. Due to the variation
of directional grain growth in longitudinal and normal direc-
tions, the typical characteristic of AM is the tensile anisotropy
in such orientations [38]. However, in the present case, the
acicular κIV-precipitates in the AF sample generated during
deposition considerably pinned the grains; therefore, the AF
sample shows a deformed {0 1 1} <2 1 1> with {1 1 1} <1 1
0>.

After the as-fabricated alloy being annealed, the induced
grain rotation and recrystallization mitigate and transmit the
{0 1 1} <2 1 1> texture to {1 1 1} <1 1 0> and {1 1 1} <1 1 2>
in the Q and QTsamples, of which textures {1 1 1} plane is the
preferential orientation, as the close-packed {1 1 1} plane in
fcc structure provides less obstacles for dislocations motion
during processing [39, 40]. And the T sample shows some {1
1 1} <1 1 0> but with low intensity. All the heat-treated sam-
ples show {1 1 1} texture, but vary in intensity. The variation
can be explained via grain coalescence [41, 42] and grain
boundary migration [43, 44]: the T sample has a higher vol-
ume of precipitates to pin the dislocation motions and further
grain boundary dislocations to pile up at boundary or climbing
along grain boundary, thus having an effective way to hinder
the grain rotation; on the other hand, the Q and QT samples

Fig. 7 Inverse pole figures of the four NAB samples in X0, Y0, and Z0 directions
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which have experienced the solid solution process of κ-phases
have a rather flexibility of nucleation and grain growth, there-
fore presenting higher {1 1 1} annealing texture intensities.

3.3 Tensile test

Room temperature tensile properties of the NAB alloy with
post-production heat treatments are shown in Fig. 9 and
Table 4. Generally, the AF, QT, and T samples show similar
strength while the strength of the Q sample is much lower.
This is because of the solid solution of the κ-phase elements
into the α-grains during the 900 °C annealing process. On the

other hand, with the homogenization heat treatment, the sta-
bility of tensile strengths and ductility increases as shown by
the smaller scale bar compared with the AF and T samples. As
compared the QT sample with the T sample, similar strength
and higher ductility have been obtained by the quenching-
tempering process, therefore the QT sample is more favorable
in tensile properties. As can be observed in the tensile proper-
ties of Q and QTsample, with more κ-precipitates separate out
in the sample, higher strength is obtained but induces lower
ductility. In addition, the single tempering process applies lit-
tle effect on the tensile stability but increases strength and
decreases ductility as compared with the AF sample.

3206 Int J Adv Manuf Technol (2019) 103:3199–3209
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4 Discussion

As shown by the experimental results, favorable mechanical
properties are obtained in the QTsample while low anisotropy
is obtained in the T sample. The quenching process has
decomposed the κ-phases into the α-grains; therefore, in the
microstructure of the QT sample which inherited from the Q
sample, the original acicular κIV-phase precipitates are sepa-
rated out as globular and theα-grains are comparatively clean.
The uniformed color contrast in the grains indicated the ho-
mogenized composition due to the high-temperature anneal-
ing. The relatively reduced segregation by the heat treatments
is shown in the XRD results, as 1 1 1 reflection of the α-phase
in heat-treated samples moves to larger d-spacing than the AF
sample, which phenomenon indicates the dissolve of κ-
phases. However, the absorption of precipitates on the other
hand removes the limitation on the grain rotation and growth
during annealing, thus inducing annealing texture.

In the EBSD results, strong annealing texture {1 1 1} is
observed in the Q and QTsamples, while the T sample simply
inherits the residual {1 1 1} <1 1 0> texture from the AF
sample but with very low intensity. Furthermore, as can be
observed from the inverse pole figures in Fig. 7, due to the

900 °C annealing and water quenching, the precipitate limita-
tions are fully removed in the Q sample; therefore, the grains
freely rotate and grow to the fcc orientations <1 1 1>, <1 1 0>,
and <1 1 2>. With further 675 °C annealing, the κ-phases
rather are separated out at the grain boundaries in the Tsample
than inside the grains; in such case, the grains can still grow
and rotate. Since the preferential grain growth orientation for
fcc structure is <1 1 1>, the grains further turn to <1 1 1>while
the growth in the other two directions mitigates; therefore, the
T sample shows a further intensified {1 1 1} texture. On the
other hand, in the case when the 675 °C annealing is directly
applied to the as-fabricated component without the 900 °C
annealing (the T sample), since such temperature cannot dis-
solve the κ-phases, the grain rotation is restricted by both the
original κII/κIV-phases and newly generated κIII-phase; there-
fore, the grain growth is relatively limited in the original ori-
entation. Also, due to the guide of disorganized acicular κ-
precipitate, the {1 1 1} <1 1 0> texture inherited from the AF
sample is further decreased.

According to the ODF maps in Fig. 8, the dominating tex-
tures in the Q and QT samples are {1 1 1} <1 1 0> with small
amount of {1 1 1} <11 2>, while the textures in the AF sample
are some weak {1 1 1} <1 1 0> and {0 1 1} <2 1 1>. As it is
known, {1 1 1} <1 1 0> is the typical annealing texture of Cu-
based alloys while {1 1 1} <1 1 2> and {0 1 1} <2 1 1> are the
typical deformation textures of Cu-based alloys. The appear-
ance of {1 1 1} <1 1 0> in the AF sample is because the multi-
layer deposition during WAAM process can be considered as
a multi-annealing process on the buildup metal, which also
can be indicated by the appearance of annealing twins in the
AF sample. And the appearance of {1 1 1} <1 1 2> in the Q
and QT sample is caused rather by the grain rotation than
growth during the 900 °C annealing, since the formation of

Fig. 9 Tensile results of the as-
fabricated (AF), quenched (Q),
quenched-tempered (QT), and
tempered (T) nickel-aluminum
bronze samples

Table 4 The ultimate tensile strength (UTS), 0.2 yield strength (0.2YS),
and elongation of the as-fabricated (AF), quenched (Q), quenched-
tempered (QT), and tempered (T) nickel-aluminum bronze samples

AF Q QT T

UTS 722.9 ± 21.3 641.4 ± 8.1 735.6 ± 9.7 741.1 ± 14.3

0.2YS 373.1 ± 12.6 323.8 ± 2.7 381.9 ± 5.9 389.5 ± 13.3

Elongation 40.2 ± 7.2 44.6 ± 2.1 39.1 ± 3.3 33.7 ± 6.8
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{1 1 1} <1 1 2> is paused in the further 675 °C annealing, in
which case the α-grain continues to grow and recrystallize.

In the present case, the applied annealing processes have
significantly modified the as-fabricated microstructure and
texture. The 900 °C annealing and quenching have brought
strong {1 1 1} annealing texture in the final QT sample while
the T sample shows a favorable isotropic grain orientation
state, which phenomenon makes the high-temperature anneal-
ing reductant. However, as shown by the hardness and tensile
test, the QT sample shows favorable mechanical properties
with higher ductility and stability than the T sample. From
the point of mechanical properties, the 900 °C annealing is
still necessary to obtain better ductility and stability. Although
intensified annealing texture is found in the Q and QTsample,
the {1 1 1} texture is rather induced by the post-production
heat treatment than the AM process. Form this point of view,
the original AM-induced anisotropy has already been trans-
ferred. Therefore, the existence of a balance between high-
temperature annealing and medium temperature annealing
can be confirmed, by which heat treatment the κ-phases shall
be partially dissolved with little change of grain rotation and
growth in the first step, then the κ-phases be further separated
out along with grain recrystallizations in the subsequent step.

5 Conclusion

The intent of present work has been to investigate the influ-
ence of post-production heat treatment on the anisotropy in the
wire-arc additive manufacturing–fabricated nickel-aluminum
bronze part and to find the relationship between mechanical
properties and modified anisotropy. The following conclu-
sions can be drawn:

1. For NAB alloy in the present case, the original anisotropic
microstructure induced by the wire-arc additive
manufacturing process can be effectively modified by
the applied heat treatment. However, the quenched and
quenched-tempered processes have induced inordinate
grain rotation and growth, thus causing intensified {1 1
1} annealing texture compared with the as-fabricated
sample. On the other hand, the single tempering process
shows relatively isotropic grain orientations, since the κ-
phases significantly influence the grain rotation and
growth during heat treatment, especially the acicular
κIV-precipitates.

2. The κ-phases distributed in the α-grain and grain bound-
ary significantly influence the stability of mechanical
properties. The 6-h 675 °C tempering process shows little
effect on the original WAAM-induced mechanical insta-
bility, since the tempering method has little effect on Fe-
Al phase but can cultivate the Ni-Al-based κIII-phase.
Because the tempering temperature is right at the phase

growth region in the Ni-Al binary phase diagram.
Therefore, the tempered sample shows higher strength,
but lower ductility compared with the as-fabricated sam-
ple. When the quenching process is applied, the κ-phases
are entirely dissolved into the α-grains and separated out
uniformly in the subsequent tempering process, which
leads to a more stabilized tensile properties and higher
ductility with similar strength. Therefore, the quenching
process is still necessary for favorable tensile properties in
the wire-arc additive manufacturing–fabricated nickel-
aluminum bronze component.

3. The existence of a balance between high-temperature an-
nealing and medium temperature annealing can be con-
firmed. The ideal heat treatment should partially dissolve
the κ-phases with little change of grain rotation and
growth in the quenching step, then further separating the
κ-phases out along with grain recrystallizations in the
tempering step. Thus, both isotropic microstructure and
favorable mechanical properties can be reached.
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